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A B S T R A C T   

Excess vacancies play crucial roles in the precipitation of age-hardening precipitates in aluminium alloys, but 
their spatial evolution across grains during heat treatments is less known. In this work, a numerical model is 
developed to predict the spatial evolution of non-equilibrium excess vacancies during cooling from solution 
treatment and during ageing heat treatments of multicomponent aluminium alloys. A finite volume scheme is 
applied to derive the spatial distribution of vacancy site fraction across grains by solving the diffusion equations 
of vacancies under the influence of solute elements. Binding energies between solute atoms and vacancies 
predicted by first-principles calculations has been used to handle the trapping of excess vacancies by solute atoms 
and atom clusters. The annihilation rates of excess vacancies at grain boundaries and at dislocation jogs have 
been derived based on a rigorous description of the annihilation mechanisms of vacancies. The evolution of the 
density of dislocation jogs due to vacancy annihilation has been taken into account. The model is successfully 
applied to interpret the age hardening behaviors of experimental alloys subjected to different thermomechanical 
processing conditions. This model will help to reach a deeper understanding of the roles of excess vacancies in 
precipitation kinetics and therefore is important to further optimize thermomechanical processing parameters 
and alloy composition to improve the macroscopic mechanical properties of age hardening aluminium alloys.   

1. Introduction 

Excess vacancies in aluminium alloys induced by rapid quenching 
from solution treatment [1–3] or plastic deformation [4,5] have strong 
influences on the solute diffusion, atom clustering, grain boundary 
segregation and therefore the precipitation behavior of age hardening 
precipitates [6–8]. Specifically, excess vacancies reduce the energy 
barrier for nucleation of precipitates by releasing the misfit strain of the 
nucleus. They can also increase the diffusivity of substitutional solute 
atoms through vacancy-exchange mechanisms [9–12]. Moreover, the 
annihilation of excess vacancies at grain boundaries (GBs) has long been 
considered as one of the important reasons for the formation of 
precipitate-free zones (PFZs) near GBs in aluminium alloys [13,14], 
which leads to localization of plastic strain and induces the nucleation of 
microcracks during deformation [15–17]. In light of this, it is of great 
importance to understand the annihilation kinetics of excess vacancies 
at different sinks and their spatial distribution and evolution across 
grains during cooling from solution treatment and during ageing heat 

treatments at different temperatures. 
Vacancy is difficult to measure directly by any experimental ap-

proaches available. So far, positron annihilation lifetime spectroscopy 
(PALS) is the most powerful method to evaluate the concentration of 
vacancies [18]. It has been successfully applied in pure aluminium [19]. 
However, vacancies can exist in different states, i.e., mono vacancy, 
bound with different solute atoms or atoms clusters in multicomponent 
alloys, which leads to different lifetimes of positrons trapped in those 
vacancies. As a consequence, only approximate vacancy concentration 
values can be obtained by fitting the measured positron lifetime since 
the various contributions cannot be clearly distinguished [5,20]. 
Therefore, a rigorous physics-based model is desired to quantitatively 
study the annihilation behaviors of excess vacancies during age hard-
ening of aluminium alloys. 

In the last decades, many research efforts have been spent to develop 
numerical models to predict the evolution of excess vacancies and its 
influence on precipitation behavior at various temperatures. Militzer 
et al. [21] proposed a phenomenological model to simulate the time 
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evolution of excess vacancies during and after high-temperature defor-
mation (T > 0.4Tm), in which both the generation and annihilation of 
vacancies were taken into account. In the model, the annihilation of 
excess vacancies was considered to take place at dislocation lines and at 
GBs of cubic grains controlled by quasi-steady state diffusion. This 
analytical model was recently applied by Robson [22] to quantitatively 
explore the effects of excess vacancies and dislocations generated by the 
deformation at different strain rates and temperatures on the diffusion 
behaviors of solute species in aluminium alloys. Fischer et al. [23] 
developed a kinetic model to predict the annihilation rates of vacancies 
at grain boundaries, dislocation jogs and unstable Frank loops during 
ageing heat treatments, based on a non-equilibrium Onsager’s thermo-
dynamics concept [24–27]. In the model, the dislocation jogs were 
treated as independent vacancy sinks homogeneously distributed in the 
grain interior with a constant density, and the site fraction of vacancies 
was assumed to be spatially constant across grains. Francis and Curtin 
[28] developed a generalized thermodynamic model to assess the in-
fluences of repartitioning of vacancies between bulk lattice sites and the 
sites neighboring the minutely added solutes on the precipitation ki-
netics during ageing treatments in metal alloys [29,30]. In the model, 
the annihilation of quenched-in excess vacancies at different sinks was 
neglected below an effective solution temperature. Recently, Yang et al. 
[20] described a physics-based model to investigate the effect of 
quenched-in excess vacancies on natural and artificial ageing in an 
Al-Mg-Si alloy by simultaneously considering the influences of annihi-
lation, trapping and repartitioning of excess vacancies on the precipi-
tation behavior, following the same vacancy annihilation mechanisms 
proposed by Fischer et al. [23]. However, the above models either i) 
estimated the annihilation rate of vacancies at GBs based on 
quasi-steady state diffusion [21,22] or ii) assumed spatially uniform 
distribution of vacancies across grains [20,23,28] during ageing heat 
treatments. As a consequence, the transient spatial distribution of va-
cancies vicinal to the GBs could not be predicted by the above models, 
which is essential to understand the formation mechanisms of PFZ. 
Furthermore, the assumptions of homogeneous distribution and con-
stant dislocation jog density may cause an overestimation of the vacancy 
annihilation rate, because the jog density changes with temperature and 
vacancy supersaturation [31] and therefore alters the annihilation rate 
of excess vacancies [32]. 

To meet the challenges existing in the previous models, a numerical 
model has been developed in this work to predict the spatial evolution of 
excess vacancies across grains of age hardening aluminium alloys during 
cooling from solution treatment and during ageing at different temper-
atures. In the model, to well address the diffusion of vacancies within 
grains, a finite volume method is applied. Instead of assuming homo-
geneous distribution and constant density in the grain, the dislocation 
jogs are located along dislocation lines as point defects and their density 
changes due to vacancy annihilation. The trapping effect of solute ele-
ments on vacancies is also rigorously described. The rest of the present 
paper is organized as follows. Section 2 describes the numerical model. 
In Section 3, the model is evaluated in comparison to a previous 
analytical model [23]. In Section 4, the model is applied to a couple of 
experimental alloys showing the influences of temperature history, grain 
size, dislocation density and alloy chemistry on vacancy evolution and 
therefore on the precipitation behavior of age hardening precipitates. 
Finally, the simulation results are discussed in Section 5 and a conclusive 
remark is presented in Section 6. 

2. Model description 

The GBs, as well as free surfaces and dislocation jogs, are effective 
sinks for excess vacancies to be annihilated [23]. The Frank loops are 
neglected in this work since they are more favorable to form in 
high-purity Al quenched from a lower solution temperature with a lower 
cooling rate, and may dissolve very rapidly and are therefore unstable 
[33,34]. All kinds of sinks are considered to be ideal, which means that 

the site fraction of vacancies at these sinks can instantaneously reach the 
equilibrium value at certain temperatures T(t), i.e., 

xGB
v (T) = xDJ

v (T) = xeq
v (T) (1)  

where xGB
v (T) and xDJ

v (T) are the vacancy site fractions at grain bound-
aries and at dislocation jogs respectively. xeq

v (T) represents the global 
equilibrium site fraction of vacancies. 

In principle, the GB segregation process through diffusion of solute 
atoms to GB has also influence on the annihilation of excess vacancies at 
GBs. However, since the impurity diffusivity is several orders of 
magnitude lower than the vacancy diffusivity [35], this effect is rather 
limited. Thus, the solute concentration is assumed to be homogeneous 
across the grain in the following simulations. 

2.1. Vacancy annihilation at grain boundaries 

To simulate the vacancy annihilation at grain boundaries which re-
lies on spatial diffusion of vacancy from grain center towards the GB, a 
finite volume method is used. As shown in Fig. 1, in the model, the 
modelling grain of spherical shape is divided into N concentric spherical 
shells with non-uniform external radii rn (n = 1, …, N) with rN = Rg, 
where Rg is the radius of grain, as shown in Fig. 1. Moreover, the first 
shell becomes a sphere with a radius of r1. Following the geometrical 
series, the shell thickness Δrn is defined by 

Δrn = rn − rn− 1 = p⋅q− n =
(1 − q)qNRg

1 − qN ⋅q− n (2)  

where p and q are two geometrical parameters. By generating the above 
non-uniform discrete series of shells, a more detailed distribution of 
vacancies in the vicinity of GB can be obtained without substantially 
increasing the computational cost. 

Considering the mass conservation over each shell, free of hydro-
static stress, the temporal evolution of local site fraction of vacancies 
xv(n, t) is expressed as 

Vn
[
ẋv(n, t) − ṡjog(n, t)

]
= An− 1Jn− 1→n

v (t) − AnJn→n+1
v (t), n = 1,⋯, N (3)  

where Vn and An are the volume and external area of the n-th shell, i.e., 

Fig. 1. Schematic illustration of the subdivision of a modelling spherical grain 
into spherical shells of geometric series. rn and Vn represent the external radii 
and volumes of spherical shells. 
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Vn = 4
3 π(r3

n − r3
n− 1) and An = 4πr2

n . ẋ˙v(n, t) represents the change of xv(n,
t), ṡ˙jog(n, t) the local annihilation rate of vacancies at dislocation jogs, 
which is described concretely in Section 2.2. Jn→n+1

v (t) represents the 
diffusive flux of vacancies from shell n to shell n+ 1, which is deter-
mined by the first Fick’s law as 

Jn→n+1
v (t) = − Dv(T)

dxv(n, t)
dr

⃒
⃒
⃒
⃒

n→n+1
(4)  

where Dv(T) represents the diffusion coefficient of vacancies in the 
grain interior. In multi-component alloys, Dv (T) needs to be corrected 
by the amounts of solute species and is defined as [20,23] 

Dv(T) =
Deff

fxeq
v (T)

, Deff =
∑k

i=0
xiDeq

i (T) (5)  

where f represents the geometrical correlation factor which has a value 
of 0.7815 for face-centered cubic crystals [35]. Deff is the 
component-weighted diffusion coefficient, where x0 and Deq

0 (T) are the 
site fraction and self-diffusion coefficient of solvent, xi and Deq

i (T) (i ≥ 1) 
the site fractions and impurity diffusion coefficients of solute atoms i, 
respectively. Conventionally, Deq

i (T) at a certain temperature T(t) is 
given by 

Deq
i (T) = Di0exp

(

−
ΔQB

i

kBT

)

, i = 0,…, k (6)  

where kB is the Boltzmann constant, Di0 and ΔQB
i are the pre-factors and 

migration enthalpies for the diffusion of component i. Note that xeq
v (T) is 

also a function of alloy composition in multicomponent alloys and will 
be rigorously derived in Section 2.3. 

The forward Euler scheme is applied to discretize ẋ˙v as 

ẋ˙v(n, t) =
xv(n, t) − xv(n, t − Δt)

Δt
(7)  

where the time interval Δt should be chosen as small as possible ac-
cording to the trade-off between accuracy and efficiency. To accurately 

carry out the numerical simulations by using the present model, suitable 
initial condition and boundary conditions have to be chosen. The site 
fraction of vacancies across the grains is initialized to 
xv(n, t= 0) = xeq

v (TSS) after sufficient solution heat treatment at tem-
perature TSS. The von Neumann boundary condition is employed at the 
inner surface of the first spherical shell while the Dirichlet boundary 
condition is imposed for the last spherical shell, i.e., 

J0→1
v (t) = 0,

xv(N, t) = xGB
v (T)

(8)  

More details of the numerical algorithm can be found in supplement S1. 
In addition, the average site fraction of vacancies can be calculated 

by integrating the local site fraction in each shell over the whole bulk of 
the grain as 

xavg
v (t) =

∑N
n=1Vnxv(n, t)
∑N

n=1Vn
(9)  

2.2. Vacancy annihilation at dislocation jogs 

Based on the climb theory of edge dislocations proposed by Balluffi 
[31], the annihilation of excess vacancies at dislocation jogs is through 
two different modes. As shown in Fig. 2, the dislocation jogs positioning 
along dislocation lines with a spacing λ are normally considered as 
ellipsoidal sinks with semiaxes of Z and b and have a pseudo-spherically 
symmetric diffusion field around each of them when 2Z < λ. If the 
ellipsoidal sinks are overlapped with each other under the condition of 
2Z ≥ λ, the whole dislocation line become an ideal sink for excess va-
cancies and the surrounding diffusion field becomes cylindrical. 

Given the quasi-steady state diffusion, the annihilation rate of va-
cancies at dislocation jogs in the jog mode, i.e., the vacancy flux entering 
the dislocation jogs, is defined by [31] 

ṡ˙jog(n, t) = −
4πDvHZ

[
xv(n, t) − xDJ

v

]

ln
(

2Z
b

)[

1 + 2Z
λ

ln(L/λ)
ln(2Z/b)

] , 2Z < λ (10)  

where xDJ
v (T) is the vacancy site fraction on the surface of ellipsoidal 

sinks in equilibrium with the jog, herein set to be the equilibrium value 
xeq

v (T) in the grain interior at temperature T(t). H represents the jog 
density, which, given the equilibrium jog spacing λ and the dislocation 
density ρ, can be calculated by H = ρ/λ. b is the Burgers vector of 
dislocation. L denotes the effective radius of each dislocation line where 
the vacancies are uniformly collected by and annihilated at the jogs 
distributed along the corresponding dislocation lines, which is associ-
ated with ρ as follows: 

L =
1
̅̅̅̅̅̅πρ√ (11)  

When 2Z ≥ λ, the vacancy flux entering the dislocation line, i.e., the 
quasi-steady state annihilation rate of vacancies at dislocation jogs in the 
line mode is expressed as 

ṡ˙jog(n, t) = −
2πDvρ

[
xv(n, t) − xDJ

v

]

ln
(

L
b

) , 2Z ≥ λ (12)  

More detailed derivations of ṡ˙jog(n, t) are included in supplement S2. 
Z is determined by the mean migration distance of an attached va-

cancy on the dislocation line before jumping off as [31] 

Z =
̅̅̅
2

√
bexp

(
ΔQB

v − ΔQD
v + ΔEB

v− D

2kBT

)

(13)  

where ΔQB
v and ΔQD

v are the migration energy barriers of vacancy in the 

Fig. 2. Schematic illustrations of different modes of dislocation jogs as vacancy 
sinks in the cases (a) 2Z < λ (jog mode) and (b) 2Z ≥ λ (line mode), where the 
blue arrows show vacancy fluxes. Z and λ represent the jog length and jog 
spacing, respectively, while L is the effective radius for collecting vacancies of 
the dislocation line. 
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bulk material and on the dislocation line, respectively. ΔEB
v− D represents 

the binding energy of attached vacancy to the dislocation line. More-
over, the equilibrium spacing λ between jogs along the dislocation line 
under vacancy supersaturation is given by [32] 

λ = bexp

(
ΔEF∗

jp

2kBT

)

(14)  

where ΔEF∗
jp is the nucleation energy barrier of jog-pair on the dislocation 

line, which is derived as the maximum of jog-pair formation energy ΔEF
jp. 

The formation of jog-pair is accompanied by the aggregation of attached 
vacancies on the dislocation line, therefore, ΔEF

jp is expressed as [32] 

ΔEF
jp(nv) = Ejp(nv) − nv⋅Δμv (15)  

where Δμv represents the difference in chemical potential of vacancy far 
away from the jog versus at the jog and is given by Δμv(n, t)
= kBTln[xv(n, t) /xDJ

v ] in the dilute limit. It is supposed that the jog-pair 
energy Ejp increases monotonically with the number of absorbed va-
cancies nv [31,32]. According to the previous atomistic simulations [32, 
36], the jog-pair energy Ejp levels out to a value of E∗

jp = 1.1 eV beyond 
the critical number of absorbed vacancies, n∗

v = 4 for Al. Thus, once n∗
v 

vacancies have been absorbed between the jog pair, the jogs are regar-
ded to be stable and become ideal sinks for additional vacancies. 

Note that the dislocation density only shows a slight reduction dur-
ing natural ageing and artificial ageing in the Al alloys [8], therefore, ρ is 
considered to be constant during heat treatments in the following sim-
ulations. In addition, as can be seen from the calculation in supplement 
S2, the vacancy depletion layer thickness around the dislocation jogs is 
only at the scale of nanometers, which is much smaller than the micron 
scale grain size. Therefore, a homogeneous vacancy concentration field 
is assumed for the same cell of bulk of grains. 

2.3. Vacancy trapping by solute atoms and atom clusters 

In multi-component alloys, the equilibrium vacancy site fraction is 
not only temperature-dependent but also composition-dependent, 
which is different from pure metals. Herein, the vacancy trapping is 
only considered at the first nearest neighbor (1NN) sites of solute atoms 
since the 1NN solute-vacancy interaction is significantly stronger than 
that at 2NN, 3NN and 4NN, for almost all the solutes in the Al matrix 
[37]. In addition, only solute atoms and atom clusters binding with one 
vacancy are considered since the probability of forming solute clusters 
binding with more vacancies is several orders of magnitude lower than 
the former type, as evaluated in Supplement S3, which is consistent with 
previous study [28]. In accordance with the thermodynamic analysis, 
the total number of vacancies can be classified into three groups [20]: 
trapped by individual solute atoms of component i having concentration 
xi and Z neighboring sites (Z = 12 for fcc lattice), trapped by solute 
clusters containing Ncl atoms and having concentration xcl and Zcl closest 
neighboring sites, and those freely distributed in the matrix. Corre-
spondingly, the equilibrium vacancy site fraction xeq

v (T) as a function of 
temperature and composition is expressed as follows [20,28]: 

xeq
v (T) =

∑k

i=1
Zxiexp

(

−
ΔEF

v

kBT

)

exp
(

ΔEB
i− v

kBT

)

⏟̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏞⏞̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏟
xeq

i− v

+
∑

cl
Zclxclexp

(

−
ΔEF

v

kBT

)

exp
(

ΔEB
cl− v

kBT

)

⏟̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅⏞⏞̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅⏟
xeq

cl− v

+

(

1 − (Z + 1)
∑k

i=1
xi −

∑

cl
(Zcl + Ncl)xcl

)

exp
(

−
ΔEF

v

kBT

)

⏟̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅⏞⏞̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅⏟
xeq

v,rest

(16)  

where ΔEF
v represents the formation energy of individual vacancies in 

the Al matrix. ΔEB
i− v and ΔEB

cl− v represent the binding energies of indi-
vidual vacancies to solute atoms of component i and to solute clusters cl 
in the Al matrix. The contribution of vibrational entropies is neglected 
since their impact on the prediction of vacancy site fraction is quite 
limited in comparation to other factors [34,38]. 

Provided that the relationship between the site fraction of vacancies 
trapped by component i, xeq

i− v(T), and that of total vacancies xeq
v (T) is 

not restricted to equilibrium, the non-equilibrium site fraction of trap-
ped vacancies xi− v(n, t) can be derived from non-equilibrium vacancy 
site fraction xv(n, t) at every moment as 

xi− v(n, t) =
xeq

i− v

xeq
v

xv(n, t), n = 1,⋯, N (17) 

Herein, the trapped vacancies can be temporarily detached from the 
vacancy-solute atom complexes, meanwhile, new vacancies are bound 
to the individual solute atoms and/or solute clusters to maintain the 
local thermodynamic equilibrium condition until the global equilibrium 
state is reached [39,40]. The probability of the trapped vacancy 
escaping from the trapping site is controlled by the magnitude of binding 
energy between the vacancy and individual solute atoms and/or solute 
clusters, which can influence the average vacancy diffusivity according 
to Eq. (5). 

3. Model evaluation 

3.1. Influence of GB annihilation on evolution of excess vacancies 

In the following simulation, the annihilation of excess vacancies in 
pure Al is considered as a benchmark case to evaluate the present nu-
merical model in comparison to the FSAK model [23]. The poly-
crystalline Al is first solution heat treated at 873 K for a time sufficient to 
reach thermodynamic equilibrium, followed by quenching with a cool-
ing rate of 100 K ⋅ s− 1 to 423 K and then kept at this temperature. The 
radius of grain is set to be Rg = 100 µm and the dislocation-free grain is 
divided into N = 400 shells following the geometrical series with a 
factor of q=1.02. Other material data used in the model are listed in 
Table 1, which are also applied in the remaining simulations in this 
work. 

Fig. 3 depicts the evolution of vacancies in pure Al during heat 
treatment in the presence of grain boundaries. The temperature history 
is illustrated in Fig. 3(a). As can be seen in Fig. 3(b), about 75% of the 
vacancies are lost due to GB annihilation during the quenching from 
873K to 423 K. However, the average site fraction of vacancies after 

Table 1 
Thermodynamic and computational parameters in Al alloys used in the model.  

Symbol Meaning Values Units 

Di0 Diffusion pre-factors of Mg, Si, Cu, 
Zn and Al atoms 

14.9, 13.8, 44.4, 
11.9, 8.23 [41] 

mm2 s− 1 

ΔQB
i Migration enthalpies of Mg, Si, Cu, 

Zn and Al atoms 
1.249, 1.219, 1.388, 
1.203, 1.276 [41] 

eV 

ΔQB
v Migration enthalpy of vacancy in 

the bulk 
0.55 [42] eV 

ΔQD
v Migration enthalpy of vacancy in 

the dislocation core 
0.45 [42] eV 

ΔEB
v− D Binding energy of attached 

vacancy to the dislocation core 
0.181 [43] eV 

ΔEF
v Formation enthalpy of vacancy 0.67 [23] eV 

ΔEB
i− v Binding energies between Mg, Si, 

Cu, Zn, and Sn atoms and vacancies 
0.01, 0.06, 0.03, 
0.05, 0.24 [37] 

eV 

ΔEB
Mg− Si Binding energies between Mg and 

Si atoms 
0.04 [37] eV 

ΔEB
MgSi− v Binding energies between Mg-Si 

pairs and vacancies 
0.08 [44] eV 

b Burgers vector for Al matrix 2.86 Å 
kB Boltzmann constant 8.617× 10− 5 eV⋅K− 1  
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quenching is still more than three orders of magnitude higher than the 
equilibrium counterpart at the temperature (dot-dash line). In this work, 
the equilibrium vacancy site fraction corresponding to the temperature 
history is always represented by dot-dash lines. During isothermal heat 
treatment at 423 K, the vacancy site fraction gradually decreases with 
increasing time due to the annihilation of vacancies at GB, and it takes 
about 2 × 104 s until it reaches the equilibrium value at the temperature. 
In contrast, it takes about 5 × 103 s for the vacancies to reach the 
equilibrium site fraction when using the FSAK model and only consid-
ering GB annihilation [23], demonstrating that the present model pre-
dicts a significantly lower annihilation rate of vacancies at GB. The 
difference in predicted annihilation kinetics of vacancies is attributed to 
the assumption of the homogeneous distribution of vacancies over the 
whole grain in the FSAK model, which results in an overestimation of the 
vacancy annihilation rate. Fig. 3(c) illustrates the evolution of spatial 
distribution of vacancies across the grain with holding time. It can be 
clearly seen that the vacancy site fraction at GBs reaches the equilibrium 
value instantaneously, thus creating a concentration gradient of vacancy 
from the bulk to the GBs. With holding time increasing, all the excess 
vacancies are gradually annihilated at the GB sink and the vacancy site 
fraction eventually decays to the equilibrium value in the whole bulk 
grain. Fig. 3(d) shows the evolutions of average vacancy site fraction in 
pure Al for various grain radii. As can be seen, the annihilation rate of 
vacancies increases with reducing grain size. For a grain of Rg = 3 µm, 
after quenching to 423 K the vacancy site fraction has already reduced to 
6× 10− 8, and it takes only 6 s for the vacancy site fraction to reach the 
equilibrium value, indicating that excess vacancies are difficult to pre-
serve after quenching in small grains. 

3.2. Influence of dislocation jogs on annihilation of excess vacancies 

A single crystal of pure Al without GBs is chosen to evaluate the 
influence of dislocation jogs on the annihilation of excess vacancies. The 
thermal heat treatment condition is the same as that used in Section 3.1. 
The dislocation lines are assumed to be uniformly distributed in the 
grain and a typical dislocation density value of well-annealed 
aluminium alloys ρ = 1011 m− 2 [23,45] is selected. 

Fig. 4 displays the time evolution of vacancies and the corresponding 
evolutions of jog spacing and jog length during quenching and the 
subsequent isothermal heat treatment of pure Al in the presence of 
dislocations. As shown in Fig. 4(a), although the annihilation of va-
cancies at GBs is neglected, the reduction of vacancy site fraction during 
the cooling process of quenching is even faster than that of grains of 100 
µm in size (Fig. 3(b)), indicating that dislocation jogs play an important 
role in the vacancy annihilation during quenching even for the fully 
annealed alloy. Moreover, the present model shows slower vacancy 
annihilation kinetics during both quenching process and holding process 
than the FASK model when only considering vacancy annihilation at 
dislocation jogs. This is due to the different assumptions on dislocation 
jog distribution in the two models, where the FASK model assumed 
homogeneously distributed individual jogs of fixed spacing of 50b ≈ 7 ×

10− 8 m as spherical sinks for vacancies during the whole heat treatment 
[23]. As illustrated in Fig. 4(b), our model shows the spacing of dislo-
cation jogs and the corresponding vacancy annihilation modes at 
dislocation jogs indeed change with temperature and holding time. 
During the cooling process of quenching, the jog spacing λ decreases 
with decreasing temperature but remains larger than the jog length 2Z, 
so the jogs act as ellipsoidal sinks for vacancies at this stage. Meanwhile, 

Fig. 3. Calculated time evolution of vacancies in pure Al during quenching from 873 K with 100 K ⋅ s− 1 cooling rate and holding at 423 K in the presence of grain 
boundaries. (a) The change of temperature with time; (b) Comparison of the evolution of average vacancy site fraction between the present model and the FSAK 
model [23] under the condition of Rg = 100 µm; (c) Evolution of spatial distribution of vacancies across the grain with holding time; (d) Time evolutions of average 
vacancy site fraction for various grain sizes. The dot-dash lines in (b) (d) represent the equilibrium vacancy site fraction corresponding to the temperature history. 
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the jog length 2Z monotonically increases to a value larger than λ at the 
end of quenching. During isothermal heat treatment, the jog spacing 
shows a monotonic increase with increasing holding time while the jog 
length remains constant. Within around 50 s after quenching, the con-
dition 2Z > λ is satisfied. Therefore, the entire dislocation core becomes 
a perfect line sink for vacancies and the vacancy annihilation kinetics 
becomes faster during this period as shown in Fig. 4(a). Afterwards, the 
jog spacing exceeds the jog length so that the jogs change to be ellip-
soidal sinks again. In the meantime, the annihilation rate of vacancies 
becomes slower due to the continuous decrease of jog density. Fig. 4(c) 
and (d) further demonstrates the influence of dislocation density on the 

time evolution of vacancies in pure Al. It can be found in Fig. 4(c) that 
annihilation rate of vacancies increases with increasing dislocation 
densities. Furthermore, when ρ is larger than a certain value (around 
1012 m− 2), the jogs can only act as ellipsoidal sinks for vacancies 
because the annihilation rate is so fast that the vacancy supersaturation 
is not sufficient to form perfect line sinks, as shown in Fig. 4(d). 

Moreover, the effect of the transition between the two vacancy 
annihilation modes at dislocation jogs on the vacancy annihilation rate 
is further evaluated. As shown in Fig. S2 in the supplement, only 
considering the line mode where a continuous cylindrical diffusion field 
around dislocations lines is used will pronouncedly overestimate the 

Fig. 4. Calculated time evolution of vacancies in pure Al during quenching from 873 K with 100 K ⋅ s− 1 cooling rate and holding at 423 K in the presence of dis-
locations. (a) Comparison of the evolution of vacancy site fraction between the present model and the FSAK model [23] under the condition of ρ = 1011 m− 2; (b) 
Evolutions of spacing and length of dislocation jogs; Influences of dislocation density on the evolution of (c) vacancy site fraction and (d) jog spacing λ. 

Fig. 5. Calculated time evolution of vacancies in various binary Al alloys during quenching from 873 K with 100 K ⋅ s− 1 cooling rate and ageing at 298 K in the 
presence of dislocation jogs (ρ = 1011 m− 2) and grain boundaries (Rg = 30 µm). (a) Al-Si binary alloy with different Si contents; (b) Different Al-X alloys containing 1 
at. % solute element X (X=Mg, Si, Cu, Zn). 
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vacancy annihilation rate in comparison to the model considering the 
mode transition. In contrast, there is only a small difference in vacancy 
site fraction when assuming vacancy annihilation only in the jog mode, 
i.e., the number of excess vacancies retained after quenching from so-
lution temperature and during isothermal holding are not remarkably 
changed. Therefore, a simplification of the model by assuming only jog 
mode will not significantly influence the final vacancy annihilation rate. 
However, for the sake of integrity and rationality, it is better to include 
the vacancy annihilation mode transition in the model [31,46,47]. 

3.3. Influence of solute trapping on the evolution of excess vacancies 

Mg, Si, Cu and Zn are the major alloying elements in age hardening 
Al alloys, i.e., 2xxx, 6xxx and 7xxx alloys. In this section, the trapping of 
vacancies by solute atoms in different binary aluminium alloys has been 
examined. The thermal history of the binary alloys involves quenching 
from 843 K at 100 K ⋅ s− 1, followed by natural ageing at 298 K. The 
radius of grain and dislocation density are set as Rg = 30 µm and ρ =
1011 m− 2, respectively. 

Fig. 5 demonstrates the time evolution of vacancy site fraction in 
various binary Al alloys under ageing heat treatment in the presence of 
both GBs and dislocations. As can be seen in Fig. 5(a), the equilibrium 
vacancy site fraction increases with increasing Si contents, which is 
more significant at lower temperatures. Meanwhile, the vacancy anni-
hilation kinetics is slower at higher Si contents. As shown in Fig. 5(b), 
with 1 at.% content of different solutes, the equilibrium vacancy site 
fraction at room temperature (RT) is the largest in Al-Si (ΔEB

Si− v= 0.06 
eV) alloy, followed by Al-Zn (ΔEB

Zn− v=0.05 eV), Al-Cu (ΔEB
Cu− v=0.03 eV) 

and finally the Al-Mg (ΔEB
Mg− v=0.01 eV) alloy [37]. The vacancy anni-

hilation kinetics follows the same trend. It implies that solute elements 
with stronger binding to vacancies are more capable of binding with 

excess vacancies and retarding their annihilation in Al alloys. 

4. Application of model 

4.1. Influences of heat treatment on PFZ formation in 6xxx alloys 

It is known that the vacancy distribution across grains plays an 
important role in the formation of precipitate-free zones (PFZ) near GBs 
during artificial ageing. In this section, the evolution of vacancies in an 
experimental 6005A alloy (Mg 0.63, Si 0.62, Cu 0.06, Fe 0.10, Mn 0.08, 
all in at.%) has been simulated, by using the same artificial ageing 
treatment parameters as used by Marioara et al. [48]. In this work, the 
authors studied the PFZ evolution in the alloy under three different heat 
treatments, AC-NA2h-AA185, WQ-NA2h-AA185 and WQ-NA2h-AA210, 
in which the letters and numbers indicate the cooling method from so-
lution treatment at 550 ℃ (WQ: water quenching at 400 K ⋅ s− 1, AC: air 
cooling at 10 K ⋅ s− 1), natural ageing (NA) time (2h) and artificial ageing 
(AA) temperatures (185 and 210 ◦C). The grain radius and dislocation 
density are set to be Rg = 50 µm and ρ = 1011 m− 2, respectively. In the 
following simulations, the presence of Fe and Mn is neglected since they 
have little influence on the trapping of vacancies. Among different atom 
clusters, only Mg-Si pairs in the first nearest neighbor inherited from the 
solid solution treatment at temperature TSS, are regarded as trapping 
sites for vacancies, while the other clusters are neglected since their site 
fractions are several orders of magnitude lower than that of individual 
solute atoms. In thermodynamic equilibrium at TSS, the concentration of 
Mg-Si pairs can be calculated by [28,49] 

xMgSi = ZxMgxSiexp

(
ΔEB

Mg− Si

kBTSS

)

(18) 

Fig. 6. Calculated time evolution of vacancies in an Al-Mg-Si(-Cu) alloy during cooling from 550 ℃, storage at RT for 2h, and subsequently ageing at 185 ℃. (a) 
Comparison of the evolution of average vacancy site fraction under the conditions of AC and WQ; (b) The enlarged figure of framed area in (a), where the time 
indicates the AA time; (c) Spatial distribution of vacancies across the grain at the beginning of AA; (d) The enlarged figure of framed area in (c). 
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where ΔEB
Mg− Si is the binding energy between Mg and Si atoms in the Al 

matrix. Moreover, the cluster-related parameters for Mg-Si pairs are 
assumed to be ZMg− Si=12 and NMg− Si=2, which are the same as the ap-
proximations in [20]. 

Fig. 6(a) shows the influence of cooling methods (AC and WQ) on the 
evolution of vacancy site fraction in the Al-Mg-Si-Cu alloy during 
quenching, NA and AA processes. As can be seen, the site fraction of 
vacancies after cooling by WQ is about 15 times as that of AC. This is 
because the excess vacancies have more time to diffuse to and be 
annihilated at different sinks during quenching by AC. During NA, the 
vacancy site fraction decreases slowly with increasing time. After 2h NA, 

about 81% and 68% of the quenched-in vacancies are retained for AC 
and WQ conditions, respectively. However, during AA, the vacancy site 
fraction decreases quickly, reaching the equilibrium value within 103 s, 
which is due to the high diffusivity of vacancies at 185 ◦C, as shown in 
Fig. 6(b). To further reveal the influence of quenching method on the 
annihilation of vacancies, spatial distribution of vacancies across the 
grain at the beginning of AA is plotted in Fig. 6(c), while the region close 
to the grain boundary is shown in Fig.6(d). The total vacancy site frac-
tion in the WQ alloy is ~10 times higher than that of AC. In the 
experimental work [48], the average widths of PFZ were determined as 
~200 nm and ~61 nm after AA for 2 hours for AC and WQ conditions, 
respectively, showing a difference of approximately 4 times. Since the 

Fig. 7. Calculated time evolution of vacancies in an Al-Mg-Si(-Cu) alloy during AA after WQ from 550 ℃ and storage at RT for 2h. (a) Comparison of the evolution of 
vacancy site fraction under the conditions of AA at 210 ℃ and 185 ℃; (b) Spatial distribution of vacancy site fraction in the vicinity of GB at the beginning of AA 
under the corresponding conditions, the assumed critical vacancy site fractions at 185 and 210 oC are shown as dashed lines. 

Fig. 8. Calculated time evolution of vacancies in an Al-5Cu alloy after 5 passes of ECAP during post-ECAP NA treatment. Comparison of the evolution of vacancy site 
fraction (a) for various grain sizes and (b) for various dislocation densities; (c) Evolution of spatial distribution of vacancies across the grain in the case of Rg = 5 µm 
and ρ = 1014 m− 2. 
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depletion of vacancy in the vicinity of GBs is considered as an important 
cause for the formation of PFZs, there may exist critical values of va-
cancy site fraction, xT

crit, necessary for the age hardening precipitates to 
form at AA temperature of T [12,13]. In the present simulation, by 
assuming x185

crit = xeq
v (185∘C), the PFZ width could be determined in 

Fig. 6(d), and it can be seen that the PFZ width under AC condition is 
about 10 times larger than that under WQ condition, which is in 
reasonable agreement with the experimental results and qualitatively 
interprets the significant influence of the quenching mode on the PFZ 
width. 

Fig. 7 (a) shows the influence of AA temperature on the time evo-
lution of excess vacancies during AA after WQ and NA for 2 h. As can be 
seen, the equilibrium site fraction of vacancies is higher at 210 ◦C, which 
also shows a faster annihilation kinetics than AA at 185 oC. The average 
widths of PFZs were experimentally measured as ~66 nm and ~61 nm 
after AA for 2 hours for AA210 and AA185 conditions, respectively [48]. 
Embury et al. [12] suggested that xT

crit was bigger at higher AA tem-
peratures because at a lower solute supersaturation, a higher number of 
vacancies was required for nucleation of precipitates. Therefore, a 
bigger xT

crit is selected at a higher AA temperature of 210  C, i.e., x210
crit =

xeq
v (210∘C). As illustrated in Fig. 7(b), although the vacancy distribution 

close to the GB almost overlaps with each other, the corresponding PFZ 
width is predicted to be 2 times larger under WQ-NA2h-AA210 condi-
tion, which qualitatively interprets the influence of AA ageing temper-
ature on the PFZ width as observed in the experimental work. The 
absolute values of x185

crit and x210
crit suggested here are only used to quali-

tatively assess the relative sizes of PFZs under different conditions. 
It has to be noted that the main objective of this model is not to 

quantitatively predict the formation of PFZ, but to qualitatively explain 
the influence of excess vacancies on PFZ width. In addition to the rapid 
annihilation of vacancies at GBs, the depletion of solutes in the vicinity 
of GBs due to segregation of solutes to GBs, formation of GB precipitates 
and coarsening of age hardening precipitates also contribute to the 
evolution of PFZ width in age hardening Al alloys [6,13,50,51]. The 
difference in PFZ width between the simulation results shown in Fig. 6 
(d) and Fig. 7(b) and the experimental results in [48] can be attributed 
to the neglection of latter factors in the present model, which are ex-
pected to appear within 2h of AA. The simplification of the temperature 
change during quenching can also cause the difference, which is more 
complicated in practice. Despite the difference in the exact value of PFZ 
width, the dependencies of the formation of PFZ along GBs during the 
early stage of AA on cooling rate during quenching, NA, and tempera-
ture of AA can be well explained. 

4.2. Influence of severe plastic deformation on the precipitation in Al-Cu 
alloy 

It has long been known that the precipitation behavior of age hard-
ening precipitates in aluminium alloys processed by severe plastic 
deformation (SPD) is largely different from that after normal solution 
treatments. Instead of forming nano-sized coherent or semi-coherent 
metastable precipitates in bulk of grains, precipitation of coarse stable 
precipitates occurs along GBs even during NA [8,52]. In the experi-
mental work [8], an Al-5Cu (wt.%) alloy processed by equal channel 
angular pressing (ECAP) was stored at RT for 30 minutes, and then 
artificially aged at 120 ℃. Herein, the time evolution of vacancies in this 
nanostructured Al-5Cu alloy during NA is simulated. Since the major 
objective is not to reproduce the whole evolution of vacancies during 
ECAP, the simulation is set to start immediately after deformation. The 
grain size and dislocation density of the as-deformed Al-5Cu alloys have 
been taken according to the experimental measurement in [7]. Different 
grain size of Rg = 50 nm, 500 nm and 5 μm have been assessed, while the 
dislocation density is set as ρ = 1014 m− 2. The initial site fraction of 
vacancies after SPD is assumed to be 10− 4 as estimated in [53]. The 
formation of Cu clusters and precipitates is not considered in this 
simulation. 

Fig. 8 illustrates the time evolution of vacancies in the as-deformed 
Al-5Cu alloy during post-ECAP NA treatment. As shown in Fig. 8(a), it 
takes approximately 10 s and 800 s for the vacancy site fraction to reach 
the equilibrium value, for grains of Rg = 50 nm and 500 nm, respec-
tively. It indicates that the excess vacancies are annihilated rapidly in 
the nano- or ultrafine-grained SPD alloys during NA. In the relatively 
coarse micron-sized grains of Rg = 5 µm, although it takes longer time, 
104 s, for the vacancies to reach the equilibrium site fraction, the va-
cancy site fraction after 0.5h RT storage has decreased down to a value 
lower than the equilibrium site fraction at 120 ℃. The influence of 
dislocation density on the vacancy evolution is further illustrated in 
Fig. 8(b). As can be seen, the annihilation kinetics of excess vacancies is 
faster in grains of higher dislocation density. However, with a relatively 
lower dislocation density, 1013 m− 2, the vacancy site fraction decays to 
the equilibrium value within 103 s. Therefore, the rapid vacancy anni-
hilation kinetics in the as-deformed Al-5Cu alloy is attributed to both 
ultrafine grain sizes and high dislocation densities, which gives rise to 
the lack of excess vacancies during NA and subsequent AA, thus 
resulting in the suppression of homogeneous nucleation of coherent or 
semi-coherent metastable precipitates in bulk of grains. Although the 
preferentially heterogeneous nucleation of coarse stable precipitates 
along the dislocations also plays an important role, the simulated results 
by the present vacancy annihilation model can qualitatively interpret 
the abnormal precipitation behavior observed in SPD-processed mate-
rials [8,52]. 

Fig. 9. Calculated time evolution of vacancies in an Al-Mg-Si(-Sn) alloy with and without Sn addition during quenching from 843 K at 1000 K ⋅ s− 1and storage at RT. 
(a) In the case of 100 at. ppm Sn addition; (b) Comparison of the evolution of vacancies under different amounts of Sn addition. 
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As shown in Fig. 8(c), the number of excess vacancies across the 
whole grain after 0.5h RT storage has decreased to a remarkably low 
level, thus producing a PFZ of a width comparable to grain size during 
subsequent AA. Similar observations can also be found in the nano-scale 
APT samples [54], where the suppressed clustering kinetics at a lower 
temperature after quenching from solution heat treatment is attributed 
to rapid annihilation of non-equilibrium excess vacancies at the free 
surface of the nano-scale object. 

4.3. Influence of impurity Sn atoms on the precipitation behavior of 6xxx 
alloys 

Sn has been reported to be an effective alloying element to retard the 
deleterious effect of NA on the subsequent AA in 6xxx Al alloys, which 
has been attributed to its strong binding to vacancies [29]. In the 
experimental work [29], no clustering of Mg and Si could be observed by 
atom probe tomography in the 6061 alloy with an addition of 100 at. 
ppm Sn during 2 weeks of RT storage after quenching. It has also been 
suggested that the diffusivity of Sn-vacancy complexes is several orders 
of magnitude lower than that of free vacancies [28], which implies that 
the excess vacancies bound to Sn have little contribution to the diffusion 
of Mg and Si atoms. Thus, it is necessary to track the evolution of the 
number of vacancies which are trapped and not trapped by Sn sepa-
rately, i.e., xSn− v and xv,rest = xv,tot − xSn− v. Following [25], solution 
treatment temperature of 843 K, cooling rate of water quenching (1000 
K ⋅ s− 1) to room temperature (300 K) and AA temperature of 443 K are 
applied in the simulation. The nominal composition is set to be Al-0.90 
Mg-0.59 Si (in at. %) with trace amounts of Sn. The grain radius and 
dislocation density are chosen as Rg = 25 µm and ρ = 1011 m− 2, 
respectively. Similarly, only individual solute atoms and Mg-Si 
co-clusters are treated as trapping sites for vacancies in this simulation. 

Fig. 9(a) illustrates the time evolution of vacancies in the alloys 
without and with 100 at. ppm Sn addition during quenching and NA at 
RT. As can be seen, with Sn addition, the equilibrium vacancy site 
fraction at RT is increased by one order of magnitude due to the trapping 
of vacancies by Sn atoms; meanwhile, the annihilation rate of vacancies 
is significantly reduced by a factor of around 10. However, in the Sn- 
containing alloy xv,rest is approximately one order of magnitude lower 
than in the Sn-free counterpart after quenching and last until 104 s NA. 
With such a low concentration of free vacancies, it can be expected that 
the formation and growth of atom clusters during NA is remarkably 
retarded. As depicted in Fig. 9(b), as the amount of Sn increases, the site 
fraction of free vacancies xv,rest is decreasing, showing that the retarda-
tion effect of Sn on the clustering kinetics during NA increases with the 
solute Sn content in the alloys. Moreover, it takes longer time for both 
xv,rest and xv,tot to reduce to the equilibrium levels. 

Fig. 10 shows the time evolution of vacancies in the alloys with and 

without Sn addition during AA at 443 K, after storage at RT for both 1 
day and 2 weeks as labelled in Fig. 9(b). As illustrated in Fig. 10(a), 
vacancies are quickly annihilated at different sinks within only 103 s 
during AA due to the higher diffusivity of vacancies at higher temper-
atures. Nevertheless, after NA for 1 day, the total site fraction of va-
cancies in the Sn-containing alloys is one order of magnitude higher than 
that in the Sn-free alloy. Since the trapping of vacancies by Sn atoms is 
relatively weaker at higher temperatures, the vacancies trapped by Sn 
during NA are released during AA, and the site fraction of free vacancies 
xv,rest in the Sn-containing alloys is about 10 times higher than the Sn- 
free alloy. Moreover, xv,rest increases with increasing Sn content, which 
implies a faster precipitation kinetics during AA. As can be seen in 
Fig. 10(b), after 2 weeks NA, both xv,rest and xv,tot in the alloy with 100 at. 
ppm Sn is much higher than the equilibrium vacancy site fraction at AA 
temperature of 443 K. In contrast, the site fractions of free vacancies in 
the alloy with 40 at. ppm Sn addition and in the Sn-free alloy are lower 
than the equilibrium value at the beginning of AA. Hence, it can be 
expected that the precipitation kinetics in the two alloys during AA will 
be reduced by the long time NA. This modelling result is in good 
agreement with the experimental results by Pogatscher et al. [29]. 

5. Discussion 

Over the last decades, plenty of models have been developed to 
simulate the age hardening precipitation kinetics in Al alloys during heat 
treatments [10,55-61]. In most of the models, the influences of excess 
vacancies on precipitation kinetics are not taken into account. There-
fore, it is difficult to predict the influences of cooling rate during 
quenching, room temperature storage after solution treatment, dislo-
cation structure, and grain size on the age hardening behavior during 
AA. The simulation results on the spatial evolution of vacancies during 
heat treatment in the present work have demonstrated the important 
roles of excess vacancies in the precipitation of age hardening pre-
cipitates in the widely used heat treatable Al alloys. In addition to the 
successful application examples on PFZ formation, abnormal precipita-
tion behaviors of UFG Al-Cu alloys processed by ECAP, and the retarding 
effect of Sn on the annihilation of vacancies during NA, the present 
vacancy evolution model will also help to better understand the age 
hardening kinetics of heat treatable Al alloys. On one hand, the presence 
of sufficient excess vacancies is crucial for the formation of high density 
ordered solute atom clusters or GP zones in 6xxx alloys, which later 
develop into age hardening precipitates. Previous studies have shown 
that vacancy is important for the formation of “eye” like unit cells of β’’ 
precipitates, where each “eye” needs one vacancy to facilitate the shift of 
central Mg atoms into the interstitial positions of FCC Al unit cells [62, 
63]. Such a shift reduces the misfit strain between the precipitates and 
surrounding Al matrix and therefore the formation energy [12,37]. On 

Fig. 10. Calculated time evolution of vacancies in an Al-Mg-Si(-Sn) alloy with and without Sn addition during artificial ageing at 443 K after (a) 1 day and (b) 2 
weeks of RT storage. 
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the other hand, excess vacancies can enhance the diffusivities of sub-
stitutional solute atoms, accelerating the precipitation kinetics. The 
intrinsic diffusion coefficients of substitutional solute atoms can be 
written as [35,64] 

Di(T) = f i
2Γi

2a2xvexp
(

ΔEB
i− v

kBT

)

(19)  

where f i
2 and Γi

2 represent the correlation factor and transition frequency 
of the solute atoms of component i in the dilute limit, a is the lattice 
constant. For each component i, Di is proportional to the vacancy site 
fraction. Therefore, the solute diffusivity in the presence of excess va-
cancy can be enhanced by a factor of 

Di(T)
Deq

i (T)
=

xv

xeq
v,Al

(20)  

where xeq
v,Al denotes the equilibrium site fraction of vacancy in pure Al. In 

order to achieve a faster age hardening kinetics, it is important to retain 
a high density of quenched-in vacancy for AA by optimizing the heat 
treatment processes and the alloy chemistry. 

For the microalloying effect of Sn in Section 4.3, provided that the 
vacancies which are not trapped by Sn atoms dominate the vacancy- 
mediated diffusion of precipitate-forming solute atoms [28], it is 
straightforward to derive the enhancement factor of solute diffusivity by 
Eq. (20), where xv should be replaced by xv,rest . It can be clearly seen in 
Fig. 11 that the addition of 100 at. ppm Sn into the 6xxx alloy reduces 
the solute diffusivity during 1 day of RT storage by a factor of 10, while 
enhancing that during subsequent AA by a factor of 10 in comparison to 
the Sn-free alloy. The reason is that Sn atoms can trap excess vacancies at 
low temperatures and release them again at elevated temperatures. Even 
though the present model cannot quantitatively reproduce the evolution 
of precipitation and hardening, the simulated results have caught the 
main trends revealed in the experimental work [29]. An implementation 
of the spatial vacancy evolution model into the age hardening precipi-
tation models will significantly improve their predictability, especially 
on the nucleation and growth kinetics of precipitates. Development of 
more comprehensive age hardening model considering both atom 
clustering kinetics and PFZ evolution is in progress. 

6. Conclusion 

A finite volume numerical model has been developed to simulate the 
temporal evolution and spatial distribution of non-equilibrium excess 
vacancies during NA and AA in multicomponent aluminium alloys. In 
the model, the annihilation mechanisms of vacancies at GBs and dislo-
cations have been rigorously treated while the effect of solute trapping 
on vacancy evolution has been well addressed. The model has been 

applied to understand the influences of cooling rate during quenching, 
NA, temperature of AA, grain size, number density of dislocations and 
alloy chemistry on the experimentally observed precipitation and age 
hardening kinetics of heat treatable aluminum alloys. The main 
concluded remarks are drawn as follows: 

(1) The influences of cooling rate of quenching and ageing temper-
ature on the PFZ width in the early stage of AA can be well 
explained by the spatial distribution of vacancies near the GBs, 
which is controlled by the GB annihilation of excess vacancies.  

(2) The model has been successfully applied to simulate the evolution 
of excess vacancies under the influences of dislocation density 
and grain size. The abnormal precipitation behaviors of UFG and 
nano grained aluminium alloys processed by SPD can be well 
explained by the rapid annihilation of excess vacancies.  

(3) The influences of solute elements, especially Sn, on the evolution 
of excess vacancies during NA and thereafter on the precipitation 
kinetics during AA has been quantitatively addressed by consid-
ering the trapping effects of solute atoms on vacancies. 
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Fig. 11. Enhancement factor of solute diffusivity (i = Mg, Si) by excess vacancies in an Al-0.90 Mg-0.59 Si (in at. %) with and without Sn addition (a) during 
quenching from 843 K at 1000 K ⋅ s− 1 and storage at RT (300 K), and (b) during artificial ageing at 443 K after 1 day of RT storage. 
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