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ABSTRACT

The additive manufacturability of nickel-based superalloys for laser powder bed fusion (LPBF) technolo-
gies is studied by considering the in-process cracking mechanisms. The additive manufacturability of
nickel-based superalloys largely depends on the resistance to the liquid and solid-state cracking. Herein,
we propose a two-parameter-based, heat resistance and deformation resistance (HR-DR) model, account-
ing for the relation between chemical composition (both major and minor elements) and cracking sus-
ceptibility, which is generalized from the elemental microsegregation behavior and mechanisms of LPBF
process induced cracking. The proposed model is validated by the LPBF experiments in this study and
by the hitherto reported data in LPBF superalloys community. The HR-DR-model is found to be a the-
oretically acceptable and easy-to-use approach for the prediction of in-process cracking of nickel-based
superalloys during LPBF. The influence of alloying elements and the y’ precipitates on the additive man-
ufacturability is discussed. The model provides a path for designing not only new solid solutioning, but

also and more importantly y’ strengthened nickel-based superalloys for LPBF applications.
© 2022 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc.
This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/)

1. Introduction

Laser powder bed fusion (LPBF) is a rapidly developing additive
manufacturing (AM) technique. It uses a laser as the high energy-
density source to locally fuse the material within a powder bed
continuously, resulting in the successive layer-by-layer building in
a three-dimensional manner. Considering the melting and solidifi-
cation procedures locally, LPBF shows obvious similarity to a weld-
ing process [1]. To this sense, the alloys included into the materi-
als portfolio are from the ‘weldable’ category. This limitation un-
doubtedly precludes a large group of advanced alloys, such as the
precipitation-strengthened nickel-based superalloys with relatively
high contents of Al and Ti, from the implementation of the LPBF
process, owing to their ‘non-weldable’ nature [2].

Nickel-based superalloys are the alloy system based on nickel as
the matrix element with up to 10 or more alloying elements doped
[3], and primarily used for components within the hot-section
of aeroengine turbines for aviation and industrial gas turbine for
power generation [4]. Over the years, the high-temperature me-
chanical properties and oxidation resistance of nickel-based su-
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peralloys have been improved dramatically. The excellent high-
temperature mechanical properties of nickel-based superalloys
are mainly attributed to the formation of the j’ precipitation-
strengthening phase, but also to the contribution by solid-solution
strengthening. The y’ phase is an intermetallic phase with a L1,
crystal structure, and the general chemical composition formula is
(Ni, Co)3(Al, Ti, Ta). In fully heat-treated conditions, the desired 3’
volume fraction is typically 50-60% [5] in advanced powder met-
allurgy superalloys for turbine disc applications, and 60-80% [6] in
single-crystal superalloys for turbine blade applications. However,
with high volume fraction of y’, the nickel-based superalloys are
treated as ‘non-weldable’ owing to its intrinsic cracking suscepti-
bility. Therefore, the LPBF fabrication of these superalloys is a huge
challenge.

Another important contribution to high-temperature mechani-
cal properties derives from the grain boundary (GB) strengthen-
ing, by adding minor elements like C and B. The addition of these
minor elements is inevitably desired for polycrystalline superalloys
from the high-temperature performance perspective. With the ad-
dition of C, the desired grain-boundary carbides are formed, which
are beneficial to the grain boundary sliding resistance at high tem-
peratures [7]. And with the addition of B, the creep performance is
dramatically improved [8]. Kontis et al. [9] reported that in a cast
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superalloy with 0.05 at.% B, the creep rupture life is more than one
order of magnitude longer than for the B-free counterpart.

To this end, the challenge of y’ strengthened superalloy pro-
duced by LPBF is attributed to both high y’ fraction and addi-
tion of minor elements. High cracking susceptibility of y’ strength-
ened superalloys is generally found in casting, welding, as well as
additive manufacturing. The detailed cracking mechanisms are re-
viewed in the background section. Facing the issues raised from
the high cracking susceptibility of y’ strengthened nickel-based
superalloys, it has apparently hindered this critical group of al-
loys to be robustly adapted for additive manufacturing. A lot of
questions could be raised, for example, whether y’ strengthened
nickel-based superalloys are totally unprintable, or whether minor
elements are still required for printing these alloys to achieve a
good print quality, or what is the guideline for the addition of
alloying (both major and minor) elements. The key to answering
these questions would be a reliable model to predict the additive
manufacturability of superalloys.

In this study, the high-y’-volume-fraction superalloy MAD542,
and the intermediate-y’-volume-fraction superalloy ME3 are in-
vestigated with a focus on their printability via various printing
parameters. The cracking mechanisms, as-built microstructures, el-
emental segregation, and suppression of y’ are systematically char-
acterized for the MAD542 superalloy. The cracking mechanisms in-
fluencing the additive manufacturability of nickel-based superal-
loys by LPBF are considered. Based on these mechanisms, a heat
resistance and deformation resistance based (HR-DR) model has
been proposed to evaluate the LPBF printability of nickel-based su-
peralloys. The chemical composition effects on the printability of
superalloys are pin pointed and quantified. In the later section of
this paper, the HR-DR model is used to create a generalized addi-
tive manufacturability diagram which shows very good agreement
with the experimental results in this study as well as data from
the literature. Thus, the novel approach to predict LPBF printability
of nickel-based superalloys that is proposed in this study captures
the critical boundary for printability and shows huge potential to
be adapted for alloy design of superalloys for the LPBF process. Po-
tentially, the modelling framework could also be adapted for other
alloy systems.

2. Background

Since the major concern in this study is the additive manu-
facturability with respect to cracking of nickel-based superalloys
for LPBF, the fundamental mechanisms that govern the crack for-
mation need to be understood and are therefore briefly reviewed
in the following sections. The four generally accepted critical
cracking mechanisms related to the LPBF process are summarized
below:

2.1. Solidification cracking

For fusion of powders to bulk materials, solidification is an im-
portant process. Solidification cracking, also known as hot tear-
ing or hot cracking, happens at the last-stage of the solidification
process [10]. Solidification cracking is commonly accepted to oc-
cur at the partly solid state and cause irreversible cracks [11,12].
This process can be described as owing to the lack of compensa-
tion by liquid flow, the partly solid material is torn apart under the
thermal stresses induced by solidification shrinkage [13]. Above the
solidus temperature, more precisely above the solidus temperature
of the interdendritic microconstituent, cavities and pores are prone
to form in this semisolid zone [14] and the cracks could initiate
at these sites. While the liquid phase barely sustains the thermal
stresses, larger cracks are formed by the crack propagation.
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The semisolid zone is critical for solidification cracking sus-
ceptibility. By understanding this, several models have been pro-
posed to formulate the solidification cracking susceptibility. The
most commonly considered aspect is the solidification range, or
freezing range [15]. It is defined as the temperature span of the so-
lidification process, i.e. the range between the liquidus and solidus
temperatures [16]. A narrow solidification range provides a narrow
semisolid mush. Based on this, a smaller solidification range helps
the alloy go through the high cracking susceptibility microstructure
quickly in terms of temperature. As reported by Shankar et al. [17],
the hot cracking density of a stainless steel reduced from 1.1 to 0.1
mm/mm? by decreasing the solidification range from 68 to 21°C.
Other models consider a modified critical solidification range by
taking liquid feeding (0-90% solid), and liquid films/droplets trans-
formation (0-94% solid) into account [10]. Similar models could be
summarized as replacing the solidification temperature range with
solidification time. As proposed by Clyne and Davis [18], the hot
cracking sensitivity is assessed by the time interval spent by the
mushy zone from liquid to solidus. To step further, the deforma-
tion rate index was developed by Rappaz et al. [19] to consider
the tensile deformation applied to the normal direction of dendrite
growth and solidification time.

Based on these models, the key to reduce solidification cracking
susceptibility is to generally reduce the solidification range by in-
creasing the solidus temperature. In the last-stage of solidification,
minor elements such as B and Zr tend to segregate to the inter-
granular boundaries [9], lowering the interface energy of the solid
and liquid phases [20]. The deleterious effect of these minor el-
ements on the solidification cracking resistance can be supported
by experimental results, as reported by Grodzki et al. [21], where
the solidification cracking resistance is improved by decreasing the
Zr content from 0.09 wt.% to 0 in a nickel-based superalloy.

2.2. Liquation cracking

Liquation cracking is another commonly observed cracking
mechanism in nickel-based superalloys. As the name is referring
to, liquation cracking involves the presence of a liquid phase. After
the solidification, some localized regions in the solid will be par-
tially liquified by the reheating from the adjacent areas and/or the
following added layers. For this reason, in a welding process, the
liquation cracking is observed close but away from the melt pool
[22].

In welding of y’ strengthened superalloys, the y/y’ eutectic
phase is generally found in the solidification interdendritic re-
gion. The solidus temperature of a eutectic phase is lower than
the global solidus temperature of the alloy. At a temperature even
lower than the overall solidus temperature, the y [y’ eutectic may
be liquified. The microstructure evidence is found from the re-
solidified y [y’ eutectic in the liquation cracking region in the heat
affect zone in welding [23]. However, in the additively manufac-
tured ' superalloys, the y [y’ eutectic phase is barely observed.
In the as-built condition, the microstructure is closer to a super-
saturated solid solution. Tang et al. [24]| conducted synchrotron X-
ray diffraction measurements on a y’ forming nickel-based super-
alloy from a high energy beamline. In their study, the y’ intensity
peaks are absent in the as-built sample while present in the heat-
treated sample where y’ has been developed. Under this premise,
the liquified y /[y’ eutectic phase is apparently not the causality of
liquation cracking in AM.

Another possible mechanism for liquation cracking in AM su-
peralloys is the ‘segregation induced liquation’ [22]. Reported by
Kontis et al. [25], atom probe tomography results proved the se-
vere segregation of minor elements, e.g. boron, to the interden-
dritic region of an electron beam powder bed fused nickel-based
superalloy. The significant enrichment of solutes at the interden-
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dritic region progressively decreases the localized solidus temper-
ature, which will promote liquation cracking.

Both solidification and liquation cracking could be defined as
‘hot’ cracking, referring to these types of cracking mechanisms
where intergranular liquid films are involved, according to DuPont
et al. in their welding textbook [26]. However, after solidification,
i.e., in the solid state, cracking could still happen, like strain-age
cracking and ductility-dip cracking.

2.3. Strain-age cracking

Strain-age cracking is an unneglectable topic of y’ strengthened
nickel-based superalloys, since it is largely associated with the de-
velopment of y’ precipitates by either aging effects from subse-
quent layer building and/or the post-processing thermal treatment.
In a LPBF as-built sample, large un-relaxed residual stresses are
typically left behind [27]. At the aging/stress-relief temperature,
two phenomena occur simultaneously, the residual stress relax-
ation, and the developing of y’ precipitates. Owing to the rapid
precipitation kinetic of the y’ phase, the residual stress relaxation
is slower than the promotion of y’ [28]. With the increasing of y’,
the ductility is reduced [29]. The remaining residual stress is su-
perposed with the y’ formation induced stress [30] which results
in the strain-age cracking.

The strain-age cracking is a critical cracking problem during
post-process treatments for y’ strengthened nickel-based superal-
loys. However, strain-age cracking is less likely to occur in another
common class of superalloys, the y’’ strengthened nickel-based su-
peralloys, e.g., IN718 and IN625. The reason is the sluggish y'’ pre-
cipitation kinetics [31] resulting in a larger residual stress relax-
ation window.

2.4. Ductility-dip cracking

The loss in ductility of y’ strengthened nickel-based superal-
loys is commonly found over a critical intermediate temperature
range below solidus. Kim et al. [32] reported the tensile elon-
gation of wrought CM247LC superalloy dramatically reduced be-
tween 700-900°C. Németh et al. [33] reported a tensile ductility
dip with a valley value less than 4% for the wrought superalloy
720Li. In another superalloy, Monel K-500, the ductility is largely
decreased from 20% elongation at 300°C to 2% at 650°C as reported
by Young et al. [34]. The ductility-dip cracking typically has in-
tergranular cracking characteristics [35] and it should be stressed
that, ductility-dip cracking is sub-solidus cracking occurring in the
solid state as defined by Hemsworth et al. [36]. When a superal-
loy is subjected to the global tensile stresses generated during fu-
sion at the critical ductility-dip temperature range, the ductility-
dip cracking could take place [37].

One of the accepted mechanisms for ductility-dip cracking is
the inoperability of grain boundary sliding at intermediate temper-
ature, as proposed in [38-40]. On one hand, a lower grain bound-
ary sliding rate has a beneficial effect on creep resistance. The in-
tergranular precipitates, like GB ¢’ and carbides, are the operative
GB pining source to oppose the GB sliding [41]. The GB morphol-
ogy also plays an important role, for example, a tortuous GB effec-
tively retarding the GB sliding. On the other hand, the strongly re-
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duced ability for GB sliding results in strain concentrations which
promotes void initiation. Tang et al. [42] showed that extended
accumulation of dislocations is observed on the tortuous GBs as
compared to flat GBs, during creep of a superalloy. These disloca-
tion pile-ups along GBs assisted in the void nucleation. Then the
growth and linking of these voids formed will lead to ductility-dip
cracking.

3. Analysis of selected LPBF superalloys
3.1. Materials and methods

Two nickel-based superalloys, the MAD542 and ME3 alloy were
selected as the representative materials in this study. MAD542
[43] is a newly developed nickel-based superalloy adapted for the
LPBF process, and ME3 [44] (also known as René 104) is a pow-
der metallurgy nickel-based superalloy designed for turbine en-
gine disk application. Both MAD542 and ME3 are y’ strengthened
nickel-based superalloys, where the equilibrium volume fraction
of y’ phase is 61% and 53%, respectively, according to thermody-
namic calculations at 800°C (ThermoCalc®, TCNI10 database). The
pre-alloyed powders for the LPBF process were supplied by Ho-
gands AB, Sweden. The 15-45 pm sized powders were produced
by gas atomization. The chemical composition of the MAD542 and
ME3 powders are listed in Table 1. An EOS M100 system equipped
with an ytterbium fiber laser source with the power capacity of
200 W was used to fabricate 10 x 10 x 10 mm? cubic samples.
The scanning strategy was chosen to be 67° Rot-scan, indicating
the scanning vector rotates 67° between each adjacent layer. To
explore the LPBF processing window of these superalloys, 9 sets
of printing parameters were applied, as listed in Table 2. The vol-
ume energy density, E, (J/mm3) was calculated as E, = P (laser
power, W) [ V (scan speed, mm/s) /| H (hatching distance, mm) /
L (layer thickness, mm). All the prints were conducted under an
argon atmosphere.

For metallographic sample preparation, a Struers Tegramin sys-
tem was used with a final polishing in OP-U colloidal silica sus-
pension. In order to form the y’ precipitates in MAD542 superal-
loy, post-processing heat treatment (1230°C/2h followed by two-
step aging: 1080°C/4h and 900°C /24h) was applied using a RO-
HDE chamber furnace. Electro-etching at 10 V in a 10% phosphoric
acid solution was conducted to reveal the 3’ morphology by dis-
solving the y matrix. The microstructural characterizations were
carried out by a Leica DM6 Optical Microscopy (OM), and a Hi-
tachi SU-70 Scanning Electron Microscopy (SEM) system equipped
with an Oxford instrument Electron Backscatter Diffraction (EBSD)
detector. The EBSD indexing rates were greater than 93% and 97%
for large-scale (step size 1 ym) and small-scale (0.04 pum) scans,
respectively. EBSD measurement data was analyzed and visualized
using an open-source MATLAB package MTEX [45].

Site specific lift-outs for atom probe tomography (APT) were
prepared following the procedures described in Thompson et al.
[46] from interdendritic regions of the MAD542 alloy. A FEI Helios
Nanolab 600i dual SEM/focused ion beam (FIB) was used for the
preparation of the APT specimens. The specimens were analyzed
in a Cameca 5000XR instrument, operated at 55 K in laser puls-
ing mode with laser energy at 50 pJ and a repetition rate of 125

Table 1

The chemical composition of the powders of MAD542 and ME3 nickel-based superalloy investigated in this study.
Alloy Cr Co Mo W Al Ti Ta Nb C B Si Zr Ni
MAD542 (wt.%) 8.0 8.0 50 40 50 1.0 30 20 0.1 <0.001 <0.005 <0.002 Bal.
MAD542 (at.%) 9.0 8.0 31 13 109 12 10 13 05 <0005 <0.01 <0.001  Bal.
ME3 (wt.%) 13.1 186 39 1.7 37 35 25 14 01 <0.001 0.012 <0.002  Bal.
ME3 (at.%) 144 182 23 05 79 42 08 09 05 <0.005 0.024 <0.001 Bal.




J. Xu, P. Kontis, R.L. Peng et al.

Table 2
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Laser powder bed fusion processing parameters used in this study (layer thickness: 20 pm).

Exp. Laser power, P (W)  Scan speed, V (mm/s)  Hatching distance, H (um)  Energy density, E, (J/mm?)

#1 100 1000 50 100

#2 170 1000 50 170

#3 100 1300 50 77

#4 170 1300 50 131

#5 100 1000 70 71

#6 170 1000 70 121

#7 100 1300 70 55

#8 170 1300 70 93

#9 135 1150 60 98
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Fig. 1. Plots of defect area fraction as a function of energy density for (a) MAD542 and (b) ME3 superalloys. Optical micrographs of representative as-built MAD542 and ME3
samples indicating three typical LPBF defects: lack of fusion ((a1) MAD542, (b1) ME3), gas porosity ((a2) MAD542, (b2) ME3), and micro-cracks ((a3) MAD542, (b3) ME3).

kHz. Data reconstruction and processing was performed using the
Cameca IVAS 3.8.8 software tool.

3.2. Defect density versus process parameters

Fig. 1(a) and (b) shows the summary of the plots of LPBF defect
level in the form of area fraction, as a function of energy density
for the MAD542 and ME3 superalloys in the as-built condition, re-
spectively. The results are obtained by the combination with met-
allographic observation of the well-polished and post image analy-
sis.

There are mainly three types of defects observed (Fig. 1(a1-3)
for MAD542 and 1(b1-3) for ME3), lack of fusion, gas porosity and
micro-cracks. To the lower energy density side, the input energy
is insufficient to fuse the powder layer, resulting in these lack of
fusion defects. Typically, the longer length of lack of fusion is par-
allel to the powder bed plane, i.e.,, normal to the building direc-
tion. However, to the higher energy density side, the commonly
observed defects are micro-cracks. The mechanisms for these in-
process induced cracks are complicated and highly influenced by
not only processing parameters (e.g., #7 set of parameters induce
lack of fusion mainly, while #2 set of parameters induce micro
cracks), but also chemical composition. By applying the same #2
printing parameters in an identical printing system, the cracking
susceptibility between the MAD542 and ME3 alloy is obviously dif-
ferent. Another type of common LPBF defect is porosity. It is ac-
cepted that the entrapped inert gases aggregate in the solid metal
and left as the spherical gas porosity [47].

The optimization of the printing parameters can result in fab-
ricated samples, for both MAD542 and ME3 alloys, in a crack-free
condition (Fig. 1(a2) and (b2)). For example, the printing parame-
ters give the valley of the defect fraction as a function of energy
density curves. It should be noted that, the gas porosity is stilled
observed in the crack-free sample with a minimum amount. Ap-
parently, according to the optical micrographs as well as the sum-

marized plots, ME3 superalloy has a larger crack-free processing
window than MAD542.

3.3. Observed cracking mechanisms

The general cracking modes in LPBF nickel-based superalloys
are investigated using the MAD542 sample fabricated by the #4
printing parameters, which has a high energy density for this al-
loy to induce different types of cracks. Detailed characteristics of
the cracks are observed in the SEM-SE micrographs in Fig. 2. Gen-
erally, the cracks are closely parallel to the building direction (BD)
(Fig. 2(a)). Fig. 2(b, b1) presents the representative feature of hot-
tearing cracks. This type of crack is formed at the last stage of so-
lidification before the solid phase is fully developed. The tensile
stresses normal to the cracking direction tear the remained liquid
phase apart. As in Fig. 2(b1), the solidification dendrite arms are
commonly found in the crack cleavage, which is known as reliable
evidence of solidification cracking [48,49]. The width of the hot-
tearing cracks is in the length scale of several micron-meters.

After solidification, the solid part would be influenced by the
intrinsic heating effect from the laser fusion of the adjacent layer
(upper layer). If the heating temperature exceeds the solidus tem-
perature of the solid, localized liquification occurs. Generally, the
interdendritic region shows a lower solidus temperature than the
dendrite core. These localized liquation region results in cracking
with the assistance of tensile stress. The length dimension of the
width of these cracks are in the sub-micron scale (see Fig. 2(d1)).
The remelted liquid film feature is shown in the channel of this
type of crack, as in Fig. 2(d1). In the solid part and further away
from heating source, e.g., Fig. 2(d2) region in Fig. 2(d), sharp crack
tips are observed. In this colder region in Fig. 2(d2) (comparing
with Fig. 2(d1)), it may not be liquified. The crack could propagate
from the upper liquified region (Fig. 2(d1)) into the lower solid re-
gion (Fig. 2(d2)), leading to the decreasing of the crack width. It
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Fig. 2. Different types of micro cracks observed in as-LPBF-processed MAD542 superalloy using #4 printing parameters from SEM-SE imaging, (a) overall viewing of micro-
cracks (b) enlarged view of a hot-tearing type crack, (b1) stereo micrograph indicates the dendrite arm features in the hot-tearing crack cleavage, (c, d) mixed type cracks,
(d1) enlarged viewing of liquid-state cracking feature at the starting region of the micro-crack shown in (d), and (d2) enlarged viewing of solid-state cracking feature at the

ending region. (The building direction is from bottom to top for all the micrographs).

should be mentioned that, at the crack tip (Fig. 2(d2)), the length
dimension of solid-state crack is in the nanometer scale.

3.4. Grain boundaries

Fig. 3 shows the EBSD scanning results in the cracked region. In
Fig. 3(a), EBSD-band contrast (BC) map illustrates the micro-cracks
in darker contrast owing to the lack of indexing. The EBSD-inverse
pole figure (IPF) coloring map in Fig. 3(b) shows the columnar
grain structure in the as-built microstructure. The (100) pole fig-
ure generated by the orientation distribution function (ODF) cal-
culation from the EBSD scanning area is provided in the inset.
The columnar grain growth direction is along the BD, resulting in
a strong (100) intensity (maximum multiples of uniform density
(MUD) = 8) towards the BD. Similar to findings of micro-cracks
in the SEM micrographs, the cracks are closely parallel to the BD,
i.e,, close to the columnar grain direction. SEM-BSE micrographs is
presented to reveal the solidification dendrites in an area close to
a micro-crack, in Fig. 3(b). In Fig. 3(d), the EBSD-BC map is super-
posed with the grain boundary (GB) and subgrain boundary plots
on the same area of Fig. 3(c). The grain and subgrain boundaries
are plotted according to the misorientation angles. The misorien-
tation angle is between 2-15° for subgrain boundaries and >15°
for grain boundaries. By combining both Fig. 3(c) and (d), unique
features of LPBF microstructure are illustrated. According to the

welding literature [26], the subgrain boundary separating a cluster
of cellular dendrites is known as solidification sub-grain bound-
ary (SSGB), while the intersection of SSGBs may lead to a bound-
ary with high angular misorientation known as solidification grain
boundaries (SGBs). These GB interfaces were formed at the last
stage of the solidification process. In addition, the cracked GBs are
misorientation-dependent. As documented by Hariharan et al. [48],
cracks are occurring along the high-angle GBs with misorientation
angles greater than 15°, but in contrast no crack was found at the
low-angle GBs in a LPBF IN738LC superalloy. It is consistent with
the observation in Fig. 3, that the crack is located along a GB with
misorientation angle > 15°.

3.5. Microsegregation

Fig. 4(a) shows an APT reconstruction from the as-LPBF-
processed MAD542 alloy and in particular from the interdendritic
regions as shown in Fig. 3, aiming to study the local chemical con-
centration. The APT reconstruction contains the dendritic, inter-
dendritic regions and metastable carbides. The dendritic and inter-
dendritic regions are revealed by the 2D concentration maps corre-
sponding to the region denoted by the pink dashed rectangular in
Fig. 4(a). An initial clear enrichment of Ti, Nb and Mo can be seen
in Fig. 4(b-d). It is believed that these elemental variations are as-
sociated with the microsegregation behavior during the solidifica-
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Fig. 3. (a) EBSD-BC map of the as-built MAD542 fabricated by process parameter #4, (b) EBSD-IPF coloring map of the area in (a), the coloring reference is parallel to the
building direction, the inset referring to the (100) pole figure from this area, (c¢) SEM-BSE imaging of a micro-crack and the adjacent region, and (d) EBSD-BC map overlapped
with GB plots for subgrain boundary with 2-15° misorientation and grain boundary with >15° misorientation.

tion from the LPBF process. Fig. 5 shows 1D composition profiles
from a cylindrical region of interest (ROI) and along the arrow #1
shown in Fig. 4(c). Within the interdendritic region, there is a clear
enrichment of Ti, Nb, Mo and Ta, while Ni and Al are depleted.
There is also an enrichment of Cr and to a lesser extent of Co and
C exhibit an increase within the interdendritic region.

Carbides were found to form within the enriched zone, but this
was not investigated in detail since it is not within the scope of the
current study. However, 1D composition profiles across the carbide
are given in Fig. 6, showing that they are enriched in Mo, Cr, Ti, Ta,
Nb, and W and depleted in Ni, Co, and Al, without their stoichiom-
etry corresponding to any of the typical carbides often observed in
superalloys, such as MC, M»3Cg or MgC. Then, the abnormal de-
pletion of Al observed at the interdendritic region (Fig. 5) is likely
due to the rejection of Al atoms when the metastable carbides are
forming. It should be mentioned here that there is no ‘pile-up’ of
Al concentration at the carbide/y interface. It is likely due to the
fast-diffusing nature of Al at the elevated temperature. Here we
estimate the diffusion distance, X, as the square root of the prod-
uct of interdiffusion coefficient and the diffusion time. Taking the
interdiffusion coefficient of Al as 2.2 x 10~ m2/s in a Ni-7.5Al-
9Cr (at.%) [50] system at 1100°C, a 10~3 s cumulative diffusion
time leads to a diffusion distance X=4.7 nm. It indicates that the
thermal input from the reheating of the adjacent area will reduce
the elemental enrichment along the profile. It is also worth not-
ing that, owing to the reheating of the layer-by-layer process, the
significance of the microsegregation is underestimated.

Additionally, the formation of carbides is likely accelerated by
the intrinsic reheating phenomena of the LPBF process during the
fusion of the adjacent layers/regions. In addition, the high disloca-
tion density locating at the interdendritic region acts as the pre-
ferred sites for carbides formation [51].

According to the APT results, the elemental segregation be-
tween the dendrite core and interdendritic region could not be
suppressed during the LPBF process. In fact, the element segre-

gation in the as-LPBF-processed microstructure was also reported
in detail by using high-resolution composition measurement tech-
niques, e.g. transmission electron microscopy (TEM) Energy Disper-
sive X-ray Spectroscopy (EDS), in LPBF CM247LC [53] and IN718
superalloys [54].

3.6. Suppression of y’ in LPBF

Owing to the rapid cooling rate of the LPBF process, the forma-
tion of y’ precipitates is highly suppressed. Fig. 7 shows an APT
reconstruction from the dendritic region of the as-LPBF-processed
MADS542 superalloy alongside a corresponding frequency distribu-
tion analysis. In particular, the corresponding binomial, i.e. ran-
dom, distribution is plotted to allow for comparison with the ex-
perimental distribution of the elements of Ni, Al, Cr. It can be
seen that the experimental distribution for all three elements fol-
lows the binomial distribution, indicating that the solutes are ran-
domly distributed. Thus, the observed microstructure corresponds
to a super-saturated y matrix. The high suppression of 3’ in
as-LPBF-processed materials is also reported for a wide range of
y' strengthened nickel-based superalloys including IN738 [52],
Haynes 282 [55] and ABD-900AM [24] based on various differ-
ent characterization techniques such as SEM, scanning transmis-
sion electron microscopy (STEM), and X-ray synchrotron diffrac-
tion. The APT results confirm the absence of y’ in the as-built su-
persaturated solid solution. The composition of the y matrix corre-
sponding to the APT reconstruction from Fig. 7, is given in Table 3.

However, particularly in the LPBF CM247LC superalloy, a small
amount of Y’ may occur in the as-built microstructure. Wang
et al. [56] observed y [y’ eutectic from dark-field TEM micrograph.
The occurrence of y [y’ eutectic is along the interdendritic region
where the y’ forming elements are enriched. In the eutectic re-
gions, the volume fraction of y’ is approximately 1.5%, according to
the statistical determination from Wang et al. [56]. In addition, Di-
vya et al. [57] observed very fine y’ in the as-built CM247LC super-
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Fig. 4. (a) APT reconstruction from the MAD542 alloy from an interdendritic region containing metastable carbides. Carbides are shown with an iso-concentration surface of
2.5 at.% C. (b-d) 2D concentration maps of Ti, Nb and Mo corresponding to the region denoted by the pink rectangular box.

Table 3
Composition of MAD542 superalloy in as-built condition from dendritic region, extracted from atom probe reconstruction in Fig. 7.
Cr Co Mo w Al Ti Ta Nb C Ni
at.% 9.2+0.006  9.4+0.006  3.2+0.004  2.1+0.004  10.8+£0.007  1.1£0.003  0.6+0.002  0.9+0.002  0.1+0.0004 62.3+0.010
wt%  8.140.004 9.3+0.005 5.240.006 6.5+0.012  4.940.003 0.9+0.002  1.840.006  1.4+0.003  0.02+0.0001 62.6+0.069

alloy from the Moiré fringes of high-resolution TEM micrograph,
where those very fine ¢’ are approximately 5 nm in diameter. This
is likely attributed to 1) the different detailed thermal history dur-
ing the LPBF process and 2) the high propensity of y’ formation
of the CM247LC superalloy which has a very high equilibrium 3’
volume fraction in the range of 67%.

4. Additive manufacturability diagram for nickel-based
superalloys

According to the findings in the previous section, the crack-
ing susceptibility is associated with the resistances of liquid-state
and solid-state cracking. According to the existing models con-

sidering solidification cracking susceptibility as introduced in the
background section, the key index parameter is the solidification
range of the alloy. To some extent, this single parameter shows
good qualitative predictions. To utilize this knowledge, lowering
the interdendritic segregating elements is a practical way to nar-
row down the solidification range. Griffiths et al. [53], removed the
element Hf in the CM247LC superalloy and significantly improved
additive manufacturability, compared to the original CM247LC as
a reference. Hf is a strong interdendritic segregating element and
meanwhile a strong solidus temperature reducer. As calculated by
Griffiths et al. [53], the liquidus temperatures of Hf-free CM247LC
and original CM247LC are 1394 and 1383°C, respectively, indicat-
ing the limited influence on liquidus. By contrast, there is a signif-
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icant difference in the case of the solidus temperatures, which are
1241 and 858°C for Hf-free and original CM247LC, respectively. For
this case, both the solidification range model by Flemings [15], and
the cracking susceptibility coefficient model by Clyne and Davies
[18] would give a rationalized interpretation. However, the limi-
tation of these approaches appears when comparing a relatively
wide range of superalloy grades. For example, summarized from

the solidification range results from Tang et al. [49], the IN625 and
IN738LC superalloy share almost the same value of solidification
ranges, but the additive manufacturability of these two alloys are
far different.

Therefore, to further generalize the solidification cracking sus-
ceptibility, the mismatch of the solidification steps of the den-
dritic and interdendritic regions needs to be more applicable. In
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data.

the solidification process, the central issue is the mismatch of the
solidus temperature between the dendritic and interdendritic re-
gions. This statement could also be interpreted as the liquation
cracking susceptibility. The liquation cracking occurs owing to the
lower solidus point in the interdendritic region, which induce li-
quation. If the interdendritic region has a solidus temperature close
to the dendrite core, the liquation would not be induced.

Regarding solid-state cracking, it is caused by the poor defor-
mation resistance within the interdendritic region which appears
as the weaker region where crack propagation occurs. It should be
mentioned here, that the interdendritic region includes the high-
angle GBs which are susceptible to cracking, and low-angle GBs,
and the region with identical orientation between the adjacent
dendrites. Even though the typical solid-state cracking, i.e., strain-
age cracking and ductility dip cracking, are not commonly found
during the LPBF fabrication of nickel-based superalloy, the solid-
state cracking could be mixed with the liquid-state cracking.

4.1. Heat resistance and deformation resistance (HR-DR) model

Based on the understanding of the cracking mechanisms of
nickel-based superalloys during the LPBF process, the last-stage so-
lidified region is a vulnerable place which has a high susceptibil-
ity for cracking. To simply formulate the model, a ‘composite-like’
material is assumed, as illustrated in Fig. 8(a). In Fig. 8(a), the den-
dritic core (DC) region and interdendritic (ID) region are consid-
ered as two alloy substances with different chemical compositions
according to the estimation from the elemental segregation behav-
iors. It should be highlighted here, that the ID region was sim-
ply used as the representative of the last-solidified region, where
it was assumed to share the same composition of the high-angle
grain boundary with high crack susceptibility. Direction Z is par-
allel to the solidification direction. Generalized from the cracking
mechanisms, the in-process induced cracking originates from a low

resistance against heating (liquid-state cracking) and a low resis-
tance against deformation (solid-state cracking) in the ID regions.
Therefore, we propose a two-parameter-based Heat Resistance and
Deformation Resistance (HR-DR) model to derive the LPBF manu-
facturability of nickel-based superalloys. To this sense of normal-
ization, the idea is to compare the HR-DR difference between the
ID and DC regions.

In this concept, the solute redistribution has been simplified.
As illustrated in Fig. 8(b), the concentration of solute typically
varies along the advancing solidification front. For simplification,
two constant solute concentrations, Cpc and Cjp, are allocated to
DC and ID, as illustrated in Fig. 8(c). Therefore, the area under the
curve in the DC/ID regions is equal in Fig. 8(b) and (c).

To demonstrate the partitioning characteristics of alloying ele-
ments under various solidification conditions, an assumed exper-
imental composition of nickel-based superalloy has been utilized.
The composition consists of Ni-8Cr-8Co-5Mo-4W-5AI-1Ti-3Ta-2Nb-
2Fe-1Hf-0.07C-0.01B-0.02Zr-0.06Si. The simulations are conducted
by using Thermo-Calc 2022a software with TCNI10 and MOBNI5
databases. The solute concentration in the y phase as a function
of the mass fraction of the solid is plotted in Fig. 9. The calculated
solute concentrations are directly plotted for a mass fraction up to
0.85 as solid curves, thereafter, fitted curves using a polynomial
function are presented as dashed curves. A classic Scheil solidifica-
tion is shown in the left column, indicating the redistribution be-
haviors of alloying elements during solidification at relatively low
cooling rate. However, during a rapid solidification process, such
as LPBF, the change of solute concentration can be progressively
reduced, resulting in significantly different microsegregation pro-
files from the equilibrium condition [58,59]. Thereafter, two ‘solute
trapping’ cases have been calculated under the laser scanning ve-
locity, v, of 10~ m/s and 1.0 m/s in the middle and right column in
Fig. 9, respectively. The corresponding solidification rate can then
be expressed as the product of v and cosf [60], where 6 is the an-
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direction of solidification. (b) schematic illustration of the solute profile during solidification, and (c) schematic illustration of the simplified solute profile.

gle between the heat flow direction and laser scanning direction.
The 6 angle is taken as 45° in the calculations (then cosf = 0.707).
The solidification rate in the orders of 10~4 m/s and 1.0 m/s corre-
sponds to the practical solidification rates of directional solidifica-
tion process for single-crystal superalloy production [61] and LPBF
process, respectively.

Three types of elemental partitioning behaviors can be found.
First, certain alloying elements such as Cr, Al, and Fe, show rela-
tively flat profiles indicating a weak partitioning preference. Sec-
ond, elements like Co and W are found enriched at the dendrite
core. Third, elements like Mo, Ta, Nb, Ti, Hf, Si, C, Zr, and B parti-
tion to the interdendritic region. It should be noted that the deple-
tion of C from the simulated profile is caused by the formation of
carbides that reduces the C concentration in the y phase. Further-
more, solidification rate dependent microsegregation behavior can
be observed. For the solidification rate in the 10~4 m/s order, neg-
ligible solute trapping is observed. However, under the rapid solid-
ification condition with laser scanning velocity of 1.0 m/s, for each
identical element, the according profile is more flatten. The alter-
ation of the partitioning coefficient is also significantly noticeable.
For example, the equilibrium partitioning coefficient of interden-
dritic partitioning element B is increased by a factor of 32, com-
paring to the classic Scheil condition.

For the given nominal chemical composition of an alloy, the lo-
cal composition of the ID and DC regions has to be determined
separately as a first step. Here, a parameter named as dendrite
core distribution coefficient, KéDC /Gy’ has been defined as the ratio
of dendrite core concentration over the nominal concentration for
ith element as:

K"Cl ZT? (1)

As illustrated in Fig. 8(b, c), the simplified CEC can be calculated

from solving the integration:

S C(f)df = [ Cocdf = Cocfoc (2)

10

Where f is the solid fraction, and C;(f) is the solid fraction de-
pendent solid composition, and fp¢ is DC fraction. In this study, fpc
is taken as 70% as the DC volume fraction, where 30% is used as
the ID fraction fjp. This assignment corresponds very well to the
DC and ID fractions determined via image analysis from the pre-
vious investigation [62] in an area fraction manner. Furthermore,
among different nickel-based superalloys in the as-LPBF-processed
state (see Fig. S1 in the supplementary materials for the as-built
IN738LC, CM247LC, MAD542, and ME3 superalloys), approximately
70% area fraction for DC were revealed by the chemical etching
process. However, the chemical etching process highly depends
upon the localized chemical reactivity. Considering there is no dis-
tinct boundary between DC and ID regions, the determination of
70% volume fraction for DC and the remaining 30% for ID is a rea-
sonable approximation which is appreciated to simplify the pro-
cessing of this model. It should be also highlighted here that, the
presumably fpc = 70% is equivalent to 94.4% of the ratio of dis-
tance from the cell core (r) by the half of dendrite arm spacing
(A/2) in an assumed hexagonal cross-section of cellular dendrite
[63]. By inserting 94.4% as the one-dimensional DC solidification
front and the average cellular size as 420 nm (determined in Ref.
[43]) for LPBF MAD542 superalloy, it results in an ID region of ap-
proximately 23.5 nm (slight margin of r > A/2 neglected), which
is consistent with the observation of the typical cellular boundary
thickness (~ 30 nm) for LPBF superalloy [52].

Fig. 10 shows the plots of Cpc as a function of the correspond-
ing nominal composition Cy. The Cpc is determined by the integral
(Eq. (1)) from calculated composition profiles via solute trapping
considered Scheil solidification of a wide group of superalloys fab-
ricated by LPBF including AD730 [64], CM247LC [28,37,53,57,65-
69|, EXxpAM [66], HastelloyX [70-72], Haynes 282 55,73], IN738LC
[52,74-79], IN939 [49], MAD542 (this study), NiCrAlTi [80], and Ni-
monic 263 [81], with various laser scanning velocity from 0.1 m/s
[81] to 1.3 m/s [68].

After determination of DC composition, the ID composition, C}D,
is calculated by using a ‘lever-rule’ like averaging procedure, as ex-
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Table 4
The determined dendrite core distribution coefficients of alloying elements used in this study.
Element Cr Co Mo w Al Ti Ta
Ki e, 0.9938 1.0655 0.8889 1.1077 0.9856 0.6911 0.7853
Element Nb Fe Hf C B Zr Si
K 0.6858 1.0301 05285 0.4914 0.2860 0.3308 0.9213
pressed as: temperature, in the solid solution and supersaturated solid solution
. : : of nickel-based superalloys, the solidus temperature is assumed to
JocChe + finCp = G (3)

Linear regression has been made through (0,0) to determine the
value of the dendrite core distribution coefficient, IQDC ey for each
alloying element. All the KéDC G values are listed in Table 4.

4.2. Heat resistance

The first parameter, heat resistance, is formulated as the solidus
temperature difference between the ID and DC substances, AT,
and written as:

ATs=Ts p—Ts pc (4)

Here T jp and T, pc is the solidus temperatures from the ID
and DC composition, respectively. It should be noted here, both
ID and DC are assumed as solid solutions. To calculate the solidus

1

be a function of the gradient of solidus line of the Ni-X binary sys-
tem. For example, Fig. 11 shows the calculated Ni-B binary phase
diagram at the Ni rich side. With addition of B, the solidus temper-
ature of the solid solution dramatically decreases in a nearly linear
manner.

Based on this concept, the solidus temperature, Ts, is deter-
mined as follows

n . .
Ts = Tyi + Z G¢'c
i=1

(5)

Where Ty; is the melting point of pure Ni, and G' are the gra-
dients of the solidus line of the Ni-X; binary system in the unit
of°C/(wt.%), and C' are the weight percentage of the ith element.
The gradients of the solidus line of the Ni-X binary systems have
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Fig. 11. Calculated Ni-B binary phase diagram with B content from 0 to 0.5 wt.% and temperature range from 1300-1480°C.

Table 5

The determined values of gradient of alloying elements on the solidus temperature from Ni-X binary system.
Element Cr Co Mo w Al Ti Ta
Gradient of solidus line, G/, (°C/wt.%)  -1.97 0.20 -0.10 2.67 -3.00 -12.20 -1.50
Element Nb Fe Hf C B Zr Si
Gradient of solidus line, G, (°C/wt.%) -7.67 -0.32  -73.08 -252.63 -2166.67 -588.83 -13.43

been calculated using the ThermoCalc® TCNI10 database and are
summarized in Table 5.

4.3. Deformation resistance

The second parameter proposed here is the deformation re-
sistance. Thereafter, we derive the difference of the elastic load-
bearing capacities of the DC and ID substances, thus the difference
in yield limit of them, Aoy, as:

(6)

Here oy, ;p and oy pc is the yield strength calculated from the
ID and DC composition, respectively. In the y’-strengthened nickel-
based superalloys, based on the additive law, the yield strength
could be expressed using multiple individual strengthening factors
[52,82], as:

AO'y = O'y' D — O'y, DC

0y = 0p + A0ss + Aogg + Aoy + Aop;s.

(7)

Where o) is the Peierls stress generated from the pure nickel
lattice resistance, Aogs is the solid solution strengthening, Aogg
is grain boundary strengthening, Ao, is the y’ precipitation
strengthening, and Aop; is the dislocation strengthening. Here,
the intention is not to quantify the absolute value of yield strength
of ID and DC substances but compare the strength difference. By
applying the subtraction in Egs. (6) and (7), the o} is canceled
out and the Ao, is neglected owing to the lack of y’. Then
Eq. (7) could be rewritten as:

Aoy = (Adss, 1p — Aosspc) + (Aocs, 10 — Aoc.pe)
+ (Aopis,, 1p — Adpis.pc)

(8)
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The Aogp is considered under the basis of Hall-Petch strength-
ening law and is inversely proportional to the square root of grain
size. Therefore, the grain size is the dominant parameter on deter-
mining the grain boundary strengthening. In the as-LPBF-processed
microstructure of nickel-based superalloys, the grain size largely
depends upon the LPBF process-related input parameter, result-
ing in that Aogg is a chemical composition weakly dependent
term. According to the well-known Taylor’s dislocation strength-
ening equation [83], the Aop; part is proportional to the square
root of dislocation density, considering the close values for mate-
rial constant, shear modulus, and Taylor’s factors of nickel-based
superalloys. From extensive studies on the dislocation density in
the as-built LPBF microstructure of different engineering alloys
[52,84,85] it remains as almost a constant value, which is typi-
cally in the order of 10'* m~2. Additionally, in the cellular form-
ing metallic materials, the Aop;s could be considered as inversely
proportional to the cellular size [86,87]. Herein, the cellular size is
markedly determined by the manufacturing process and limitedly
influenced by the chemical composition. As in the wide range of
as-LPBF-processed nickel-based superalloy grades (e.g. LPBF IN718
[54], IN625 [88], Hastelloy X [89,90], IN939 [91], IN738LC [51], and
CM247LC [57]), the average cellular interspacing is in the narrow
window of 400-600 nm. For a given superalloy, the different LPBF
process parameters also give a close cellular size. Based on these
assumptions, the yield strength difference between ID and DC is
then expressed as:

Aoy = (Aoss, p — Adsspc) + Ao (P) = Aoss + Constant— (9)

Where Ao (P) is the strengthening factors determined by the
LPBF process rather than the chemistry and therefore considered
as a constant here. Then, the yield strength difference is primar-
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Table 6
The determined solid solution strengthening coefficient of alloying elements used in this study.
Element Cr Co Mo Y Al Ti Ta
Solid solution strengthening coefficient, (MPa-at.frac.~/2) 337 394 1015 977 225 775 1191
Element Nb Fe Hf C B Zr Si
Solid solution strengthening coefficient, (MPa-at.frac.-'2) 1183 153 N/A N/A N/A N/A NA
%) 0 O -30
z rfa) » z; [(b)
= so EEEB 35k CoCr
i C = a T F Fe 1y o
= 3 Hf A, © . Mo
I, + n, O Al Si O
g 00 5 Ty =
o r o r
2 ., M
b —150_— . -45_— O
= L = L c
5 L S L O
4 C N Ti
5 200 5 o DNb
O I
9] L 9] L
Q Q.
IS r O IS [ [® Ni-8Cr-8Co-5Mo-4W-5AI-1Ti-3Ta-2Nb)
o 250~ zr o 55 .
= r = F [0 +1.0at.% major element
..3 r .E r [+ 0.1 at.% minor element
E~300....|....|‘...|....|....|.... E‘GO""I""I""l""l""
0 50 100 150 200 250 300 150 160 170 180 190 200

Strength difference, Aog=0¢ p- Oss, pc, (MPa)

Strength difference, Ao=0¢, |p- Oss, pc, (MPa)

Fig. 12. (a) Elemental influence on the additive manufacturability of a Ni-8Cr-8Co-5Mo0-4W-5AI1-1Ti-3Ta-2Nb superalloy by increasing 1 at. % major or 0.1 at. % minor alloying
elements to the nominal chemical composition, (b) enlarged view of the box (b) indicated in (a).

ily dominated by the Aogs only. For a single y phase solid so-
lution, as the as-LPBF-processed microstructure shows, the Aogs
is determined by the alloying elements. And the solid solution
strengthening difference between ID and DC is expressed as chem-
ical composition-based equation:

n _ n -
Aoss = (Aoss, ip— A0sspc) = l; \/XTD' jc% B 1; ‘/XT’C' «;%X"
(10)

Where xj, and x[. are the atomic fraction of the ith alloying

element of the ID and DC, respectively, and do/,/dx! is the solid
solutioning strengthening coefficient for the ith element, which is
provided in detail in references [92,93] and summarized in Table 6.
For the minor elements, the solid solution strengthening is less
considered in this study, because they are prone to form secondary
phase in minor amount, e.g. the metastable carbides as indicated
from APT results.

5. Discussion
5.1. Influence of alloying elements on printability

In the previous section, the heat and deformation resistance can
be estimated for a given superalloy based on the HR-DR analysis.
If one alloy shows the combination of a higher value of both ATs
and Aosg, this alloy is expected to have better resistance to the in-
LPBF-process induced cracking. To visualize this approach, the ad-
ditive manufacturability diagram of nickel-based superalloy is de-
veloped, where the two parameters are assigned on the X and Y
axis in an X-Y plot.

In Fig. 12, the influence of alloying elements on the additive
manufacturability of a given superalloy (MAD542) is illustrated. By
increasing 1 at% of the major alloying elements, Nb, Ta, Ti, and
Mo are dragging the superalloy towards higher deformation resis-
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tance. These elements are considered beneficial on improving the
solid-state cracking resistance. On the other hand, alloying element
W reduces the ID deformation resistance, which is harmful for re-
sisting the solid-state cracking. Other major alloying elements, like
Fe, Al, Cr, Co do not show severe influence according to the HR-
DR model in this study. Another type of important alloying ele-
ments heavily doped into nickel-based superalloys are the minor
elements. Fig. 12 also presents the influence of minor elements by
increasing 0.1 at.% to the nominal composition. Among them, Zr,
B, and Hf significantly decrease the heat resistance, leading to a
terrible liquid-state cracking resistance. While Si and C show less
impact as illustrated in the enlarged view in Fig. 12(b).

5.2. Chemical composition window for LPBF

Inspired by the additive manufacturability diagram, the chemi-
cal composition window of nickel-based superalloys for the LPBF
process can now be determined. More than 20 (see Table 7)
different nickel-based superalloys and their derivative versions
[28,37,49,52,53,57,64,65,67-71,73-79,81,88,90,94-107], newly de-
veloped y’ strengthened superalloys [24,49,62,66] as well as ex-
perimental nickel-based superalloys [80] and Co-Ni-based superal-
loys [108], fabricated by the LPBF process are integrated into the
additive manufacturability diagram by implementing their chem-
ical composition including both major and minor alloying el-
ements. Also, the experimentally observed susceptibility to in-
process cracking is identified and extracted from each study.

Fig. 13 illustrates the basic concept that the deformation and
heat resistances, Aoss and ATs, are plotted on the X-Y plot, re-
spectively. As can be seen, the reported cracking conditions in the
as-LPBF-processed state correlate very well with the additive man-
ufacturability diagram. The estimated Aoss and ATs, and the as-
built cracking condition, and equilibrium 3’ volume fraction cal-
culated at 800°C (ThermoCalc®, TCNI10 database) are summarized
and listed in Table 7. The detailed calculation procedures and full
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Table 7

Summary of calculated Aoss and ATs values, as-built crack conditions, and calculated y’ volume fraction (at 800°C) of superalloys in

Fig. 13.
Alloy Ref. DR, Aoss (MPa) HR, ATs (°C) Crack condition ¥’ volume fraction (%)
AD730 [64] 121.2 -165.8 Cracked 31.5
CM247LC [49] 55.6 -287.5 Cracked 72.8
CM247LC [37] 53.9 -304.7 Cracked 73.7
CM247LC [28] 54.6 -321.9 Cracked 75.8
CM247LC [65] 54.8 -305.5 Cracked 73.7
CM247LC [67] 53.7 -304.6 Cracked 73.7
CM247LC [53] 53.8 -302.2 Cracked 73.6
CM247LC [68] 58.1 -2743 Cracked 72
CM247LC [68] 53.2 -305.2 Cracked 73.6
CM247LC [69] 88.1 -438.4 Cracked 81.1
CM247LC [57] 54.9 -2835 Cracked 71.3
CM247LC [66] 54.8 -310.7 Cracked 72.8
CMSX486 [67] 68.0 -275.1 Cracked 74.9
IN738LC [74] 146.2 -186.8 Cracked 47.9
IN738LC [75] 144.0 -231.3 Cracked 471
IN738LC [75] 147.2 -234.9 Cracked 48.1
IN738LC [75] 147.2 -259.5 Cracked 48.7
IN738LC [75] 148.8 -225.7 Cracked 48.1
IN738LC [75] 141.6 -221.6 Cracked 47
IN738LC [75] 147.4 -255.0 Cracked 49.6
IN738LC [76] 146.3 -186.8 Cracked 48
IN738LC [76] 149.0 -325.9 Cracked 471
IN939 [49] 1313 -321.4 Cracked 34.6
Mar M-247 [103] 61.3 -401.0 Cracked 71.7
ME3 [105] 149.2 -378.1 Cracked 44.8
ME3 [106] 171.9 -30