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Abstract

TiC-NiCr cemented carbide cermet was in situ synthesized through selective laser melting
(SLM) process using Ti, C, and NigoCro powder mixture. Feedstock powder was prepared using
high energy milling for a total milling time of 15 hours. The effects of input energy density on
the phase evolution and microstructure of SLM samples were investigated using X-ray
diffractometery (XRD) and field emission scanning electron microscopy (FESEM) equipped
with an energy dispersive spectrometer (EDS). The density of in situ fabricated cermets was
measured using Archimedes’ principle, and microhardness and fracture toughness of the samples
were determined through Vickers hardness test. Increasing the input energy density from 138.7

to 378.2 Jmm resulted in an increase in relative density from 93.07% to 97.49% of theoretical

density. Moreover, the microhardness and fracture toughness of the manufactured cermets



increased to 1369.5 HV1 and 25.96, respectively. Further increasing of the energy density caused
a reduction in all properties.
Keywords:

Selective laser melting (SLM); in situ cermet; TiC-based cermet; fracture toughness

1. Introduction

Cemented carbides (cermets) belong to a group of engineering materials comprised of metal
(ductile) and ceramic (hard and brittle) phases. Due to their high ductility and hardness, cermets
have been developed for numerous industrial applications such as cutting tools, aerospace, oil
and gas industries which require high hardness, toughness, and wear resistance [1-4].

The most common industrial ceramics used in cermets are tungsten carbide (WC) and titanium
carbide (TiC). Although both of these phases possess high Young's moduli, hardness, wear
resistance, chemical and thermal stability, TiC has received more attention in recent years due to
its lower density (4.93 g.cm™) in comparison with WC (15.63 g.cm?) [5-7].

Different types of metals are used as binders in TiC-based cermets. It is generally accepted that
good wettability between the ceramic particles and metal binder improves the density and
mechanical properties of cermet samples. It has been reported that TiC shows good wettability
with a variety of molten metals, including Ni, Cu, Al, Co, and Fe, as well as their alloys [8].
Among metallic binders, Nickel alloys have been more widely used as binders in TiC-based
cermets, due to their good mechanical properties and wear and corrosion resistance at high
temperatures [9].

In recent years, additive manufacturing (AM) has emerged as a set of production methods used

to manufacture components through computer-aided design (CAD) [10]. According to type of



feedstock, AM techniques are classified into the 3 main categories of liquid-based, solid-based,
and powder-based methods. Selective laser melting/sintering (SLM/SLS), as a powder-based
AM method, with the potential to produce a variety of materials such as steels [11-13], nickel-
based alloys [14,15], titanium alloys [16,17], and aluminum alloys [18,19], has been considered
a promising fabrication method that will most likely initiate the next industrial revolution [20].
SLM process is capable of producing specimens with complex designs the production of which
is challenging and costly through conventional methods such as casting, forging, powder
metallurgy, and machining. The process parameters of SLM include laser power, layer thickness,
hatch spacing, and scan speed. To investigate the effects of process parameters on the properties

of the manufactured samples, all parameters are considered in equation (1) as input energy

density (n):
_ P
= (1)

where 7 is energy density (J.mm™), P is laser power (W), v is scanning speed (mm/s), h is
scanning hatch spacing (um), and d is layer thickness (um).

In the present research, the effects of process parameters on in situ synthesis of TiC-NiCr cermet
through SLM were investigated. For this purpose, a powder mixture consisting of elemental Ti
and C, and NiCr alloy was prepared by milling. The effects of variation in SLM energy density

on the microstructure, hardness, and fracture toughness of the cermets were studied.

2. Material and experiments:
Commercially available Ti (98.9%; spherical; < 45 pum), amorphous C (99.95%; spherical; 2-12

um), and NigoCro (near-spherical; ~ 20 um) were used as the initial powders for the production



of TiC-NiCr cermet. Powder preparation was conducted in two steps of milling. First, a mixture
of Ti and C powder was milled using a high-speed mill (Retch, E max, Germany) at 350 rpm in
isopropanol for 5 hours. Subsequently, the milled powder was mixed with NiCr powder to
achieve a nominal composition of 60 wt.%TiC-40 wt%NiCr, and the mixture was further milled
for 10 hours in isopropanol. Fig. 1 shows the scanning electron microscopy (SEM) micrographs
of the initial powders and milled powder, and X-ray diffraction (XRD) pattern of the milled

powder mixture.
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Fig. 1. SEM micrographs of a) Ti, b) C, c) NiCr powder, and (e) XRD pattern of the milled powder

The SLM process was performed using a Realizer SLM 50 system equipped with Nd:YAG fiber
laser with a maximum power of 100 W. The SLM process parameters used in this research are

presented in table 1.

Table 1. Selective laser melting process parameter



HATCH LAYER ENERGY

POWER SCAN SPEED
SPACING THICKNESS DENSITY
(W) (MM.S)

MM) (MM) (3.MM3)

150 138.7

95 218.9

62.4 60 50 60 346.7

55 378.2

50 416.0

The structural evolution of the milled powder and SLM samples was investigated using an X-ray
diffractometer (D8 A25 DaVinci; Bruker Optics Inc., Billerica, MA, USA) with CuK,, radiation
(A =0.15406 nm). XRD scans were performed between 30 and 85 degrees in 20 with a step size
of 0.02 degrees. Eva software (Bruker Optics Inc., Billerica, MA, USA) and Topas software
(Bruker Optics Inc., Billerica, MA, USA) were used to analyze the XRD data. In order to study
the morphology of powders and microstructure of SLM samples, field emission scanning
electron microscopy (FESEM; Ultra 55 limited Edition; Zeiss, Oberkochen, Germany) equipped
with an energy dispersive spectrometer (EDS) was used. Standard metallographic techniques of
grinding and polishing were implemented, and final polishing was conducted with an ion
polisher (IM-3000, Hitachi, Ltd., Chiyoda City, Tokyo, Japan) to prepare bulk samples for
microstructural investigations.

The density of the SLM processed bulk samples was determined using Archimedes' principle.
Vickers hardness of the SLM samples (cross-sectional and longitudinal) was determined using a
microhardness testing machine (Zwick Roell Group, Ulm, Germany) under 1 kg loading with a
dwell time of 10 seconds; the mean value of 5 measurements was reported for each sample.

Fracture toughness of the samples was determined through the indentation method using 5 kgf



loading and 10 seconds dwell time; the mean value of 3 indentations on each sample was

reported. The equation proposed by Shetty et al. [21] was used to measure the fracture toughness.

HV

0 ®

ch =

Where K. is the fracture toughness, Z:fl, is the sum of crack lengths of each indentation in

mm, and HV is the hardness value in kgf.mm2,

3. Results and discussion

3.1. Phase identification

XRD patterns of TiC-NiCr cermets obtained through SLM with different scanning speeds are
presented in Fig. 2. Sharp peaks related to the TiC phase, formed during the SLM process, can be
seen in all XRD patterns. Other peaks of lower intensity related to NiCr binder and Ti-Ni
intermetallic compound were also detected. At different input energy densities, the peaks
corresponding to TiC were located at slightly higher than 20 degrees compared to those of the
stoichiometric compound, indicating the smaller lattice parameter of the produced TiC than that
of the standard one (4.329 °A, PDF number 04-002-5189). Therefore, TiC can be considered a
non-stoichiometric phase in the present study. The increase in lattice parameter due to increased
input energy density can be attributed to a higher temperature as well as longer exposure time,

which facilitates the diffusion of C into Ti lattice and the formation of near-stoichiometric TiC.
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Fig2. XRD patterns of the samples manufactured with a) 138.7 J.mm, b) 218.9 J.mm=, ¢) 346.7 J.mm3, d) 378.2

J.mm=3, and e) 416 J.mm energy densities

3.2. Microstructural characterization

SEM micrographs obtained from the transverse sections of the samples are presented in Fig. 3;
two distinct zones of different sizes can be observed in the transverse sections of the SLM
samples. A relatively fine structure can be mainly seen at the center of the laser hatches,
surrounded by a coarser microstructure at the boundaries. In the longitudinal sections shown in
Fig. 4, a gradient in the size of the TiC phase, with orientational growth from the center of the
melt pool toward the boundaries, is noticeable. At the center of the melt pool, fine and equiaxed
particles can be seen. A gradual increase in the size of the TiC phase and change in the
morphology is observed from the center of the melt pool to its border. This can be explained by
the temperature gradient from the center to the boundaries of the melt pool.

Due to the Gaussian distribution of laser energy, there is a temperature gradient (G) with

maximum value at the center of the melt pool and minimum value at its boundaries. The grain



size changes gradually from the boundary to the center of the melt pool, which can be explained
by the changes in fineness factor (GxR) and shape factor (G/R) [22-25]. Moreover, the formation
of coarse grains at the border of the melt pool has been explained by the re-melting of solidified
materials during the scanning of the next hatch [26, 27]. However, Liu et al. [28] reported that
the width of the coarse zone was smaller than the overlap between the two adjacent hatches [29].
The formation of the coarse zone can be related to the reheating of the material to the semi-solid
state during the melting of the next layer or next hatch.

At higher scan speeds, more equiaxed fine grains were observed in the SEM micrographs. The
formation of fine grain structure can be attributed to lower heat input in the melt pool that

influences the solidification process. For a Gaussian distributed laser source, the maximum
temperature of the melt pool is proportional to P/\/V ratio [30]:

P
Tmax o N @)

where P is the laser power and v is the scanning speed.

At higher scan speeds, lower temperatures can be achieved in the melt pool, which means lower
G, and consequently, smaller G/R. The smaller the G/R ratio, the more equiaxed grains were
formed. Moreover, at higher scan speeds (lower input energy densities), a narrower melt pool of
shallower depth was formed.

In addition to the aforementioned phenomena, in the case of rising temperature with increase in
the input energy, the exothermic in situ reaction between Ti and C with a high negative enthalpy
of formation (-192.9 KJmol™) can initiate a self-propagating high-temperature synthesis (SHS)

reaction from the center of the melt pool or hatch [31,32]. This in situ reaction not only



facilitates the melting/reaction, but can also change the temperature gradient in the melt pool
[33]. Therefore, regular grain size and shape gradient may not be observed in some parts of the
melt pools. It is worth mentioning that by increasing the energy density, finer TiC particles were
attained at the center of the melt pool, which can be related to the increased nucleation of TiC
due to the higher input energy. When the input energy is increased, the activation energy for in
situ reaction can be easily provided at the center of the laser hatch, and nucleation of the new
phase will be widely triggered. Furthermore, the melt pool, which is depicted by dash lines on
the FESEM micrograph, broadened with increase in the energy density. It is clear that increasing
the input energy results in the broadening of the melt pool, but in the present study, more

intensive reaction waves can also be responsible for melt pool widening.




Fig3. SEM micrographs of the samples manufactured with, a) 138.7 J.mm=3, b) 218.9 J.mm3, ¢) 346.7 J.mm?=3, d)

378.2 J.mm=3, and e) 416 J.mm-3 energy densities

Fig. 4. SEM micrographs of the longitudinal section of the samples manufactured with a) 138.7 J.mm3, b) 218.9

J.mm3, ¢) 346.7 J.mm=3, d) 378.2 J.mm3, and e) 416 J.mm energy densities

Fig. 5 shows the EDS elemental maps of the vertical sections of the samples obtained from SLM
with different energy densities. The distribution of Ti and C in the melt pool and at melt pool

boundaries represents the distribution of TiC particles in different samples.






Fig. 5. EDS mapping of the samples manufactured with, a) 138.7 J.mm=, b) 218.9 J.mm3, ¢) 346.7 J.mm>3, d)378.2

J.mm=3, and e) 416 J.mm energy densities

3.3. Density

The measured relative densities of the samples obtained with different energy densities are
presented in table 2. Moreover, the volume percentage of porosities based on porosity values,
and optical micrographs showing the porosities in the vertical section of the samples are
presented in Fig. 6. At the minimum energy density of 138.7 J.mm™, the relative density of
93.07% was measured which increased to 97.49% with the increasing of energy density to 378.2

J.mm3. With energy densities of higher than 378.2 J.mm™ (at 416 J.mm>), the relative density of



the sample decreased. At high scan speeds (low input energy densities), insufficient melting and
instability of the melt flow can result in non-uniform distribution of the binder between TiC
particles. Moreover, rapid heating and cooling may cause thermal stresses that induce crack
formation. At lower scan speeds (increasing the input energy density), the laser exposure time
increases and more thermal energy is released as a result of an exothermic reaction between Ti
and C. Increasing the temperature of the melt pool results in decreased viscosity of the melt.
Consequently, a more uniform distribution of the liquid between TiC particles will be attained.
However, some microcracks and porosities were observed in the samples, which might have
been formed due to liquid shrinkage or the difference in thermal expansion coefficient of ceramic
and metal binder at the interface of the two phases. Further increasing of the energy density to
416 J.mm resulted in reduced density. Although it has been stated that high input energy
densities can cause a reduction in viscosity, and thus, result in better consolidation, the
coarsening of the in situ particles can increase the balling effect [30]. Moreover, evaporation is
more likely to occur at high energy densities [34]. These two effects can be responsible for
increased porosities in the manufactured samples. The volume percentage of porosity in the
sample manufactured with low energy density (6.93%) was about 2.5 times higher than that of

the sample produced with the highest density (2.51%).



Table 2. Density and porosity values obtained using Archimedes’ principle
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Fig. 6. Variation of relative density obtained using SLM with different energy densities



3.4. Process defects

The analysis of the cross sectional area of samples revealed a variety of porosities and defects as
shown in Fig. 7. Different types of defects caused by (i) low energy density, (ii) the keyhole
effect, (iii) entrapped gas, and (iv) the spattering effect could be detected in the manufactured
samples.

At lower input energy densities, insufficient melting can be the possible reason for porosity
formation (Fig. 7a). Xi et al. [35] reported that in some areas, the powder might embank because
of inhomogeneous powder distribution, and therefore, at low energy densities, it may not melt
entirely. They also stated that the melt pool around the mounded area is formed at a higher height
than elsewhere. The keyhole effect has also been reported to form other kinds of voids as
depicted in Fig. 7b. During the formation of the melt pool, some elements may evaporate,
possibly resulting in the formation of a keyhole feature in the melt pool. The depth, size, shape,
and probability of the formation of keyholes are affected by energy density, temperature
distribution, and cooling rate that are considered process parameters [36,37].

The third kind of porosity is formed by entrapped gas (Fig. 7c) when the powder possesses a
non-uniform morphology or a wide range of particle size distribution. As a result, the powder
bed will not be completely covered, and the gas entrapped in inter-particle gaps forms gaseous
bubbles of different sizes in the consolidated sample [38].

At high energy densities, the heat transfer from the melt pool to the boundaries may be
inadequate, and this can cause overheating and evaporation of the melt. VVaporization may lead to
the spattering of droplets as well as powder particles. As a result of the spattering of droplets, the
volumes of materials in the molten pool decrease; consequently, voids are formed after

solidification. These voids are filled with powder particles during the spreading of the next



powder layer so that the layer thickness increases locally in these areas. During the subsequent
laser scanning, the melt pool that will be deeper at these zones may not reach the previously
solidified layer. This can result in void formation as well as the presence of un-melted or
partially melted particles in consolidated material. The spattered droplets may stick onto the
powder bed in the scanning area, and large droplets can adhere to the powder bed and remain un-
melted during the next laser scan. These droplets can act as obstacles to the streaming of the melt

and cause void formation.

Fig. 7. Defects formed on the samples due to a) low energy density, b) the keyhole effect, c) entrapped gas, and d)

the spattering effect

3.5. Hardness



Fig. 8 shows the mean microhardness values of the uppermost surface and cross section of the
manufactured samples. The hardness of the samples increased with increase in energy density.
The maximum hardness of 1370 HV was achieved at 378.2 J.mm= energy density, and as
previously indicated the highest density with low rate of cracks and porosity was attained in this
sample. Further increase in energy density resulted in reduced hardness that can be attributed to
lower density, formation of cracks and porosity, and increased microstructural inhomogeneity
and agglomeration of the in situ formed phase. Li et al. [39] manufactured in situ TiC-40 vol%
Ni cermet using direct laser deposition and achieved a hardness value of about 1900 HVq3, while
other researchers reported hardness values of about 1300 HVos and 1400 HV; in TiC based
cermets [40,41].

The microhardness profiles of the longitudinal section of the samples show significant
fluctuations at the lowest energy density, which can be explained by the inhomogeneous
distribution of the TiC particles in the sample. With the increasing of the energy density up to
378.2 J.mm3, less variation was observed in the hardness values of different points in hardness

profiles.
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Fig. 8. Mean microhardness values a) of the uppermost surface, and b) along the longitudinal section of the samples

produced using SLM process



3.6. Fracture Toughness

Fig. 9 shows the Kic values of the samples manufactured at different energy densities. The
results show an increase in fracture toughness with increase in energy density. The maximum
value of fracture toughness measured in TiC-NiCr cermets was 25.9 MPa.m*? in the sample
obtained with the energy density of 378.2 J.mm=. This ascending trend can be explained by the
higher relative density and more uniform distribution of the in situ particles in the binder
obtained using higher energy densities. Gaier et al. [41] reported 19 MPa.m? fracture toughness
in vacuum sintered TiC-30 wt.% NisAl after heat treatment at 800°C. As can be seen in Figs. 3
and 4, the particle size distribution in the coarse and fine zones has changed with increase in
energy density. It has been shown in previous studies that dual size ceramic particles can result
in higher fracture toughness. This has been attributed to bridging and the higher energy needed
for crack propagation when cracks encounter larger particles [42]. The main mechanisms of the
toughening of TiC-NiCr cermet seem to be crack deflection and intergranular and transgranular
fracture as shown in Fig. 10. These mechanisms are activated by imposing high pressure which
causes a considerable restraint force and ceramic particles hinder the crack propagation [43, 44].
Moreover, the in situ reaction leads to strong bonding at the ceramic/metal interface, which
prevents the initiation and propagation of cracks at the interface [45]. It should be noted that by
further increasing the energy density up to 416 J.mm, a slight decrease occurred in fracture
toughness, which can be related to the higher content of defects and porosities as shown

previously.



w
n

b

~
n

Fracture toughness(Mpa.m'?)

346.7

Energy Density(J.mm?)
Fig. 9. Fracture toughness of the samples obtained using SLM process

(a)
Intergranular
AT Intergranular /.,

Transgranular Transgranular Jransgranular

(d) Intergranular

@ lransgranlﬂar @ T.dnSbl‘lnuldr :

Fig. 10. SEM micrographs of crack propagation paths in TiC-NiCr samples fabricated at a) 138.7 J.mm, b) 218.9

8 —

J.mm=3, ¢) 346.7 J.mm?=3, d) 378.2 J.mm=3, and e) 416 J.mm= input energy densities

Conclusion

In this study, the in situ TiC-NiCr cermet was successfully produced from Ti, C, and NiCr
powder mixture using SLM process. Microstructural evolution, density, hardness, and fracture

toughness of the manufactured samples were assessed.



Microstructural studies revealed two different grain size zones in the cross section of SLM
samples. At the center of the melt pools, fine equiaxed TiC particles were formed. Moreover, a
gradual increase in the size of the TiC phase and change in the morphology to a more dendritic
structure was observed from the center of the melt pool to its border. The density of in situ
manufactured samples increased with the increasing of the input energy density up to 378.2
J.mm3; however, further increasing of the input energy density up to 416 J.mm™ resulted in
reduced density. Hardness and fracture toughness increased with the increasing of the energy
density up to 378.2 J.mm™=, but decreased at 416 J.mm™ due to the increment of defects and

porosities.
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