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Slow surface diffusion on Cu substrates in Li metal
batteries†

Ingeborg Treu Røea and Sondre Kvalvåg Schnella

Dendrite growth on the lithium metal anode still obstructs a widespread commercialization of high
energy density lithium metal batteries. In this work, we investigate how the crystal structure of
the copper foil current collector influences the morphology of the lithium anode and the mobility of
lithium on the anode using density functional theory and molecular dynamics simulations. We have
developed an adaptive Common Neighbour Analysis, surface adaptive Common Neighbour Analysis,
that provide insights into the surface crystal structure of the lithium anode and its impact on the
surface diffusion barrier of lithium. The surface diffusion barrier is in turn used as an descriptor
for dendrite formation. Our analyses reveal that the mobility of lithium on the anode is drastically
enhanced when the lithium anode inherits the close-packed fcc crystal structure of the copper foil
current collector; the surface diffusion barrier is reduced by more than six times compared to a
copper-free lithium anode. However, the large lattice mismatch between lithium and copper creates
vacancies and disorder in the lithium anode, which reduce the mobility of lithium. The results provide
an atomistic explanation for the lithium dendrite growth observed on copper current collectors as well
as a guideline to find alternate anode current collectors that can reduce the formation of dendrites.

1 Introduction
Enhancements in the energy density of the lithium ion batteries
(LIBs) are called for to help the transition from fossil fuels to re-
newable energy sources1. Utilizing the Li metal anode can im-
prove the specific energy density by 50% on the cell level2. How-
ever, moss-, needle- or bush-like structures called dendrites form-
ing on the metal anode upon charge and discharge deteriorate
the anode, and ultimately short-circuit the battery. The dendrite
formation is not fully understood, but the applied voltage and
current density3–7, as well as the chemical and mechanical en-
vironment8–12, affects the dendrite formation. This understand-
ing has lead to techniques to reduce dendrite growth, including
surface engineering and nanostructuring of the anode13–17, elec-
trolyte additives18–20 and solid state electrolytes21, and manipu-
lation of the solid electrolyte interphase (SEI)20,22–24. Due to the
complexity of the battery, it is difficult to separate different nucle-
ation and growth mechanisms from one another, and neither the
composition of the electrolyte nor the current density can com-
pletely explain why Li is more susceptible to dendrite formation
than other metal anodes25. In particular, the Mg metal anode is
less susceptible to dendrite formation26.
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It is suggested that surface diffusion barriers (SDBs) of adatoms
on a metal surface, can serve as descriptors for dendrite
growth27; the higher SDB associated with more sluggish surface
diffusion on the metal surface, is thought to enhance uneven de-
position, while a lower SDB increases the distribution of adatoms
on the surface and reduces the dendrite formation. This sug-
gestion is based on density functional theory (DFT) calculations,
finding the SDB of Li to be higher than that of Mg27, and is sup-
ported by kinetic Monte Carlo models indicating that the SDB
affects the morphology of metal deposits28. While a direct rela-
tion between the SDB and experimentally observable quantities
is challenging to establish29, and no studies to our knowledge
verify the use of the SDB as a descriptor for dendrite formation,
the mobility and rearrangement of adatoms on the surface, and
the subsequent surface and substrate structure are important for
the formation of dendrites on Li surface25,30. This supports the
assumption that the SDB can describe the dendrite formation. On
the other hand, an applied electric field can increase the SDB of
adatoms on Mg surfaces above that of Li surfaces31, conflicting
the use of SDB as the sole descriptor for dendrite formation on
a metal surface. Nonetheless, the SDB can give valuable infor-
mation on the behaviour of metal surfaces, and contribute to the
understanding of how and why dendrite formation arises.

In a previous study, we found that the differences in crystal
structure between Li and Mg can contribute to the differences in
the SDBs found by Jäckle and co-workers27. We suggested that,
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on a general basis, more close-packed structures exhibit lower
SDBs32, explaining why Mg which crystallizes in the hcp struc-
ture at room-temperature exhibits lower SDB than Li, whose room
temperature crystal structure is bcc. It is worth noting that the
electronic configuration of Li and Mg contributes to the respec-
tive SDBs. Whether the SDB of a close-packed structure is lower
than that of the less dense structures might therefore depend on
the metal in question.

The surfaces modelled in this previous study were flat metal
surfaces without substrates present, but in commercial LIBs the
anode is supported by a current collector, typically a Cu foil33.
Cu anode current collector is the favoured choice owing to its ex-
cellent electronic and thermal conductivity and electrochemical
stability in the voltage window of the Li anode33,34. Although
atomistic studies on the interaction between Cu and Li has found
that Li can diffuse through a Cu thin-film35, the diffusion bar-
rier is for monovacancy assisted Li diffusion is 670 meV, implying
that the Cu current collector is relatively stable toward Li and that
Cu-Li alloying occurs to a small extent. Furthermore, the binding
energy between the Li adsorbed on a Cu current collector is found
to be sufficiently high to facilitate more even and smooth depo-
sition of Li than on a C-based surface such as graphite36, but Cu
foils are still associated with dendrite formation37. Manipulation
of the current collector surface reduces these issues by providing
higher surface area and lower current densities, accommodating
the volume change of the anode during cycling, and relieving the
Li metal anode of stress formed during electrodeposition15,38–40.
The manipulation techniques highlight the importance of the cur-
rent collector morphology and structure, but how these factors
impact the Li dendrite formation on an atomic level remain un-
known. A better understanding of the atomistic mechanisms un-
derlying the current collector-Li surface interaction and its impact
on the dendrite formation, can aid the design of future current
collectors that reduce Li’s tendency to form dendrites.

In the present work, we use the SDB as an indication of the
propensity of a surface to form dendrites, and investigate the im-
pact of the Cu current collector on the Li surface diffusion us-
ing DFT. Additionally, we study the influence of the Cu substrate
on the surface crystal structure of Li using molecular dynamics
(MD) simulation in combination with the surface adaptive Com-
mon Neighbour Analysis (sa-CNA) modified herein for binary sur-
faces. Our results show that Li on the Cu foil current collector is
prone to form dendrites due to the vacancies created in the de-
posited Li surface as a response to the lattice mismatch between
Li and Cu. The vacancies increase the Li adatom SDB through
two mechanisms; firstly, the density of the deposited Li surface
decreases. Secondly, they increase the impact of the poor local
electronic overlap between the p- and d-orbitals of the surface
Cu atoms and the s- and p-orbitals of the Li adatom. These two
mechanisms result in a Li surface that might be prone to den-
drite formation even if the Cu foil current collector could facili-
tate deposition of Li in close-packed crystal structures which can
decrease this tendency.

Simulation Details
DFT Simulations
The SDBs were calculated using the DFT code Vienna Ab intio
Simulation Package (VASP)41,42 together with the climbing im-
age Nudged Elastic Band (c-NEB) method43–46. The Li_sv and
Cu_pv projector augmented wave pseudopotentials47 were ex-
panded to energy cutoffs of 500 eV for the pure Li simulation cells,
and 550 eV for the pure Cu as well as the combined Cu-Li simula-
tion cells. The PBEsol functional48 was used. The c-NEB calcula-
tions were performed on simulation cells exposing the (001) and
(111) fcc facet with periodic boundary conditions and dimensions
exceeding 14 Å in all directions, plus a vacuum of more than 15
Å in the z-direction. The stability of the surface in the Cu simula-
tion cell was tested in Fig. S1† as a function of the z-dimension
(without vacuum). The four uppermost layers of atoms in the
z-direction were free, while the rest of the atoms were fixed in
space to mimic the bulk. All bulk and surface cells were relaxed
to within 0.001 eV/Å. c-NEB was performed on five images for
each surface diffusion path, and the maximum force on each of
the images was relaxed to within 0.01 eV/Å.

Molecular Dynamics Simulations
Molecular dynamics (MD) simulations were performed using
the Large-scale Atomic/Molecular Massively Parallel Simulator
(LAMMPS)49 with MEAM-potentials50 for Li and Cu. The melt-
ing points of Li and Cu were investigated to evaluate the accu-
racy of the potentials. The calculations were performed using the
isobaric-isothermal ensemble (NPT) with a Nose-Hoover thermo-
stat and barostat51 on simulations cells containing 500 particles
and periodic boundary conditions. The pressure was kept con-
stant at 1 bar for all simulations. Further information on the
scheme used for the melting point simulations is found in the
ESI†. The melting points of Cu and Li were found at around 1330
◦C and 110 ◦C, which is 250 ◦C higher and 70 ◦C lower than
the experimental melting points52, respectively. This implies that
the Cu-Cu interaction is slightly stronger and the Li-Li interac-
tion slightly weaker than experimentally observed. However, the
NPT scheme used here is associated with relatively high uncer-
tainties53. Here, we model systems away from the melting point
of Li and Cu. Additionally, we find that the 0 K lattice constants
of Cu and Li at 3.62 Å and 3.51 Å (calculated as described in
the ESI†) correspond well with DFT calculated values at 3.62 Å54

and 3.44 Å27. They are also in agreement with the experimental
values at 3.60 Å55 and 3.51 Å56 for Cu and Li, respectively.

The MD simulations of the Li and Cu-Li cells were performed in
the canonical (NVT) ensemble with the Nose-Hoover thermostat
for temperatures of 10 K, 50 K, 150K, 200 K, 250 K and 300 K on
Cu-Li and Li simulation cells containing 4000 and 4400 particles,
respectively. The Cu-Li simulation cells consist of 3800 Cu bulk
and 200 Li surface particles initialised in the fcc (001) structure.
Periodic boundary conditions were used in all directions, and an
initial vacuum exceeding 140 Å was added in the z-direction (nor-
mal to the surface) for both the Cu-Li and Li simulation cells. The
simulation cells were relaxed using the damped dynamics mini-
mization method57, equilibrated for 0.01 ns with 0.01 ps thermo-
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stat relaxing time, and then ran for 1 ns with 0.1 ps thermostat
relaxing time. Position data was sampled every 0.1 ps and 1 ps
for the equilibration and run. An adaptive Common Neighbour
Analysis (a-CNA) method for binary surfaces with AA-termination
developed in this work, was used to analyse the position data
from the MD simulations. This modified a-CNA method, the sur-
face adaptive Common Neighbour Analysis (sa-CNA), is based on
the a-CNA routine for single-element bulk cells as implemented
in Ovito58,59. Information on and testing of the sa-CNA routine
are described in the ESI†.

Results and Discussion
Li Surface Diffusion on Cu Substrates
Previously, we showed that higher degree of close-packing re-
duces the SDB of adatoms on the surface32. We find a similar
trend for the SDB of adatoms on a Li surface with and without a
Cu substrate in Fig. 1(a) and (b). Here, the Cu inhabits it’s room
temperature bulk structure, fcc, while the Li surface (in Fig. 1(b))
is created as described in the ESI†, where all of the Cu fcc (001)
hollow positions are inhabited by a Li atom. Consequently, the
surface density is 31.1% higher than that of the Li surface with-
out a substrate due to the lattice mismatch between Cu and Li.
This decreases the SDB of the adatom by more than 600%. Thus,
the Cu substrate facilitates the growth of an ultra close-packed Li
surface with low SDB, which can reduce the Li dendrite growth.

However, it is unlikely that the Li surface remains in such an
extremely close-packed state. Table 1 suggests that vacancies are
formed, as the energy per surface atom decreases with increasing
amount of vacancies for the fcc (001) surface. Here, the energy
is given by:

Eatom
sur f =

Esur f −Ebulk

Nsur f
(1)

where Esur f is the energy of the relaxed simulation cell with the
surface layer, Ebulk is the energy of the relaxed simulation cell
without the surface layer (i.e. with one layer less in the normal
direction) and Nsur f is the number of surface atoms. The ratio of
vacancies is given by the number of vacancies, Nvac, over the total
number of surface atoms, Ntot,sur f ace, as Nvac

Ntot,sur f ace
. The last entry

in Tab. 1 refers to a surface where the lattice mismatch between
the Cu bulk and the Li surface is less than 3%, making a realistic
epitaxial growth case60.

Table 1 Energy per surface atom (eV/atom) for fcc (001) Li surface
with varying ratio of vacancies, where the ratio is given by the number of
vacancies over the total number of surface atoms. The last entry refers
to a surface with a lattice mismatch of less than 3%.

Ratio of vacancies (%) Energy (eV/atom)
0 -2.375
3.13 -2.392
6.25 -2.409
43.75 -2.491

When vacancies are introduced, the interaction between Li and
Cu become more important. Therefore we investigated the sur-
face diffusion of Li on a clean Cu substrate. The SDB of the Li
adatom on this surface is shown in Fig. 1(c). Compared to Fig.
1(a), the SDB is almost 10 times higher even though the Cu sur-

face is more closely packed relative to the Li adatom than the Li
surface. This suggests that inherent properties of Cu affect the
mobility of Li.

The local electronic structure of and around the Li adatom can
affect the SDB32, and can contribute to the different SDB of the
Li and Cu substrate observed in Fig. 1(a) and (b). Using DFT we
therefore investigated the local electron density of and around
the Li adatom. Figure 2(a) and (b) depict the overlap in the par-
tial density of states (p-DOS) between the Li adatom and the up-
permost surface layer for a Cu and Li surface, respectively. The
p-DOS describes the probability of an energy level to be occupied
by electrons, and Fig. 2(a) and (b) show the occupied energy lev-
els shared by the adatom and the surface. Small spacial overlaps
between the adatom and the surface mean that the local elec-
tronic mobility is poor, which is the case for the Li adatom on the
Cu substrate. The Li surface, on the other hand, exhibits better
spacial overlap between the adatom and the surface as shown in
Fig. 2(b), implying better local electronic mobility on the Li sur-
face. Figure 2(c) and (d) show the total density of states (DOS)
resolved on the s-, p- and d-orbitals for the adatom and the sur-
face atoms in the uppermost layer separately. In Fig. 2(c) the total
DOS of the adatom overlaps poorly with the total DOS of the Cu
surface. The poor overlap in energy arises from an incompati-
bility of the Cu surface 3d-orbitals and the Li adatom 2s-orbitals,
explaining the small overlap in p-DOS in Fig. 2(a). Thus, the abil-
ity to rearrange the electrons shared by the Cu surface and the Li
adatom might decrease, which increases the SDB. In contrast, the
2s- and 2p-orbitals of the Li adatom naturally overlap well with
orbitals of the Li surface (Fig. 2(e)), and enable a fast reorga-
nization of the electrons upon surface diffusion of the adatom,
which can reduce the SDB. In other words, the local electronic
structure of and around the adatom contributes to the mobility
of the adatom. The mobility can decrease significantly when the
orbitals of the adatom and the surface are incompatible, as is the
case for the Li adatom on a Cu substrate.

Notice that the electrode potential is disregarded in the DOS
calculations. An applied potential will pull the Fermi level of the
Cu orbitals upwards, and increase the energy overlap between
the total DOS of the Li adatom and Cu surface, which can de-
crease the SDB. Hence, an appropriate electrode potential might
be important to include in the SDB and DOS calculations to ac-
curately describe the behaviour of the Li adatom on the Cu sub-
strate during battery operation. On the other hand, screening of
the electric field by the metal substrate can reduce the impact of
the electric field on the adatom SDB61. Consequently, the SDB
of the Li adatom on a Cu substrate might be higher than that of
Li on a Li substrate due to local poor overlap between the DOS
of the Li adatom and the Cu substrate even when the electrode
potential is considered.

Although Fig. 1(b) showed that epitaxial growth of a Li sur-
face on the Cu substrate creates an ultra-dense fcc surface with
low SDB, the Cu-Li lattice mismatch is too high for the surface to
stay in the close-packed state. Consequently, vacancies are intro-
duced in the surface, and the density of the overlaying Li surface
is reduced. This can increase the adatom SDB due to the poor
electronic overlap between the Cu substrate and Li adatom or-
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Eb = 4 meVEb = 26 meV
 (a)  (b)  (c)

Eb = 236 meV

Fig. 1 The SDB of Li on different fcc (001) substrates; (a) flat Li substrate, (b) Cu substrate with a flat Li surface, and (c) flat Cu substrate.

(a) (b)

(c) (d)

Fig. 2 The spacial extension of the p-DOS of Li on different fcc (001)
substrates; (a) flat Cu substrate and (b) flat Li substrate. The DOS of
resolved on the first surface layer and the Li adatom for (c) Li adatom on
Cu substrate (from (a)), and (d) Li adatom on Li substrate (from (b)).

bitals.

Li Vacancy Surface Diffusion

The Li vacancies are important for the mobility of the Li adatoms
on the Cu substrate, but to fully understand their impact on the
surface mobility, we have investigated the SDB of single vacan-
cies in surfaces with different crystal structures. Table 2 shows
the single vacancy SDB in surfaces with different crystal struc-
tures compared to the adatom SDB on a clean surface with the
corresponding crystal structure. Although the SDBs are relatively
low, particularly for the fcc surfaces, the vacancies generally have
higher SDBs than the adatoms. Hence, the major mechanism of
transport in and on the Li surface is adatom surface diffusion.

Additionally, the vacancy SDB can affect the accumulation of
vacancies in the surface; Higher vacancy SDBs can lead to single
vacancy accumulation in the surface62. Since the single vacancy
SDBs of the bcc are higher than those of the fcc surfaces, the bcc
surfaces might be more prone to single vacancy accumulation.
Whether the difference in single vacancy diffusion of the bcc com-
pared to the fcc surfaces is unique for Li or if it is an effect of the
crystal structure, is unclear. Furthermore, the magnitudes of the
bcc single vacancy SDBs might still be too low for the vacancy
accumulation to be a prominent mechanism62.

Table 2 Energy barriers of vacancy and adatom surface diffusion for Li
bcc and fcc structures

Li
Adatom (meV) Vacancy (meV)

bcc
001 53 181
110 38 12
111 139 289

fcc
001 25 25
110 22 35
111 36 73

Surface Crystal Structure
We now return to the electrodes where a layer of Li is deposited
on a Cu surface. As discussed, the adatom SDB is affected by the
surface crystal structure, as well as the amount of vacancies in the
surface; a more close-packed surface reduces the SDB compared
to the less dense and vacant surfaces. At temperatures close to 0
K, Li is table in the fcc crystal structure, but it experiences a phase
transition to the bcc structure at increasing temperatures63. The
Cu substrate is stable in the fcc bulk structure both at 0 K and
room temperature, and could facilitate epitaxial growth of the
first deposited Li layers. However, the DFT calculations show that
the lattice mismatch between Cu and Li introduces vacancies in
the Li surface, which can distort the surface crystal structure. To
investigate further the impact of Cu on the crystal structure of
the Li surface, MD simulations in combination with the sa-CNA of
Cu-Li simulation cells were performed. Figure 3 shows the sur-
face crystal structure of the Li surface on a Cu substrate at 300 K
as a function of time. The weighted number of particles is the ra-
tio of atoms in a crystal structure over the total number of surface
atoms. The labels fcc(001), fcc(111) and fcc(001)fcc(111) de-
note a fcc(001) surface and substrate (i.e. the crystal structure of
both the surface and the uppermost substrate layer is fcc(001)),
a fcc(111) surface and substrate, and a fcc(001) substrate with a
fcc(111) surface.

This Cu-Li simulation cell was initialized with the 0 K Cu lat-
tice constant and Li atoms occupying all Cu fcc (001) hollow
sites, meaning that the initial lattice mismatch is 17%. The sur-
face atoms retain their initial fcc(001) structure through the first
0.01 ns at 300 K in Fig. 3. Subsequently, the unrecognized
structure (other) replaces the fcc structure (fcc(001), fcc(111)
and fcc(001)fcc(111)). As the surface approaches equilibrium at
0.6 ns, the ratio of fcc(001)fcc(111) surface atoms increases, but
never exceeds the amount of unrecognized atoms. The immedi-
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Fig. 3 Crystal structure of the Li surface atoms on a Cu substrate at
300 K. The weighted number of particles is the ratio of particles in a
crystal structure over the total amount of surface particles. A snapshot
of the simulation cell at 0.8 ns with atoms colour coded in the different
crystal structures found using the sa-CNA to the right.

ate transition from the initial fcc(001) surface structure implies
that the lattice mismatch between Cu and Li is too large for Li to
be stabilized in the fcc surface structure. Interestingly, the surface
does not transition into the bcc surface structure, which is in-
cluded in the other category as it on average constitutes less than
0.1% of the surface atoms. The lack of surface atoms in the bcc
structure could arise from the interaction between the uppermost
Cu atoms, inhabiting the fcc(001) structure, and the Li surfaces
atoms, which guides the Li surface away from the bcc structure
and into a vacant and disordered version of the fcc surface struc-
ture.

Although the ratio of surface atoms in the unrecognized struc-
ture does not directly measure the amount of vacancies in the sur-
face, this structure category also includes atoms in the fcc struc-
ture with more than three vacancies. Furthermore, surface atoms
in the fcc structure with three or less vacancies constitute more
than 8% points of the total amount of atoms in the fcc categories.
Together they suggest a high degree of vacancy formation as well
as disorder in the Li surface, and supports that vacancies form in
the surface as a response to the lattice mismatch between Li and
Cu as suggested by the DFT calculations in Tab. 1.

In the MD simulation of the Li surface on the Cu substrate, no
diffusion of Li into the Cu substrate is observed. While the dif-
fusion is possible, the energy barrier of diffusion through a Cu
thin film was found to be 670 meV, for monovacancy assisted dif-
fusion35. The diffusion barrier for inter-layer diffusion is almost
three times larger than the SDB of Li (Fig. 1(c)). At 300 K, the
corresponding ratio of the diffusion constant of the surface over
the inter-layer diffusion, Ds

Dil
, is 19.5 · 106, meaning that the sur-

face diffusion is almost 20 million times faster than the inter-layer
diffusion. Consequently, we are not likely to observe inter-layer
diffusion on time-scales sufficient to observe surface crystal struc-
ture reorganization in the MD simulations, which is the objective
of the present work. The diffusion constants are here calculated
using

D = v exp(− Eb

kBT
) (2)

where v is the jumping rate, Eb is the diffusion energy barrier, kB

is the Boltzmann constant and T is the temperature. The jumping
rate can be estimated through transition state theory, but for the
purpose of this work, we assume a similar jumping rate for the
surface and inter-layer diffusion.

The Li potential used in this work underestimates the Li melt-
ing point by around 70 K, and makes the MD simulation at 300
K is relatively close to the Li melting point found at around 380
K. Since higher degree of disorder is expected for materials close
to their melting temperatures, the simulation at 300 K can over-
estimate the degree of disorder in the Li surface. Therefore, the
temperature sensitivity of the surface crystal structure was tested.
In Fig. 5(a)-(c) the sa-CNA is performed for MD simulations of
the Cu-Li simulation cell at 10 K, 50 K and 150 K. Reducing the
temperature to 50 K (Fig. 5(b)) does not affect the amount of
disorder in the Li surface significantly. Hence, the vacancies and
disorder in the Li surface seen at 300 K is likely to arise from the
lattice mismatch between Cu and Li, rather than the temperature.

Interestingly, the fcc(001) surface structure is retained at 10 K
(Fig. 5(a)), implying that there is an energy barrier for the transi-
tion from the fcc(001) to the disordered structure. Moreover, we
find that the fcc(001) surface structure is retained for tempera-
tures up to 150 K when the lattice mismatch is removed, as is the
case for a Li surface on a Li substrate. This is shown in Fig. S4(a)-
(b)†. In other words, the lattice mismatch on the Cu substrate
lowers the barrier to change the Li surface from the close-packed
fcc structure to a disordered, vacant and less dense surface struc-
ture. Since the Li adatom SDB increases on vacant and less dense
Li surfaces on Cu substrates, the Li-Cu lattice mismatch creates a
Li surface with high SDBs of the adatoms that might be prone to
dendrite formation, rather than facilitating epitaxial growth of fcc
Li surface which reduces the SDB and could decrease the amount
of dendrites forming on the surface (Fig. 1(b)). Note that even
though the surface on the Li substrate is stable in the fcc structure
at low temperatures, the Li surface is more disordered at 300 K
than it is when supported by the Cu substrate. This is revealed
in Fig. 4, showing the surface crystal structure development of
the Li surface on a Li substrate at 300 K. Combined with the DFT
results, this suggests that the Cu substrate facilitates a higher de-

-- fcc(001)

-- fcc(111)

-- fcc(001)fcc(111)

-- other

-- fcc bulk

Fig. 4 Crystal structure of the Li surface atoms on a Li substrate at 300
K. The weighted number of particles is the ratio of particles in a crystal
structure over the total amount of surface particles. A snapshot of the
simulation cell at 0.8 ns with atoms colour coded in the different crystal
structures found using the modified sa-CNA to the right.
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(a) (b) (c)

Fig. 5 Crystal structure of the Li surface atoms on a Cu substrate (a) 10 K, (b) 50 K and (c) 150 K. The weighted number of particles is the ratio
of particles in a crystal structure over the total amount of surface particles. The insets are snapshots of the respective simulation cells at 0.8 ns, with
the atoms colour coded according to the crystal structure found with the sa-CNA.

gree of close-packed Li surface structure, which reduces the SDB
and can decrease the amount for dendrite formation, compared
to the Li substrate at realistic battery operation temperatures.

Conclusions

In this work, we have studied the impact of the Cu current col-
lector on the surface diffusion barriers (SDB) of Li adatoms using
a combination of density functional theory (DFT) and molecular
dynamics (MD) simulations. We have developed a surface adap-
tive Common Neighbour Analysis (sa-CNA) method to analyze
the local crystal structure of the Li surface on the Cu substrate
which has provided insights into the mechanisms of Li surface
diffusion on the Cu substrate.

Using DFT, we found that the Li adatom has high mobility on
a Li surface epitaxially grown on the Cu substrate, but due to the
Cu-Li lattice mismatch, vacancies are introduced in the surface.
The vacancies decrease the density of the surface, which increases
the adatom SDB. Furthermore, they increase the importance of
the orbital overlap between the Li adatom and the Cu substrate.
Owing to the poor s/p-p/d orbital overlap between Li and Cu, the
Li adatom SDB increases.

The sa-CNA analyses of the Li surface on the Cu substrate sup-
port that vacancies are formed in the surface due to the lattice
mismatch between Cu and Li. However, they also indicate that
there is an energy barrier for the transition from the close-packed
fcc structure to a disordered and vacant structure. This indicates
that Li can deposit in the fcc structure with low adatom SDB on
substrates that inhabit the fcc structure, provided that the lattice
mismatch between the substrate and the Li surface does not in-
troduce vacancies and disorder in the Li surface.

It is challenging to verify the use of the SDB as a sole descriptor
for dendrite formation due to the lack of appropriate surface dif-
fusion measurements. Still, this study finds that the combination
of low mobility of Li on Cu substrates and the formation on va-
cancies in the deposited Li layer on the Cu substrate, can make Li
prone to dendrite formation. However, we also find that Li might
stabilize in a defect-free fcc structure, which can be less prone to
dendrite growth, provided that a substrate with the fcc structure
and a small lattice mismatch to Li is used.
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