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Abstract

Aluminium (Al) alloys comprise a large and important group of engineering ma-
terials that find widespread use due to a favourable combination of material prop-
erties, including: high strength-to-weight and conductivity-to-weight ratios, ease
of forming, good corrosion resistance, and excellent recyclability. Recently, driven
by stricter regulations and demands to cut carbon dioxide emissions in the transpor-
ation sector, Al has become one of the fastest growing materials for automotive
applications. Put simply, if you have a lighter car, you need less energy to move
it forward. This leads to improvements in fuel economy and reduced emissions,
or one can travel further per battery charge. The development entails gradually
introducing lighter material substitutes for components traditionally made of steel.
Challenges emerge when Al alloys are used in components that might see elevated
temperatures (' 70 ◦C) under in-service conditions, e.g. automotive components
located in the engine room, heat exchangers, and subsea/offshore electrical cables.
If given sufficient amounts of time, the microstructure – and hence properties –
of an Al alloy will change if exposed to elevated temperatures. Therefore, a fun-
damental understanding of the behaviour of Al alloys after prolonged exposure to
elevated temperatures is needed, which has been a major part of the motivation for
this work.

The main groups of Al alloys used in structural applications are age-hardenable,
meaning that they primarily obtain their strength due to high densities of nano-
sized precipitate phases that form during thermal treatments. The principal sci-
entific instrument used in this thesis is the transmission electron microscope (TEM),
which is an excellent tool for studying the different types of precipitate phases,
their sizes, and their distribution in the Al alloy microstructure. An operational
mode called high-angle annular dark-field scanning TEM (HAADF-STEM) com-
bined with aberration corrected lenses provides spatial resolution all the way down
to the atomic scale. This mode is also capable of distinguishing atomic columns
with different average atomic numbers (Z). Additions of Cu (Z = 29) in Al-Mg-Si
alloys (Z = 13, 12, 14) are a common way of improving alloy strength and thermal
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stability. In this work, HAADF-STEM has been used to carefully assess the effect
of low Cu additions on precipitate crystal structures after prolonged thermal age-
ing. It was found that even very low additions of Cu (0.01 atomic %) may change
the Al-Mg-Si system precipitation, particularly after long temperature exposure.
This has important implications for alloy recycling, where inclusions of trace ele-
ments are practically unavoidable. In addition, three key building blocks for Cu-
containing precipitate phases in the Al-Mg-Si(-Cu) system have been identified.
The same materials were also subjected to detailed mechanical testing and model-
ling of material strength.

Another powerful capability of the TEM is the option to switch between imaging
and diffraction mode. Electron diffraction patterns hold rich information about
the atomic arrangements of the studied material. Electron diffraction – more spe-
cifically, an advanced technique called scanning precession electron diffraction
(SPED) – has been a key technique used throughout this thesis. By changing alloy
compositions and thermomechanical processing routes, there are possibilities for
large variations in the distribution of forming precipitate phases, with important
consequences for material properties. Therefore, techniques and methodologies
for obtaining improved precipitate statistics from large areas of the specimen in an
objective manner are needed. It is shown how the SPED technique combined with
advanced data analysis may provide such information. In addition, direct obser-
vations of precipitate transformations during thermal ageing have been achieved
using in situ heating TEM, which was combined with SPED. In the study of an
Al-Mg-Si-Cu alloy, it was shown that the fragmented L phase exhibits a signific-
antly improved thermal stability as compared to the main age-hardening precipitate
phase β′′.

The works presented in this thesis provide several examples of how recent ad-
vancements in TEM techniques, instrumentation, and related data analysis offer
powerful new ways of acquiring and analysing data from nano-sized crystalline
phases. Most results are obtained on precipitate phases of the 6xxx series Al-
Mg-Si(-Cu) system, but a study of a 2xxx series (Al-Cu) alloy is also included.
Finally, it is emphasised that the methodologies applied have potential for broad
applications within multi-phase materials, such as other metallic systems, semi-
conductors, and minerals.



Preface

This thesis is submitted to the Norwegian University of Science and Technology
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supervision of Prof. Randi Holmestad from IFY, NTNU, and co-supervision from
Dr. Calin Daniel Marioara from SINTEF Industry.

This thesis consists of three main parts. The first part is a general introduction
to the research topics of this PhD work, the material system studied, and the ex-
perimental techniques applied. This in turn should enable the reader to appreciate
the key findings of the research papers produced. The second part summarises the
main findings of each paper produced, followed by a discussion of the research
conducted and the outlook of the topics covered. The third and final part is a col-
lection of seven research papers that represent the main scientific achievements in
the PhD project. At the time of submitting this thesis, the status of each paper is as
follows: Papers I-V – accepted and published, Paper VI – to be submitted, and Pa-
per VII – in preparation for submission. As Paper VI has not yet been published,
the supplementary information planned to follow this paper is also provided here.
Paper VII is a draft that has not yet been reviewed in detail by the co-authors. The
plan is to have it finalised and submitted around the time of the PhD defense.
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Chapter 1

Introduction

1.1 Motivation
From the Stone Age to the present, the mastering and development of novel ma-
terials have historically had a tremendous impact on both technology and human
culture. Our modern society is no exception, which is reflected in our extensive
utilisation of semiconductors and metals. These materials form the cornerstone
of our technological progress and can be found in many aspects of our everyday
lives. Metals are found in applications ranging from beverage cans and zippers on
clothing, to building frameworks and space-crafts. The demand is still growing
due to an increasing world population and rapid economic growth. Aluminium
(Al) is the most abundant metal in the earth’s crust, where it comprises about 8%
of the total weight (wt.%) [1]. Being a highly reactive metal, Al is rarely found in
its pure metallic state, but rather exists as a constituent of numerous minerals, the
chief ore being bauxite. The process of obtaining pure Al from its various ores is
very energy demanding, and higher than most other engineering materials [2]. The
two main processes involved in the production of Al are the refinement of bauxite
to produce alumina (Al2O3), and subsequently the smelting and reduction of alu-
mina to produce pure Al. In the production of pure Al, the world average energy
consumptions are 11.4 kWh/t alumina [3] and 14.2 kWh/t Al from alumina [4]. As
two tonnes of alumina are required to produce one tonne Al, this gives a total es-
timate of 133.2 MJ/t Al – to be compared with about 19.8 MJ/t steel [5]. There are
additional considerations that could be taken into account when calculating these
numbers, but most estimates show that the primary production of Al is somewhere
between 6-10 times more energy demanding than steel – so why do we need this
metal?
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4 Introduction

The world production of Al has shown an overall increasing trend since 2000 [6],
and will likely continue to increase in the future, for several good reasons. Al
alloys can be tailored to exhibit a favourable combination of material properties,
including: high strength, lightness, good formability, good corrosion resistance,
excellent recyclability, as well as high conductivity. Recycling of Al alloys is be-
coming increasingly important, largely due to the facts that continued recycling
does not deteriorate material properties, and that the energy used for recycling is
only 5-7% of that required in primary production [7]. It is estimated that some
75% of all Al ever produced is still in use. This is crucial in order to offset the high
energy cost required in production, and a key property that enables Al to be an im-
portant metal in a circular economy. This will be important in reaching the United
Nation’s 12th sustainable development goal: Ensuring sustainable consumption
and production patterns [8].

The main groups of high strength, age-hardening (heat treatable) Al alloys are the
2xxx (Al-Cu), 6xxx (Al-Mg-Si) and 7xxx (Al-Zn-Mg) series, which are strengthened
by high densities of nano-sized precipitate phases formed during thermal treat-
ments. Of particular interest to transportation and building applications are the
Al–Mg–Si alloys [9], exhibiting medium strengthening potential and good form-
ability. These alloys are also increasingly found and sought for in many applic-
ations at elevated temperatures (' 70 ◦C), one of the most important being auto-
motive applications [9, 10]. In the car industry, small reductions in weight lead
to large reductions in emissions, or may extend the range of electrical vehicles
significantly. This is achieved by introducing lighter Al (∼ 2.7 g cm−3) substi-
tutes for components made of steel (∼ 8 g cm−3). However, this must not come
at the cost of e.g. reduced crashworthiness or thermal stability of key compon-
ents. New challenges emerge when Al alloys are introduced in components that
are exposed to in-service conditions of elevated temperatures, e.g. automotive
components located in or near the engine room, heat exchangers, or electric wires
in cars. In addition, Al alloys that are commonly found in high voltage power
transmission and distribution, are under serious consideration for replacing copper
(Cu) in subsea/offshore electrical cables due to their high conductivity-to-weight
ratio and lower cost (≈ 80% cheaper than Cu) [11]. However, these applications
require increasingly demanding combinations of high strength and high conduct-
ivity without degrading other properties such as creep and fatigue resistance. The
solution to the aforementioned challenges lies in improving the understanding of
the effect of alloy composition and processing on microstructure-property relation-
ships. A fundamental understanding of the behaviour of Al alloys as an effect of
prolonged exposure to elevated temperatures is needed, which has been the main
motivation behind this PhD project.
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1.2 Objectives
The overall objective of the AMPERE project – Aluminium Alloys with Mechanical
Properties and Electrical Conductivity at Elevated Temperatures – was to establish
a scientific basis that enables the design of alloys and processing schedules to yield
optimum combination of various mechanical properties and electrical conductivity
at elevated temperatures [11]. This was to be achieved through enhanced funda-
mental understanding of the correlation between material microstructure, mech-
anical properties and electrical conductivity, and the influence of elevated temper-
ature and time. In reaching this overall goal, the secondary objectives of direct
relevance to this PhD work were:

• Conduct detailed and quantitative characterisation by TEM and atom probe
tomography (APT) of selected alloys with focus on the microstructure evol-
ution during thermomechanical processing and exposure to elevated temper-
atures.

• Measure associated changes in relevant material properties like strength and
conductivity.

• Provide input for microstructure evolution models and models that can pre-
dict changes in relevant mechanical properties and electrical conductivity
during thermal treatments.

The improved understanding, knowledge, and models built in the project are ex-
pected to instigate innovation in alloy, processing, and product development at the
industrial partners. This is turn should lead to an increased use of Al in different
applications where the use thus far has been limited.

In reading through this thesis, it becomes clear that it revolves heavily around the
use of scanning precession electron diffraction (SPED) and related developments
for studying the metastable precipitate phases formed in Al-Mg-Si(-Cu) alloys.
This focus naturally arose in an attempt to fulfill the two main overall goals of
the PhD project: (i) to push TEM techniques and related data analysis in order to
build new competence at the TEM research group, and (ii) to study materials and
topics of interest to the AMPERE project. For the main part, the two objectives
have been combined in the research papers produced. Paper II and Papers IV-VII
combine the two-fold focus to a large extent, by applying new TEM methodolo-
gies and by studying materials selected in the AMPERE project. Papers I and III
are focused with SPED developments, and studies materials outside the AMPERE
project. Paper III was written together with collaborating researchers at the Uni-
versity of Cambridge; a group which has been leading in (S)PED developments
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and related data processing. This thesis provides several good examples that illus-
trate the rich information obtained, and the future potential in acquiring relatively
large, multi-dimensional electron diffraction datasets combined with recent devel-
opments in data analysis. In addition, other powerful TEM capabilities such as in
situ heating to study the precipitate phases directly are demonstrated.



Chapter 2

The Al Alloy Material System

Al is first and foremost used as a structural material, meaning that high demands
are put on the material’s mechanical properties. Pure Al is a relatively soft metal
with a yield strength of about 7 − 11 MPa. In comparison, the range of yield
strengths exhibited by steels vary between 200−2000 MPa. However, by alloying
Al with various elements and applying heat treatments (ageing) the properties can
be improved tremendously [1, 12]. The age-hardening Al-Cu, Al-Mg-Si, and Al-
Zn-Mg systems exhibit yield strengths in the range 200− 700 MPa, hence greatly
improving the strength as compared to pure Al. As the alloying additions are
typically only a few atomic % (at.%), the density of the alloy does not change
considerably as compared to pure Al, which has a density of 2.7 g cm−3. This
means that steels at about 8 g cm−3 density are comparable to Al alloys in terms
of strength-to-weight ratio, also known as specific strength. Al alloys have specific
strengths in the range 75−260 Nmg−1, and steels vary between 25−250 Nmg−1.

Furthermore, it is not only material strength that can be improved by alloying
Al. Alloying may also improve many additional properties such as formability,
weldability, ductility, corrosion resistance, and surface properties. Several material
properties are interlinked. For example, high strength usually implies lower ductil-
ity, and a high conductivity normally corresponds with medium or low strength. It
is the optimisation of various properties that has given rise to the many different
alloying systems and alloy labels, each tailored to its specific application.

In the following, the microstructural origins of Al alloys’ interesting properties are
elaborated. The presentation uses the Al-Mg-Si(-Cu) system as the main example,
due to its high relevance to the research topics and papers in this thesis.

7
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2.1 Precipitation - From solute atoms to precipitate phases
The main underlying cause of the great strengthening potential of age-hardening
Al alloys is the high density of nano-sized precipitate phases which forms after
thermal ageing. The mechanism behind their strengthening contribution will be-
come clear later in this chapter, but for now their formation and subsequent phase
transformation will be treated.

It was first in 1906 that the positive effect of applying heat treatments to Al al-
loys was discovered by Alfred Wilm, and the observations were published a few
years later [13]. His alloys, containing Mg and Cu as alloying elements (solutes),
had exhibited improvements in hardness after being kept for a longer time at room
temperature, which was due to the formation of atomic clusters [14]. After the dis-
covery of this effect, the general age-hardening phenomenon was later explained
based on the formation of microscopic precipitate phases [15]. Since its discovery
over 100 years ago, the effect of thermal ageing and mechanical processing of Al
alloys – together denoted as thermomechanical processing (TMP) – has become
well-understood and widely applied in large-scale industries. As an example, Fig-
ure 2.1 shows a generic industrial TMP route for an extruded 6xxx alloy. The mi-
crostructure of the material will change in all processing steps, with consequences
for final material properties.

Figure 2.1. An example of a thermomechanical process applied to an extruded 6xxx alloy.
For alloys with scientific purposes, a solution heat treatment step with a strictly controlled
temperature is usually added after extrusion (dashed).

Whereas the first few TMP steps indicated in Figure 2.1 are mainly used to form
and shape the material, the final two, solution heat treatment (SHT) and artificial
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ageing (AA), are particularly crucial for the formation of precipitate phases. The
precipitates form by substitutional diffusion through solid-solid phase transforma-
tions, which start with nucleation and growth mechanisms. The treatment of these
classical topics are fundamental in physical metallurgy, and described in books
such as [12, 16, 17]. The solubility of alloying elements in Al is limited, and
varies for different elements. When the concentration of an alloying element is
higher than its solubility, stable secondary phases form in order to minimise the
total energy of the system. In the SHT step, the temperature is set above the solvus
temperature, but below the solidus temperature of Al. This dissolves any structures
rich in solutes, and distributes these uniformly in the face-centred cubic (fcc) Al
matrix. The process occurs rather fast, as dissolution and diffusion are accelerated
by an increased concentration of vacancies – point defects where atoms are miss-
ing from fcc lattice sites in the Al matrix, see Figure 2.2. Vacancies occur naturally
in all crystalline materials. At any given temperature, up to the melting point of the
material, there is an equilibrium concentration, i.e. a ratio of vacant lattice sites to
those containing atoms. The temperature dependence is usually expressed as [16]

Nv = N · e−∆Gv/kbT , (2.1)

where Nv is the vacancy concentration, ∆Gv is the energy required for vacancy
formation, kb is the Boltzmann constant, T is the absolute temperature, and N
is the concentration of atomic sites. Near the melting point of some metals, the
vacancy concentration can be as high as 1:1000, i.e. that 1 in 1000 lattice sites are
unoccupied [18].

In the subsequent step the alloy is usually rapidly cooled (quenched), and in this
process a high concentration of vacancies is said to be quenched-in. At this point,
the solutes are in a state of non-equilibrium referred to as a supersaturated solid
solution (SSSS) [16]. The solutes in the SSSS diffuse via the presence of the
quenched-in vacancies by substitutional diffusion, and may be enhanced through
effects such as the vacancy pump mechanism [19]. Eventually, solute enriched
regions or atomic clusters are formed (nucleated). The growth of clusters occurs
by statistical fluctuations towards a critical size of nucleation, or they dissolve,
again reduced to individual atoms [17]. The nucleation is driven by a negative
free energy change, and the subsequent growth is determined by the balance of
two opposing forces [16, 17]: (i) volume free energy and (ii) precipitate-matrix
interfacial energy. Assuming that the nuclei are spherical, this is expressed through
the classical equation
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∆Gtotal = −
4

3
πr3∆Gb + 4πr2γ. (2.2)

Here, ∆Gtotal is the total change in free energy, ∆Gb is the bulk free energy of the
secondary phase, r is the radius of the spherical nucleus, and γ is the interfacial
energy. It is seen that the bulk free energy term causes a reduction in the energy of
the system, whereas the interfacial energy term leads to an increase in energy.

Figure 2.2. Schematic of the fcc Al matrix as seen from the [001]Al zone axis (ZA) show-
ing vacancies (v), randomly distributed solutes, an atomic cluster (i), a solute-vacancy pair
(ii), a precipitate phase with a fully coherent interface (iii), and a precipitate phase with
a semi-coherent interface (iv). Red regions indicate significant strain at the precipitate-
matrix interface. The precipitate structures are arbitrarily chosen.

Precipitation is the formation of a phase that differs in composition and crystal
structure from the surrounding (Al) matrix. It forms due to long-range diffusion of
solute atoms, through nucleation and growth. Equilibrium phases, as given by the
alloy’s equilibrium phase diagram, do not form directly. Instead, it has been found
that precipitates form in a sequence, with several metastable precipitate phases
forming sequentially towards the equilibrium crystal structure. The main explan-
ation for this sequential nature is due to the precipitate-matrix interfacial energy
term in Eq. 2.2: 4πr2γ. Equilibrium phases usually have high interface energies
because they form incoherent interfaces. All precipitates start out small, which
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implies a high ratio of interface area to volume, making interface energy the dom-
inant term. This represents a large energy barrier. Therefore, in order to make
progress towards the final stable structure, a series of metastable, (semi-)coherent
precipitate phases form instead, see Figure 2.2. The (semi-)coherent interfaces
have lower interface energies, as generally fewer atomic bonds are broken with re-
spect to the surrounding Al matrix. Therefore, the energy barrier can more easily
be overcome. The most coherent precipitates may induce a relatively high strain in
the matrix [20], but have a low enough interface energy to still be most beneficial
at early stages of precipitation, as they also represent a relatively high bulk energy.
After the precipitate has grown large, the balance shifts and coherency loses im-
portance. This favours a transition to phases of lower bulk energy but which have
poorer coherencies with the matrix.

At intermediate temperatures (150 − 230 ◦C), as applied in the AA step, the pre-
cipitation is enhanced because the atomic diffusivity increases. Hence, the precip-
itates grow and equilibrium phases form eventually when the bulk free energy is
large enough to stabilise them. The diffusivity depends on the alloying elements.
For example, in the fcc Al matrix, the diffusivity,D, for Si, Mg, and Cu are ordered
as: DSi > DMg > DCu [21, 22].

2.1.1 The precipitation sequence of Al-Mg-Si alloys

In wrought 6xxx series Al alloys the total addition of precipitate forming elements
Mg and Si is typically <2 at.%. The Al–Mg–Si alloy system has a number of
possible precipitate phases. The types of precipitates that form, their physical
dimensions, and their dispersion in the Al matrix depend on alloy composition
(e.g. Si:Mg ratio) and TMP parameters, including: natural ageing (NA) under
storage, ageing time/temperature, heating/cooling rates, and deformation. All pre-
cipitates in this alloy system grow and keep the alignment along 〈100〉Al, which is
the main growth and coherency direction. As a consequence, the precipitates have
needle/lath/rod morphologies extending along 〈100〉Al directions, see Figure 2.3.
The established precipitation sequence is given as [23, 24]

SSSS→ solute clusters→ GP-zones

→ β′′ → β′,U1,U2,B′ → β,Si. (2.3)

An overview of the compositions, crystal structures, and orientation relationships
(ORs) for the different main precipitate phases of the Al-Mg-Si system is given in
Table 2.1. Figure 2.3a shows the typical microstructure of an Al–Mg–Si alloy at
peak strength. Most precipitates observed are of β′′ type, and they are seen forming
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a high density of short precipitates with characteristic strain contrast (dark lines)
running parallel to the main growth directions. The β′′ phase is the most important
precipitate for strengthening in 6xxx alloys as it has an excellent coherency with
the Al matrix. Its secondary coherency directions are along 〈310〉Al and 〈320〉Al
which together with 〈100〉Al usually define the precipitate–matrix interfaces, see
Figure 2.4a.

Figure 2.3. Bright-field TEM images of the microstructure of a 6082 alloy at (a) peak
strength and (b) a significantly overaged condition.

Upon further ageing, there occurs a loss in strength as one reaches overaged con-
ditions of the material. Here, precipitates continue to grow and coarsen, and new
phases, often referred to as post-β′′ phases, are formed. The density of precipitates
usually drops quite significantly, as larger precipitates grow at the expense of smal-
ler ones, see Figure 2.3b. The most common of post-β′′ phases is the hexagonal
β′ phase. It forms as longer, thicker, and less coherent rods than the β′′ phase, and
usually has a rounded cross-sectional shape, see Figure 2.4c.

The details of how overaged precipitate phases form from a microstructure mainly
consisting of β′′ or other phases existing at peak strength are still not known. What
is known, however, is that the transition to overaged precipitate structures entails
the establishment of an ordered, ([001]Al projected) hexagonal Si network, that
permeates all post-β′′ precipitate structures [25, 26]. Regarding the transformation
of phases there are two main possibilities: (i) internal transformations, which re-
quire coordinated and collective shifts of many atoms, and (ii) external nucleation
of a new phase on the interface of an existing precipitate. It seems most plausible
that a combination of the two is occurring, starting with case (ii). β′′ precipit-
ates normally become rounder upon overageing, and start to include fragments
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Figure 2.4. HAADF-STEM lattice images of the most common precipitate phases in
Al-Mg-Si alloys. (a) A pure β′′ phase precipitate, (b) a precipitate with near 50/50 mix
between β′′ and β′ phases, and (c) a relatively pure β′ phase precipitate. It is still not
known how the β′′ to β′ phase structural transition occurs.

and sub-structures of post-β′′ phases hosting the Si network, which are predom-
inantly found at the precipitate-matrix interface. Subsequently, the transformation
of the remaining parts of the β′′ structure may progress by structural changes oc-
curring locally, which slowly takes over the full precipitate structure, see Figure
2.4b. There are many structural similarities between the different Al-Mg-Si phases,
which are discussed in the provided references of Table 2.1. From an energy point
of view, this is important for the plausibility of case (i) phase transitions.

2.1.2 Additions of Cu to Al-Mg-Si alloys

Cu additions in Al-Mg-Si alloys are frequently used to increase the age-hardening
response, and to form a higher number density of smaller precipitates with im-
proved thermal stability [27–31]. The introduction of Cu (' 0.4 at.%) leads to a
more complex precipitation sequence (cf. precipitation sequence 2.3), that can be
stated as [27, 32–35]

SSSS→ solute clusters→ GP-zones

→ β′′,L→ β′Cu,S,Q
′,C→ Q,Si. (2.4)

Figure 2.5 presents HAADF-STEM lattice images of the main Cu-containing phases,
and Table 2.2 presents an overview of the compositions, crystal structures, and
ORs for the different precipitate phases in the Al-Mg-Si-Cu system. Despite the
increased complexity, the precipitates still form an ordered Si network on over-
ageing. In fact, all metastable precipitate phases in the Al-Mg-Si(-Cu) system
are structurally related due to this common network of Si atomic columns along
the precipitate lengths [32]. In 〈100〉Al projection, this network exhibits a near
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hexagonal symmetry with a = b ≈ 4Å. For the β′′ phase, the network is partly
fragmented due to a high coherency with the Al matrix [36]. The different types of
precipitates are distinguished based on how their Al, Mg, and Cu atomic columns
are positioned with respect to the Si network columns. Al and Mg are always
positioned in-between the Si network columns, and Cu is positioned in-between
(Q′ phase and C phase), or replacing parts of the Si network columns (β′Cu phase)
[37]. The β′Cu phase is somewhat special in the sense that this phase is very rarely
observed forming full crystal unit cells. However, sub-units of the β′Cu phase are
common at precipitate-matrix interfaces, see e.g. Figure 2.5d. Precipitate atomic
columns can also exhibit variations in atomic modulation and/or mixed element
occupancy. In the precipitation sequence 2.4, the frequently used notations QP
and QC seen in the literature are not included, being instead interpreted as frag-
ments of Al-Mg-Si(-Cu) phases on the Si network and the β′Cu phase, respectively.
The details of this discussion are presented in the reviews conducted by Saito et
al. [25] and Andersen et al. [26]. In this PhD work, the effect of low Cu additions
in Al-Mg-Si alloys has been the topic of several papers, including Paper II, and
Papers IV-VI.

Figure 2.5. HAADF-STEM lattice images of the main Al-Mg-Si-Cu precipitate phases.
(a) C phase, (b) L phase, (c) Q′ phase, and (d) fragmented Q′ phase precipitate with sub-
units of β′

Cu phase at the matrix-precipitate interface, highlighted in the insert.
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2.2 Strengthening of Al alloys
There exist several different measures for the mechanical strength of a material.
The most common ones used are inferred from material tensile tests and the res-
ulting stress-strain curves, as shown schematically in Figure 2.6. Tensile tests are
conducted by stretching a material at a defined speed while recording the value
of the tensile stress (force per area) and the corresponding strain (relative elong-
ation of the sample). The maximum stress that the material can withstand while
being stretched before it eventually fractures is called the ultimate tensile strength
(UTS). A more useful measure is the yield strength (YS), σy, which is the stress
that defines the transition from the material’s elastic to the plastic deformation
regime. When the material has experienced a stress above the yield point, the ma-
terial is permanently deformed, and will not relax back to zero strain when relieved
of this stress. The integrated area under the stress-strain curve is an indication of
the material’s energy absorption capacity, also referred to as material toughness.

Figure 2.6. Typical engineering stress–strain curves of a brittle (blue) and ductile (red)
material.

2.2.1 Dislocations

Intuitively, one might envision plastic deformation and material fracture occurring
due to the breaking of many atomic bonds at some atomic plane in the material.
This does not occur, however, as the chemical bonds between atoms in a material
are very strong. Plastic flow in crystals occurs by propagation of very small dis-
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placements, which are due to imperfections existing in the crystal lattice, causing
relatively abrupt changes in the local arrangement of atoms. These imperfections
are known as dislocations. The crystal structure restricts both the magnitude and
direction of the displacements, and the planes on which they propagate. The move-
ment of dislocations causes atoms to slide over each other, referred to as glide or
slip. Lines separating slipped and non-slipped regions are called dislocation lines,
the displacements are called Burgers vectors, and the planes of propagation are
called glide planes. A dislocation is defined by its line vector,~t, which may vary
along its length, and its Burgers vector, ~b, which must be constant along its length.
When~t ⊥ ~b, the dislocation is called an edge dislocation. Crystallographically, the
edge dislocation is equivalent to inserting or removing a half-plane of atoms in the
crystal, see Figure 2.7. Therefore, ~b is given by the crystal structure, and propaga-
tion of this quantised displacement on crystallographic glide planes causes plastic
flow of the crystal. For the fcc crystal structure of Al, the dislocations normally
have Burgers vectors ~b = 1

2〈110〉Al, which propagate on close-packed {111}Al
planes [53–56]. Due to the symmetry of the fcc crystal structure, there are 12
combinations of such vectors and planes, and therefore in total 12 different slip
systems. Plastic deformation is therefore generally achieved by a combination of
these 12 slip systems.

Figure 2.7. HAADF-STEM lattice image of an edge dislocation observed in a 6082 Al-
Mg-Si(-Cu) alloy. The Burgers vector, ~b, is defined through the Burgers loop around the
dislocation line, ~t. The atomic columns near the edge dislocation are brighter than the
other corresponding columns due to partial occupancy of Cu.
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Figure 2.7 also shows how the Burgers vector is defined through the Burgers loop
around the dislocation line. Other types of dislocations exist as well, e.g. the screw
dislocation, which has~t ‖ ~b. The glide plane of a dislocation is defined by~t×~b, i.e.
the plane that contains both vectors. This implies that edge dislocations are more
limited in terms of glide than screw dislocations. In reality, however, dislocations
generally curve and bend, as seen in Figure 2.8, which means that they are of mixed
character. Dislocations produce surrounding strain fields in the lattice, which affect
how they interact with different obstacles in the material microstructure, such as
solutes, vacancies, atomic clusters, precipitate phases, or other dislocations.

Figure 2.8. ADF-STEM image showing the deformation microstructure of a heavily de-
formed 6101 Al-Mg-Si alloy. Dislocation strain fields and precipitates are visible (high-
lighted).

2.2.2 Strengthening contributions

Several strengthening mechanisms are operative at room temperature for Al al-
loys, with the most important being that due to the precipitates, σp. In addition,
there are contributions from solute solution strengthening, σss, grain boundary
(GB) strengthening, σGB, dislocation strengthening, σdisloc, as well as the intrinsic
strength of pure Al, σi. In the following, these different contributions to strength-
ening will be treated briefly. The contributions are typically added linearly, giving
the material yield strength as [57, 58]:

σy = σi + σGB + σdisloc + σss + σp. (2.5)
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Grain boundary strengthening

GBs constitute an insurmountable obstacle for dislocations moving through the
crystal lattice. When approaching GBs, they tend to pile up, causing stress build-
up in the adjacent grain. Eventually, this stress activates new dislocation sources
in the neighbouring grain, causing deformation. The strengthening contribution
has been observed to increase with decreasing grain size as expressed by the well-
known Hall-Petch empirical relation [12, 56]

σGB = σ0 +
ky√
d
. (2.6)

Here, σ0 is a materials constant related to the starting stress for dislocation move-
ment, ky is a strengthening coefficient specific to different materials, and d is the
average grain size diameter. With typical grain sizes in extruded Al alloys being
on the order of a few µm, this usually represents a small contribution. For severely
plastically deformed (SPD) materials, however, where grain sizes can be on the
order of 100 nm [59–61], this can be much more significant.

Dislocation strengthening

From the point of view of the deformation microstructure, a typical tensile test
involves several different stages. For a fcc single crystal, the initial stage involves
slip occurring on a single slip system, i.e. the one with the highest resolved shear
stress. Subsequently, slip starts to occur on multiple slip systems, and interactions
between moving dislocations lead to a complex, entangled microstructure of in-
creasing dislocation density, see Figure 2.8. Additional stress is then required to
force dislocations to pass each other, as the resulting steps on the dislocation lines
will not glide as easily. The material is said to work-harden. Dislocations can
also annihilate in order to reduce the free energy of the system, which is a res-
ult of long range elastic interactions between dislocations. All dislocation models
qualitatively predict the same contribution to material strength [53, 62]

σdisloc = αG|~b|√ρ. (2.7)

Here, α is a constant (≈ 0.3), G is the material shear modulus, and ρ denotes the
dislocation density.
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Solid solution strengthening

The solutes dispersed throughout the Al matrix will impede dislocation movement
and strengthen the material [63, 64]. The stress field around solute atoms exerts a
force on dislocations that must be overcome for plastic flow to occur. The force
arises from four main interactions [64]: size misfit, modulus misfit, electrostatic
interaction, and stacking-fault interaction. Various models exist, but a power law of
the solute concentration is most common [63, 64]. If more than one solute species
is present in the alloy, the total strengthening contribution is usually calculated as
a linear sum of each element [63, 65, 66]

σss =
∑
i

kiC
r
i , (2.8)

where the concentrations of each species, ci, are weighted by drag-coefficients ki
[63]. Examples of values used are: 66.3 MPa/wt.%, 29.0 MPa/wt.%, and 46.4
MPa/wt.%, for kSi, kMg, and kCu, respectively [57]. As previously noted are total
additions usually< 2 wt.%. Assuming a perfect dispersion of 2 wt.% total alloying
additions and r = 2/3 then gives a range of 46−105 MPa in contribution to alloy
strength.

A clear example of the interaction between solute elements and edge dislocations
is provided in Figure 2.7. It is here seen that the atomic columns near the edge
dislocation appear considerably brighter than the other corresponding columns.
From the alloy composition it can be stated with high certainty that this is due to
partial occupancy of Cu. Cu atoms have a negative size misfit in the Al matrix, and
are here seen located in the compressive stress field of the dislocation. Cu (ZCu =
29) is observed with a higher contrast than the other elements Mg (ZMg = 12), Al
(ZAl = 13), and Si (ZSi = 14) due to the Z1.7−2.0 atom column scattering power
at high angles for HAADF-STEM imaging [67–69].

Precipitation strengthening

The main interaction that determines the mechanical properties of age-hardenable
Al alloys is that occurring between precipitates and moving dislocations. There are
two main types of precipitate-dislocation interactions: (i) the mobile dislocations
pass through the precipitate (shearable), or (ii) they bypass the precipitate, e.g.
via the Orowan looping process (non-shearable) [65, 70, 71]. Whether a particu-
lar precipitate is sheared or bypassed depends on several factors, where interface
coherence and precipitate size are the most important. As noted, during ageing
the precipitates typically start out as small and coherent phases in the Al matrix,
and gradually evolve into larger and coarser phases with reduced coherency. Small
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and coherent precipitates are normally shearable, while larger and more incoherent
precipitates are usually bypassed. For instance, there exists strong evidence that
β′′ is generally shearable [72–75]. In overaged conditions, the precipitates are to
a larger extent non-shearable, e.g. β′ [76], meaning that they remain undeformed
while the matrix around them is deformed. Several studies have made attempts
to estimate the value of the critical dimension that determines the transition point
between shearable and non-shearable precipitates for the various precipitate phases
existing in the Al-Mg-Si(-Cu) system, e.g. [74, 76]. The critical dimension, rc,
where this transition occurs is important in order to model the strength in these
alloys, as the obstacle strength, F (r), is usually separated into a weak (shearable)
(r ≤ rc) and strong (bypassed) (r > rc) regime.

Despite the complexity of the underlying strengthening mechanisms, many yield
strength models developed for Al-Mg-Si-Cu alloys capture the general evolution of
material strength with ageing to a reasonable extent. The crudest models assume
a single precipitate type approximated as equivalent spherical volumes, whereas
more advanced models also take into account the 〈100〉Al oriented, rod-/lath-shaped
nature of the precipitates and their size distribution [57, 58, 65, 70, 71, 77–82].
Most models build on the assumption by Deschamps and Brechet [78], which
states that σp can be generally expressed as:

σp =
MF̄

bl
=
M

bl

∫ ∞

0
f(r)F (r)dr (2.9)

=
M

bl

(∫ rc

0
f(r)Fweak(r)dr +

∫ ∞

rc
f(r)Fstrong(r)dr

)
. (2.10)

Here, M is the Taylor factor, F̄ is the mean obstacle strength, and l is the effective
mean distance between precipitates along the dislocation line. f(r) and F (r) de-
note the precipitate size distribution and the obstacle strength for a precipitate of
radius r, respectively. The differences between the applied models mainly relate
to how the precipitate geometry and distribution are taken into account, as well as
the obstacle strength, F (r).

The classic case of precipitation strengthening is shown in Figure 2.9, where a
dislocation is pinned by a series of obstacles. Under the influence of an applied
shear stress τ , the dislocation curves into an arc. Each of the dislocation segments
on either side of an obstacle exerts a force, ~Γ, that acts along the tangent of the
segment, forming an angle, φ, between the line tensions. Force balance then re-
quires that the obstacle exerts a force ~F = ~Γ1 + ~Γ2 back on the dislocation. The
fundamental equation for precipitation strengthening is given as [53, 54, 83]
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|~F |= 2|~Γ|cos (φ/2) , (2.11)

which cannot become greater than 2|~Γ|= 2Γ.

Figure 2.9. Schematic of dislocation pinning and resulting forces acting on an obstructed
dislocation (a) before and (b) after pinning.

By using Kocks statistics [70, 71], which are based on numerical line-tension simu-
lations of a dislocation gliding through an array of obstacles, combined with recent
line-tension simulations [84, 85], the precipitate contribution to the strength, σp,
can be expressed as [81]

σp =Mτ = 0.9µb
√
nf̄

3
2

(
1− 1

6
f̄5
)
. (2.12)

Here, M is the Taylor factor, τ is the critical resolved shear stress, µ is the shear
modulus of the Al matrix, and n is the density of obstacles per area slip plane. f̄ =
F̄ /µb2 = cos (φc/2) is the non-dimensional mean obstacle strength, where F̄ is
the mean obstacle strength and φc is the obstacle breaking angle of the dislocation.
This framework and expression were used in Paper VI in this thesis, and was found
to be in good agreement with experimental results.
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2.3 Electrical properties of Al alloys
A defining characteristic of metals is that they exhibit high conductivity, as there
are many available electron energy levels near the Fermi level [86]. The outer
shell of electrons freely dissociate from their parent atoms and form a ’sea’ of
electrons that may travel through the positive ionic lattice under the application
of an external electric potential (voltage). Classical treatments of the conductivity
of pure metals as first given by the Drude model in 1900 show that it may be
expressed as [86, 87]

~J = σ ~E,

~J =

(
ne2τ

m∗
e

)
~E, (2.13)

where ~J is the current density, σ is the electrical conductivity, and ~E is the elec-
trical field. The conductivity may be calculated from: the density of conduction
electrons, n, the elementary charge of electrons, e, the mean free time, τ , between
collisions with the ionic lattice, and the effective mass of the conduction elec-
trons, m∗

e . The Drude model was later supplemented with the results of quantum
mechanics in 1933 by Arnold Sommerfeld and Hans Bethe, mainly by taking into
account Fermi–Dirac statistics which apply for electrons, and which lead to the
Drude–Sommerfeld model [86, 87]. The electrical resistivity, ρ, is given by the
reciprocal relationship ρ = σ−1. The mean free time, τ , can be expressed as

τ =
λ

vF
, (2.14)

where λ is the mean free path of electrons and vF is the Fermi velocity of the
conduction electrons. In pure Al, this length is about λAl ≈ 14 nm and the mean
free time is τ ≈ 7.2 · 10−15 s. Electrical resistivity is caused by the scattering of
conducting electrons. From λAl the conducting electrons on average thus travel
about 35 interatomic distances in Al between each scattering event. One of the
main causes of scattering is due to electron-phonon collisions, i.e. the thermal vi-
brations of the ionic lattice. This is the main cause of the temperature dependence
of resistivity, which is normally approximated by a linear dependence

ρT = ρ0[1 + α(T − T0)]. (2.15)
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Here, α is the temperature coefficient [K−1], T0 is a fixed reference temperature
(often taken as room temperature), and ρ0 is the resistivity at T0. This linear ap-
proximation holds well for most metals, particularly at higher temperatures. Table
2.3 lists the electrical properties of selected high conductivity metals. Cu, spe-
cifically annealed Cu, is used as an international standard reference due to its high
conductivity and established usage. The conductivity of other materials is often ex-
pressed as a % of the international annealed copper standard (IACS), at 5.80 · 107
S/m. Pure Al also has a high conductivity at about 65%IACS. High conductiv-
ity in conductor applications is crucial for reducing energy losses during power
transmission (∝ I2R, I = current and R = ρ l

A resistance of a conductor with
cross-section area, A, and length, l).

Table 2.3. Electrical properties of selected high conductivity metals [87, 88].

Metal Resistivity, ρ Conductivity, σ Temperature
[Ω ·m] at 20 ◦C [S/m] at 20 ◦C coefficient, α [K−1]

Ag 1.59 · 10−8 6.30 · 107 0.00380
Cu 1.68 · 10−8 5.96 · 107 0.00404
Annealed Cu 1.72 · 10−8 5.80 · 107 0.00393
Au 2.44 · 10−8 4.11 · 107 0.00340
Al 2.65 · 10−8 3.77 · 107 0.00390

There are many important conductor applications which also put high demands on
mechanical performance. Examples are overhead power lines and subsea/offshore
cables. In these applications, the material is subjected to high mechanical stresses,
both constant and cyclical. This has consequences for properties such as creep and
fatigue, both of which may ultimately cause material failure. In several km long
subsea cables – several 10s of km offshore – this would entail a huge economic cost
to replace. There exist different approaches for improving on mechanical proper-
ties while still achieving high conductivity. In overhead power lines, this is conven-
tionally obtained using pure Al conductors reinforced by steel cores, or by using
carbon cores [89]. However, multi-material solutions may have several drawbacks
depending on the application, e.g. increased total weight and physical dimensions,
or increased susceptibility to corrosion. It may also require increased costs in pro-
duction. It is therefore of interest to develop alloys that both exhibit high conduct-
ivity and strength, without degrading other properties such as creep and fatigue
resistance. This can for instance be achieved using lean 6xxx series Al alloys,
which can be processed to exhibit medium yield strengths (≈ 120 − 260MPa)
while maintaining high conductivity (≈ 54 − 62%IACS) [90–92]. Compared to
pure metals, alloys have several additional microstructural features that may cause
increased scattering of conducting electrons, and hence increased electrical res-
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istivity. These include:

• Defects: grain boundaries, vacancies, dislocations

• Impurities, such as alloying elements in solid solution

• Intermetallic particles and precipitate phases

Matthiessen’s rule is an empirical relation that expresses the total electrical res-
istivity of a material, ρtot, as a linear sum of the individual contributions from
different microstructural features in the material, and which often yields good
agreement with experimental results [61, 93]. Using Matthiessen’s rule, the total
electrical resistivity of a 6xxx Al alloy, ρtot, as a function of temperature, T , and
the solute solution concentration of elements, css

i , may be stated as

ρtot(T, c
ss
i ) = ρ0(T ) +

∑
i

αic
ss
i + ρdisloc +

∑
j

fpar, j ρpar, j + ρGB. (2.16)

Here, ρ0 is the resistivity of pure Al, incorporating the overall temperature de-
pendence. The factor ρpar, j accounts for the effect of particles such as precipitate
phases in the microstructure, each with a volume fraction, fpar, j. ρdisloc, ρGB, and
αi are constants accounting for the contribution of respectively dislocations, grain
boundaries, and solute elements in the Al matrix of a concentration cssi . In order
to achieve high conductivity, the alloy will normally be used in an overaged con-
dition. As the grain size and interparticle spacing of 6xxx Al alloys in overaged
conditions are much larger than the free electron mean free path λAl, the factors
ρGB and fpar, j ρpar, j usually become negligible. Furthermore, as long as the mater-
ial has not been processed using e.g. severe plastic deformation [59, 61] or is used
directly after cold-drawing, the term ρdisloc is also normally very small. The main
contribution to the electrical resistivity is hence due to solute solution contribution∑

i αic
ss
i . The element-specific coefficients αi at room temperature (T = 20 ◦C)

equal 0.6186 and 0.5745 ·10−8Ω·m/wt.% for Si and Mg, respectively [93, 94].
From Table 2.3, it is seen that these can be on the same order of magnitude as the
resistivity of pure Al at room temperature. The key to control the conductivity of
Al alloys is therefore to lock as much solute as possible inside precipitate phases,
which will also improve the mechanical performance of the material. A trade-off
in properties is generally necessary, as too long ageing will lead to a weak ma-
terial with large, coarsened precipitates which will exhibit high conductivity. The
distribution of solute elements and the effect of different TMP routes on resulting
material conductivity is the topic of Paper VII in this thesis.



Chapter 3

Transmission Electron Microscopy

The works presented in this thesis are mainly experimental, and a number of dif-
ferent techniques for testing of material properties and microstructure character-
isation has been applied. The main scientific instrument used, however, is the
TEM. The TEM has been the principal instrument used in all papers produced,
and this chapter is therefore dedicated to explain general aspects of the TEM and
some of its many different techniques. The focus is on the TEM techniques ap-
plied in this thesis, and wherever relevant, examples are drawn from the study of
Al alloys and precipitates. The final section of this chapter goes into some depth
on the analysis of SPED data, which has been an important contribution from this
PhD work. Although other scientific instruments have been used, e.g. APT and
differential scanning calorimetry (DSC), the application of these techniques have
used standard approaches, with limited degree of novelty. Details on the use of
these techniques are provided in the relevant papers of this thesis. Increased focus
has therefore instead been placed on SPED and associated developments, due to
the application of relatively novel approaches, especially as it relates to the studies
of age-hardening Al alloys.

A TEM operates through many of the same physical principles as the more familiar
optical microscope. An optical microscope uses visible light, i.e. photons, which
are focused through curved glass lenses and under ambient atmospheric condi-
tions. A TEM uses electrons which are focused through electromagnetic lenses
and kept in a closed system with high- to ultra-high vacuum conditions. Both in-
struments share the same scientific purpose: to provide clear, magnified images of
the specimen under study. Because electrons are elementary particles with a mass
and charge, they interact much more strongly with matter than photons, and a beam
of electrons can also be manipulated in other ways than what can be achieved with

27
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photons. Figure 3.1 shows a simplified schematic of a TEM column, indicating
the main components comprising the electro-optical system. A detailed treatise
of the workings and technicalities of present day TEMs is far beyond the scope
of this thesis, and for an introduction to these topics the books by Williams and
Carter [95], Erni [96], and Zuo and Spence [97] should be consulted. More de-
tails can also be found in e.g. Hirsch, Howie, Nicholson, Pashley and Whelan
[98], Humphreys [99], Nellist and Pennycook [67], Kirkland [100], and Reimer
and Kohl [101].

It follows from the wave-particle duality principle due to De Broglie that the
electron exhibits wave-like properties similar to photons [99]. The De Broglie
wavelength, λ, for an electron with rest mass, m0, and momentum, p, is given as

λ =
h

p
, (3.1)

where h denotes Planck’s constant. The interdependency of wavelength and mo-
mentum means that by changing the electron’s velocity, its effective wavelength
is also altered. The obtained velocity is adjustable by changing its energy, and in
the TEM the electrons obtain high energies by being accelerated through a high
voltage, usually in the range 80 − 300 kV. At 100 kV, the electron obtains a
speed of 55% the speed of light in vacuum, c. The theory of electron scattering
in the TEM therefore needs to take into account relativistic effects, leading to the
expression [95]

λ =
h√

2m0eU(1 + eU/2m0c2)
. (3.2)

Here, eU denotes the energy obtained when an electron with one negative ele-
mental charge, e, is accelerated through the column potential, U . At 200 kV ac-
celeration voltage the effective electron wavelength is 2.51 pm. This is a minuscule
wavelength as compared to the lower end of the visible light spectrum (violet ≈
380 nm), and thus potentially allows much smaller structures to be observed. In
optical microscopes obtained spatial resolutions are on the same order of mag-
nitude as that of applied wavelengths. In TEMs however, obtainable resolutions
are much worse than 2.51 pm1 due to the poor performance of electromagnetic
lenses, which is mainly caused by aberrations.

1The world record is currently at 0.39 Å = 39 pm [102].
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Figure 3.1. A schematic showing the main components of a TEM, from the electron gun
to the detector plane. The objective aperture sits here in the back focal plane where it
blocks beams scattered to higher angles. This corresponds to the bright-field operation
mode. In reality there are many more lenses and several additional components enabling
beam control and adjustments than those indicated here.
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However, with the advent of aberration corrected lenses2 in TEMs [103], spatial
resolution is not a particularly limiting factor of modern TEMs. In ordered solids,
the atomic spacing between two bonded atoms is generally a few ångströms (1 Å
= 0.1 nm). Many conventional TEMs obtain spatial resolutions of about 2 Å, and
aberration corrected instruments may routinely achieve resolutions in the range
0.7 − 1.3Å [95]. A TEM can therefore image materials at extraordinary magni-
fications, providing direct visualisation of the atomic arrangements. Through dif-
ferent, strong electron-specimen interaction mechanisms, a TEM can in addition
determine atomic species, ionic states, material bandgaps, as well as electronic and
magnetic properties of materials, down to the atomic level. In comparison to other
nanoscale characterisation techniques, a great advantage of the TEM is its ability
to perform multiple experiments, including imaging, diffraction, and spectroscopy
in the same nanoscale area of a specimen at very high spatial resolution.

Some of the major limitations of TEMs include the fact that specimens must be
prepared very thin (usually < 200 nm), studied under high- to ultra high vacuum
conditions, and will be subjected to high energy, ionising electron bombardment.
This is important as it means that materials usually cannot be studied in their bulk
or native states, and in addition one might introduce unwanted beam damage dur-
ing experiments. All aspects are important to assess carefully before one general-
ises findings at the atomic and nm-level to explain macroscopic specimen proper-
ties and structure. Further emphasising this point, the data recorded are (in most
cases) 2D projections of a 3D object, which also needs consideration. Fortunately,
there are many recent and ongoing developments that improve upon these issues,
such as the development of environmental and in situ TEM holders [104, 105],
as well as significantly improved detector technologies retaining good signal with
much smaller electron doses [106–108].

3.1 Electron diffraction
The fast moving electrons in the TEM interact strongly with materials due to their
charge, e, which creates surrounding electromagnetic fields. There are several dif-
ferent electron-specimen interactions which give rise to different scattering, excita-
tion, and absorption mechanisms, and which generate different types of secondary
signals, see Figure 3.2. The scattering is termed elastic if the electron leaves the
state of the specimen atoms unaltered after transmission, i.e. with its initial en-
ergy, E0 = eU . Inelastic scattering alters the state of the specimen. This can
include single electron excitation, or collective excitations, such as in generation
of plasmons. Furthermore, one distinguishes coherent and incoherent interactions

2At the time of writing this thesis, the developers Rose, Haider, Urban, and Krivanek were re-
cently acknowledged by receiving the Kavli Prize in Nanoscience in May 2020.
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depending on whether phase coherency is preserved or not. The different types of
interactions lead to different generated signals and characteristic angular distribu-
tions, which are exploited using different spectroscopic, diffraction, and imaging
techniques [101].

Figure 3.2. Different types of electron-specimen interactions, scattering mechanisms, and
secondary signals generated in the TEM. Arrows indicate relative angular distributions,
greatly exaggerated for clarity.

When electromagnetic radiation with wavelength comparable to- or smaller than
inter-atomic distances is incident upon a crystal lattice, the surrounding electron
clouds of each atom may spread the incoming radiation elastically in all directions
with equal frequency. The radiation from all atoms in the crystal lattice will in-
terfere, which results in stringent conditions for producing intensity maxima about
the crystal, which only occur for a special set of directions. This set of directions in
space is described by Bragg’s law, the fundamental equation in diffraction theory,
which reads

2dhkl sin(θhkl) = nλ. (3.3)

Bragg’s law relates the the inter-planar distance, dhkl, the scattering angle, θhkl,
and the wavelength, λ. Real space interpretation visualises specularly scattered
radiation from atomic planes (hkl), giving constructive interference when the wave
path difference equals an integer multiple of wavelengths, nλ. Its reciprocal space
equivalent, the Laue condition, reads
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~Q = ~kf − ~ki = ~gmno + ~s. (3.4)

Here, ~Q is the total scattering vector, and ~kf and ~ki denote the wave vector of the
scattered and incoming electron wave, respectively, where |~ki| = 2π/λ. The recip-
rocal lattice vector, ~gmno, describes a point in reciprocal space that corresponds to
a set of atomic planes (mno) in real space. Furthermore, small deviations from the
Bragg condition are included through the excitation error, ~s = 〈sx, sy, sz〉. Equa-
tion 3.4 is visualised through the Ewald-sphere construction, see Figure 3.3. The
excitation error connects the point ~gmno in reciprocal space to the Ewald sphere in
the direction parallel to the incident beam direction ~ki.

The construction of Laue zones is useful for the indexing and computation of res-
ulting electron diffraction patterns. The product of a translation vector of the crys-
tal lattice, ~Rhkl, and a reciprocal lattice vector ~gmno, is given as ~gmno · ~Rhkl =
mh+nk+ol = N , whereN is an integer. IfN = 0, all the ~gmno for a given value
of ~Rhkl lie on a plane through the origin of the reciprocal lattice and are normal
to the zone axis (ZA), ~Rhkl, or [hkl]. The system of lattice planes that belongs to
these values of ~gmno forms a bundle of planes that have the ZA as a common line
of intersection. The reciprocal lattice plane that contains the corresponding ~gmno
is called the zero order Laue zone (ZOLZ). For N = 1, 2, ... the first- (FOLZ),
second-(SOLZ), and higher order (HOLZ) Laue zones are obtained, respectively.
These are parallel to the zero order Laue zone, from which it follows that the Laue
zones are parallel sections through the reciprocal lattice, see Figure 3.3.

The intensity of a reflection is proportional to the square of the modulus of the
crystal structure factor, I ∝ |Fcrystal( ~Q)|2. The crystal structure factor is defined as
the amplitude of the waves scattered by the crystal at unit distance in the direction
(~ki + ~Q). Assuming the crystal to be parallelepipedal in shape, with edge lengths
Li = Miai, i = (1,2,3), parallel to the vectors ~ai defining the crystal unit cell, the
defining equation becomes [101]

Fcrystal( ~Q) =
∑

crystal

fj( ~Q) exp (−i( ~Q+ ~s) · (~Rhkl + ~rj))

=

M1∑
h=1

M2∑
k=1

M3∑
l=1

exp (−i( ~Q+ ~s) · ~Rhkl)︸ ︷︷ ︸
Lattice amplitude

∑
j

fj( ~Q) exp (−i( ~Q+ ~s) · ~rj)︸ ︷︷ ︸
Structure amplitude

.

(3.5)
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Figure 3.3. The Ewald sphere construction for elastic scattering on a crystalline material in
[001] ZA orientation. The reciprocal lattice points are expanded into reciprocal lattice rods
(rel-rods) parallel to the surface normal of the thin, plate-shaped specimen. The scattering
geometry for a particular reflection (~g710) in the first order Laue zone (highlighted) is
shown, as well as a generic electron diffraction pattern exhibiting reflections from multiple
Laue zones. The lattice points intersected by the Ewald sphere (red) causes diffraction
described by the respective vectors ~gmno. The intensity, I , as a function of the excitation
error, s, is indicated for the highlighted reciprocal lattice point, and which has a FWHM
of 1/t, where t is specimen thickness.
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The sum runs over all crystal atoms, reached through the vector sum ~Rhkl+~rj. The
lattice amplitude depends on the external shape of the crystal, and the structure
amplitude depends on the relative positions and atomic species inside the crystal
unit cell. These will be denoted as G and Fuc( ~Q) in the following, respectively. ~rj
is the relative position of the jth atom in the basis, whose scattering is described
through an atomic scattering amplitude, fj( ~Q). The atomic scattering amplitude
for electrons in the first Born approximation may be expressed as [99]

fj( ~Q) = − me2

8πε0h2Q2

∞∫
−∞

exp (−i ~Q · ~r)[Zδ(~r)− ρe(~r)]d~r

= − me2

8πε0h2Q2
[Z − fX( ~Q)], (3.6)

where ρe(~r) is the atomic electron density, ε0 is the permittivity of vacuum, fX( ~Q)
is the scattering factor for X-rays, and Z is the atomic number. Equation 3.6 is
the Mott-Bethe formula, which directly relates the electron- and X-ray scattering
factors. The first term is due to Rutherford scattering by the nucleus and the second
term is due to scattering by the atomic electrons.

Now, substituting Equation 3.4 into the lattice amplitude of Equation 3.5, and using
~gmno · ~Rhkl = N , as well as replacing the sum with an integral gives the expression
for the total intensity as [101]

I( ~Q) = |Fuc( ~Q)|2|G|2

= |Fuc( ~Q)|2 sin
2(πsxM1a1)

(πsxa1)2
sin2(πsyM2a2)

(πsya2)2
sin2(πszM3a3)

(πsza3)2
. (3.7)

This is a similar result as the diffracted intensity distribution in optics from a grat-
ing with Mi slits of spacing ai. A typical TEM specimen can be approximated as a
thin plate, thickness t = M3a3, with its lateral dimensions L1 and L2 far exceed-
ing t. The sinc-terms of equation 3.7 tend to δ-functions for large L1 and L2. The
total intensity diffracted by a thin plate of thickness, t, follows from Equation 3.7
as

I( ~Q) =
|Fuc( ~Q)|2L1L2

V 2
uc

sin2(πtsz)

(πsz)2
δ(sx)δ(sy). (3.8)

Here, Vuc = a1a2a3, denotes the volume of the unit cell. Equation 3.8 shows
that the intensity I( ~Q) is spread out in the form of a spike parallel to the surface
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normal of the plate-shaped crystal. The full width at half maximum (FWHM) in
reciprocal space is approximately t−1. The effect on the Ewald sphere construction
is to extend the points to rods of width t−1 in the direction parallel to the surface
normal of the specimen. The resulting rods are known as reciprocal lattice rods,
or rel-rods for short, see Figure 3.3. The intensity scattered through 2θ in the gth

diffracted beam from a crystal of thickness t in the kinematical theory follows from
integrating Equation 3.8, and can be written as [99]

I~g(t) =

(
π

ξg

)2(sin(πts)

πs

)2

. (3.9)

Here, ξg = πVr/λFuc( ~Q) denotes the extinction length and Vr is the volume of
the unit cell in reciprocal space. Now, here comes an important warning sign, nor-
mally negligible in the theory of X-ray diffraction. I~g(t) cannot be greater than
unity, i.e. the incident beam intensity. At the exact Bragg position, s = 0, and

I~g(t) =
(
πt
ξg

)2
. Hence, an upper limit of the specimen thickness, tmax, for which

kinematical theory is valid at the Bragg position is tmax = ξg/π. With typical
extinction distances in the range of a few hundred Å, tmax ≈ 100 Å. In fact, this
is very much an upper limit, as kinematical theory assumes a single scattering
event, and hence assumes that the diffracted beam is much weaker than the incid-
ent beam. For larger deviations, s, from the exact Bragg condition, the kinematical
theory holds to a somewhat better extent. For typical TEM specimen thicknesses in
the range 50−100 nm, it is apparent that in electron diffraction there is need for an
extended theory including dynamical effects. In multiple scattered waves there are
dynamic exchanges of intensity between different Bragg diffracted beams. This
alters the intensity distribution in the diffraction plane. Among other important
results, some kinematically forbidden reflections can be present in the diffraction
pattern. This complicates matters significantly because the intensity of a scattered
beam is no longer given by kinematic equations, and depends non-linearly on the
thickness, t, of the specimen [98, 99, 101]. In a two-beam condition, i.e. a situ-
ation where only a single reciprocal lattice point lies close to the Ewald sphere
in addition to the direct beam, the intensities (transmission T = ψ0ψ

∗
0 , reflection

R = ψgψ
∗
g , ψ = electron wave amplitude) become [101]

R = ψgψ
∗
g = 1− T = 1− ψ0ψ

∗
0

=
1

1 + w2
sin2

(
π
√
1 + w2

t

ξg

)
, (3.10)
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where w = sξg. For w � 0 (large tilt out of the Bragg condition, Equation
3.4) this becomes identical with the solution of kinematical theory, Equation 3.9.
For w = 0, kinematical theory predicts that R increases as t2 and becomes lar-
ger than one, which contradicts conservation of intensity, T + R = 1. Equation
3.10, given by the dynamical theory results in R = 1 − T = sin2(πt/ξg) for
w = 0. This means that, even in the Bragg condition, the electron intensity os-
cillates between the primary and the Bragg-reflected beam with increasing film
thickness (the so-called “pendellösung” of the dynamical theory). This also ex-
plains the name extinction distance ξg; it is the periodicity in depth of this oscil-
lation. At thicknesses t = (n + 1/2)ξg the intensity is completely concentrated
in the Bragg reflection, and at t = nξg, the intensity returns to the incident beam
direction. This dynamical transfer of intensity between the direct beam and the
scattered beam becomes increasingly difficult to predict for increasing numbers of
excited beams (i.e. for more reciprocal lattice points close to the Ewald sphere), as
each scattered beam will interact dynamically with all others. The problem there-
fore becomes impossible to solve analytically, and usually requires application
of advanced, large-scale computations instead [95, 98], e.g. based on dynamical
Bloch-wave simulations or multi-slice calculations [109, 110].

3.2 Bright-field and dark-field imaging
Imaging techniques based on amplitude contrast are some of the most basic and
efficient techniques available in the TEM. Here, the contrast is mainly determined
by diffraction and/or mass/thickness effects. Bright-field (BF) and dark-field (DF)
imaging are the two main techniques that are used. When applying these tech-
niques, the specimen is illuminated by a nearly parallel beam, and an objective
aperture is inserted in the back focal plane of the objective lens. The objective
aperture will block out all beams that do not enter the aperture opening. It there-
fore acts to select beams that are scattered to angles chosen based on the aperture
placement in the back focal plane. In BF imaging, the objective aperture is centred
on the direct beam, thus removing most or all of the scattered beams, see Fig-
ure 3.4a. The contrast in the resulting BF image will be determined by the beam
intensity scattered out of the incident beam direction.
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Figure 3.4. Ray diagram schematics for BF and DF TEM imaging modes and examples of
images obtained with the two techniques. The images were acquired in the same specimen
region in an Al-Mg-Si alloy near the peak strength condition. 〈100〉Al oriented precipitate
needles/rods are clearly visible in the BF image, and the DF image shows the distribution
of precipitate cross-sections. The inserts show objective aperture placements in the elec-
tron diffraction patterns, which are formed in the back focal plane of the objective lens.
Both diffraction contrast and thickness contrast are visible in the BF image.
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DF imaging is achieved by positioning the objective aperture away from the cent-
ral beam, thus only enabling specific reflections ~gmno to contribute to the resulting
image. These images appear bright where crystalline phases scatter to the corres-
ponding angles, with all other regions appearing dark, see Figure 3.4b. In order to
optimise imaging conditions, the objective aperture is not necessarily moved away
from the optical axis. Instead, the beam can be tilted so that the sought reflection
~gmno is aligned with the optical axis. This is done in order to minimise the effect
of lens aberrations, which increases with larger lateral distance to the optical axis.
Ray diagram schematics and examples of images acquired using both techniques
are provided in Figure 3.4, showing images from the same specimen region in an
Al-Mg-Si alloy.

Amplitude contrast does also arise due to varying thickness over the field of view.
Generally, a crystal scatters more with increasing thickness. However, due to dy-
namical effects this may not always be the case. When the thickness of the crystal
equals an integer number of extinction distances for any reflection (see Equation
3.10), the intensity of these reflections decrease. This gives rise to thickness fringes
if the specimen thickness varies over the imaged region. In addition, higher av-
erage atomic column Z number will have a similar effect, so that variations in
scattered intensity can be both due to an increase in thickness and/or average mass
(Z number).

3.3 Scanning transmission electron microscopy
Instead of having a parallel beam illuminating a larger region of the specimen, the
beam can also be focused to a small spot and scanned rapidly across the same re-
gion in a raster. This forms the basis of scanning transmission electron microscopy
(STEM). The electrons scattered to different angular ranges are recorded in each
scan pixel, and images of the scanned region can subsequently be reconstructed.

Similar to BF and DF TEM imaging, there exists (annular) bright-field ((A)BF)
and annular dark-field (ADF) STEM imaging. In ABF-STEM, the electrons scattered
to small angles in an annular geometry about the optical axis are used to form the
image. ADF-STEM uses electrons scattered to higher angles than with ABF, and
one also distinguishes a high-angle ADF (HAADF) STEM mode. The specific
angular ranges of the different modes are not rigorously defined, but some approx-
imate numbers are: ABF 10-20mrad, ADF 20-45mrad, and HAADF> 45mrad.
The different angular ranges are associated with different scattering mechanisms,
which give rise to differences in image contrast. Figure 3.5 shows a schematic
of the STEM setup, in addition to examples of ABF and HAADF-STEM lattice
images of an Al-Mg-Si-Cu precipitate (L phase). HAADF-STEM images are very
useful because the intensity in each pixel roughly corresponds to the square of the
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Figure 3.5. Schematic of the ABF and (HA)ADF-STEM modes in the TEM. The direct-
and a scattered beam (green and blue, respectively) are shown for two different scan po-
sitions. Example images are provided for the two modes, which were obtained on an L
phase precipitate. The HAADF-STEM image was obtained using a detector collection
angle of 42-178mrad.
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atomic number Z [67, 96, 111], which greatly aids image interpretation. Qualitat-
ively, this follows from Equation 3.6, as it can be shown that

I(θ)θ→90◦ ∝ |fj(θ)|2θ→90◦

=

(
me2

8πε0h2Q2

)2

Z2. (3.11)

Equation 3.11, the Rutherford scattering equation, describes scattering by the atomic
nucleus. It is valid for large scattering angles for which fX( ~Q) is negligibly small.
Although 45mrad ≈ 2.6◦ is far from 90◦, fj(θ) for fast moving electrons is very
sharply peaked in the forward direction. It can be shown that the curve of fj(θ)
against θ has a semi-half-peak of about 1◦ ≈ 17mrad for 100 keV electrons [99].
This means that Rutherford scattering starts to contribute significantly at about
1◦. In order to increase the number of electrons detected, the angular range will
normally also include other mechanisms than Rutherford scattering, e.g. Bragg
scattering, and therefore screening by the atomic electrons will cause the atomic
number dependency to be slightly smaller than squared.

A second important effect of recording electrons at high scattering angles is that
the atoms become more independent scattering centers, which is a key character-
istic of incoherent imaging. At high angles, the effective dhkl spacing, see Equa-
tion 3.3, eventually becomes so small that it is comparable to the thermal vibration
amplitude of the atoms. Here, phase relationships will vary randomly in time as
the atoms vibrate, and every electron will ’see’ the atoms with a different spacing,
and scatters in different directions. This is an example of incoherent scattering, de-
noted thermal diffuse scattering (TDS), which is an important contributing factor
to HAADF-STEM image intensities. HAADF-STEM images provide an efficient
way of observing the crystal structure of Al alloy precipitates directly, see Fig-
ure 3.6, without complications arising from phase contrast mechanisms, which
is limited in this incoherent imaging mode. Due to the accumulated knowledge
on the precipitate phase structures, HAADF-STEM images such as Figure 3.6a
can be used to construct atomic overlays as seen from image Figure 3.6b. Note
that the brightest columns seen in this HAADF-STEM image are due to Cu occu-
pancy (Z = 29). The construction of such overlays exploits both differences in
atomic column intensities of HAADF-STEM images as well as discovered rules
for atomic connections in this material system [36]. The presented overlay was
automatically labelled using an in-house software [112].

Furthermore, other scattering events may be recorded than the high-angle events.
With decreasing inner-angle, the resulting image will contain more contributions
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Figure 3.6. (a) HAADF-STEM image obtained on a L phase precipitate in an Al-Mg-Si-
Cu alloy. (b) Atomic overlay of the precipitate in (a).

from coherent scattering and phase information. For instance, by acquiring a
medium-angle ADF or an ABF signal, strain contrast becomes more important and
can be used to observe e.g. dislocations [113]. An example of this was provided
in section 2.2.1 of chapter 2, see Figure 2.8.

3.4 (Scanning) Precession electron diffraction
Precession electron diffraction (PED) is a diffraction technique where a focused
probe is rocked in a hollow cone above the specimen, while simultaneously being
de-rocked below [114], see Figure 3.7. After de-rocking, the intensities are recor-
ded in the geometry of a conventional electron diffraction pattern. The precession
effectively integrates the intensities of reflections through a range of incident wave
vectors, which can reduce the contribution of non-systematic dynamical perturb-
ations to the diffracted intensities. For Equation 3.10 of section 3.1, expressing
the dynamical solution for the diffracted intensity in a two-beam condition, it was
pointed out that for w = sξg � 0 (large tilt out of the Bragg condition) the
solution becomes identical to that predicted by kinematical theory (Equation 3.9).
This is a qualitative indication that by tilting the beam off exact ZA orientation (by
the precession angle, φ), and furthermore by integrating the diffraction conditions
through one or several full rotations about the optical axis, together may act to
suppress dynamical effects. Indeed, by more rigorous analyses it has been demon-
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strated that the intensities of PED patterns are ‘more kinematic’ in nature [115,
116], and an example supporting this will be provided later in this chapter. This
is a crucial aspect for ab-initio structure determination, which is what PED was
originally intended for. As the specimen is probed using many different incident
wave vectors this increases the number of reflections of a typical PED pattern as
compared to a conventional (static) diffraction pattern, see Figure 3.8.

Figure 3.7. Schematic of the PED system. A small, focused probe (convergence
semi-angle α ≈ 0.5 − 2mrad) is tilted off the optical axis by a precession angle φ
(. 2◦ = 35mrad), and precessed about the optical axis through an angle θ, with a pre-
cession frequency θ̇. Below the specimen, the beam is deflected back (de-rocked) to again
run parallel with the optical axis. The central beam (green) is shown on either side of the
precession cycle, in addition to a diffracted beam (blue). Without de-rocking, the beam
traces a circle as it enters the objective lens with an angle φ, and is focused to a spot φ
degrees out from the optical axis in the back focal plane of the objective lens.

By coupling the PED setup to the microscope’s scanning system, scanning PED
(SPED) was later developed [117–119]. The scanning frequency, f , and the pre-
cession frequency, θ̇, are normally tuned so that θ̇/f = 2πn, i.e. the acquired
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Figure 3.8. Schematic of the Ewald sphere construction for PED in a 2D planar section cut
through the rotation cycle. Two incident beams (blue and green) are indicated, forming
an angle ±φ to the optical axis. The curvature of the two Ewald spheres are shown,
corresponding to the two incident beam configurations at either side of the precession
cycle. The lattice points intersected by the Ewald spheres are shown in red, and cause
diffraction described by respective vectors ~gmno. By probing the specimen with different
incident beam directions, more reflections (highlighted in red) are excited as compared to
a conventional static diffraction pattern (black reflections, cf. Figure 3.3).
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PED pattern is integrated over an integer, n, number of full rotations about the
optical axis. With SPED, a 4D dataset is obtained comprising 2D PED patterns at
each position in a 2D scan region. Combined with subsequent data processing, this
constitutes a powerful method for extracting a range of valuable material insights,
including: phase mapping and crystallography in multi-phase materials [120, 121],
orientation mapping [118, 119], strain mapping [122, 123], and more. The case of
orientation mapping illustrates many of the important advantages obtained using
precession. For instance, the increased number of reflections obtained with SPED
improves indexing results in template-based approaches [118]. The precessing
motion also smooths out small variations in orientation, which additionally may
aid phase identification [119]. Furthermore, by averaging across a large number
of orientations, the structured background visible in many diffraction patterns, e.g.
due to Kikuchi diffraction, will effectively be suppressed, which aids peak finding
algorithms [124, 125]. It has also been shown that precession may even improve
energy dispersive X-ray spectroscopy (EDS) [126] and electron energy loss spec-
troscopy (EELS) results [127].

3.5 Analysis of SPED data
The 4D datasets obtained with SPED contain rich information about the scanned
specimen, and in order to extract this information one usually has to apply differ-
ent advanced data analysis approaches. Initially, SPED data was mainly analysed
in proprietary software, e.g. for the purpose of phase and orientation mapping
[118]. Although proprietary software may solve certain problems to a satisfact-
ory extent, they also have several major drawbacks due to their static nature and
limited flexibility. Some of the processing and/or analysis steps may also not be
completely transparent, which to some extent defeats scientific purposes. In this
thesis, SPED data analysis has mostly been done using the Python open-source
HyperSpy and pyXem packages [128, 129], in addition to the MTEX MATLAB
toolbox [130]. HyperSpy offers an effective as well as intuitive way of inspecting
and treating multi-dimensional data, and has its origin from the electron micro-
scopy community. This package has grown rapidly over the last few years, fueled
by the independent contributions and developments of many researchers all over
the world. The last few years have also seen a surge of powerful software develop-
ments for the analysis of big data, machine learning methods, artificial intelligence,
and so forth. These developments are being quickly integrated into open-source
programs, providing access to state-of-the-art tools for data processing and ana-
lysis. This section touches briefly upon some of the tools at one’s disposal when
processing SPED data, and which have been frequently applied throughout this
thesis.
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Virtual imaging

The usual starting point of SPED data analysis is visual inspection and then per-
forming virtual imaging. The latter is obtained by plotting the intensity within a
selected sub-set of diffracting pixels, as a function of probe position, see Figure
3.9. The sub-set of diffracting pixels is chosen by the use of a virtual aperture. In
the terminology of HyperSpy, a SPED dataset constitutes a 2D navigation space
(x, y), where each pixel has an associated 2D signal space (kx, ky). Flexibility is
provided in the choice of virtual aperture size and geometry in the signal space. If
chosen as circular, one may perform virtual bright-field (VBF) and virtual dark-
field (VDF) imaging, completely analogous to conventional BF and DF imaging in
the TEM, cf. section 3.2. This flexibility gives a huge advantage over conventional
BF and DF imaging, as all results are obtained post-facto, away from the micro-
scope. Furthermore, multiple apertures can be placed in signal space and used to
form e.g. a summed and enhanced image.

Linear matrix decomposition

Usually, the goal of SPED data analysis is to gather information from each PED
pattern, and then combine this information to describe the sample over the full scan
region. A common way to extract information from multi-dimensional datasets is
through different factorisation or decomposition approaches. A multi-dimensional
dataset can be re-written as a signal matrix X of some dimensionality. Matrix
decomposition approaches attempt to decompose the signal matrix X into a small
number, K, of basis components or signals, S, and the corresponding loadings, L,
at each sampling position such that [131]

X = LS. (3.12)

This decomposition implies a linear mixing model. A SPED dataset holds nnx and
nny navigation space pixels in the x and y scan directions, respectively. Similarly,
each navigation space pixel is associated with nsx and nsy signal space pixels in kx
and ky directions in reciprocal space, respectively. In performing matrix decom-
position in e.g. HyperSpy, the SPED data is reshaped into a large 2D signal matrix
X (∈ Rnnx·nny×nsx·nsy), where each column of length nsx ·nsy contains a measured
PED pattern signal, and each row has a length of nnx · nny. Each column vector
in S (∈ Rnsx·nsy×K) contains one of the K basis signals, and each row vector in
L (∈ RK×nnx·nny) describes the spatial intensity distribution of the corresponding
basis signal.

The number of unique signals in the SPED dataset X is usually very small com-
pared to the number of collected PED patterns. In multi-phase materials such as
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Figure 3.9. Examples of VBF and VDF images formed from a SPED scan of an Al-Mg-
Si alloy near peak hardness condition in the [001]Al ZA. Pure β′′ phase precipitates are
present in the scan region. Virtual aperture placements (a-d) indicated in the PED pattern
formed the respective (a) VBF and (b-d) VDF images below.

age-hardening Al alloys, a reasonable starting point would be to pick K equal to
the number of phases present, multiplied with the number of possible ORs allowed.
The number might however increase rapidly if the SPED scan is not conducted in
ZA orientation, or if there are large specimen tilts over the scan region, signific-
ant deformation, non-ideal alignments, and so forth. From a selected number K,
a proper decomposition will give a subspace in which X can be approximately
expressed (X ≈ LS). The agreement may be quantified by calculating e.g. the
Frobenius norm ||X − LS||F, and minising this will give a criterion for optimisa-
tion. Without any constraints, the matrix decomposition in Equation 3.12 is gen-
erally ill-conditioned, meaning that is has many possible solutions. Any unitary
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rotation matrix U ∈ RK×K can be introduced such that

X = LS = LUTUS = L̃S̃. (3.13)

This changes the components obtained, LS → L̃S̃, without affecting the variance
captured by the model. Therefore, in order to resolve the ambiguity of the decom-
position problem, additional constraints have to be imposed. The different choices
for these constraints give different linear matrix decomposition methods, two of
which will be described briefly in the following.

Principal components analysis

Principal components analysis (PCA) resolves the ambiguity by requiring the com-
ponents to be orthogonal and ordered by variance. In geometric terms, it is sought
an orthonormal coordinate system that best approximates the data, in as few com-
ponents as possible. This can be achieved by seeking a vector, v, that maximises
the overlap, o, with the signal data matrix, X. For the ith component, the expect-
ancy

E(o2i ) = E(vTi XXT vi) = vTi Cvi, (3.14)

is maximised. Here, oi = vTi X denotes the overlap of the ith component. Orthonor-
mality is ensured by requiring that vTi vi = |vi|2= 1. By using the locally optimal
choice at each stage, successive components are found iteratively by subtracting
the contributions from the previously computed component, i.e.

X← X− oivi. (3.15)

This ensures that successively computed components describe variance orthogonal
to the already computed space. This is the PCA method [132, 133]. The matrix
C = XXT is the covariance of X. Therefore, all vi can be found via its eigen-
value decomposition. This iterative process hence removes the eigenvector with
the highest contribution to variance in each step. The size of the eigenvalues can
be used to determine which eigenvectors to keep. The eigenvalue problem can be
solved using singular value decomposition (SVD), which gives the eigenvectors at
the same time.

It is often useful to estimate the dimensionality of the data by plotting the explained
variance against the component index, see e.g. Figure 3.10. This plot is sometimes
called a scree plot. Ideally, this plot should drop-off quickly, eventually becom-
ing a slowly descending line. The point at which the scree plot becomes linear,
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often referred to as the ’elbow’, is generally judged to be a good estimate of the
dimensionality of the data, or equivalently, the number of basis componentsK that
should be kept. One of the most popular uses of PCA is with data denoising. This
is achieved by using a limited set of components to make a model of the original
signal, omitting the subsequent components that ideally contain only noise. This
is also known as dimensionality reduction.

Non-negative matrix factorisation

Although PCA achieves a unique decomposition by constraining the components
to be orthogonal and ordered by variance, this is not a physically meaningful con-
straint in practice. Non-negative matrix factorisation (NMF) is a method which
constrains the factorisation problem in Equation 3.12 by requiring that all com-
ponents Lij of L and Sij of S are non-negative [134]. In the case of SPED, the
constraint of positive components is a rational choice in light of the positive nature
of PED pattern intensities recorded. Furthermore, non-negativity encourages sep-
aration into the distinct parts of the original matrix since they have to be additive.
This differs from PCA in that it allows more eigenvectors to be combined to form
one part [134], and aids the physical interpretation of components, e.g. [120, 135].
The minimisation of ||X−LS||F can be regarded as optimising the set of basis vec-
tors for a linear representation of all data in X. If the correct number of basis signals
K is chosen, factorisation using NMF typically gives basis signals that resemble
physical signals. The decomposition returns underlying component patterns that
represent the data, along with associated loadings at each real space pixel [120].
The loading maps indicate regions where the component patterns are significant,
and resemble simplified DF images.

To find the factorisation of a matrix X, both matrices L and S are set to initial
values and then iteratively improved. The initialisation can be from a random dis-
tribution or using a more sophisticated approach. The implementation used by
HyperSpy sets the initial values using non-negative double singular value decom-
position (NNDSVD) which is based on one SVD process approximating the data
matrix X and another one approximating positive sections of the resulting partial
SVD factors. This choice of initialisation gives a non-negative starting point suit-
able for obtaining a sparse factorisation [136, 137].

The effect of precession

Some of the aforementioned data processing options will here be shown in a dis-
cussion of the effect of precession on the results obtained using linear matrix de-
composition of S(P)ED datasets. The following examples are demonstrated on
cropped S(P)ED scans obtained on an Al-Mg-Si alloy studied at a slightly over-
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aged condition. This is the same dataset as shown in Figure 3.9. Two scans were
obtained, both with (φ = 0.5◦ ≈ 9mrad) and without precession. Figure 3.10
plots the proportion of variance explained by each of the 20 first components ob-
tained using PCA decomposition.

Figure 3.10. Scree plots formed by PCA decomposition (std = standard [128]) using 30
components and centring on the (a) full dataset and (b) pixels located on or near precipitate
cross-sections (selected using a navigation mask).

From Figure 3.10a it is seen that for the precessed data, the proportion of variance
explained by each component drops off more quickly than without precession.
The slope of the datapoints for the precessed scan has more of an ’elbow-shape’,
whereas the non-precessed data is closer to a straight line. This is a clear demon-
stration that the precession acts to reduce the number of components needed for a
representative reconstruction of the original dataset. Judging from these plots, the
precessed data has an approximate dimensionality of 8 and 6 for the full dataset
and the scan pixels in proximity of precipitate cross-sections, respectively. For the
non-precessed data, it is less clear how many components should be included.

The obtained PCA components are, however, not readily interpretable due to the
inclusion of negative values, which has no physical meaning in the context of PED
pattern intensities. This is why one usually has to resort to NMF decomposition
instead. However, PCA is normally used in a first step to gain an impression
of the dimensionality of the data, and thus of how many components are needed
in the NMF decomposition. This is particularly important with little or no prior
knowledge of the specimen studied.

In the following, NMF decomposition results on S(P)ED data using a navigation
mask covering the scan pixels on or near precipitate cross-sections, i.e. the pre-
cipitates oriented parallel to the beam (see Figure 3.9b), will be shown. The nav-
igation mask can be seen from the square boxes in loading #1 of Figure 3.11. A
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signal mask removing the ~g000, ~g002, and ~g022 reflections has also been used to
avoid oversaturated pixels and to highlight reflections other than those due to the
fcc Al matrix. In these scans, acquired in the [001]Al ZA, a quick visual inspection
(Figure 3.9) showed that there are only β′′ phase precipitates, and that all 4 orient-
ations of precipitates extended parallel to [001]Al are present. Therefore, ideally
it is expected 5 main components to represent the SPED scan data near precipit-
ate cross-sections: 4 accounting for β′′ orientations and 1 due to fcc Al. Figure
3.11 shows 3 selected main NMF components and corresponding loading maps
obtained for the precessed and non-precessed dataset.

In Figure 3.11, several things are worth noting with respect to the previous discus-
sions on SPED and data processing. Starting with component #1, it is seen that this
component picks out the fcc Al reflections in addition to a significant background
intensity. In the non-precessed dataset, one can discern the Kikuchi pattern in this
component (highlighted), which is not seen in the precessed component. This was
pointed out as an advantage with precession, as the integrating motion will sup-
press weaker thermal diffuse background scattering [124, 125]. Components #2
and #5 show two different orientations of β′′ present in the scan region. Inspection
of the scan raw data shows that the numbered precipitates 1-6 and I-IV have equal
orientations, respectively. Firstly, it is noted that the extent of precipitate reflec-
tions recorded in reciprocal space, indicated by the dashed circle, extends further
out in the precessed data, thus intercepting additional reflections compared to the
non-precessed scan. This demonstrates another aspect mentioned previously, e.g.
in the discussion of Figure 3.8. The reflections of components #2 and #5 for the
precessed data also appear more even in intensity, and gradually decreases with in-
creasing scattering angle. This is not the case for the corresponding non-precessed
components, which show an uneven intensity distribution. Loading maps #2 and
#5 in the precessed scan identify all β′′ precipitates of equal orientation. In the
non-precessed scan, loading #5 correctly labels the precipitates (albeit some are
weak), but loading #2 indicates that additional precipitates have equal orientation,
which is incorrect.

Figure 3.12 shows an additional NMF component obtained from the precessed
scan data (same as Figure 3.11), revealing another orientation of β′′ precipitates
present. The component is shown next to a kinematical diffraction simulation of
a β′′ phase precipitate embedded in a fcc Al matrix as seen from the [001]Al ZA.
The agreement is excellent, confirming the labelling. It is seen that kinematically
forbidden reflections are present in the component pattern, i.e. a dynamical ef-
fect. 5 precipitates in the scan region (numbered) correspond with this orientation.
Similarly, Figure 3.13 shows 4 NMF components and associated loadings of the
same β′′ orientation as that of Figure 3.12, but obtained for the non-precessed scan
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Figure 3.11. Selected NMF components and associated loading maps obtained for S(P)ED
scans acquired in the same region with and without precession. The black circles covering
the main fcc Al reflections and the square boxes seen in loading #1 represent respectively,
the signal- and navigation mask that was used in the NMF decomposition (see HyperSpy
documentation [128]). Arrows indicate Kikuchi bands. Numbers and Roman numerals
highlight precipitates of identical orientation. The dashed circles indicate the extent of
precipitate reflections in reciprocal space.
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data. Although all 4 components correspond with the same phase and orientation,
different precipitates (numbered 1-5) are picked out in each loading map due to
significant variations in diffracted intensities. This shows that a single component
of the precessed scan conveys the same information as multiple components in the
non-precessed scan.

Figure 3.12. NMF component and associated loading #3 obtained for the precessed scan
data. A kinematic simulation of a β′′ phase precipitate (green) embedded in a fcc Al
matrix (black) as seen from the [001]Al ZA is shown to the right. Numbered precipitates
1-5 correspond with the presented component pattern. This is the same dataset as analysed
in Figure 3.11.

All aspects pointed out in this discussion confirm the results of the PCA analysis
of Figure 3.10, which showed that there exists significantly less variation across
precessed scans, which greatly improves matrix decomposition results. This has
major implications, and is the main explanation for the successful application of
SPED as used in this thesis. Papers I, II, IV, and V have used SPED for statistical
assessment of the distribution of precipitate phases. As demonstrated here, this
constitutes a powerful approach which could serve as an important tool in future
alloy developments.
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Figure 3.13. 4 NMF components and associated loadings obtained for the non-precessed
scan data, showing a single orientation of β′′ phase precipitates present in the scan area,
cf. Figure 3.12.
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Chapter 4

Summary of Papers

This thesis contains seven research papers that comprise the main part of the sci-
entific work done within the PhD project. All papers are focused with the study
of metastable precipitate phases formed in age-hardening Al alloys, primarily by
the use of TEM. The majority of papers study precipitate phases from the Al-Mg-
Si(-Cu) system (6xxx), in addition to one paper (Paper III) studying a dispersoid-
precipitate aggregate formed in an Al-Cu-Mg-Ag alloy (2xxx). Most papers also
make use of the diffraction technique SPED, either directly (Paper I–V) or in-
directly (Paper VI), with the exception of Paper VII, which combines TEM and
APT. As explained in the introduction, section 1.2, all papers have resulted from
attempts to advance TEM techniques of interest to the TEM research group and/or
from studying materials and research topics of relevance to the AMPERE project.
More specifically, all papers fall into one or several of the three following categor-
ies: SPED technique development and application, thermomechanical aspects of
Al-Mg-Si(-Cu) alloys from Neuman Aluminium Raufoss (AMPERE alloys), and
conductivity studies of Al-Mg-Si alloy 6101 from Hydro (AMPERE alloy). This
chapter provides a summary of the main findings in each paper produced.

Paper I – Precipitate statistics in an Al-Mg-Si-Cu alloy from scanning
precession electron diffraction data

In this paper we wanted to provide a good example demonstrating the added in-
formation SPED and related data processing could offer in the quantification of
the precipitate microstructure in an Al-Mg-Si-Cu alloy. The alloy and condition
studied formed a relatively dense distribution of precipitates, with a number dens-
ity of ≈ 67 000 µm−3, and with precipitate phases mainly falling into one out
of three categories: β′′ phase, L phase, or hybrid. The precipitate number dens-
ity and the relative fraction of phases (%) were first assessed using conventional
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TEM methodologies, which include manual counting on high contrast BF images.
The categorisation of phases was determined from high magnification BF images,
where the geometry of the precipitate cross-section area with respect to the crys-
tallographic directions may often reveal the underlying phase. Cross-sections that
were not distinguishable from geometric considerations were simply put in the
category hybrid. Secondly, SPED was used to obtain a large [001]Al ZA scan
comprising 247 500 PED patterns, covering an area of 1.34 µm2 in 550 × 450
pixels, and containing over 3700 precipitates aligned parallel to the beam direc-
tion. The number of precipitates was extracted using a blob-detection algorithm
on a VDF image formed from precipitate phase reflections, and the number dens-
ity was subsequently calculated. Information on precipitate types was obtained
using NMF decomposition on the PED pattern stack. The resulting NMF com-
ponent patterns were manually compared to (kinematically) simulated diffraction
patterns of phases in the Al-Mg-Si-Cu system, which enabled phase determina-
tion. It was shown that the analysis of the data in a single SPED scan yielded
precipitate number densities in close agreement to conventional methodologies,
giving (65 700± 6700) µm−3 and (67 800± 5500) µm−3 for the two approaches,
respectively. Obtained phase fractions showed significant deviations between the
methods. This is concluded to be a consequence of inaccuracy in traditional
routines being based on purely geometric considerations. With implications of
equal sensitivity in the two approaches, the SPED estimate of phase fractions is
considered much more reliable. Due to the increased objectivity of the new ap-
proach, the results are more readily reproducible. This has important implications
for the validity and use of TEM statistics in future alloy developments, as this
requires reliable statistical assessment of precipitates in order to link the micro-
structure with material properties, e.g. through physically-based models.

Paper II – The evolution of precipitate crystal structures in an Al-Mg-Si(-Cu)
alloy studied by a combined HAADF-STEM and SPED approach

This work is focused with the demonstration and explanation of a combined HAADF-
STEM and SPED approach used to study the precipitation in an Al-0.80Mg-0.85Si
alloy with a low addition of Cu (0.01 at.%). The alloy was manufactured by
Neuman Aluminium Raufoss, and is used in applications such as the crash-system
and the steering components of automotive vehicles. The alloy was studied at mul-
tiple ageing conditions (mainly overaged), using SPED to assess the overall dis-
tribution of precipitate phases, and HAADF-STEM to look closely at the atomic
structure of the precipitate phases formed. Combining SPED results and precip-
itate volume fraction measurements by TEM, the total amount of solute atoms
locked inside precipitates could be approximated. At peak hardness, the precip-
itates were predominantly observed as pure β′′. Upon further heat treatment, the
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precipitates evolved into complex hybrid structures, primarily comprising Al-Mg-
Si phases like β′′ and U2 in the precipitate interior. Cu-enriched columns and
sub-units of Cu-containing phases like Q′/C and β′Cu existed at the precipitate in-
terface. With increased ageing the precipitates coarsened substantially, and exhib-
ited a 〈001〉Al projected hexagonal Si network with β′/β′2 in the precipitate interior.
Unit cells/sub-units of Cu-containing phases were still confined to the precipitate
interface, but had grown larger in extent. Beyond this point it was seen a slow, but
gradual progression inwards into the precipitates by the Cu-containing Q′-phase,
with Cu atomic columns incorporating less Cu atoms than what could potentially
be accommodated. Q′ was eventually seen to dominate the precipitate structures.
The results showed that even a low Cu content (0.01 at.%) can significantly af-
fect the Al-Mg-Si system precipitation, especially during overageing. This has
important implications for the recycling of Al alloys, where the inclusion of trace
elements is practically unavoidable.
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Figure 4.1. Graphical abstract of Paper II showcasing the SPED scan data recording and
a HAADF-STEM lattice image of a hybrid precipitate cross-section.

Paper III – Crystallographic relationships of T-/S-phase aggregates in an
Al–Cu–Mg–Ag alloy

This paper demonstrates a different application of SPED than the former two pa-
pers, where it was primarily used for phase mapping. Here, it was demonstrated
a methodology for correlating high-resolution (HR)TEM imaging and SPED to
allow precise analysis of ORs and disorientations at high spatial resolution (≈
1−2 nm). The system studied was an intricate dispersoid-precipitate aggregate in a
2xxx series Al-Cu-Mg-Ag alloy. The aggregates consisted of the T-(Al20Cu2Mn3)
phase dispersoid which exhibits rotation twinning, coupled with S-(Al2CuMg)
phase precipitates, and surrounded by fcc Al. T-phase dispersoids are important
for limiting recovery and controlling grain growth in Al-Cu alloys. However, these
dispersoids can also reduce precipitation hardening by acting as heterogeneous
nucleation sites, and may lead to increased susceptibility towards pitting corrosion
when galvanically coupled with S-phase precipitates. The crystallographic rela-
tionships between the T-phase, S-phase, and surrounding Al matrix were investig-
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ated by combining SPED with misorientation analysis in 3-dimensional axis-angle
space and HRTEM. ORs were identified between all three phases, confirming pre-
vious findings and revealing the S-T ORs for the first time. Differences in S-Al
ORs for precipitates formed at T-phase interfaces compared to their non-interfacial
counterparts formed in the bulk were also identified.
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Figure 4.2. Graphical abstract of Paper III, showing a HRTEM image of a T-/S-phase
aggregate next to orientation mapped SPED data of the same aggregate structure.

Paper IV – In situ heating TEM observations of evolving nanoscale
Al-Mg-Si-Cu precipitates

In this paper we combined the developed SPED approach for phase mapping with
another powerful technique, namely in situ heating TEM. The material studied was
a high strength Al-Mg-Si-Cu alloy which mainly formed β′′ phase and L phase pre-
cipitates after moderate thermal ageing. A [001]Al oriented lamella was prepared
by focused ion-beam (FIB), with the orientation determined by scanning electron
microscopy (SEM) and electron backscatter diffraction (EBSD). A single region
of interest was systematically studied by BF imaging and SPED in order to follow
the distribution and identities of transforming precipitates. The distribution and
crystal structure of precipitates were determined by SPED at multiple stages, pin-
pointing the precipitates that underwent phase transformations during heating. The
results were compared to conventional TEM studies of the material heat treated ex
situ. This revealed differences in the transformation kinetics of precipitates in
an electron transparent lamella (thickness ≥90 nm) to that of macroscopic bulk
specimens. The high thermal resistance of the L phase was demonstrated, being
one of the main phases remaining after multiple stages of high thermal exposure
(180−240 ◦C). β′′ was the main precipitate phase near peak-hardened conditions,
and formed a high number density of precipitates. A few % of the β′′ precipit-
ates subsequently transformed to β′/Q′ phases, whereas the rest dissolved. To our
surprise, two regions at different thicknesses, roughly 130 nm and 90 nm, showed
a very dense microstructure of precipitates and a sparsely populated region at the
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same heating stage, respectively. Potential explanations for the latter finding was
also discussed.

Paper V – The effect of low Cu additions on precipitate crystal structures in
overaged Al-Mg-Si(-Cu) alloys

This work combined HAADF-STEM lattice imaging, SPED-based phase quan-
tification, and DSC to study the effect of low Cu additions on the evolution of
precipitate crystal structures in three high strength Al-Mg-Si(-Cu) alloys during
overageing. The three alloys, one of which was also studied in Paper II, were
manufactured by Neuman Aluminium Raufoss. All alloys are intended for applic-
ations in the crash-system and the steering components of automotive vehicles. It
was found that relatively small changes in the Cu level and the Si:Mg ratio had
significant effects on the resulting distribution of precipitate phases, their struc-
tural evolution, and their thermal stability. Two Si-rich alloys formed hybrid β′

phase and Q′ phase precipitates on overageing. A third Mg-rich alloy primarily
formed L phase precipitates, which exhibited superior thermal stability. Three dis-
tinct Cu-containing sub-units that form the basis for all Al-Mg-Si-Cu precipitate
phases were identified: the three-fold symmetric Q′/C and the β′Cu sub-units, in
addition to a newly discovered C sub-unit. The formation of each sub-unit was
discussed, and the atomic structures and connections to other precipitate phases in
the Al-Mg-Si(-Cu) system were elaborated. Furthermore, it was presented a care-
ful explanation of the naming conventions used for precipitate phases and phase
sub-units, which was seen as necessary due to the increasing numbers of overlap-
ping naming conventions seen in the field. The work provided new insights into the
complex precipitation of Cu-added Al-Mg-Si alloys, with implications for material
properties and importance in modelling work on the Al-Mg-Si-Cu system.
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Figure 4.3. Graphical abstract of Paper V showing a HAADF-STEM image of a L phase
showcasing all 3 identified Cu-containing sub-units of the Al-Mg-Si-Cu system.
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Paper VI – Linking mechanical properties to precipitate microstructure in
three high strength Al-Mg-Si(-Cu) alloys

In this work we investigated the connection between material strength and ductil-
ity to precipitate statistics in three high strength Al-Mg-Si(-Cu) alloys (Cu.0.1
at.%). These were the same alloys as studied in Paper V, and these two papers
highly complement each other. A range of ageing conditions were examined in
order to understand the effect of an evolving precipitate microstructure and the
results were used as input for strengthening models. The mechanical properties
were obtained by tensile test experiments and microstructure characterisation was
attained by TEM. The results showed that minor changes to the Si, Mg, and Cu
additions – the total addition (at.%) kept approximately equal – had a significant
impact on measured material properties, with corresponding changes in the pre-
cipitate microstructure. On the peak strength plateaus, differences as large as 35
MPa in yield strength were measured between the strongest and weakest alloy,
obtained as 410 MPa and 375 MPa, respectively. Higher material yield strength
correlated well with a refined precipitate microstructure comprising higher number
densities of smaller precipitates. Differences with respect to material ductility first
appeared after moderate overageing, showing negative correlation with material
strength. At significantly overaged conditions the differences in strength exceeded
100 MPa, demonstrating large differences with respect to the thermomechanical
stability of these materials, which has important consequences for alloys exposed
to elevated temperatures under in-service conditions. The paper illustrated clearly
the large differences in material properties that may result from small variations in
alloy compositions, and which could be explained based on observed differences
in precipitation.

Paper VII – On the microstructural origins of improvements in conductivity
by heavy deformation and ageing of Al-Mg-Si alloy 6101

A lean Al-Mg-Si conductor alloy produced by Hydro was studied after two dif-
ferent TMP routes. Conventional solution treatment, quenching, and following
artificial ageing at 170 ◦C was compared to a process applying solution treatment,
quenching, pre-ageing (7 h at 170 ◦C), 50% thickness reduction by cold-rolling,
and subsequent re-ageing at 170 ◦C. Ageing after rolling resulted in a rapid in-
crease of conductivity, maintained at a 2−3%IACS gain relative to the convention-
ally aged material. The main underlying explanation was shown to be an increased
solute depletion of the Al matrix after ageing of the deformed material, as quan-
tified by APT. The principal mechanism leading to the rapid increase is proposed
to be dislocation-mediated diffusion. By deforming a pre-aged microstructure, the
dislocations introduced will be pinned at multiple points on precipitates and solute
enriched regions, causing an entangled dislocation microstructure that acts as a
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’solute highway’ on subsequent ageing. It was also suggested that the difference
in electrical conductivity developed in two main stages. In the initial stage, at the
onset of re-ageing, a rapid change occurred due to dislocation-mediated diffusion,
effectively vacuuming the matrix of solutes. Concurrently, bulk nucleation and
growth is mediated by increased vacancy levels after deformation. After roughly
2 h re-ageing the slopes of the conductivity curves were nearly equal in the two
material states, and the subsequent stage is characterised by overageing behaviour,
with precipitate coarsening and dissolution of smaller precipitates. Differences in
forming precipitate distributions were also observed, as shown by TEM results.



64 Summary of Papers



Chapter 5

General Discussion and Outlook

This chapter provides a commentary to the research conducted in this PhD project.
It includes the background and motivation behind the different studies, an explan-
ation of the coherence between the papers, as well as a comparison of the research
questions answered. Furthermore, the research is put into a broader context of
several other relevant and important works published within the field. Finally, the
author’s thoughts on the outlook of the research topics covered in this thesis are
presented.

5.1 Discussion
In 1994, with the aim to establish a viable alternative to convergent beam and
plane wave illumination for measuring diffracted intensities suitable for structure
determination, Roger Vincent and Paul A. Midgley based at the University of Bris-
tol described their implementation of a double conical beam-rocking system [114],
which later came to be known as precession electron diffraction (PED). Their key
idea was that by using a hollow cone illumination, they could eliminate the excit-
ation errors for a subset of reflections while simultaneously reducing the contribu-
tion of non-systematic dynamical perturbations to the diffracted intensities. The
advantages of PED were that a far greater number of reflections were seen in a
PED pattern than in a conventional (static) diffraction pattern, and the intensities
were in many aspects ‘more kinematic’ in nature, which is crucial for ab-initio
structure determination.

Seeing another possibility with PED, Rauch et al. [117] coupled the technique with
the microscope scanning system, thus implementing a scanning PED technique,
i.e. SPED. SPED was first developed as a technique complementary to electron
backscatter diffraction (EBSD) [138] in a SEM, to provide orientation information
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in the form of grain structure, texture, misorientation, inverse pole figures, etc. In
addition to providing a larger number of reflections to aid accurate indexing, PED
also improved the fidelity of the results [118, 119], by effectively averaging out
small variations in orientation, thus aiding phase identification. Furthermore, PED
helped to reduce the structured background in diffraction patterns, typically from
Kikuchi diffraction, by averaging across a large number of orientations, and thus
increasing the reliability of peak-finding algorithms [124, 125].

At its 20th year anniversary in 2014, (S)PED had grown to become one of the main
techniques in electron crystallography [139]. The technique has been installed on
many microscopes, and has been demonstrated to significantly improve orientation
and phase mapping [118, 140, 141], strain mapping [122, 123, 142, 143], and 3D
interphase crystallography [120]. Particularly, SPED has improved the precission
in strain mapping significantly, which is attributable to many of the same effects as
mentioned for orientation mapping [144]. Improvements in the precision for strain
mapping is of key importance in the semiconductor industry, where strain can
be introduced to increase carrier mobilities [145]. Finally, unwanted channeling
effects have also been demonstrated to be reduced by the precessing motion in the
case of EDS and EELS measurements [126, 127].

Prior to this PhD project, the potential value of SPED in the studies of age-hardening
Al alloys had already been explored through the author’s Master’s thesis [146].
Here, various aspects of SPED and data processing were investigated with the pur-
pose of studying different precipitate phases and dispersoids of the Al-Cu (2xxx)
system, including: virtual imaging, data decomposition, orientation mapping, and
more. Despite the simplicity and crudeness of the acquisition system, single pixel
PED patterns showed surprisingly high sensitivity, and still revealed basic inform-
ation when pushing the technique to the lower bounds of probe and scanning
step sizes. Furthermore, in combination with data visualisation and processing as
primarily facilitated through the open-source Python library HyperSpy [128], the
SPED data could be analysed in an efficient manner to uncover rich information
about the material microstructure. The quality of the results was often comparable
to other conventional TEM techniques, such as selected area electron diffraction
(SAED), BF, and DF imaging. The results were however processed and extracted
off-line, with a plethora of options for further data treatment. An example that il-
lustrated the sensitivity of SPED was the data obtained on an Al-Cu-Li alloy, which
formed plate-shaped T1 (Al2CuLi) and θ′ (Al2Cu) precipitate phases forming on
{111}Al and {001}Al planes, respectively. The T1 phase shows particularly high
resistance to coarsening in the plate thickness direction [147], and often forms one
lattice parameter thick (≈ 1.39 nm). The diffracting signal from T1 plates were
clearly observed in SPED scan data from the 〈001〉Al ZA, and the signal was suf-
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ficiently strong to determine the orientation of the precipitate. The precipitate was
embedded in a fcc Al matrix of ≈ 90 nm thickness. The fact that single pixel PED
patterns acquired with a 0.7 nm diameter probe (non-precessed) could reveal the
presence and orientation of a phase comprising only a few % of the illuminated
specimen volume at the scan position was an encouraging finding. It was largely
due to this and similar observations, combined with the increasing usage of SPED
seen in the scientific literature, that it was decided to attempt using SPED to study
the 〈001〉Al oriented precipitate needles/rods of the Al-Mg-Si-Cu system.

The two first papers of this thesis describe the development and application of
SPED combined with related data processing to study the various Al-Mg-Si-Cu
precipitate phases and their distributions (Paper I and II). The first experiments
undertaken in the PhD project was to conduct TEM and SPED studies of differ-
ent ageing conditions of the Neuman Aluminium Raufoss 6082 alloy, Al-0.80Mg-
0.85Si at.%, shortened S for ’standard’. It became progressively clearer that the
structure of precipitate needles/rods in the Al-Mg-Si(-Cu) system, with long axes
parallel to 〈001〉Al directions, lent themselves rather well for SPED data acquisi-
tion in the [001]Al ZA for the precipitates extended parallel to the beam direction.
Starting from peak aged conditions and towards more overaged conditions, the
diffraction signal from individual precipitates was normally sufficiently strong to
determine its main character. Data decomposition using NMF [120, 134] worked
impressively well, and the majority of components showed clear resemblance to
kinematic diffraction patterns from expected phases present. Although the main
categorisation of phases present was relatively clear, complications arose due to
the hybridity of forming phases, as seen from atomically revolved HAADF-STEM
observations in this alloy. This resulted in additional component patterns that ap-
peared to comprise a mix of multiple precipitate phase reflections. This hybridity
formed due to the small inclusion of Cu in alloy S, only 0.01 at.%, which was seen
to cause a gradual change in the precipitate crystal structures. However, the results
were promising and these were the developments that would eventually form the
basis of Paper II.

Putting complications aside temporarily, it was clear to us that the development of
a SPED approach to study Al alloy precipitates held many advantages over con-
ventional TEM microstructure characterisation methodologies, see e.g. [148]. In
order to prove this point we decided to write Paper I, providing a clear example
of the comparison of SPED vs. conventional TEM methodologies for the charac-
terisation of an Al-1.11Mg-0.50Si-0.16Cu at.% alloy. The alloy was external to
the AMPERE project and had been characterised previously by conventional TEM
methodologies in the work of Marioara et al. [31], where it is referred to as alloy
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K131. In addition to having been previously characterised, this alloy was selec-
ted as it primarily formed two different phases at moderately overaged conditions,
namely the β′′ phase and L phase, which have notably different crystal structures.
The fact that we were able to show that analysis of SPED data gave a precipitate
number density in close agreement to conventional methodologies was a particu-
larly important finding, as it indicated that SPED had sufficient sensitivity to cap-
ture similar numbers of precipitates as the broad beam illumination mode of BF
imaging. The number density of precipitates was relatively high (≈ 67 000 µm−3),
and the precipitate volumes were also at the lower end of the spectrum, promoted
by the high Mg:Si ratio and significant Cu addition. In combination, this represen-
ted a good case for a proof of principle demonstration.

The implication of comparable sensitivities with both techniques provided further
support for the main advantage in the SPED-based approach, which was in the stat-
istically improved estimate of precipitate phase fractions (%). The drawbacks with
traditional methodologies are that they rely heavily on manual counting and inter-
pretations of BF, TEM high resolution, and/or HAADF-STEM results. This does
not scale well with increasing numbers of precipitates, and the analysis holds a
highly subjective character. The accuracy in calculated numbers is highly depend-
ent on the knowledge and expertise of the microscopist and the person analysing
the data. The SPED-based approach, however, scales rather well, as an increas-
ing scan size and hence increasing precipitate numbers comes at a low price in
terms of increased time in analysis of the data. The SPED scan presented covered
1.34 µm2 and over 3700 precipitates aligned parallel to the beam direction, which
are considerably more than what could be covered in a manual approach. By of-
fering increased objectivity and improved statistics, this approach may become a
valuable resource in verification of modelling work and in the future of Al alloy
characterisation and developments.

The study of alloy S was subsequently continued, and eventually resulted in Paper
II. Here it was provided a more careful explanation of the SPED methodology for
phase analysis, and a thorough assessment of the effect of low Cu additions on
the precipitate crystal structures after prolonged ageing at 180 ◦C. Another im-
portant consideration in favour of SPED that was demonstrated in this work, was
how a generalisation from a series of, usually, some 10-40 atomically resolved
HAADF-STEM images can give a misleading – or perhaps just an incomplete –
general picture of the precipitate phases existing in the alloy microstructure. This
can especially occur when there exist large variations between precipitate phases
formed. There is a risk of selectively probing larger, Cu-containing precipitates

1This alloy was patented (# EP2553131A4) and is now an important alloy in the Norwegian
industry for production of car steering columns.
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due to the strong Z-contrast dependence of HAADF-STEM. Adding to this point,
a poor depth of focus due to the focused probe in the HAADF-STEM mode leads
to further selective imaging of longer, coarsened precipitates that reach close to
the specimen surface. Besides the risk of selectively probing precipitates, rare
cases such as the L phase or the Q′/β′2 phase discovered might be missed in a
HRTEM/HAADF-STEM study. The images acquired of these phases were ob-
tained after analysing the SPED scan data, where the NMF decomposition results
[120, 134], revealed the presence of rare phases in this alloy condition, which
were then retrieved and imaged by HAADF-STEM. Again, it was shown how a
scanning technique capable of covering large areas necessarily will give a more
general picture of precipitate phase distributions. It should also be made clear that
the information content of HAADF-STEM is invaluable in assessing the details
of the crystal structure of individual precipitate phases. It is the power of the two
techniques combined that is highlighted in this work. The results also showed
that even a low Cu content (0.01 at.%) can significantly affect the Al-Mg-Si sys-
tem precipitation, especially during overageing. This has important implications
for the recycling of Al alloys, where the inclusion of trace elements is practically
unavoidable [7, 149].

Occurring in parallel to the developments that lead to Paper II, we wanted to
demonstrate other capabilities with SPED in the study of Al alloys than applied as
a phase mapping tool. After the author’s research visit to prof. Paul A. Midgley’s
group at the University of Cambridge, we conceived the idea of applying their
ongoing developments in interphase crystallography and misorientation spaces
[121, 150], to study an intricate dispersoid-precipitate aggregate observed in an
Al-Cu-Mg-Ag alloy from the author’s Master’s thesis. The aggregate comprised
T-(Al20Cu2Mn3) phase dispersoids which exhibit rotation twinning [151], coupled
with S-(Al2CuMg) phase precipitates [152], and surrounded by the Al matrix. This
system represented an interesting case for studying interphase crystallography, and
due to its size it would not have been feasible to study using SEM-EBSD or X-
ray approaches. In Paper III, by correlated imaging and scanning diffraction, we
demonstrated precise analysis of ORs and disorientations at high spatial resolution
for this T-/S-phase aggregate. The approach has potential for broad applications
within multi-phase materials where phase coherency is decisive for macroscopic
properties.

The idea behind Paper IV was to combine the developed SPED approach for phase
mapping with another powerful technique, namely in situ heating TEM. As de-
tailed in the introduction on the motivation behind this PhD project, see section
1.1, understanding the effect of prolonged time and temperature on the micro-
structure of Al-Mg-Si-Cu alloys has been a central research topic in the AMPERE
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project. Up to this point, the approach for studying this topic had been to examine
progressively more overaged samples, with electron transparent samples prepared
from ex situ heated bulk materials. To attempt in situ heating TEM was a goal set
from the beginning of the PhD work, due to its high relevance by combining: (i)
TEM competence building and (ii) studying AMPERE materials and key research
topics. TEM in situ studies have recently been made very powerful due to large
improvements in specimen preparation techniques and the development of TEM
holders with high mechanical and thermal stability. Due to the nanoscale nature of
the age-hardening precipitates in Al alloys, it was only recently that one has been
able to study them in situ at the atomic level [153–155]. The main examples are
taken from Al-Cu alloys, and the study of the Cu-rich, tetragonal θ′ (Al2Cu) phase
[156]. This plate-shaped phase lends itself particularly suitable for observations in
STEM mode due to the comparably high atomic number of Cu (Z = 29) to Al (Z
= 13). This is not feasible in the Al-Mg-Si system, having Z = 13, 12, and 14,
respectively. Previous in situ heating studies of precipitates in the Al-Mg-Si alloy
system, including X-ray, neutron, and TEM experiments, have measured the over-
all changes to the distribution of precipitates (lengths, densities, etc.) with thermal
exposure [157–159]. We decided to study the Neuman Aluminium Raufoss alloy
Al–0.86Mg–0.62Si–0.1Cu (at.%), labelled M (for ’Mg’), as it was known that this
alloy formed a two-fold distribution of β′′ phase and L phase with moderate age-
ing. From the previous work on alloy K13 [31] (Paper I), the L phase had proven
advantageous in terms of improving thermomechanical stability, and to confirm
this by direct in situ observations would be interesting. Different from other previ-
ous in situ works on Al-Mg-Si(-Cu) alloys, we decided to study a single region of
interest, in order to follow directly the distribution and identities of transforming
precipitates. This was the only way of directly demonstrating the high thermal res-
istance of the L phase as compared to the β′′ phase. We managed to demonstrate
this by showing that a large fraction of L phases remained after multiple stages of
high thermal exposure (180− 240 ◦C). This finding has important implications as
it might be possible to develop alloy compositions and heat treatment procedures
which optimise for L phase precipitates, and which could hence yield large im-
provements in the thermal resistance of Al-Mg-Si-Cu alloys. This is particularly
important for alloys that might see elevated temperatures under in-service condi-
tions, such as in heat exchangers and components located near automotive engine
rooms.

Another important finding in this paper was the large difference in precipitation
kinetics observed in two regions at different specimen thicknesses. After several
hours at varying high temperature exposure (180− 240 ◦C) a region of ≈ 130 nm
thickness showed a very dense microstructure of coarsened and elongated pre-
cipitates, indicating an overaged material state. The main region studied had a
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thickness of ≈ 90 nm, and showed a sparsely populated region at the final heating
stage, where most precipitates had partially or completely dissolved. The under-
lying reasons for this difference was discussed, and must be better understood in
order to increase transferability to bulk precipitation behaviour. It has previously
been shown that there was a significant migration of Si and Mg to the surface of
an Al–Mg–Si–Li alloy at 200 ◦C, with concentrations exceeding 10 at.% for both
atomic species in the top nanometre of the specimen [160]. Mg was shown to
migrate towards GBs, whereas Si was ubiquitous. The many interesting findings
and new questions that arose from the in situ heating TEM studies were planned to
be taken further, with some recent results planned to be shown at the International
Conference on Alumiinium Alloys (ICAA17 2020, Grenoble) this year, which was
postponed due to the COVID-19 pandemic.

Papers V and VI showcase the large amount of TEM and material property data
accumulated in the AMPERE project in the studies of the three Neuman Alu-
minium Raufoss Al-Mg-Si(-Cu) alloys labelled S, C, and M. Paper V focuses on
TEM high resolution studies of the distribution and crystal structures of precipit-
ate phases forming in the three alloys as a function of ageing. Paper VI is focused
with microstructure-property relationships in the alloys, which is combined with
modelling work on yield strength. The alloys are intended for applications in the
car crash system and steering column, putting high demands on thermomechan-
ical stability and crashworthiness. Despite having similar compositions, the alloys
exhibited significant differences with regards to precipitation and material proper-
ties. Particularly, the shift to being Mg-rich with slightly increased levels of Cu
in alloy M was seen to have advantageous consequences for retained mechanical
strength with prolonged ageing. The combined results of these two papers, along
with their respective supplementary information, represent a body of data whose
level of detail is rarely seen in the field. It is the intent of the authors that these
papers spark further investigations on e.g. modelling work of precipitation and
strength/work-hardening, as the data has been made readily available for others to
use. In Paper V, we have also a significant effort to carefully explain the termin-
ology and names used to describe the different Al-Mg-Si(-Cu) precipitate phases
and their sub-units. We felt this was needed due to the observed inconsistency seen
in the scientific literature. A lot of research is produced every year on the Al-Mg-
Si-Cu system, and for ease of navigation through the literature, it is essential to
avoid causing unnecessary confusion.

The final study presented in this thesis, Paper VII, is a manuscript under prepara-
tion that focuses on the electrical properties of a lean 6101 Al-0.54Mg-0.38Si at.%
conductor alloy. As pointed out in the introduction, section 1.1, Al is a serious con-
tender for electrical wires in cars and subsea cables due to its high conductivity-
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to-weight and strength-to-weight ratio, in addition to significantly lower cost than
Cu. Several previous studies have demonstrated how different TMP routes may
yield a combination of improved mechanical and electrical properties, such as: by
severe plastic deformation (SPD) [59–61], hydrostatic extrusion [161], drawing
[92], and rolling [90, 91]. The general impression of the author was that the main
focus of previous studies was with demonstrating material property improvements
with respect to conductivity and strength, as opposed to focus on the underlying
cause and mechanisms behind these improvements. These underlying mechanisms
were the focus of this manuscript, which studies the microstructure of Hydro al-
loy 6101 subjected to two different TMP routes. The difference in conductivity
(2 − 3%IACS) that developed after application of the two different TMP routes,
could largely be explained based on the increased solute depletion of the Al mat-
rix after thermal ageing of the deformed material, as compared to the undeformed
material. The difference in solute levels of the Al matrix was quantified by APT
experiments.

5.2 Outlook
The perhaps biggest paradigm shift in the recent history of TEMs, was the devel-
opment and successful implementation of aberration corrected lenses in the 1990s
[103]. This monumental improvement paved the way for the impressive capabil-
ities of modern day TEMs, which peer at the ultimate length scales of materials –
even smaller than the Bohr radius2, see e.g. [102]. More recently, another revolu-
tion is taking place with the introduction of direct electron detectors (DEDs)/direct
detection devices (DDDs) for replacing traditional image detectors in TEMs. By
building on technologies developed for particle physics, pixelated detectors de-
veloped for X-ray imaging have been recently adopted for electron imaging [106,
107]. Traditional image detectors use scintillator and optical transfer path (fiber-
coupling or lens) to convert the high energy electrons to photons, which are sub-
sequently transferred to the imaging sensor to form an image. This indirect de-
tection approach has several drawbacks, including: (i) loss of image resolution
and sensitivity during the electron-photon conversion, and (ii) the photon trans-
fer as an additional source of noise that degrades the signal-to-noise ratio (SNR)
of the detector. DED imaging devices have been developed based on technology
advancements in complementary metal oxide semiconductor (CMOS) design and
manufacturing, high speed data architectures, vastly increased memory densities,
and speed. The elimination of the scintillator and the subsequent optical trans-
fer path has significantly improved the detective quantum efficiency (DQE) – a
critical measure of SNR [162]. This new generation of DEDs has revolutionised

2r0 = 5.29177210903 · 10−11 m
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the field of cryo-electron microscopy (cryoEM) in structural biology [108] and is
starting to impact many applications in electron microscopy of materials science,
for example: in situ microscopy, imaging of beam sensitive materials, quantitative
measurements of radiation damage, and quantitative electron microscopy. Of par-
ticular relevance to this PhD work, these detectors have revolutionised the field of
4D STEM [163, 164]. 4D STEM is a term used to describe 4D scanning diffrac-
tion data comprising 2D diffraction patterns acquired in a 2D region of interest,
which therefore includes the main technique applied throughout this work: SPED.

SPED has been a central theme throughout this thesis, and has been used either
directly or indirectly in most of the publications resulting from this PhD work.
Due to the nanoscale nature of the Al precipitate phases, the applied SPED system
had to be pushed to its lower limits in terms of probe and scanning step sizes, with
consequential reduction in signal strength. The results were surprisingly good,
however, and many useful demonstrations of the capability of this technique have
been presented. Modern TEMs are incredibly powerful, and there are still room
for significant improvements on several aspects related to SPED. In the author’s
opinion, the by far greatest potential for improvement relates to the acquisition
system, and in coupling SPED with DEDs. Recently, the first realisations of this
combination are starting to emerge [165–167]. In order to better grasp the fu-
ture potential of this combination, it is illustrative to compare key parameters of
emerging DED systems with the instrumentation applied for running SPED in this
PhD work. Here, SPED has been performed using a NanoMEGAS DigiSTAR
scan generator retrofitted to a JEOL 2100F microscope. This system enables the
simultaneous scan and acquisition of electron diffraction patterns via imaging the
phosphor viewing screen of the microscope using an externally mounted StingRay
F-033 camera [119]. A SPED scan for the purpose of studying distributions of
precipitates typically comprised 200×200 to 400×400 pixels (real space, (x, y)),
each containing a 144 × 144 pixels PED pattern (reciprocal space, (kx, ky)), and
where each pixel stores 8-bit (1 byte) data. A 40ms dwell time per pixel was usu-
ally necessary for obtaining sufficient signal for revealing precipitate structures.
Each scan therefore took roughly 0.5 − 2 h to acquire. The Medipix3 and EM-
PAD detectors are examples of DEDs offering high frame rates suitable for STEM
applications, and therefore ideal candidates for coupling with a S(P)ED system.
At the time of writing, the Medipix3 detector is currently sitting in a box at the
author’s TEM lab, eagerly awaiting to be installed. The Medipix3 detector is a
silicon based hybrid pixel detector, developed at CERN, with a CMOS readout ar-
chitecture consisting of 256×256 pixels. Coupled with the Merlin read-out system
[168], the Medipix3 detector offers the option to run in 1-, 6-, or 12-bit mode, and
in 12-bit mode it can run at 1200 fps (0.83ms frame time). This is much faster
than the time necessary to obtain a single full rotation of the precessing beam,
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which precesses at 100 Hz and thus requires 10ms per rotation. Most importantly,
however, the detector may offer 2× and up to 8× the DQE depending on the signal
frequency [107, 169], as compared to the system used here. This entails a tremend-
ous improvement in signal quality. Furthermore, the detector is incredibly robust,
and can handle direct exposure of the beam for several hours without suffering any
permanent damage.

With such impressive improvements in signal quality, it may be possible to obtain
SPED scans giving measurable signals from the very first crystalline structures
forming from the solid solution in age-hardenable Al alloys. This was attempted
in this PhD work, but the signal drowned in the noise of the detection system. Sub-
sequently, one may track the development of these initial atomic clusters/phases if
combined with in situ heating TEM as demonstrated Paper IV. In the experiments
of Paper IV, it was necessary to first reduce the temperature to room temperature,
re-align the SPED system, and subsequently scan for roughly 1.8 h. Conducting
the scan at elevated temperatures could potentially have missed information, and
structural transitions/precipitate dissolution would occur between the first and last
part of the scanned region due to the significant scan time required. By reducing
this time down to minutes, or perhaps even seconds for smaller scan regions, the
scan could be conducted at elevated temperatures without need for re-alignment.
By running repeated scans after different thermal exposures, the giga-bytes or even
tera-bytes of data would enable one to track the crystal structure evolution of all
phases present, providing maps of unparalleled detail, showing precipitate form-
ation and dissolution kinetics through all stages from initial clustering to equi-
librium phase formation/dissolution (cf. precipitation sequences 2.3 and 2.4). A
single study would contain more information than 10-folds of previous ex situ stud-
ies of selected thermal conditions, and where each condition contains a snap shot
of each precipitate’s evolution history. Processing such large datasets is not an im-
midate issue, as several scientific fields have already had to cope with data beyond
tera-byte size, e.g. scanning fluorescence microscopy in biophysics. Particularly,
related to processing of 4D STEM data, and hence SPED, there already exist many
open-source programming libraries fit for the task [128, 129, 170].

Furthermore, it should also be noted that although precessing the beam has been
a crucial aspect for obtaining the results in this thesis, this may not be a necessity
in the future. Put simply, the key point of precession as utilised here for phase
mapping, is to limit the variation across electron diffraction patterns acquired from
the same precipitate phases. This greatly reduces the number of significant com-
ponents as obtained through NMF (cf. section 3.5), which makes the process of
labelling manageable. It is however easy to envision applications of other types
of data optimisation algorithms, or machine learning approaches, that manage



5.2. Outlook 75

to perform phase mapping of SED data (notice the absence of P), despite larger
variations across electron diffraction patterns from the same phases. The develop-
ment and applications of new data analysis approaches is progressing at impressive
speeds, also within the TEM community. Alternative approaches to NMF, such as
data clustering algorithms [137] or convoluted neural networks (CNNs) are power-
ful options that have shown great promise for similar types of data. A continued
push and application of such emerging algorithms is therefore of utmost interest
for the future development and analysis of S(P)ED data. Without the need for
precession, the full data recording speed of DEDs can be utilised. With this pos-
sibility, the comparison between the system used in the author’s PhD work (with
precession) to that of e.g. the Medipix3-Merlin system (without the need for pre-
cession), borders ludicrous. Compare option 1 (the author’s system): 400 × 400
pixel scan, 144 × 144 pixel PED patterns, 8-bit data, 40ms frame time (25 fps),
DQE / 0.2, 1.8 h scan time, to option 2 (Medipix3-Merlin system): 400 × 400
pixel scan, 256×256 pixel electron diffraction patterns, 12-bit data, 0.83ms frame
time (1200 fps), DQE / 0.8, 2.2min scan time. Needless to say, the future of this
technique looks as bright as an electron gun.
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Chapter 6

Conclusions

Advanced TEM techniques and related data processing have been applied to char-
acterise the metastable precipitate phases forming in age-hardenable Al alloys.
Particular emphasis has been on improving the understanding of the connection
between precipitate microstructure and the thermomechanial and electrical prop-
erties of Al alloys subjected to prolonged exposure at elevated temperatures. The
works presented in this thesis fall into one or several of the three following categor-
ies: SPED technique development and applications, thermomechanical aspects of
Al-Mg-Si(-Cu) alloys for structural applications, and conductivity studies of a lean
Al-Mg-Si conductor alloy. SPED has been a key technique applied due to its sens-
itivity, versatility, and ability to quantitatively study larger areas than traditional
TEM techniques. Several examples provided here show how this technique may
offer additional or complementary information on precipitate distributions, and
how it is emerging as an important technique in future Al alloy developments.
There exists a great outlook for the techniques and research topics covered in this
work, particularly due to the advent of DEDs being incorporated in TEMs, to-
gether with rapid advancements in related data processing alternatives. Finally, it
is also emphasised that the majority of approaches and techniques applied through-
out this thesis are not limited to studying precipitate phases forming in Al alloys,
but have potential for broad applications within multi-phase material systems such
as metals, semiconductors, and minerals.
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Abstract. The key microstructural feature providing strength to age-hardenable Al alloys
is nanoscale precipitates. Alloy development requires a reliable statistical assessment of
these precipitates, in order to link the microstructure with material properties. Here, it
is demonstrated that scanning precession electron diffraction combined with computational
analysis enable the semi-automated extraction of precipitate statistics in an Al-Mg-Si-Cu alloy.
Among the main findings is the precipitate number density, which agrees well with a conventional
method based on manual counting and measurements. By virtue of its data analysis objectivity,
our methodology is therefore seen as an advantageous alternative to existing routines, offering
reproducibility and efficiency in alloy statistics. Additional results include improved qualitative
information on phase distributions. The developed procedure is generic and applicable to any
material containing nanoscale precipitates.

1. Introduction
6xxx series Al(-Mg-Si(-Cu)) alloys form an important group of engineering alloys and are found
in a range of applications in buildings and constructions, transportation and marine structures.
Increasing industrial demand for materials combining properties such as low weight, high
strength, high formability and good corrosion resistance, make Al-based alloys prime candidates
for future applications. As an example, this is reflected in their growing impact in the automotive
industry [1].

The 6xxx series alloys are characterised by a significant increase in hardness upon short-
term thermal ageing. This increase is caused by a large number of small, semi-coherent and
metastable needle-shaped precipitates formed along the 〈100〉Al directions in the Al matrix from
a solid solution of Mg and Si [2]. These nanostructures act as obstacles to dislocation movement
through the Al matrix, hence strengthening the material.

The early-stage precipitation sequence in Al-Mg-Si-Cu alloys is normally given as [3–5]

SSSS → atomic clusters → GP-zones → β′′,L → β′(-Cu),U1,U2,C,B′,Q′.

The number and type of the different phases forming throughout the Al matrix are crucially
dependent on alloy composition and all prior thermo-mechanical processing. In order to further
optimise material properties, detailed and reliable precipitate statistics and its change versus
different ageing times, is needed. This is generally acquired through bright-field (BF) and/or
dark-field (DF) transmission electron microscopy (TEM) imaging techniques, with subsequent
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manual counting and measurements [6]. With recent developments of TEM techniques yielding
large, multi-dimensional datasets [7], and corresponding parallel advancements in powerful data
processing tools [8], techniques for obtaining the statistics in more objective and reproducible
manners are sought. This forms the main motivation behind this work.

2. Materials and methods
The material studied has a nominal composition Al-1.11Mg-0.50Si-0.16Cu (at.%) [9]. From an
extruded rod with cylindrical profile (Ø 20mm) a sample of 10mm height was cut and solution
heat treated at 540 ◦C for 15min, before water quenched to room temperature. After 4 h natural
ageing it was artificially aged for 6 h at 200 ◦C, yielding a slightly over-aged condition. TEM
samples were made by standard electro-polishing using a Struers Tenupol-5.

Scanning precession electron diffraction (SPED) was performed using a NanoMEGAS
DigiSTAR scan generator fitted to a JEOL 2100F TEM operated at 200 kV, with a precession
angle of 1◦ and a step size of 2.28 nm. To get high quality data from the nm-sized precipitates
the precession system was aligned using the procedure proposed by Barnard et al. [10]. The
main SPED dataset is presented as a virtual dark-field (VDF) image (Figure 1) formed by
plotting the intensity of a sub-set of pixels in each PED pattern as a function of probe position.
The dataset comprises 247 500 diffraction patterns (DPs) covering an area of 1.34 µm2 in
550× 450 pixels. The 4D-SPED dataset was primarily analysed using the HyperSpy [8] Python
library. An image that highlights the precipitate cross-sections was obtained through principal
component analysis, giving a component pattern that closely resembled the sum of precipitate-
characteristic reflections. After applying local intensity thresholding, the number of precipitate
cross-sections in the scanned area was obtained using a blob-detection algorithm based on the
Laplacian of Gaussian method on the pre-processed image. Information on precipitate types was
extracted using non-negative matrix factorisation (NMF) with a navigation mask surrounding
all precipitate cross-sections detected (Figure 2). The NMF component patterns were compared
to (kinematically) simulated DPs of reported phases in the Al-Mg-Si-Cu system. High-angle
annular dark-field scanning TEM (HAADF-STEM) images were acquired on a double corrected
JEOL ARM200CF microscope operated at 200 kV.

The total area analysed by conventional methods covered approximately 1.1 µm2, comparable
to the SPED scan area, and was acquired in the same grain. The precipitate number density, ρ
[µm−3], was calculated as [6]

ρ =
3N‖

A(t+ 〈l〉) . (1)

Here, N‖ is the number of precipitate cross-sections in the imaged area, A, while t is the area
thickness and 〈l〉 is the average needle length. The factor 3 accounts for the 3 equivalent 〈100〉Al

directions in which the needles grow, hence assuming an isotropic distribution. The sample
thickness, measured by electron energy loss spectroscopy (EELS), gives the highest contribution
to the uncertainty in the calculated precipitate number density. The total precipitate number
density, 〈ρ〉, is given as the average of all number densities calculated from single images.

3. Results and discussion
The statistics obtained using conventional and SPED methodologies are presented in Table 1,
showing a number density of (65 700± 6700) µm−3 and (67 800± 5500) µm−3 for the two
approaches, respectively. Considering the high number densities involved, this shows a close
agreement between the two methods. It implies that the PED pattern stack has sufficient
signal-to-noise ratio to give a number density comparable to that of broad-beam illumination
modes.
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200 nm 80 nm
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Figure 1. (a) VDF image formed from a SPED scan acquired near a 〈100〉Al zone axis using
precipitate diffraction spots. The area covers 1.34 µm2 in 550 × 450 pixels. (b) Enlarged view
of the dashed region in (a).
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Figure 2. (a) HAADF-STEM images of the three main precipitates observed. Unit cells of the
phases are highlighted in red. In the disordered L-phase, parts of the Si-network are marked.
(b) NMF component patterns resembling (kinematical) DPs of the corresponding precipitate
types in (a). Some aluminium reflections are marked and indexed. (c) Colour-map showing
the precipitate phase distribution obtained from loading maps associated with the main NMF
component patterns of (b). The area in (c) is the same as in Figure 1 (b).
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The transition from Figure 1 (b) to Figure 2 (c) shows how the initial coarse estimate of number
density is refined and that in addition, phase fractions are obtained. The latter has excluded
those cross-sections which are not associated with a recognisable DP from the phases present.
This second refinement is not attainable in manual analysis of BF/DF images where it may be
difficult to differentiate between e.g. in-plane and normal orientations of small β′′ needles.

Table 1. Precipitate statistics obtained using the two presented methodologies.

Method β′′ [%] β′(-Cu) [%] L [%] Hybrid phase [%] 〈ρ〉 [µm−3]

Conventional 54 Unattainable 10 36 65 700±6700
SPED 73 1 12 14 67 800±5500

The precipitate fractions in Table 1 show significant variations, agreeing only on the fractions of
the L-phase. This was expected, as the conventional methodology determines precipitate type
solely based on shape and orientations relative to the Al matrix, while SPED uses information
from reciprocal space. A phase such as β′(-Cu) does normally not extend to the Al interface,
and the outer region consists of a narrow layer of other phases (or fractions thereof). Purely
geometric considerations must therefore classify less well-defined cross-sections as hybrid. The
L-phase has a distinct, narrow cross-section, easily recognised in BF images. Furthermore, since
it rarely couples with the other phases, its fraction should be reliable.

4. Conclusions
Computational analysis of SPED data yields precipitate number densities in close agreement
to conventional methodologies. Obtained phase fractions show significant deviations between
the methods, and is suspected to be a consequence of inaccuracy in traditional routines being
based on purely geometric considerations. With implications of equal sensitivity in the two
approaches, the SPED estimate of phase fractions is considered more reliable. Due to the
increased objectivity of the new analysis, the results are more readily reproducible, which has
important implications for the validity and use of TEM statistics in future alloy developments.
Further work aims at refining the methodology, making all steps automated and quantifying
uncertainties more accurately.
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a b s t r a c t

T-(Al20Cu2Mn3) phase dispersoids are important for limiting recovery and controlling grain growth in Al-
Cu alloys. However, these dispersoids can also reduce precipitation hardening by acting as heterogeneous
nucleation sites and may lead to increased susceptibility towards pitting corrosion when galvanically
coupled with S-(Al2CuMg) phase precipitates. The interplay between T- and S-phases is therefore
important for understanding their effect on the mechanical and electrochemical properties of Al-Cu-Mg
alloys. Here, the crystallographic relationships between the T-phase, S-phase, and surrounding Al matrix
were investigated in an Al-1.31Cu-1.14Mg-0.13Ag-0.10Fe-0.28Mn (at.%) alloy by combining scanning
precession electron diffraction with misorientation analysis in 3-dimensional axis-angle space and high-
resolution transmission electron microscopy. Orientation relationships are identified between all three
phases, revealing S-T orientation relationships for the first time. Differences in S-Al orientation re-
lationships for precipitates formed at T-phase interfaces compared to their non-interfacial counterparts
were also identified. These insights provide a comprehensive assessment of the crystallographic re-
lationships in T-/S-phase aggregates, which may guide future alloy design.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

2xxx series Al alloys are Cu-containing age-hardenable alloys
widely used in the aerospace industry due to their high strength-
to-weight ratio, good formability, and high damage tolerance
[1,2]. Alloys based on the Al-Cu-Mg system are particularly com-
mon owing to their high fracture toughness and fatigue resistance
[3,4]. Al-Cu-Mg alloys obtain most of their strength from a distri-
bution of atomic clusters, Guinier-Preston-Bagaryatsky (GPB) zones
[5], and precipitates of different metastable phases that are formed
throughout the Al matrix during heat treatment. Commercial alloys
typically have an atomic ratio Cu:Mg> 1 which eventually leads to
formation of equilibrium S-(Al2CuMg) and/or q-(Al2Cu) precipitates
preceded by their precursor phases [6e9]. Ag additions to this alloy
system have been found to increase strength by modifying and
enhancing the age hardening response [10e12]. This is achieved by
promotingU-(Al2Cu) phase formation over q0(Al2Cu) [13,14] leading

to a denser distribution of finer precipitates. Mn additions reduce
the detrimental effects on mechanical properties from Fe impu-
rities by forming dispersoids during high temperature homogeni-
sation. In Al-Cu-Mg alloys the main dispersoid phase is T
(Al20Cu2Mn3, Bbmm, a¼ 23.98 Å, b¼ 12.54 Å, c¼ 7.66 Å [15]) which
effectively pins grain boundaries, limits recrystallisation, accumu-
lates dislocations, and resists recovery after forming [16e18]. The T-
phase dispersoid can increase the sensitivity to micro-crack initi-
ation but can on the other hand prevent fast and continuous crack
propagation [19]. The T-Al interface can act as a heterogeneous
nucleation site for phases such as U, q(q0), and S(S0) [20e22]
creating dispersoid aggregates and reducing normal intra-granular
precipitation.

Although the contribution of Cu and Mg in precipitation of
various phases results in a higher strength and mechanical per-
formance, the phases formed generally lead to a significant drop in
corrosion resistance [4]. Extensive research has been devoted to
study different aspects of corrosion in these alloys, including
localized corrosion, galvanic coupling between phases and stress-
corrosion cracking [23e27]. Several studies point out the S- and* Corresponding author.
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T-phase as most important particularly with regards to initiation of
pitting corrosion, especially when the two phases are in contact
forming a galvanic couple [28].

T-phase dispersoids tend to adopt rod-like morphologies with
their long axes along h001〉Al directions. In cross-section, the
morphology is typically a lath or a shell-shaped structure [29]. In-
ternal faulting, particularly twinning, is common, and successive
twinning transforms the cross-section from a lath to a shell-shaped
structure [30]. The crystal structure of the S-phase has been subject
to much debate but there is now broad consensus around the
Perlitz-Westgren structure (Al2CuMg, Cmcm, a¼ 4.00 Å, b¼ 9.23 Å,
c¼ 7.14 Å) [31,32]. The T- and S-phase crystal structures are shown
in Fig. 1.

Crystallographic orientation relationships (ORs) between the T-
phase, S-phase, and Al matrix, as well as the internal structure of
the T-phase, have been the subject of numerous studies across a
range of compositions and thermo-mechanical treatments. Re-
ported ORs are summarised in Table 1 and Table 2. Three ORs have
been observed between the T-phase and Al matrix [33], all with the
[010]T axis aligned along h001〉Al but with different coincident
planes.When viewed along the ½010�T axis, the twinning is seen as a
� 36� rotation about the axis with {101}T as the twin plane, which
can yield structures exhibiting pseudo 10-fold symmetry [34].

Different crystallographic relationships between the S-phase
and Al matrix have been reported, the most frequent of which is
that discovered by Bagaryatsky [35] (OR(I) in Table 2) corre-
sponding to type I S-phase. However, rotations of several degrees

away from this S-Al OR are observed. This has led several authors
[9,36e39] to distinguish a second OR (e.g. OR(II-IV) in Table 2)
rotated by 3� to as much as 9� about the [100]S//[001]A1 axis away
from OR(I), and is potentially associated with a second type of S-
phase (type II). It has been suggested that the two ORs may be
extrema of a continuous or near continuous distribution of rotation
angles [37]. The rotation has been rationalized in terms of a
competition between elastic strains due to lattice mismatch be-
tween coherent interfaces formed at each OR [38]. Some studies
found that type II S-phase grows at the expense of type I, and that
type II is the more stable phase [9,40]. Studies conducted by Styles
et al. [40,41] concluded that there are no significant differences in
crystal structure between the two types, but that type I has a
deficiency of Cu which may explain observed variations in lattice
parameters between the two types. S-phases adopting OR(I) tend to
be lath-like with atomically sharp interfaces, whereas precipitates
following the second OR tend to be rod-shaped with stepped in-
terfaces [39]. The ratio of type I relative to type II S-phases is among
others dependent on ageing times and temperature [40], as well as
quenching rate from homogenisation and whether cold work is
applied prior to ageing [9,42]. S-T ORs and S-Al ORs for S-phase
precipitates nucleated on T-phase dispersoids have been less
studied [20].

In this work, scanning precession electron diffraction (SPED) is
applied in combination with misorientation analysis in axis-angle
space and high-resolution imaging to understand the structure of
dispersoid aggregates comprised of T-phase dispersoids and S-
phase precipitates surrounded by the Al matrix. In addition, a
comparison is made between S-Al misorientations for S-phase
precipitates decorating T-phase dispersoids and those located away
from T-phase interfaces. Knowledge of these crystallographic re-
lationships will enhance understanding of the effect of T-/S-phase
aggregates on mechanical and electrochemical properties in Al-Cu-
Mg alloys.

2. Material & methods

2.1. Material

The nominal composition of the Al alloy studied in this work is
shown in Table 3. The as-received material was an extruded rod
pre-heated to 400

�
C and extruded at 390

�
C. From the extruded rod

a cylinder (Ø ¼ 20 mm, height ¼ 10 mm) was cut and solution heat
treated at 440

�
C for 1 h before water-quenched to room temper-

ature. The material was then directly set to artificial ageing at
170

�
C conducted in an oil-bath, avoiding any natural ageing effects.

The material was studied in an over-aged condition, which was
obtained after 4 days of ageing.

Electron transparent thin film specimens were prepared from
3 mm diameter discs of material ground to a thickness of ~100 mm
before further thinning by electrolytic polishing. Electro-polishing
was performed using a Struers Tenupol-5 operated at a voltage of
20 V (current 0:2 A). The electrolytic solution comprised a 2:1
mixture of methanol:nitric acid and was held at a temperature in
the range �30

�
C to �25

�
C. Prior to SPED and high resolution mi-

croscopy, the specimens were cleaned using a Fischione 1020
Plasma Cleaner to reduce the risk of carbon contamination build-up
during data acquisition.

Fig. 1. Crystal structures of the (a) T- and (b) S-phase. A flattened hexagonal subunit in
the T-phase is indicated and is relevant in twinning of this structure.

Table 1
Reported T-Al orientation relationships [33]. n denotes a unit vector that runs par-
allel to the axis of rotation.

OR Parallelism Axis-angle

(I) f200gT // f200gAl, h010〉T // h001〉Al (// n) n; 0
�

(II) f200gT // f403gAl, h010〉T // h001〉Al n; 36:87
�

(III) f200gT // f301gAl, h010〉T // h001〉Al n; 18:43
�

Table 2
Reported S-Al orientation relationships I [35], II [36], III [37,38], and IV [39].

OR Parallelism Axis-angle

(I) f001gS // f012gAl, h100〉S // h001〉Al (// n) n; 26:57
�

(II) f001gS // f052gAl, h100〉S // h001〉Al n; 21:80
�

(III) f021gS // f014gAl, h100〉S // h001〉Al n; 18:84
�

(IV) f043gS // f021gAl, h100〉S // h001〉Al n; 17:55
�

Table 3
Nominal composition of the Al alloy studied.

Element Al Cu Mg Ag Fe Mn

at.% bal. 1.31 1.14 0.13 0.10 0.28
wt.% bal. 3.00 1.00 0.50 0.20 0.55
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2.2. Electron microscopy

High-resolution transmission electronmicroscopy (HRTEM) and
SPED were performed using a JEOL 2100F (S)TEM operated at
200 kV and fitted with a NanoMEGAS ASTAR system [43,44] to
enable the simultaneous scan and acquisition of precession elec-
tron diffraction patterns at each probe position. SPED was per-
formed with the microscope operated in nanobeam diffraction
mode. The probe convergence semi-angle was measured as
1:0 mrad. The precession angle employed was 0:5� 1:0

�
and the

precession frequency was set to 100 Hz. The scan step size was in
the range 0:76� 2:28 nm and the exposure time per pixel was 20�
40 ms. Diffraction patterns were recorded using a Stingray camera
photographing the microscope's fluorescent screen. The double-
rocking probe required for PED was aligned following the method
detailed by Barnard et al. [45]. High-angle annular dark-field STEM
(HAADF-STEM) was performed using a double corrected JEOL ARM
200F microscope operated at 200 kV using a detector collection
angle of 42e178mrad.

2.3. Phase & orientation mapping

Phase and orientation maps were formed using the pattern
matching approach of Rauch et al. [46] in which the 2-dimensional
PED pattern recorded at each probe position in a 2-dimensional
area scan is matched against a library of simulated diffraction
patterns, for all asymmetric orientations of the expected phases.
Prior to this pattern matching, a background subtraction was
applied to each PED pattern using a routine implemented in the
pyXem Python library [47e49], and the template matching pa-
rameters in the ASTAR software were tuned to obtain good agree-
ment between thematching results and HRTEM images of the same
particles, as detailed in Supplementary Information (SI).

Orientation mapping results were analysed using the Matlab
toolbox MTEX [50], following procedures described by Krakow
et al. [51]. Crystallographic domains in the dispersoid aggregates
were typically defined using regions with a common phase and
orientationwithin a threshold of 10�, which was found to give good
agreement with the same phases observed in HRTEM images.
Orientation relationships between these crystallographic domains
were investigated by calculating the misorientation between
neighbouring pixels across all domain boundaries. This misorien-
tation data was then visualised, for each type of phase boundary by
plotting the disorientation between adjacent domains as a vector in
the appropriate symmetry reduced region (fundamental zone) of a
3-dimensional misorientation space [51]. The vector space chosen
was the axis-angle space inwhich a disorientation is represented by
a vector r:

r ¼ un (1)

where n is a unit vector parallel to the axis of rotation and u is the
angle of rotation [�]. This representation is preferred over other
mappings because the rotation angle is simply read from the plot
and it is sufficient for visualisation.

3. Results

3.1. TEM observations

Conventional TEM imaging was performed to obtain an over-
view of the phases present, which were identified based on char-
acteristic morphology and lattice structure in high-resolution
images, as shown in Fig. 2, Fig. 3, and Fig. 4(a,d). A high number

density of U-phase precipitates were observed throughout the Al
matrix, as well as elongated S-phase precipitates and T-phase dis-
persoids. The U-phase exists as thin, hexagonal shaped plates
formed on {111}A1. S-phase precipitates were more inhomoge-
neously distributed, growing as rods or laths on {021}A1 planes and
extending along 〈100〉Al directions. S-phase precipitates were
frequently observed clustered together, having formed heteroge-
neously on T-phase dispersoids or inwall-structures of adjoining S-
phase precipitates on underlying dislocation networks, in

Fig. 2. TEM image of the over-aged Al-Cu-Mg-Ag alloy microstructure as viewed near
the [001]A1 zone axis. The main phases observed are indicated.

Fig. 3. Different variations of S-phases in the alloy microstructure as observed near the
[001]A1 zone axis. (a) A single lath-shaped S-phase. (b) A wall-structure of adjoining S-
phases nucleated on a dislocation network. (c) A single rod-shaped S-phase. (d) A
cluster of coarsened S-phases.
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agreement with previous reports [20,52] (see Fig. 3(b,d) and
Fig. 4(a,d)). Both lath- and rod-shaped S-phase cross-sections were
observed, laths being more frequent. A smaller number of indi-
vidual S-phase precipitates, likely formed by homogeneous bulk
nucleation, was also observed (Fig. 3(a,c)). Moir�e fringes can be
observed in some images, e.g. Fig. 3(b,d), which are attributed
primarily to overlap between the S-phase cross-sections and sur-
rounding Al. Whilst this suggests a more diverse range of precipi-
tatemorphologies than is evident from these projection images this
does not affect assessment of orientation relationships between
phases.

Dispersoids were identified as T-phase and all of these were
decorated by S-phase precipitates at prior T-Al interfaces (see
Fig. S1-24 in SI). Typically, 1-10 S-phases were observed at each
dispersoid. No U-phases were observed at the T-phase interfaces.
Morphologically, both shell-shaped (Fig. 4(a)) and lath-shaped
(Fig. 4(d)) T-phase dispersoids were observed, and all exhibited
some degree of rotation-twinned substructure. T-phase cross-
section diameters or diagonals were measured in the range
45e75 nm, and cross-section aspect ratios varied between 1.1 and
1.9. S-phase precipitates were observed to grow both parallel and
perpendicular to the T-phase elongation axis. S-phase precipitate
lengths were measured as ð136±19Þ nm and ð146±24Þ nm for S-
phases at T-phase interfaces (i.e. S-phases with elongation perpen-
dicular to the T-phase axis) and non-interfacial S-phases, respec-
tively. Cross-section areas for the two categories were ð93±8Þ nm2

and ð69±8Þ nm2, respectively. This indicates a slight coarsening of
S-phase precipitates decorating T-phase dispersoids.

3.2. Dispersoid aggregates

Dispersoid aggregates comprise the T-phase dispersoid, inter-
facial S-phases, and surrounding Al matrix. The structure of 10 such
aggregates was investigated in detail using correlated HRTEM and
SPED data, as shown in Fig. S1-20. Two examples are presented in
Fig. 4, showing a shell- and lath-shaped T-phase exhibiting pro-
nounced and limited rotation-twinning, respectively. Comparing
HRTEM images and SPED mapping results from the same disper-
soid aggregates demonstrates that the primary crystallographic
features were accurately captured in the SPED data analysis. T-
phase substructures such as anti-phase boundaries (APBs), micro
twins, and twin boundaries (TBs) confined to a limited number of
hexagon subunits in width (multilayers) [34,53] could not be
resolved by SPED, but are often associated with pixels of lower
reliability and/or index value in pattern matching (Fig. S1-20). In
total, 43 S-phases at the interface of T-phases were mapped by
SPED. The disorientation data for each type of phase boundary
shown in the following is the combined data extracted from all
SPED scans recorded in the present work.

3.2.1. T-phase orientation relationships
Crystallographic relationships between rotated domains of the

T-phase (T-T) and across the T-Al interface were assessed by plot-
ting disorientations within the corresponding fundamental zones
of axis-angle space as shown in Fig. 5, with previously reported T-Al
ORs (Table 1) highlighted. T-T domain boundary disorientations
(Fig. 5(a)) are clustered near a ~36� rotation about ½010�T

Fig. 4. Structure of a (aec) shell-shaped and (def) lath-shaped T-/S-phase aggregate. (a,d) HRTEM images of the aggregates with S-phases and T-phase TBs/TB multilayers indicated.
Inserts show the image fast fourier transforms. (b,e) Phase maps obtained via template matching of SPED data. (c,f) Orientation maps showing the disorientation angle u taken
about an axis r (Eq. (1)) at each probe position relative to the specimen reference frame (x,y,z). The average orientation of each labelled domain/phase is indicated by drawn unit
cells of the T- and S-phase (not to scale).
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corresponding to twinning [34]. Two smaller clusters are also
observed at 0� and ~72�, the latter corresponding to twice the
twinning angle. Both are associated with disorientations across
domains in the rotation-twin centres, i.e. the regions from which
the twin domains seemingly emanate. In this region, each domain
shares a small boundary to other domains that can be rotated
relative to it by 0�, ~36�, or ~72�. Data points away from these
disorientation clusters were likely misindexed pixels as a result of
local disorder, e.g. the unresolved APBs, micro twins or TB multi-
layers. The spread in T-T TB disorientations (FWHM of angle dis-
tribution) of ~1.2� is taken as an indication of angular resolution,
which is consistent with estimated angular resolution for spot
pattern based indexation [54].

T-Al disorientations (Fig. 5(b)) form 3 main clusters near pre-
viously reported T-Al ORs. The 2 clusters situated at negative an-
gles along the [010]T//[001]A1 axis correspond, by symmetry, with
those at equivalent positive values, i.e. near ORs (II) and (III). There
is a spread of rotations � 4

�
away from the exact angles described

by the ORs, primarily about the [010]T//[001]A1 axis since most
data points are distributed parallel to this axis. This implies that
there exists a deviation of ±4

�
from exact OR parallelisms across

the T-Al interface. The cluster spread is less pronounced perpen-
dicular to the [010]T//[001]A1 axis, implying that the [010]T elon-
gation axis remains reasonably parallel to the [001]A1 direction. A
5� radius sphere of disorientations about OR(I), OR(II), and OR(III)
accounts for 7%, 30%, and 50% of all disorientation data points,
respectively.

The substructure of T-phase dispersoids are observed in HAADF-
STEM, as shown in Fig. 6. APBs (Fig. 6(c)) formwhere there exists a
band one single hexagon subunit in width rotated (by the twinning
angle) with respect to the surrounding twin domain. A micro twin
forms when a second band rotatedwith respect to the first appears.
A TB multilayer appears as a narrow band, usually 2e5 hexagon
subunits in width. Another more complex feature is transition re-
gions (Fig. 6(b)), which comprise different geometrical structures
formed by various hexagon subunit tessellations. The T-phase
substructures that extend to the T-Al interface are likely the main
explanation for misindexed data points in Fig. 5(b) that are spread
at significant distances away from the main observed disorienta-
tion clusters. The bright regions in Fig. 6 are primarily due to
incorporation of Ag in the S- and T-phase. Additional HAADF-STEM
images are presented in Fig. S23 and Fig. S24.

3.2.2. S-Al orientation relationships
S-Al disorientations for S-phase precipitates situated at T-phase

interfaces and non-interfacial counterparts are shown in Fig. 7, with
previously reported S-Al ORs (Table 2) highlighted. In both cases,
the disorientations cluster together near the [100]S//[001]A1 axis.
The cluster of disorientations for S-phases situated away from T-
phase interfaces (Fig. 7(b)) is more clearly placed at the [100]S//
[001]A1 axis, whereas the disorientations for interfacial S-phases
(Fig. 7(a)) show a dense population slightly off axis. This implies
that there exists more deviation from exact [100]S//[001]A1 paral-
lelism when S-phase precipitates decorate the T-Al interfaces. S-
phase precipitates placed away from T-Al interfaces are more
strictly confined to in-plane ((001)A1) rotations about [100]S//
[001]A1 configuration.

S-Al interfaces for S-phase precipitates not decorating T-
phases show a disorientation angle distribution shifted towards
OR(I), with a dense population between OR(I) and OR(II) (~5�

spread). For S-phases at T-phase interfaces the disorientations
are more evenly spread across a ~9� range of rotations. A 2�

radius sphere of disorientations around OR(I-IV) accounts for
48%, 35%, 9%, and 4% of all disorientation data points in the case
of S-phases at T-phase interfaces, respectively. Corresponding

Fig. 5. T-phase disorientations and previously reported orientation relationships
plotted in corresponding fundamental zones of axis-angle space. (a) T-T disorientations
across 34 boundaries. (b) T-Al disorientations across 51 boundaries.

Fig. 6. (a) HAADF-STEM image of a T-phase dispersoid with a S-phase precipitate at
the prior T-Al interface as viewed near the [001]A1 zone axis. TBs/TB multilayers, micro
twins, APB, and a transition region are observed. (b) Transition region comprising
different tessellations of the hexagonal subunit. (c) An APB and a TB multilayer. (d) S-T
phase boundary with unit cells indicated.
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numbers are 78%, 9%, 3%, and 1% for S-phases located away from
T-phase interfaces.

3.2.3. S-T orientation relationships
S-T phase boundary disorientations are shown in Fig. 8. The

majority of disorientations fall close to the [100]S//[010]T axis, and is
consistent with HRTEM (Fig. 4(a,d)) and HAADF-STEM (Fig. 6(d))
images, showing that the a- and b-axis of the S- and T-phase
respectively, runs near parallel to [001]A1. Several clear disorien-
tation clusters can be seen, indicating the formation of several
definite S-T crystallographic ORs. By sampling potential low index
ORs placed along the [100]S//[010]T axis, corresponding to a range
of 90e120� in disorientation angles, the most probable crystallo-
graphic ORs were determined. The ORs were determined as those
candidate ORs which accounted for the largest percentage of dis-
orientations, falling within a n[�] radius sphere of disorientations
centred on the exact OR value, n being an integer. The analysis
yielded 3 ORs highlighted in Fig. 8. These ORs encompassed 26%,
27%, and 9% of all data points, using a 3� radius sphere for ORs (I-III),
respectively. The corresponding parallelisms and axis-angle rep-
resentations are shown in Table 4.

3.3. Orientation spread

Disorientations between phases in the T-/S-phase aggregates
generally showed significant spread about ORs described by plane
parallelisms. This was investigated by direct inspection of SPED raw
dataandmapping results foreachdispersoidaggregate, e.g. as shown
in Fig. 9. The misorientation angle across S-T boundaries (Fig. 9(a))
varied over the range 86e113�. The range was not continuously
populated, but rather showed clustering about the angles corre-
spondingwith S-T ORs(I-III) (Table 4), consistent with the axis-angle
representationof the combinedS-Tdisorientations in Fig. 8. Spatially,
the misorientation angle changed abruptly where the S-phase
crossed T-phase TBs (indicated by arrows in Fig. 9(a)). The misori-
entation angle across S-Al boundaries spanned the range 18e27�,
again consistentwith the combinedaxis-angle representationof S-Al
disorientations for interfacial S-phase precipitates in Fig. 7(a). The
population of angles showed a continuous, or near continuous dis-
tribution across this range. Particularly for S-phase precipitates
crossing T-phase TBs, the full range of rotations was observed.

Taking S1 in Fig. 9(a) as an example, at the S1-T1 boundary the
misorientation angles indicate that S-T OR(III) is followed. Moving
from left to right crossing the T1-T2 TB, S1 makes a sharp adjust-
ment at the S1-T2 interface to S-T OR(II) in order to accommodate
the large changes in interface structure necessary to adjust to the
rotation-twinned T2 domain. Crossing the T2-T6 TB, S-T OR(III) is
re-established as the T-phase has rotated in the opposite direction
back to T1 orientation (see Fig. 4(c)). The transition involves ~16�

rotations of the S1-T interface. Adjustments are also observed at the
phase boundary between S1 and the surrounding Almatrix. The S1-
Al boundary exhibits a 18e27� range of misorientation angles,
gradually increasing from left to right. Comparing with reported

Fig. 7. S-Al disorientations and previously reported orientation relationships plotted in
fundamental zones of axis-angle space. (a) S-Al disorientations across 43 boundaries
for S-phases situated at T-phase interfaces. (b) S-Al disorientations across 57 bound-
aries for S-phases placed away from T-phase interfaces.

Fig. 8. S-T disorientations across 43 boundaries and proposed orientation relation-
ships plotted in the corresponding fundamental zone of axis-angle space.

Table 4
S-T orientation relationships inferred from measured disorientations.

OR Parallelism Axis-angle

(I) f001gS // f001gT, h100〉S // h010〉T (// n) n; 90
�

(II) f011gS // f001gT, h100〉S // h010〉T n; 96
�

(III) f013gS // f100gT, h100〉S // h010〉T n; 112
�
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plane parallelisms this nearly corresponds to a continuous or near
continuous rotation from S-Al OR(I) to OR(IV).

The misorientation with respect to the mean of each crystallo-
graphically distinct domain is shown in Fig. 9(b) and reveals sig-
nificant variation inside individual S-phase precipitates. The largest
deviations are observed where the S-phase crosses T-phase TBs.
The deviation from the mean reach ~9� for the interfacial S-phases,
compared with variations below ~3� within T-phase domains and
the surrounding Al matrix.

The PED patterns presented in Fig. 9(c) are from marked po-
sitions in Fig. 9(b) and verify the discussed orientation variation of
the T-/S-phase aggregates. The patterns show a significant in-
plane ((001)A1) rotation about the [100]S//[001]A1 axis within S1
(pattern 1e2), and an out-of-plane tilt of the S-phase structure away
from this axis within S5 (pattern 3e4), which is apparent from the
asymmetric intensity distribution and is consistent with the obser-
vation of phase boundary misorientations tilted away from simple
parallelisms in addition to significant rotations about the parallel
direction. As observed in axis-angle space, the largest tilts (spread of
data points perpendicular to main axes) occur for S-phase pre-
cipitates in dispersoid aggregates (Fig. 7(a)), an example of which is
shown here.

4. Discussion

The combined TEM and SPED study presented here provides
new insights to the inter-phase relations of T-/S-phase aggregates.
In the following, these findings are interpreted in light of previous
reports on the phases studied separately.

The T-phase dispersoid forms during the homogenisation pro-
cess at temperatures above 400

�
C [55]. Depending on the time and

temperature at this stage the T-phase undergoes different degrees
of rotation-twinning, which consequently affect the morphology.
Long times and higher temperatures favour shell-shaped structures
exhibiting pronounced twinning. A pseudo 10-fold symmetry
centre can develop from successive twinning of T-twin domains.
This symmetry centre is built from five differently oriented T-twin
domains, each with a mirrored version, and which has three un-
derlying T-Al ORs (Table 1). A recent study [30] has shown that the
reported ORs can continually change as the T-phase undergoes
rotation-twinning, requiring as much as 9� rotation of T-twin do-
mains about the ½010�T//½001�Al axis, which likely results from the
increase in interface energy caused by the twinning. The lattice
mismatch of the T-phase hexagon subunit with (200)A1 and (002)A1
is largest for T-Al OR(III) (6.7% and 8.6%, respectively), which is only

Fig. 9. (a) Phase map of a T-/S-phase aggregate with phase/domain boundaries coloured according to the misorientation angle between neighbouring pixels. Arrows highlight
abrupt changes in misorientation angle across S-T boundaries. This is the same dispersoid aggragate as shown in Fig. 4(a). (b) Misorientation with respect to the mean for each
phase/domain, respectively. T-phase domains are highlighted by white lines, and red lines mark S-phase cross-sections. (c) The PED patterns from the numbered pixels 1e4 in (b).
Dashed lines (1e4) from the associated PED pattern 1e4 is drawn to compare orientations. (For interpretation of the references to colour in this figure legend, the reader is referred
to the Web version of this article.)
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found in T-phases with multiple T-twin domains [29,30,33]. Large
rotations at the T-Al interface were also observed in the misori-
entation analysis conducted here, which measured up to ~8� ro-
tations about previously reported ORs (I-III), seen from Fig. 5(b).
OR(III) was found to be the most frequent, which is reasonable as
the majority of T-phase dispersoids analysed exhibited pronounced
rotation-twinning (see Fig. S1-20).

Similarly, the misorientation analysis of non-interfacial S-phase
precipitates showed several degrees variation from reported OR
parallelisms. This was found to be approximately confined to a ~5�

range of rotations (Fig. 7(b)), a smaller number of data points
reaching larger rotations. Previous reports show similar results,
with upper bounds reaching 6� 9

�
[37e39] rotation away from

OR(I) reported by Bagaryatsky [35]. This attests to the preference
for heterogeneous nucleation.

It has hence been shown that both the S- and T-phase individ-
ually show in-plane ((001)A1) rotations of several degrees from
reported ORs with the Al matrix. The upper bounds of the range of
rotation angles exhibited by S-phase precipitates situated away
from T-phase interfaces corresponds well with the noted rotation
that occur at the T-Al interface. The similarity may indicate why the
T-Al interface is energetically favourable for S-phase nucleation and
subsequent growth, and it reasons the finding of crystallographic
ORs between the two phases. The correspondence of angles implies
that the S-phase has the capability of accommodating the full
rotation imposed by the maximum rotation at the T-Al interface. In
the present study, S-phase precipitates were observed on all
studied T-phase dispersoids, which suggests a good structural
match between the two phases. These S-phases were seen to
exhibit up to ~9� rotation about an axis near ½100�S//½001�Al
configuration (Fig. 7(a)), in close agreement with the magnitude of
the range of rotations (~8�) observed at the T-Al interface (Fig. 5(b)).
As previously mentioned, the population of orientation angles
exhibited by S-phase precipitates decorating T-phase interfaces
was more spread towards larger angles than for the non-interfacial
S-phases. This is to be expected as the S-phase has to accommodate
the large rotations occurring at the T-Al interface.

The majority of S-phase precipitates in dispersoid aggregates
seems to have grown preferentially along the T-Al interface. This is
indicated by the observation that many S-phase precipitates in
projection form caps at the prior T-Al interface, seen from Fig. 4,
Fig. S1-20 and Fig. S23-24. This hence maximises the S-T interface
area. Interfacial S-phase cross-sections typically have a narrow
extension normal to the S-T interface. This implies that the S-T
interface is energetically preferable as compared to S-Al interfaces.
The interfacial S-phases have to adjust to local changes in both the
T-phase structure and the surrounding Al matrix. The interface of
the T-phase to which the S-phase has to conform is a complex
rotation-twinned structure, often complicated further by regions of
geometrical defects (see Fig. 6 and Fig. S23-24). If the S-T interface
incorporates a TB, significant adjustments of the S-phase structure
must have resulted to maintain a definite crystallographic OR to
each of the T-twin domains and the Al matrix, simultaneously.
Furthermore, because the S-phase cross-section usually is narrow
normal to the S-T interface, the structural adjustment must be a
rather sharp transition in orientation in close proximity of the TB at
the S-T interface. Misorientation angles across phase boundaries
show that this is indeed the case, with the S-T interface shifting to a
different OR across the TB (Fig. 9(a)). These changes in configura-
tion involve rotations of several degrees of the S- and T-phase
structures. The rotation is mainly about the [100]S//[010]T axis, but
tilts away from this configuration also occur (see Fig. 8).

The T-phase dispersoid often shows less orientation variation
compared to the S-phase precipitates near the S-T phase bound-
aries, as the misorientation-to-mean-plot shows (Fig. 9(b)). This is

because the phases are formed at different stages in material heat
treatment. The rotations observed at T-Al interfaces must already
be in place after quenching from homogenisation, unless the S-
phase nucleation and growth can cause the T-phase dispersoid to
bend. Due to the comparatively small size of interfacial S-phases
relative to the T-phase dispersoid, this is not thought to occur. The
S-phase nucleates and grows under artificial ageing (170

�
C), which

is too low in temperature for any significant changes in the T-phase
structure to occur [55,56]. The large local rotation of the S-phase
structure near the TB is likely associated with a significant shear
strain.

Some of the observed S-phase cross-sections at T-phase in-
terfaces were likely formed by the coalescence of two initially
separate S-phases. An example of this case was observed near a T-
phase TB (see Fig. S13). The final morphology of S-phase pre-
cipitates in dispersoid aggregates can be seen as a balance between
S-Al, S-T, and potentially S-S interface energies, reduction of lattice
parameter misfits, and resulting shear strain.

The comparison between S-phase precipitates in dispersoid
aggregates and S-phase precipitates formed away from T-phase
interfaces provides further insight to the phase boundary ener-
getics and the different inter-phase relations. Non-interfacial S-
phases do not have tomaintain a simultaneous ORwith the T-phase
in addition to the surrounding Al matrix. There is hence less need
for large local adjustments in interface configurations, and the
structure rotation that potentially arise from a variation in S- and/or
(locally) Al lattice parameters [9,37,38] stays more confined about
the [100]S//[001]A1 axis, as observed from Fig. 7(b). Furthermore,
the range of orientation angles exhibited is smaller for non-
interfacial S-phases (~5�). Although S-phases at T-phase in-
terfaces exhibit a broader range of disorientation angles with
respect to the surrounding Al matrix (~9�), the range is still
approximately confined to the crystallographic limits proposed by
Winkelman et al. [37] studying S-phases formed away from T-
phase interfaces (Fig. 7(a)).

It is noteworthy that, the U-phase, which was the most abun-
dant phase in the studied alloy microstructure, exhibits a high
resistance to coarsening [57] and remains small and uniformly
dispersed. These precipitates are therefore likely the most signifi-
cant contributors to strengthening in this over-aged condition. No
U-phase precipitates were observed at T-Al interfaces, which may
be explained by S(S0) nucleating more easily and depleting the
matrix of the solute supersaturation (mainly Cu) required to sup-
port the nucleation and growth of U [22].

5. Conclusions

SPED based orientation mapping combined with misorientation
analysis in 3-dimensional axis-angle space and correlated HRTEM
has been applied to study T-/S-phase aggregates in an Al-Cu-Mg-Ag
alloy. The analysis revealed that:

� T-phase dispersoids show a rotation-twinned substructure
characterised by� 36

�
rotation about [010]T with {101}T as twin

boundary planes. Dispersoids with a low number of twin do-
mains (<3) tend to be lath-shaped, and T-phases showing more
pronounced twinning have up to 10 domains, and exhibit shell-
shaped cross-sections.

� T-Al interfaces follow the previously reported T-Al ORs(I-III), but
show significant rotations (±4

�
) about the [010]T//[001]A1 axis

relative to exact OR parallelisms.
� S-Al interfaces for S-phases formed away from dispersoids show
a disorientation angle distribution clustered about S-Al OR(I),
mainly confined within a continuous (or near continuous)
spread of � 5

�
rotation towards OR(II). These S-phase
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precipitates showed a relatively strong confinement to rotations
about the [100]S//[001]A1 axis.

� S-Al interfaces for S-phase precipitates in dispersoid aggregates
exhibit a continuous (or near continuous) range of disorienta-
tion angles between 18 and 27� about the [100]S//[001]A1 axis.
These rotations are roughly confinedwithin the crystallographic
limits between S-Al OR(I) and OR(IV) (� 9

�
rotation). In addition,

these S-phases showed more out-of-plane tilts away from
[100]S//[001]A1 configuration compared to the non-interfacial
counterparts.

� Our work has found the following 3 ORs between S-phase pre-
cipitates and T-phase dispersoids:

(I) f001gS // f001gT, h100〉S // h010〉T
(II) f011gS // f001gT, h100〉S // h010〉T
(III) f013gS // f100gT, h100〉S // h010〉T

� Axes-angle representation of S-Al, S-T and T-Al disorientations
show several degrees deviation from reported/obtained crys-
tallographic ORs. This is seen as a necessary consequence of
changes in interface orientation and structure in maintaining
simultaneous crystallographic ORs between S, T and Al.

We have demonstrated a methodology of correlating imaging
and scanning diffraction techniques to allow precise analysis of
orientation relationships and disorientations at high spatial reso-
lution. The approach has potential for broad applications within
multi-phase materials such as metals, semiconductors and min-
erals, where phase coherency is decisive for macroscopic
properties.
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Summary

This research concerns the precipitation and subsequent dis-
solution of precipitate phases in an Al–0.86Mg–0.62Si–0.1Cu
(at.%) alloy subjected to varying thermal exposure during an
in situ heating transmission electron microscope (TEM) exper-
iment. The distribution and crystal structure of precipitates
were determined by a scanning diffraction approach at multi-
ple stages, pinpointing the precipitates that underwent phase
transformations during heating. Obtained results were com-
pared with TEM studies of the material heated ex situ. This
revealed differences in the transformation kinetics of precipi-
tates in an electron transparent lamella (thickness � 90 nm)
to that of macroscopic bulk specimens.

Introduction

Age-hardenable Al alloys are an important group of structural
materials that are strengthened by nanosized, metastable pre-
cipitates formed during thermal ageing. The precipitates are
conventionally studied using the TEM, with electron trans-
parent specimens prepared from materials heat treated to dif-
ferent stages. Due to improvements in specimen preparation
techniques and the advent of TEM heating holders with high
mechanical and thermal stability, it has now become possi-
ble to study the evolution of precipitates in situ (Malladi et al.,
2014; Liu et al., 2017; Park et al., 2019).

Al–Mg–Si(–Cu) alloys are important in automotive and
construction applications, and form characteristic needle- or
lath-shaped precipitates with long axes parallel to <100>A1

upon ageing (Edwards et al., 1998; Marioara et al., 2007).
Previous in situ heating studies of precipitates in this alloy
system have measured the overall changes to the distribution
of precipitate parameters (lengths, densities, etc.) (Tsao et al.,
2006; Chang et al., 2015; Flament et al., 2017). We have here

Correspondence to: Jonas Kristoffer Sunde, Department of Physics, NTNU, N-7491
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conducted an in situ heating TEM study, using bright-field
imaging and scanning precession electron diffraction (SPED)
combined with data post-processing to study the distribution
and identities of transforming precipitates. A single region of
interest was systematically studied, enabling tracking of the
evolution of individual precipitate phases. The results were
compared to conventional TEM studies of the material heat
treated ex situ (Sunde et al., 2019).

Material and methods

An extruded Al–0.86Mg–0.62Si–0.1Cu (at.%) alloy was sub-
jected to solution heat treatment (SHT) at 540◦C for 12 min,
and subsequently water-quenched to room temperature (RT).
The specimens heat treated ex situ were kept 10 min at RT be-
fore artificial ageing at 180◦C. A peak-hardened material was
obtained after approximately 3 h ageing. TEM specimens were
made by standard electro-polishing using a Struers Tenupol-5
applying a 1:2 nitric acid:methanol mixture (T ≈ −25◦C).

Electron backscatter diffraction was conducted in a Hitachi
SU6600 FE scanning electron microscope (SEM) on an elec-
tropolished TEM specimen which enabled mapping and iden-
tification of grains close to 〈001〉Al orientation. The speci-
men had been heat treated 20 min at 180◦C ex situ to initiate
the precipitation in bulk conditions. Subsequently, a focused
ion beam (FIB) lamella of a 〈001〉Al-oriented grain was pre-
pared and mounted on a DENSsolutions nanochip using a FEI
Helios G4 FIB. The chip was placed in a DENSsolutions D6
wildfire TEM holder which kept the specimen at 180–240◦C
in-between SPED scans. A JEOL 2100F microscope (200 kV)
was used to run the in situ heating and SPED experiments.
SPED was conducted using a NanoMEGAS ASTAR system.
The nanobeam diffraction probe semi-convergence angle was
1.0 mrad and the precession angle employed was 1.0◦. The
scan step size was selected as 1.52 nm and pixel exposure time
was 40 ms. SPED scans were recorded with the temperature
held at RT (T = 23◦C) and typically comprised 400 × 400
pixels, thus covering an area of ∼600 × 600 nm2 and taking

C© 2019 The Authors. Journal of Microscopy published by John Wiley & Sons Ltd on behalf of Royal Microscopical Society.
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Fig. 1. (A) TEM image of the FIB prepared lamella. Insert shows a SEM image of the ion-milled lamella mounted across the heating holder SiN window
using a C-weld. (B) A schematic of the heat treatment procedure. (C–I) Bright-field images acquired at indicated times (tx) in the region highlighted in
image (A) (∼90nm thickness). White and yellow arrows indicate L and (β ′′/)β ′/Q′ phases, respectively, that remain in the studied region after all stages of
heating. The white dashed oval highlights coarsened precipitates that have formed on an underlying dislocation, and acts as a point of reference between
images. (J) Bright-field image acquired in the indicated region of image (A) (∼130 nm thickness).

approximately 1.5 h to acquire. Specimen thickness was mea-
sured by electron energy loss spectroscopy. The obtained 4D
SPED datasets, comprising a 2D PED pattern at each position
of a 2D area scan, were analysed using the HyperSpy (de la
Peña et al., 2019) Python library. The diffraction data were de-
composed using an unsupervised machine learning algorithm
based on non-negative matrix factorization, and subsequently
matched with phases of the Al–Mg–Si–Cu system (Sunde et al.,
2018).

Results and discussion

Figure 1 shows the evolution of the alloy microstructure
after exposure to subsequent stages of heating. The time–
temperature evolution is indicated in schematic B, showing

the times (tx) at which bright-field images and SPED scans
were obtained. In the initial stages (t1 − t3), the needle-shaped
character of the majority of precipitates was hard to discern,
and many likely existed as small atomic clusters or Guinier–
Preston zones. Dislocations and surface impurities introduced
by FIB (dark regions of Figs. 1C,D) gradually annealed out.
At t4 (image E), the needle morphology was clearly visible,
and a high density of small precipitates had formed. The
thermal exposure at this point corresponded with near peak
hardness in isothermally heated bulk specimens. Figure 2
shows the phase mapping results obtained from SPED data.
Figure 2(A) was constructed from SPED scan1 acquired at
t4, and shows that the majority of precipitates in the region
were β ′′. There was also a significant presence of L-phase and
β ′/Q′-phase precipitates.

C© 2019 The Authors. Journal of Microscopy published by John Wiley & Sons Ltd on behalf of Royal Microscopical Society., 00, 1–5
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Fig. 2. (A–C) Phase maps constructed from SPED scan decomposition results. The inserts show decomposition component patterns matched with
indicated phases.

Table 1. Precipitate statistics and proportion of the total volume fraction of precipitate phases existing in the microstructure after isothermal ageing at
180◦C conducted ex situ and in situ.

Condition Needle length (nm) Number density (#/µm3) β ′′ (%) L (%) β ′/Q′ (%) U2 (%)

3 h ex situ 11.2 ± 0.6 (10.7 ± 1.1) × 104 69 ± 5 12 ± 2 11 ± 2 8 ± 3
4.3 h in situ (t4) 8.4 ± 0.8 (13.5 ± 1.5) × 104 72 ± 5 13 ± 3 15 ± 3 –
24 h ex situ 13.0 ± 1.0 (8.0 ± 0.8) × 104 47 ± 4 21 ± 2 24 ± 2 8 ± 3

After subsequent heating stages at T > 180◦C the precip-
itates coarsened and subsequently dissolved. The phase map
in Figure 2(B) at t6 shows a low presence of remaining β ′′

precipitates, and at time t7 (Fig. 2C), there were none left.
At this stage, there were only L-phase and β ′/Q′-phase pre-
cipitates present. The six precipitates indicated by white and
yellow arrows that existed throughout the full heating exper-
iment support current hypotheses regarding the precipitation
in this alloy system: The L-phase precipitates remained fixed
as L phases through the full experiment, and could be traced
back to 1 h ageing (not shown). This observation indicates
that this phase exhibits a separate evolution, likely tracing
back to the clustering stage. No new L-phase precipitates were
formed. The high thermal stability of this phase was also clearly
demonstrated, as the majority of the L-phase precipitates at t4

remained at t6 and t7 (Marioara et al., 2014). Two out of
three yellow marked precipitates started out as β ′′ precipitates
(t4), but were at t6 seen to have transformed to β ′, in agree-
ment with established knowledge about the precipitation in
these alloys (Edwards et al., 1998; Marioara et al., 2007). The
surrounding β ′′ precipitates at t4 which were subsequently
dissolved are thought to free solute to the matrix surrounding
the evolving β ′ precipitates.

Table 1 shows a comparison of measured precipitate
statistics at time t4 to that of ex situ heated specimens studied
after 3 and 24 h isothermal ageing at 180◦C, corresponding

with a peak-hardened and a slightly overaged condition, re-
spectively. Bright-field images of the material microstructures
for the conditions listed in Table 1 are shown in Figure 3. It
is observed that the precipitate statistics in the studied region
of the in situ heated lamella (thickness ∼ 90 nm) showed a
more refined microstructure of smaller precipitates relative to
the isothermally heated bulk specimens. This indicated that
the material was still in an underaged state. This is thought
to have occurred primarily due to a lack of solutes which
instead have diffused towards the top and bottom surfaces
of the TEM lamella. It has previously been shown that there
was a significant migration of Si and Mg to the surface of an
Al–Mg–Si–Li alloy at 200◦C, with concentrations exceeding
10 at.% for both atomic species in the top nanometre of the
specimen (Cooil et al., 2016). Mg was shown to migrate
towards grain boundaries (GBs), whereas Si was ubiquitous.
It is important to note that the surface oxide was removed
by Ar+ bombardment in the cited study. The specimen in
the present study was exposed to air before insertion into the
TEM, and therefore formed several nanometre thick surface
oxide layers. Due to the similarities in element additions and
temperature, surface segregation of solutes is also thought to
have occurred for the alloy studied in this work. Decreased
levels of precipitate forming elements, most notably Si, are
thought to be the main reason for the observed reduction
in precipitate growth as compared to specimens prepared

C© 2019 The Authors. Journal of Microscopy published by John Wiley & Sons Ltd on behalf of Royal Microscopical Society., 00, 1–5
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Fig. 3. (A–C) Bright-field TEM images of the alloy microstructures after (A) 3 h ex situ, (B) 4.3 h in situ and (C) 24 h ex situ ageing at 180◦C. All scale bars
equal 50 nm.

from bulk conditions. In addition, because the TEM lamella
is free to bend and expand in one dimension, different from a
bulk material, strain relaxation could also have contributed
to reduced precipitate growth. Heterogeneous nucleation of
precipitates in cold worked materials is known to accelerate
precipitation significantly, with dislocations acting as high-
diffusion pathways. However, as the bulk material was not
subjected to any cold deformation and the resulting division
of precipitate types formed was similar, the effect is thought
to be less important than surface segregation of solutes.

The precipitates in the studied region did not grow larger
than 30 nm in length (see Fig. 1H). In a thicker region of
the specimen (Fig. 1J, ∼130 nm thickness), some precipitates
grew to reach above 100 nm in length, similar to significantly
overaged conditions in the isothermally aged bulk material
(Sunde et al., 2019). There is a striking difference between the
scarcely populated region of Figure 1(I) to that of Figure 1(J),
both acquired at the same condition. The dissolution of pre-
cipitate phases in a thin region of the lamella further indicated
that the concentration of solutes (and potentially vacancies) in
the specimen had developed in a significantly different manner
than for the bulk material.

As the material was pre-aged before FIB specimen prepa-
ration, the vacancy concentration was likely near equilib-
rium concentration initially. Before in situ ageing, below the
surface oxide layers, the top and bottom surfaces of the ma-
terial were rich in dislocations and Ga+ ions from the FIB.
Metal/amorphous interfaces serve as dislocation sinks (Legros
et al., 2009; De Knoop & Legros, 2014), and the initial bright-
field imaging observations showed that the dislocations and
surface impurities were annealed out after a relatively short
time. It is not known whether the metal/oxide interfaces act
as net sources or sinks of vacancies. In situ observations of
precipitate-free zones (PFZs) surrounding dispersoids near the
studied region showed that the PFZs grew at similar rates as

for PFZs surrounding dispersoids and GBs in the bulk material.
The comparable growth rates are taken as a qualitative indi-
cation that the concentration of vacancies in the lamella was
comparable to that of the bulk material.

Our hypothesis regarding precipitate dissolution is that with
a driving force causing solutes to segregate to the specimen sur-
faces with ageing, the precipitates that were positioned near or
grew to reach in proximity of the surfaces dissolved, thus initi-
ating the formation of PFZs. Subsequently, the continued seg-
regation of solutes to the surfaces lead to further growth of the
PFZ regions, and the growing PFZs reached precipitate phases
buried progressively deeper in the lamella thickness, causing
further dissolution. In addition, the lack of solutes through the
lamella thickness might eventually have caused dissolution of
the remainder precipitate phases. High-resolution high-angle
annular dark-field scanning TEM imaging was attempted at
t5, but the precipitates were buried too deep in the material to
be imaged, which supports the PFZ hypothesis. Future exper-
iments will attempt SHT and re-ageing in situ to see whether
the experiment can be repeated on the same lamella. Thick-
ness effects will also be studied more carefully to assess the
transferability of the results to bulk precipitation behaviour.

Conclusions

The high thermal resistance of the L phase was demonstrated,
being one of the main phases remaining after multiple stages of
high thermal exposure (180–240◦C). β ′′ was the main precip-
itate phase near peak-hardened conditions, and formed a high
number density of precipitates. A few percentage of the β ′′ pre-
cipitates subsequently transformed to β ′/Q′ phases, whereas
the rest dissolved. Specimen thickness had a pronounced effect
on the ageing kinetics, and additional experiments comparing
in situ and ex situ heating TEM results are necessary to inves-
tigate this aspect further.

C© 2019 The Authors. Journal of Microscopy published by John Wiley & Sons Ltd on behalf of Royal Microscopical Society., 00, 1–5
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A B S T R A C T

This study concerns the effect of low Cu additions ( 0.1 at.%) on the precipitate crystal structure evolution in
three Al-Mg-Si(-Cu) alloys during overageing. The evolution was assessed through a combination of atomic
resolution scanning transmission electron microscopy, scanning electron diffraction, and differential scanning
calorimetry. It was found that relatively small changes in the Cu level and the Si:Mg ratio had significant effects
on the resulting distribution of precipitate phases, their structural evolution, and their thermal stability. Two Si-
rich alloys formed hybrid β′ phase and Q′ phase precipitates on overageing. A third Mg-rich alloy primarily
formed L phase precipitates, which exhibited superior thermal stability. Three distinct Cu-containing sub-units
that form the basis for all Al-Mg-Si-Cu precipitate phases were identified: the three-fold symmetric Q′/C and the
βCu′ sub-units, in addition to a newly discovered C sub-unit. The formation of each sub-unit was discussed, and
the atomic structures and connections to other precipitate phases in the Al-Mg-Si(-Cu) system were elaborated.
The work presented provides new insights into the complex precipitation of Cu-added Al-Mg-Si alloys, with
implications for material properties. The results obtained will be of importance in future alloy and process
development, and are thought to be of high value in modelling work on the quaternary Al-Mg-Si-Cu system.

1. Introduction

Heat treatable (age hardenable) 6xxx series Al-Mg-Si(-Cu) alloys
form an important group of medium strength engineering alloys widely
applied in the transportation and construction sector. This alloy series
can be tailored to exhibit a favourable combination of properties, in-
cluding good formability, high strength-to-weight ratio, and good cor-
rosion resistance [1, 2]. The 6xxx series Al alloys obtain a large increase
in hardness when subjected to short-term thermal ageing. The hard-
ening is due to a high number of nano-sized and metastable precipitate
phases that form and distribute throughout the Al matrix [3, 4]. The
various phases have different atomic structures, and therefore differ in
mechanical properties. The phases also vary in atomic matchings at the
precipitate-matrix interface, which cause different levels of interfacial
strain. Dislocation movement is impeded by both the atomic structure
of precipitate phases and the interfacial strain, which results in material
strengthening. Consequently, the properties of an alloy depend strongly
on the precipitate types and the microstructures they produce.

The total addition of precipitate forming elements Mg, Si, and Cu
typically amounts to< 2 at.% in wrought 6xxx series Al alloys. Changes
in the Cu level and the Si:Mg ratio may have a pronounced effect on the

resulting distribution of precipitates (types, sizes, density, etc.). Rod- or
lath-shaped precipitates with long axes parallel to ⟨100⟩Al are char-
acteristic of the Al-Mg-Si-Cu system. In the Cu-free system, the estab-
lished precipitation sequence is given as [5, 6]

SSSS solute clusters GP-zones
, U1, U2, B , Si, (1)

where SSSS denotes a supersaturated solid solution.
There is a large commercial interest in Cu additions in Al-Mg-Si

alloys as it is demonstrated to increase the age hardening response, and
to promote a higher number density of smaller precipitates that exhibit
improved thermal stability [7-12] . The addition of Cu leads to a more
complex precipitation sequence, that can be stated as [7, 13-16]

SSSS solute clusters GP-zones
, L , S, Q , C Q, Si.Cu (2)

All metastable precipitate phases in the Al-Mg-Si(-Cu) system are
structurally related due to a common network of Si atomic columns
along the precipitate lengths [13]. In ⟨100⟩Al projection, this network
exhibits a near hexagonal symmetry with a = b ≈ 4 Å. For the β″
phase, the network is partly fragmented due to a high coherency with
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the Al matrix [17]. The different types of precipitates are distinguished
based on how their Al, Mg, and Cu atomic columns are positioned with
respect to the Si-network columns. Al and Mg are always positioned in-
between the Si-network columns, and Cu is positioned in-between (Q′
phase and C phase), or replacing parts of the Si-network columns (βCu′
phase) [18]. The precipitate atomic columns can also exhibit variations
in atomic modulation and/or mixed element occupancy. In the pre-
cipitation sequence Eq. (2), the frequently used notations QP and QC
are not included, being instead interpreted as fragments of Al-Mg-Si
(-Cu) phases on the Si-network and the βCu′ phase, respectively. The
details of this discussion are presented in the reviews conducted by
Saito et al. [19] and Andersen et al. [20].

As noted, Cu additions are generally associated with several fa-
vourable effects, but are on the other hand also causing an increased
susceptibility towards corrosion [21]. Pitting- and intergranular cor-
rosion (IGC), are the two most common corrosion modes observed in
this alloy system [22]. IGC mainly occurs when the alloys are artifi-
cially aged and when Cu > 0.1 wt.% and/or contain excess Si com-
pared to the β phase stochiometry (Mg2Si) [23]. IGC is thought to
propagate due to the presence of a continuous Cu film along grain
boundaries (GBs), and an increase in IGC resistance at overaged con-
ditions is thought to be due to the induced discontinuity in this film [24,
25]. If this is the case, then the key towards limiting IGC is therefore to
maximize Cu absorption in bulk precipitates, leaving less Cu available
to form a continuous Cu film at the GBs [26]. Further research is ne-
cessary to improve alloy compositions and thermomechanical proces-
sing routines that lead to alloys exhibiting satisfactory corrosion
properties, as well as enhanced strength and thermal stability. There-
fore, it is important to obtain an improved understanding of how Cu is
incorporated into the precipitate structures, which was explored in the
present study.

Due to the aforementioned considerations it was decided to focus on
low Cu additions ( 0.1 at.%). At these Cu levels, fragmentation and
hybridization often prevails, with the different phase unit cells and sub-
structures of the Al-Mg-Si- and the Cu-added system often coexisting
within individual precipitates [18, 27]. Low level additions are also
highly relevant on the subject of Al alloy recycling. There are vast en-
ergy savings in re-using Al alloys, and recycling is an important activity
in the industry [28]. Recycled Al alloys will inevitably contain certain
levels of trace elements, which might induce undesirable changes to the
precipitation, as relatively low amounts of solute elements are needed
to form precipitates. These changes could have consequences for the
mechanical properties of the alloy. The influence of Cu as a trace ele-
ment on precipitation was another aspect studied through this work.

In the present work, atomic resolution scanning transmission elec-
tron microscopy (STEM) was used to assess the precipitate structures,
and the distribution of 1000s of precipitate phases was quantified using
a recently developed scanning precession electron diffraction (SPED)
approach [29, 30]. Electron microscopy results were linked to bulk
material phase transformations measured by differential scanning ca-
lorimetry (DSC). The combination of techniques provided a detailed
assessment of the evolution of phases in the alloy microstructures as a
function of overageing, with particular focus on the role of Cu.

2. Experimental procedures

2.1. Materials and heat treatments

Three Al-Mg-Si(-Cu) alloys with different, albeit low Cu additions
were studied. Table 1 shows the compositions of the alloys. The com-
positions of alloys S and C correspond with the high strength com-
mercial alloy 6082, whereas alloy M falls outside of this range. On
comparison with alloys S and C, alloy M differs by being Mg-rich, has a
higher level of Cu, and lower concentration of the dispersoid (/primary
particle) forming elements Mn and Cr. The alloys were delivered as
extruded rods (Ø 30 mm). Approximately 10 mm height cylinders were

cut from the rods and set to solution heat treatment at 540 °C for 12 min
conducted in a salt bath. Subsequently, the specimens were water-
quenched to room temperature and kept at this temperature for 10 min
before they were artificially aged at 180 °C conducted in an oil bath.
The material conditions selected for TEM studies were chosen as fol-
lows: alloy S — 3 h, 12 h, 24 h, 1 week, 2 weeks, and 1 month ageing;
alloy C — 3 h, 12 h, 24 h, and 1 week ageing; alloy M — 3 h, 24 h, and
1 month ageing.

2.2. Preparation of TEM specimens

The heat treated material cylinders were cut to 1 mm height and
then mechanically polished with gradually finer grades of SiC-paper
until they reached a thickness of roughly 100 μm. Al discs of 3 mm
diameter were punched out from the polished cylinders. Subsequently,
the discs were electro-polished using a Struers Tenupol-5 applying an
electrolytic solution comprising a 2:1 mixture of methanol:nitric acid,
kept between −30 °C and -25 °C. The voltage was set to 20 V (current
0.2 A). A Fischione 1020 Plasma Cleaner was used on each specimen
prior to TEM studies in order to minimize carbon contamination.

2.3. Electron microscopy

Initial visualization of the alloy microstructures was done using
bright-field TEM imaging, which was attained using a JEOL 2100 mi-
croscope operated at 200 kV. A double corrected JEOL ARM200F mi-
croscope (200 kV) was used to obtain atomically resolved high-angle
annular dark-field (HAADF) STEM lattice images. The detector collec-
tion angle used was 42–178 mrad.

SPED experiments were performed using a JEOL 2100F microscope
(200 kV). The microscope is equipped with a NanoMEGAS ASTAR
system which makes it possible to simultaneously scan the electron
beam while recording electron diffraction patterns. The diffraction
patterns that were formed on the phosphor viewing screen of the mi-
croscope were captured using an external Allied Vision StingRay
camera [31]. The nanobeam diffraction mode was used when running
SPED, and the beam alignment for PED was done using the procedure
described by Barnard et al. [32]. The following parameters were used
when acquiring SPED data: probe diameter — 0.5–2.0 nm (non-pre-
cessed); probe semi-convergence angle — 1.0 mrad; precession angle —
0.5, 0.7, or 1.0°; precession frequency — 100 Hz; scan step size — 0.76,
1.52, or 2.28 nm; and exposure time — 20 or 40 ms per pixel. The
precipitate distribution (sizes, density, etc.) change with thermal
ageing, and the acquisition parameters had to be adjusted to cover re-
presentative numbers of precipitates for each alloy and ageing condi-
tion.

SPED can be classified as a 4D-STEM technique, and each dataset is
composed of 2D PED patterns associated with each pixel in a 2D scan
area. The HyperSpy [33] Python library was used for data visualization
and analysis. The SPED data formed the basis for estimating average
precipitate phase fractions in the microstructure of the different alloys
after various ageing times. The details of the SPED data analysis is
elaborated in a previously related work by Sunde et al. [30].

Table 1
Nominal compositions of the three Al-Mg-Si(-Cu) alloys studied.

Alloy Al Si Mg Cu Fe Mn Cr

S at.% Bal. 0.85 0.80 0.01 0.12 0.25 0.08
S wt.% Bal. 0.88 0.72 0.03 0.24 0.51 0.16
C at.% Bal. 0.85 0.71 0.04 0.10 0.22 0.07
C wt.% Bal. 0.88 0.64 0.09 0.20 0.45 0.14
M at.% Bal. 0.62 0.86 0.10 0.13 0.13 0.01
M wt.% Bal. 0.64 0.77 0.23 0.26 0.26 0.02
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2.4. Thermal analysis by DSC

DSC experiments were conducted for alloys S and C, and employed a
Hitachi DSC7020 using a heating rate of ~0.2 K s−1 (10 K min−1)
scanned from RT (∼25 °C) up to 500 °C. Specimens were measured
relative to a thermodynamically inert reference specimen of pure alu-
minium with equal geometry, using nitrogen as purge gas. The speci-
mens were cut to cubic geometry (5:5:5 [mm], h:l:w) with masses of
(21 ± 1) mg. DSC experiments were conducted on four material
conditions: as-solutionized (~10 min natural ageing), 3 h, 24 h, and
1 week ageing at 180 °C. This corresponds to an as-solutionized, peak
aged, medium overaged, and significantly overaged condition, respec-
tively. DSC diagrams are presented using excess specific heat capacity,
cp [ J g −1 K−1], calculated as [34]

=c Q Q
m

,p
S B

S

where QS and QB are the specimen and baseline heat flows, re-
spectively. mS denotes the specimen mass, and ϵ is the heating rate. The
baseline heat flow was obtained by scanning a pure Al specimen against

another pure Al reference specimen in the DSC device using identical
scan parameters as for the scanned alloy conditions.

3. Results and discussion

3.1. Assessment of the precipitate crystal structure evolution by TEM

The transformations of the alloy microstructures after different
ageing times at 180 °C are shown in Fig. 1. At 3 h ageing (peak aged),
the microstructures comprised high densities of short rods with char-
acteristic β″ strain fields on either side, running parallel to the main
growth direction. In alloy M, longer and narrow lath-shaped pre-
cipitates were also visible (highlighted). As will be shown in the fol-
lowing, these precipitates are mainly L phases, and do not exhibit the
same strain contrast characteristic of β″. After 1 week ageing, the pre-
cipitates in alloys S and C had coarsened considerably as compared to
the 3 h condition. The precipitates in alloy M exhibited high resistance
towards coarsening, and after 1 month ageing they were still smaller
than the precipitates at the 1 week ageing condition in alloys S and C.
The average precipitate lengths and the average cross-section areas
measured for alloys S, C, and M for the conditions imaged in Fig. 1 are
listed in Table 2.

The crystal structures of the main Al-Mg-Si(-Cu) precipitate phases
relevant to this work are shown in Fig. 2. HAADF-STEM lattice images
of precipitates from corresponding ageing times for alloys S and C are
shown in Fig. 3. Fig. 4 shows precipitates from the three studied ageing
conditions for alloy M. Fast Fourier transform (FFT) filtering was ap-
plied to reduce noise using a circular band pass mask removing all
periods shorter than 1.5 Å. Chosen precipitates were evaluated as re-
presentative for each ageing condition, but it should be noted that large
variations were observed. The same images without highlighting are
presented in Fig. SI 1 and Fig. SI 2 in the Supplementary Information
(SI). Figs. SI 3–5 present additional HAADF-STEM images of pre-
cipitates in all studied alloys and ageing conditions.

Fig. 1. (a–f) Bright-field TEM images of indicated alloys and ageing times. All images are acquired near the [001]Al zone axis.

Table 2
Average precipitate parameters in alloys S, C, and M for selected ageing con-
ditions.

Alloy & condition Cross-section area Length rods Length laths

S 3 h (13 ± 1) nm2 (14 ± 1) nm –
S 1 week (45 ± 3) nm2 (242 ± 7) nm –
C 3 h (10 ± 1) nm2 (13 ± 1) nm –
C 1 week (55 ± 3) nm2 (181 ± 6) nm –
M 3 h (10 ± 1) nm2 (11 ± 1) nm (25 ± 2) nm
M 1 month (43 ± 3) nm2 (136 ± 4) nm* (136 ± 4) nm*

* Coarsened precipitates lying in-plane were not clearly separable as rods
and laths and were assumed to be approximately equal in size.
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3.1.1. Peak aged precipitates (3 h ageing)
The vast majority of precipitates in alloys S and C at 3 h ageing was

pure β″, see Fig. 3a–d. Some atomic columns in the β″ structures
showed higher intensity than the other corresponding columns due to
partial occupancy of Cu. Cu (ZCu = 29) exhibits a higher contrast in the
HAADF-STEM imaging mode than the other precipitate forming ele-
ments Mg (ZMg = 12), Al (ZAl = 13), and Si (ZSi = 14) due to the
Z1.7−2.0 atom column scattering power dependency at high angles [35].
The incorporation of Cu in β″ structures was observed to be higher for
alloy C than for S, which was as expected due to its higher Cu content.
This finding was also supported by the observation of individual βCu′
sub-units in the β″ structures, which were seen in some precipitates in
alloy C (e.g. Fig. 3c), but not in alloy S. βCu′ is the Cu-containing
equivalent to the isostructural Ag-containing β′ phase [36]. The pre-
sence of this sub-unit in alloy C was an indication of accelerated phase
transformation kinetics occurring for alloy C in comparison to alloy S,
which is mainly attributed to the increased Cu content of alloy C.

In the following, the description of precipitate structures uses terms
such as phase, sub-unit, hybrid, and fragmented. Here, a precipitate
phase means a crystal structure consisting of at least one full unit cell of
a phase such as those in the precipitation sequences Eqs. (1) and (2). A
sub-unit is used to denote a structural unit that forms part of a pre-
cipitate phase unit cell. The term hybrid is used to describe a precipitate
that exhibits multiple coexisting phases, all of which form multiple
complete phase unit cells. I.e. hybrid precipitates comprise more than
one clearly identifiable phase. A fragmented precipitate structure is
used to describe a precipitate that comprises multiple phase sub-units
or single stray unit cells. Fragmented precipitate structures contain no
dominating phase(s). For the latter case, we avoid the term disordered,
which is not a clear term in this context. As noted, all precipitate phases
in this alloy system build on an underlying Si-network, and comprise

structural units that adhere to this network. Therefore, the precipitates
are never truly disordered.

Precipitates in alloy M exhibited notable differences as compared to
alloys S and C at 3 h ageing (see Fig. 4a–d). The precipitates can be
divided into two types: a fragmented/β″ type (Fig. 4a, b) and an overall
fragmented type containing no dominant phase (Fig. 4c, d). The frag-
mented/β″ type showed significantly increased Cu incorporation as
compared to the β″ precipitates in alloys S and C. The βCu′ and the Q′/C
sub-units were observed (Fig. 4a), in addition to complete unit cells of
Q′ and U2 (Fig. 4b). The precipitate shown in image Fig. 4c is classified
as L phase. The L phase displays local regions containing unit cells of Q′
and C phases (or sub-units), ordered on the Si-network, which aligns
with ⟨100⟩Al. The Si arrangement is the main ordering observed for this
phase [37, 38]. Image Fig. 4d shows a precipitate lacking an ordered,
permeating Si-network. Furthermore, it does not contain any phase unit
cells, and is therefore described as a fragmented precipitate, denoted S
phase [16].

There was a tendency of Cu enrichment in certain atomic columns
along the precipitate-matrix interface for both types of precipitates in
alloy M. Cu segregation to the interface of β″ type precipitates has been
observed previously, and was proposed as a mechanism to suppress
misfit dislocations [39]. However, here the Cu segregation often takes
on a special configuration, highlighted in Fig. 4b, c. In a recent in-
vestigation by Weng et al. [40], the same Cu segregation was observed
in L type precipitates. It was proposed to arise due to a strong covalent
bonding between Cu and Si, where the Si column forms part of the Si-
network. As will be shown in the following, this Cu segregation was
observed in the majority of all precipitate types in alloy M. On closer
inspection, the sub-structure associated with this Cu segregation is seen
to be a sub-unit of the C phase, and is therefore denoted as C sub-unit in
the following.

Fig. 2. The crystal structures of the main precipitate phases observed in the present work. Unit cells, sub-units, and other key structural features are indicated. Phase
unit cells are shown in coloured full lines. Coherent precipitate-matrix interfaces are indicated for the different phases. The notation aA, bA, and cA for a given phase A
denotes the main crystallographic vectors spanning the unit cell of phase A. The references used for the precipitate crystal structures are shown in Table SI 1 in the
Supplementary Information (SI). (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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The observations made for alloy M indicated that the increased Cu
content in this alloy as compared to both alloys S and C lead to further
enhanced phase transformation kinetics. Some precipitates in alloy M
had already formed complete cells of Q′ and C, sub-units of which were
not observed in alloys S and C. βCu′ sub-units were also more frequent in
alloy M as compared to alloy C. In addition to being promoted by in-
creased Cu levels, the fragmentation and formation of L phases were
also due to the increased Mg:Si ratio in alloy M as compared to alloys S

and C.
Three distinct Cu-containing sub-units were observed up to this

point: the Q′/C sub-unit, the βCu′ sub-unit, and a newly discovered C
sub-unit. The atomic configuration of these sub-units are shown in
Fig. 2. The differences between the three-fold symmetric sub-units of
Q′/C and βCu′ include the positioning of the Cu column with respect to
the Si-network columns. For βCu′, the Cu column replaces a Si-network
column, whereas for Q′/C the column is located in-between the network.

Fig. 3. (a–t) HAADF-STEM lattice images of precipitates from indicated alloys and ageing conditions. A few unit cells, sub-units, and other key structural features of
the identified Al-Mg-Si-Cu phases are highlighted, using the marking shown in Fig. 2. Al matrix directions that run parallel to the adjacent precipitate interfaces are
indicated. The scale bars (a–l) equal 2 nm, and the scale bars (m–t) correspond to 5 nm.
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Furthermore, the structures differ in the atomic species and interatomic
distances of the triangular sites surrounding the center Cu atom. A Mg
and a Si triangle is placed at the same atomic height as the Cu atom for
the βCu′ and the Q′/C sub-unit, respectively. An Al and a Mg triangle is
shifted c/2 ≈ 2.023 Å in height relative to the center Cu atom for the
βCu′ and the Q′/C sub-unit, respectively.

3.1.2. Classification of Al-Mg-Si(-Cu) phases and sub-units
In the literature, there exists other notations for some of the phases

and sub-units in the Al-Mg-Si(-Cu) system, some of which are included
in Fig. 2. The multiple conventions cause confusion and may lead to
misunderstandings. Therefore, for the sake of clarification, Table SI 1
shows an overview of the present work's labelling together with other
existing notations. Fig. SI 6 shows a flow chart for classifying the dif-
ferent Cu-containing phases.

The Q′/C sub-unit is referred to as a (Cu) sub-unit cluster in the work
of Cayron et al. [13] and Ding et al. [43], and is proposed as a key
building block in the evolution of phases in the Al-Mg-Si-Cu system. In
the work of Maeda et al. [44] the same term is used, but then indicating
a βCu′ sub-unit. The Q′/C sub-unit is discriminated, and there referred to
as a Q′ sub-unit cell. Hence, there exists an inconsistency in the ter-
minology used to denote these structural units, which needs to be re-
solved.

We argue here that it is important to differentiate between the two
flavours of Cu-centered, three-fold symmetric sub-units Q′/C and βCu′.
This is because their atomic configurations differ, and hence their for-
mation and subsequent evolution will vary. In addition to the C sub-
unit, these in total three sub-units constitute the building blocks for the
subsequent formation of all Cu-containing phases in this alloy system.
Fig. SI 7 shows an atomic overlay of a precipitate containing all three
sub-units, which serves as a useful illustration of the configuration of
the sub-units and how these relate to the Si-network.

3.1.3. Medium overaged precipitates (12 h & 24 h ageing)
At 12 h ageing, unit cells of phases other than β″ were present in

alloys S and C (Fig. 3e–h), including U2, β′, and Q′ (not all shown). This
often resulted in a hybrid precipitate structure comprising multiple
coexisting phases. Clearer differences between alloys S and C had
emerged, the most prominent being the increased proportion of Cu-
containing phase unit cells and sub-units in alloy C. In alloy S, unit cells
of U2 were often observed to connect to the unit cells of β″, or its sub-
units (β″-eyes). The βCu′ sub-unit was also observed for some pre-
cipitates, with or without a strong presence of Cu in the center column,
and mainly observed at the precipitate-matrix interface. For alloy C,
almost all precipitates showed multiple Cu-containing sub-units of βCu′
in addition to Q′/C. For some precipitates, complete unit cells of Q′
could be seen (e.g. Fig. 3g). The sub-units were not only observed at the
precipitate-matrix interface, but also in the precipitate interior. Despite
noted differences, β″ remained the dominant phase in both alloys at
12 h ageing.

At 24 h ageing (Fig. 3 i–l), the hybrid character had developed
further in alloys S and C. Pure β″ phases were less common. For alloy S,
the precipitates typically showed a predominantly Al-Mg-Si containing
β″ phase and U2 phase interior, and some Cu enrichment, as well as a
few sub-units of βCu′ and Q′/C at the precipitate-matrix interface. For
the precipitates exhibiting a high degree of fragmentation (e.g. Fig. 3i),
unit cells of β″ were no longer present, but reduced to rows of- or in-
dividual β″-eyes. The observations are similar to other reports showing
β″/fragmented precipitates at underaged and peak hardness conditions
for alloys with higher Cu content [18, 43]. For alloy C, an increased
proportion of the precipitate structures comprised Cu-containing
phases, in particular Q′. Fig. 3k shows a pure Q′ phase with char-
acteristic lath-shaped morphology and coherent ⟨150⟩Al interfaces. This
was not observed in alloy S at any ageing condition. Corresponding
precipitates in alloy M at 24 h ageing (see Fig. 4 e–h) exhibited two

Fig. 4. (a–l) HAADF-STEM lattice images of precipitates from indicated ageing conditions in alloy M. A few unit cells, sub-units, and other key structural features of
the identified Al-Mg-Si-Cu phases are highlighted, using the marking shown in Fig. 2. Al matrix directions that run parallel to the adjacent precipitate interfaces are
indicated.
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main precipitate types: hybrid rods (mainly S phase) and hybrid/frag-
mented laths with {100}Al habit planes (mainly L phase). Most pre-
cipitates showed significant Cu incorporation. Q′ phase and C phase
unit cells were observed, as well as βCu′ and Q′/C sub-units. β′ was also
observed at this stage (Fig. 4h). Many precipitates in alloy M had de-
veloped an ordered Si-network permeating the precipitate structures.
This further supports the indicated acceleration in transformation ki-
netics as compared to alloys S and C.

3.1.4. Significantly overaged precipitates (≥1 week ageing)
After 1 week ageing a large transformation of the precipitate

structures in alloys S and C had taken place, and the precipitates had
coarsened considerably (see Fig. 3m–p). For alloy S, the main phases
observed were β′ and β2′. These phases often dominated the interior of
the precipitates. β′ and β2′ are closely related structures, differing pri-
marily in the atomic modulation of the Si1 column (see Fig. 2). The
structure of proper β′ has 1 extra Si atom per 3 × 4.05 Å in the c-
direction at the Si1 columns, i.e. a a3

4 Al repeat distance [45]. This leads
to a higher column occupancy, and hence a higher intensity at the Si1
site. β2′ shows absence of clear modulation, and is readily identified in a
diffraction based approach due to a slight variation in space group
symmetry [30]. In the following, β′ and β2′ are together denoted as β(2)′.
β(2)′ was often linked by a row of U2 unit cells/sub-units to the Al
matrix or phases at the precipitate-matrix interface. Q′/C sub-units and
full unit cells of Q′ were commonly observed at the interface. In alloy C,
the Q′ phase had now progressed to become the dominant phase ob-
served. As shown in Fig. 3o, almost pure Q′ phases with characteristic
⟨150⟩Al interfaces were sometimes observed. In addition to Q′, β(2)′ was
also frequently seen. An ordered Si-network had been established in the
precipitates of alloys S and C. The βCu′ sub-unit was no longer observed
in either alloy, which indicated that this sub-unit either dissolved or
underwent a structural transition. No further ageing of alloy C was
conducted, as the precipitates were thought to show limited subsequent
change.

After 2 weeks ageing of alloy S, many precipitates showed modest
coarsening relative to the 1 week condition, and the phases coexisting
were similar to the 1 week state (see Fig. 3q, r). From the observation of
a series of images, the main development seemed to be the increased
extent of the Q′ phase, which now reached further into the precipitate
interior. Multiple grouped Q′ unit cells were frequently observed.

At 1 month total ageing of alloy S there was limited further coar-
sening of the precipitates (see Fig. 3s, t). Similar to the 1 week–2 weeks
transition, there seemed to be a further development of the Q′ takeover
of the precipitate structures. In some precipitates there was now a near
50/50 division of β(2)′ phase and Q′ phase. In addition to these phases,
rows of U2 unit cells often formed the interfaces between the β(2)′ and
Q′ phases. The U2 phase was also often observed at the precipitate-
matrix interface, particularly in the interlayer separating the β(2)′ phase
from the Al matrix. The interlayer forms because the β(2)′ phase does
not form coherent interfaces towards Al [41]. The Q′ phase however
forms coherent interfaces along ⟨150⟩Al [42]. Several precipitates at
1 month ageing for alloy S showed many similarities with precipitates
in alloy C at the 1 week condition. This further attested to the differ-
ences observed in phase transformation kinetics caused by the differ-
ences in the Cu content of these alloys.

Precipitates in alloy M after 1 month ageing showed significant
differences as compared to alloy S after 1 month ageing, and compared
to alloy C after 1 week ageing (see Fig. 4i–l). There were still two main
precipitate types: hybrid rods (mainly S phase), which mainly com-
prised Q′ and β(2)′, and laths with {100}Al habit planes. The lath-shaped
precipitates were most frequent, are were predominantly L phase (see
Fig. 5b), but C phase was also observed (see Fig. 4k). Atomic columns at
the precipitate interfaces often showed clear Cu segregation. For the
rod-shaped precipitates this often resulted in formation of rows of βCu′
sub-units. For the lath-shaped precipitates this was manifested as C sub-
units and C unit cells. The precipitates of alloy M had coarsened

substantially less than for alloys S and C in the overageing stages, which
is likely due to the stabilising effect of the Cu enriched interfaces, which
has been demonstrated for the C sub-unit on the interfaces of L phase
precipitates [12, 46]. The βCu′ sub-unit was not observed in the over-
aged precipitates in alloys S and C. In alloy M however, the βCu′ sub-
unit was commonly observed at the precipitate-matrix interface, also
after 1 month total ageing. The βCu′ sub-unit did not grow to form
complete unit cells.

3.2. Quantification of the precipitate phase evolution based on SPED data

The lattice image results provide detailed insight to the complexity
and interplay of the different phases in the Al-Mg-Si-Cu system.
However, in order to provide stronger statistical support for the pro-
posed evolution of precipitate phases inferred from lattice image ob-
servations, a recently developed SPED approach was applied [29, 30].
This approach enables determination of precipitate types for a large
number of precipitates, obtained in large, representative areas of the
alloy microstructures. Fig. 5 presents phase mapping results obtained
from a SPED scan acquired in the microstructure of alloy M at the
1 month ageing condition. For the purpose of visualization, three
groups of phases in this ageing condition are mapped using RGB col-
ouring: Q′/C (red), L (green), and β(2)′ (blue) (see Fig. 5b). The L phase
(green) is seen to have a widespread presence, in agreement with lattice
image observations. Some pixels appear mixed, e.g. as indicated by
purple colouring. This corresponds to a mix of β(2)′ (blue) and Q′/C
(red). Such hybrid β(2)′ and Q′ phase precipitates were also observed in
lattice images (not shown).

Fig. 6 summarizes the main findings from the SPED experiments.
These bar plots show the average precipitate phase fractions estimated
in each ageing condition for alloys S, C, and M, encompassing a total of
more than 5000 scanned precipitates. Additional SPED mapping results
from which the plots in Fig. 6 are based are shown in Figs. SI 8–10. In
accordance with TEM observations and established knowledge on the
precipitation in the Al-Mg-Si(-Cu) system, Fig. 6 shows that the β″ phase
dominates at the peak aged condition (3 h), and subsequently drops off
with overageing. For alloys S and C, it is seen that the main transfor-
mation of phases occurred between the 24 h and the 1 week state. In
this transition stage, the fraction of β″ is seen drop, and is replaced by
an increased fraction of β(2)′ phase and Q′ phase. At the 1 week ageing
condition, the relative fraction Q′/β(2)′ is shown to be much higher in
alloy C as compared to alloy S, which agrees well with lattice image
observations (see Fig. 3m–p). It is also seen that alloy S after 1 month
ageing has a similar division of phases to that of alloy C after 1 week
ageing. This is also in good agreement with the development inferred
from lattice image observations.

SPED also showed that L type precipitates were present in alloys S
and C. In alloy S, the L phase was often linked with microstructure
defects such as dislocation lines [30]. This is in agreement with pre-
vious studies of this phase [12, 37, 38]. The same applies for alloy C,
but here the phase mapping results indicated that a low number of L
phases could also be observed away from microstructure hetero-
geneities.

Alloy M differs as expected notably from alloys S and C in the
evolution of phases. At the 3 h condition, the microstructure is seen to
comprise a lower fraction of β″ phase, and a higher fraction of L and
β(2)′ phases as compared to alloys S and C. A similar difference is ob-
served at the 24 h condition, where the fraction of L and β(2)′ phases has
increased further for alloy M. The SPED analysis also shows that there is
a widespread presence of the β″ phase at the 24 h condition. This result
was not evident from HAADF-STEM imaging. At the 1 month condition,
alloy M is dominated by the L phase. This evolution differs from that of
alloys S and C, where it is β(2)′ and Q′ that eventually dominate. SPED
analysis results serve to demonstrate that there is a need for improve-
ments in precipitate statistics in order to make general statements about
the precipitation of age hardening Al alloys.
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3.3. Connection between microstructure observations and bulk material
phase transformations measured by DSC

In general, energy has to be supplied if chemical bonds are to dis-
sociate, which refers to an endothermic reaction. In exothermic reac-
tions, energy is released, which indicates that new chemical bonds have
been formed. For Al alloys, dissolution of precipitate phases corre-
sponds to an endothermic reaction, and precipitation belongs to exo-
thermic reactions. The results from the DSC experiments conducted on
alloys S and C are presented in Fig. 7. The main endo- and exothermic
peaks are indicated in Roman numerals I–IX. The precipitation events
are (coarsely) interpreted as follows: exothermic peak I — GP-zone
and/or cluster formation; endothermic peak II — dissolution of GP-
zones/clusters; exothermic peak III — β″ precipitation; endothermic
peak IV — β″ dissolution; exothermic peak V — β′ (/and Q′) formation;
endothermic peak VI — β′ (/and Q′) dissolution; exothermic peak VII —
Q precipitation; exothermic peak VIII — β precipitation; endothermic
peak IX — β (/and Q) dissolution.

It is important to emphasize that this is a simplified interpretation of
the complex precipitation reactions previously elaborated through the
study of precipitate structures. As shown, there were additional phases
forming in these alloys, such as U2 and L phases. The vast majority of
precipitates were also hybrid, each comprising multiple coexisting
phases. It is here aimed at a qualitative understanding of the curves.

The curves from both alloys in all scanned ageing conditions nearly
overlap up to the point of peak V. This indicates that all precipitation
events up to this point were of similar character. The differences in the
DSC curves occurred in the final stages of heating. It is seen that there
are differences in the curves for alloys S and C between peaks V and IX
for all ageing conditions. The differences observed between peaks V and
VII are thought to arise due to variations in the formation and dis-
solution rate of hybrid Q′ phase and β(2)′ phase precipitates. The
HAADF-STEM and SPED experiments showed that these alloys formed
different relative precipitate phase fractions of Q′/β(2)′, seen from
Fig. 3m–p and Fig. 6a, b. Differences in the relative fraction of Q′ phase
to β(2)′ phase implies differences in the kinetics of precipitate formation
and dissolution, which are thought to have given rise to the variation
observed.

The main differences between the DSC curves are observed at the
subsequent formation and dissolution of equilibrium phases, i.e. cubic β
phase and hexagonal Q phase. The formation/dissolution of pure dia-
mond structure Si is thought to be approximately equal for alloys S and
C due to the nearly equal levels of Si additions and the similar Si:Mg

ratio, and is therefore left out of the interpretation of the curves. Peak
VII and peak VIII were interpreted as being due to the separate pre-
cipitation of the Q phase and the β phase, respectively. This inter-
pretation again followed from the measurement of an increased relative
precipitate phase fraction Q′/β(2)′ in alloy C as compared to alloy S at
the 1 week isothermal ageing condition (see Fig. 6a, b). Furthermore,
the precipitates in alloy C were sometimes observed to hold defining
pure Q′ phase characteristics, such as coherent ⟨150⟩Al precipitate-
matrix interfaces (see Fig. 3o). The precipitates of alloy C exhibiting the
highest relative precipitate phase fraction Q′/β(2)′ and defining inter-
faces are thought to be the precipitates that have subsequently trans-
formed to equilibrium Q phase. For alloy S, peak VII is apparently
missing, which means that this alloy does not form Q phase. This in-
dicated that the predominantly β(2)′ precipitates of this alloy (see
Fig. 3m, n and Fig. 6a) transformed as pure β′ phase precipitates, i.e.
having formed equilibrium β in the final precipitation stage.

For alloy C, the heat signals of peak VII and peak VIII have some
overlap, causing the exothermic effect of Q precipitation to appear as a
local minimum on a larger exothermic β precipitation peak. The in-
tegrated peak area of peak VIII (β) is much larger than peak VII (Q),
implying that also for alloy C the main equilibrium phase is β. This was
expected considering the low total Cu addition. Peak VIII is also shifted
to a higher temperature in the case of alloy C, indicating that the for-
mation of β has a higher energy barrier in this alloy. Peak VII (Q phase
formation) could also potentially be missing from the DSC curve of
alloy S due to complete overlap with peak VIII (β phase formation), i.e.
that there is an insufficient amount of heat released for the Q phase
formation to be detected. This difference in equilibrium phase pre-
cipitation is an interesting finding, which shows support for a sugges-
tion made by Bobel et al. [11], who suggested that the presence of small
Cu additions determine the stability of hexagonal Q phase or cubic β
phase upon ageing to equilibrium conditions.

3.4. Evaluation of the formation of Cu-containing sub-units

β″ was the dominant phase in all alloys studied at the peak hardened
condition (3 h), as seen from Fig. 6. Therefore, in order to understand
the subsequent evolution of the precipitate crystal structures at the
atomic level, it is reasonable to start by inspecting how Cu enters and
affects the crystal structure of the β″ phase (see Fig. 8). There are six
distinct atomic positions in the β″ structure: Mg1, Mg2, Mg3, Si1, Si2,
and Al/(/Si3) (see Fig. 2). Density functional theory (DFT) calculations
have shown that Cu atoms have highest affinity for the Al(/Si3)

Fig. 5. (a) Dark-field TEM image of alloy M in the 1 month ageing condition. SPED scan area is indicated. The image was acquired near the [001]Al zone axis. (b)
Phase map constructed from analysed SPED data showing 437 precipitate cross-sections. Three groups of phases are mapped using RGB colouring: Q′/C (red), L
(green), and β(2)′ (blue). (c–e) Individual pixel PED patterns (raw) from indicated precipitates in (b). (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article.)
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positions, a moderate affinity for the Si1 position, and to some extent
also the Si2 position [39]. The Mg positions were shown not to be fa-
voured.

Cu has not previously been demonstrated to show clear occupation of
the Si1 and Si2 positions in the β″ structure. However, the similarities in
the structures of the β″-eye and the GPB-zones in the Al-Mg-Cu
system [47], in addition to some support from DFT calculations, indicate
that these might be potential points of entry for Cu atoms. The Si1 and Si2
columns are situated on the Si-network. These columns are also in
proximity of both Al and Mg columns which is also part of the βCu′ sub-
unit. Therefore, a gradual replacement of either the Si1 or Si2 column by
Cu may be the probable starting point of the βCu′ sub-unit. Fig. 8a–d
shows lattice images and atomic overlays of a pure β″ precipitate and a
precipitate containing β″ phase and βCu′ sub-units. On comparison of the
images in Fig. 8a, b and in Fig. 8c, d, it is seen that the Cu column of βCu′

is positioned in close proximity of the Si1 and Si2 positions of the pure β″
structure. The triangular βCu′ site is observed to interrupt the ordering of
the β″-eyes. The net effect of this structural change is inclusion of Cu, and
the establishment of an increasingly ordered Si-network, which is fa-
voured on the basis of lattice image observations. Hence, in contrast to
the GPB-zones of the Al-Mg-Cu system, the structure of β″-eyes in the Al-
Mg-Si-Cu system seems to be immediately perturbed by the inclusion of
Cu, which forms βCu′ sub-units near the Si1 and Si2 positions. Another
interesting remark is that although the interfaces towards the Al matrix
are identical for the structures in Fig. 8c and d, there is a shift in the
heights of the corresponding atomic positions in the remainder of the
precipitate structures that are not in the immediate neighbourhood of the
βCu′ sub-units. In fact, all atomic positions in the left-hand row of three
β″-eyes in Fig. 8c are shifted 1/2aAl in height relative to the corre-
sponding row of three β″-eyes in Fig. 8d. This indicates that there are
additional, non-site specific structural changes occurring in the trans-
formation towards post β″-phases, which in this case may have been
triggered by the Cu inclusions.

Previous TEM reports have shown that Cu mainly enriches the Al
(/Si3) columns of the β″ structure [48, 49], which as noted was also
favoured from DFT-based calculations. Observations of multiple β″
lattice images show that this is also supported from this work. Fig. 8e–h
shows lattice images of a pure β″ precipitate and a precipitate con-
taining β″-eyes and a Q′ unit cell. On comparison of the images in
Fig. 8e, f and in Fig. 8g, h, it is seen how the β″ structure connects to the
Q′ unit cell. The positioning of the Cu column corresponds well with the
Al(/Si3) site of the β″ structure. As the Al(/Si3) column is positioned in-
between the Si-network, enrichment of this column leads to a Cu-con-
taining column characteristic of the Q′ (and C) phase. This shows that
Cu enrichment of the Al(/Si3) column is one possible starting point for
the formation of Q′/C sub-units.

The C sub-unit only existed at the precipitate-matrix interface (see
Fig. 4), and therefore differs notably from the βCu′ and the Q′/C sub-
units. Hence, the C sub-unit does not form as the result of Cu inclusions
in a structure such as β″, but rather due to an interaction with the atoms
positioned at the precipitate-matrix interface. The Cu column of this
sub-unit is not embedded in- or replacing the Si-network columns, but
rather positioned externally to it (see Fig. SI 7). The C sub-unit was
frequently observed in alloy M, and only very rarely in alloy C. It
therefore seems that an increased Mg:Si ratio is necessary in order to
form this sub-unit. The C sub-unit was observed in a Mg-rich
(Mg:Si ≈ 2:1) alloy containing only 0.01 wt.% Cu [40]. It is therefore
the high Si:Mg ratio, and not the total Cu content that is preventing
alloys S and C from forming notable numbers of C sub-units.

4. Conclusions

A combination of HAADF-STEM lattice imaging, SPED-based phase
quantification, and DSC has been applied to study the effect of low Cu
additions on the evolution of precipitate crystal structures in three Al-
Mg-Si(-Cu) alloys during overageing. Generally, the precipitates in all
alloys studied showed a gradually increasing proportion of Cu-con-
taining phases with overageing, and accelerated phase transformation
kinetics were observed with higher Cu content.

Three different Cu-containing sub-units were identified as the
building blocks for all Al-Mg-Si-Cu phases. They are

• βCu′ sub-units
• Q′/C sub-units
• C sub-units

The origins of the two first sub-units were discussed based on how
Cu inclusions would alter the β″ crystal structure. The latter only forms
at the precipitate-matrix interface, and primarily in Mg-rich alloys.

Two Si-rich alloys and one Mg-rich alloy were studied, and the main
findings can be summarised as

Fig. 6. Bar plots showing average precipitate phase fractions in alloy (a) S, (b)
C, and (c) M in each indicated ageing condition. The numbers are estimated
from SPED data.
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Fig. 7. Excess specific heat capacity measured as a function of temperature obtained from experimental DSC curves for alloys S and C in the ageing conditions: (a) as-
solutionized (as-sol) (b) 3 h (d) 24 h (e) 1 week. (c) Combined measurements for alloy S and (f) combined measurements for alloy C. The main endo- and exothermic
peaks (I–IX) are indicated. A and dA denote formation and dissolution of a given phase A, respectively.

Fig. 8. (a–d) Side-by-side lattice images and atomic overlays of a pure β″ and a hybrid precipitate containing β″ and βCu′ sub-units. (e–h) Side-by-side lattice images
and atomic overlays of a pure β″ and a hybrid precipitate containing β″-eyes and a Q′ unit cell. Atomic overlay of the lattice images have been constructed according
to the rules of Andersen et al. [17].
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• Hybrid β(2)′ phase and Q′ phase precipitates were formed upon
overageing in the Si-rich alloys, and the evolution involved a gra-
dually increasing phase fraction of the Cu-containing Q′ phase

• Minor changes to the Cu level in the Si-rich alloys determined the
stability of hexagonal Q phase relative to cubic β phase

• L phase precipitates existed in all conditions in the Mg-rich alloy,
and exhibited significantly improved thermal stability as compared
to the hybrid β(2)′ phase and Q′ phase precipitates in the Si-rich
alloys

Our study demonstrates how relatively small changes in alloy
compositions can cause significant changes to the precipitation. The
differences in precipitation were inferred from the analysis of 1000s of
precipitate phases enabled by the SPED approach. The improved sta-
tistics and the increased objectivity this approach offers validate it as a
powerful tool that will be of importance in future alloy design.
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cipitate lattice image, as well as additional SPED phase mapping results
from selected ageing conditions in the studied alloys. The
Supplementary Information is available to download from [https://
doi.org/10.1016/j.matchar.2019.110087]. The raw SPED data required
to reproduce these findings cannot be shared at this time due to tech-
nical limitations, but are available upon reasonable request.
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Abstract

The mechanical properties of age hardenable Al alloys depend strongly on the precipitate microstructure. This work presents an
investigation into the connection between material strength and ductility to precipitate statistics in three high strength Al-Mg-Si(-
Cu) alloys (Cu.0.1 at.%). A range of ageing conditions were examined in order to understand the effect of an evolving precipitate
microstructure, and the results were used as input for strengthening models. The mechanical properties were obtained by tensile
test experiments and microstructure characterisation was attained by transmission electron microscopy. The results showed that
minor changes to the Si, Mg, and Cu additions – the total addition (at.%) kept approximately equal – had a significant impact
on measured material properties with corresponding changes in the precipitate microstructure. On the peak strength plateaus,
differences as large as 35 MPa in yield strength were measured between the strongest and weakest alloy, obtained as 410 MPa and
375 MPa, respectively. Higher material yield strength correlated well with a refined precipitate microstructure comprising higher
number densities of smaller precipitates. Differences with respect to material ductility first appeared after moderate overageing,
showing negative correlation with material strength. At significantly overaged conditions the differences in strength exceeded
100 MPa, demonstrating large differences with respect to the thermomechanical stability of these materials, which has important
consequences for alloys exposed to elevated temperatures under in-service conditions. The highly comprehensive body of data
presented should serve as a valuable reference in the development of strengthening models for the Al-Mg-Si-Cu system, and will
hopefully spark further investigations on the topics covered.

Keywords: 6xxx Al alloys, Precipitation, Yield strength, Transmission electron microscopy, Strengthening models,
Microstructure-property relationships

1. Introduction

Al-Mg-Si(-Cu) alloys are important age hardenable alloys for
extruded products in marine, automotive, and building con-
struction applications. They are widely used due to their low
cost, ease of fabrication and machinability, and to a combina-
tion of attractive material properties, including high strength,
low weight, nice surface finish, and good corrosion resistance.
A few hours thermal ageing at elevated temperatures (170–
230 ◦C) may double – or in some cases nearly triple – the
strength of these alloys as compared to their as-quenched (T4)
state. This is caused by the formation and growth of a high
density of nanosized rod- and/or lath-shaped precipitate phases
with long axes parallel to 〈100〉Al that act as barriers to disloca-
tion motion.

High strength Al-Mg-Si(-Cu) alloys are becoming increas-
ingly utilised in applications such as the crash-system and the
steering components of automotive vehicles [2]. It is therefore
important to study and optimise the properties that impact the
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crashworthiness of such alloys. The yield strength, σy, is par-
ticularly important for resisting deformation, and the ability to
work harden affects the energy absorption capacity. The ma-
terial ductility (e.g. true fracture strain, εf) is also important
as low values could cause cracking and failure. Additionally,
for components that might see elevated temperatures under in-
service conditions the thermomechanical stability is important,
and the change of σy with prolonged ageing is highly relevant
in this regard.

Depending on alloy composition and thermomechanical pro-
cessing (TMP) various precipitate phases may form, and the
different phases of the Al-Mg-Si- and the Cu-added system
have been thoroughly characterised [3, 4, 5, 6]. Furthermore,
the precipitate number density, N, length, l, and cross-section
area, a, will vary. These parameters together determine the vol-
ume fraction of precipitates, Vf = N · l · a. As the different pre-
cipitate phases have different crystal structures, compositions,
interface coherence, and interfacial strain, they influence mate-
rial properties differently. This poses a challenge in optimising
alloy compositions and TMP routes for achieving pre-defined
material properties, such as a given σy or εf . This is the reason
why a lot of research on the aspects of TMP, materials testing,
modelling, and characterisation of these alloys is produced ev-
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Table 1. Compositions of the Al-Mg-Si(-Cu) alloys studied. The last column shows the estimated total concentrations of precipitate forming elements left in solid
solution immediately after quenching.

Alloy Al Si Mg Cu Fe Mn Cr Si†+Mg + Cu

S at./wt. % bal. 0.85/0.88 0.80/0.72 0.01/0.03 0.12/0.24 0.25/0.51 0.08/0.16 1.52/1.44

C at./wt. % bal. 0.85/0.88 0.71/0.64 0.04/0.09 0.10/0.20 0.22/0.45 0.07/0.14 1.46/1.42

M at./wt. % bal. 0.62/0.64 0.86/0.77 0.10/0.23 0.13/0.23 0.13/0.26 0.01/0.02 1.46/1.48
† The incorporation of Si into dispersoids was taken into account using an estimate based on the thermal history of the material and the Alstruc
microstructure solidification model [1].

ery year.
One of the fundamental interactions that determines the me-

chanical properties of age hardenable Al alloys is that occur-
ring between precipitates and moving dislocations. Al has a
fcc crystal lattice, causing dislocations to move in close packed
〈110〉Al directions and on {111}Al planes. There are two main
types of precipitate-dislocation interactions: either the mobile
dislocations pass through the precipitate (shearable), or they by-
pass the precipitate, e.g. via the Orowan looping process (non-
shearable) [7, 8, 9]. Whether a particular precipitate is sheared
or bypassed depends on several factors, where interface coher-
ence and cross-section area on the {111}Al slip planes are the
most important.

Up to the peak hardened state, the most common precipitate
phase existing in the microstructure of Al-Mg-Si alloys is the
needle-shaped β′′ phase [10]. In alloys that are Mg-rich (Mg/Si
(at.%) > 1) and that contain a low addition of Cu (0.05–0.3
Cu at.%), β′′ may coexist with the lath-shaped L phase pre-
cipitate [6, 2, 11]. In situ investigations performed on an Al-
Mg-Si-Cu alloy containing both β′′ and L phases suggest that
both shearing and bypassing of precipitates occur at room tem-
perature, and that increasing temperature facilitates cross-slip
and bypassing [12, 13]. Which of the β′′ or L precipitates are
sheared/bypassed was not determined, but there exists strong
evidence that β′′ is shearable [14, 15, 16, 17]. In overaged con-
ditions the precipitates are to a larger extent non-shearable [18],
i.e. they remain undeformed while the matrix around them is
deformed. Typical phases existing in overaged, low Cu contain-
ing Al-Mg-Si alloys are β′, Q′ and L phase [6]. Several studies
have made attempts to estimate the value of the critical dimen-
sion that determines the transition point between shearable and
non-shearable precipitates for the various precipitate phases ex-
isting in this alloy system, e.g. [16, 18]. The critical dimension,
rc, where this transition occurs is important in order to model
the strength in these alloys, as the obstacle strength, F(r), is
usually separated into a weak (r ≤ rc) and strong (r > rc)
regime.

Despite the complexity of the underlying strengthening
mechanisms, many yield strength models developed for Al-Mg-
Si-Cu alloys capture the general evolution of material strength
with ageing to a reasonable extent. The crudest models assume
a single precipitate type approximated as equivalent spherical
volumes, whereas more advanced models also take into account
the 〈100〉Al oriented, rod-/lath-shaped nature of the precipitates
and their size distribution [7, 8, 9, 19, 20, 21, 22, 23, 24, 25, 26].

In this work we have studied three high strength Al-Mg-Si(-
Cu) alloys with nearly equal alloying additions (at.%). Me-
chanical properties (σy, εf) were inferred from tensile test ex-
periments and microstructure characterisation was obtained by
transmission electron microscopy (TEM), providing precipitate
statistics (N, l, a, Vf) at a range of ageing conditions. Mi-
crostructure characterisation results were used as input for three
recognized yield strength models [21, 23, 25] which were com-
pared with experimental findings. The combination of materials
testing, characterisation, and modelling work provided a com-
prehensive evaluation of microstructure-property relationships
existing in these alloys.

2. Experimental details

2.1. Materials and heat treatments

Three Al-Mg-Si(-Cu) alloys labelled S, C, and M, were de-
signed with similar alloying additions (at.%), and minor differ-
ences in the Si:Mg ratios and Cu content, see Table 1. The
alloys were manufactured by Neuman Aluminium Raufoss and
were delivered as extruded rods (Ø30 mm). 10 mm height cylin-
der specimens cut perpendicular to the extrusion direction were
set to solution heat treatment (SHT) at 540 ◦C for 12 min in a
salt bath, and then water-quenched to room temperature. The
specimens were kept at room temperature for 10 min before
they were set to artificial ageing (AA) at 180 ◦C in an oil bath.
AA was conducted for a series of holding times from 20 min to
1 month total ageing, which spanned underaged (UA) – through
peak aged – to significantly overaged (OA) material conditions.
A schematic of the heat treatment procedure is shown in Fig. 1.

Fig. 1. Heat treatment procedure applied for studied Al-Mg-Si(-Cu) alloys.
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2.2. Mechanical testing and conductivity measurements

The cylinder specimens were used for serial hardness and con-
ductivity measurements after different ageing times. Vickers
hardness (VH1) tests were carried out on a Leica VMHT MOT
hardness tester. 10 indentation marks were inserted concentri-
cally around the cylinder surface, a few mm from outer edge
and center, and formed the basis for calculating an average
value for each ageing condition. Conductivity was measured
using a Foerster Sigmatester 2.069. Each value was determined
as the average of 5 measurements on the specimen surface.

Tensile tests were conducted on Ø10 mm, 78 mm height
cylinders with 18 mm gauge length and Ø6 mm inner diameter
pulled parallel to the extrusion direction. The specimens were
machined from the centre part of the extruded rods, and the di-
mensions are shown in Fig. 2. A universal tensile test machine
and an optical measurement technique [27] were employed for
tensile testing. The tests were conducted at room temperature
using a load speed of 0.54 mm/min. 3 parallel specimens were
tested to get the average value of tensile properties. The radius
of the minimal cross-section area, a, the curvature radius of the
necking region, R, and the corresponding load were measured
using the optical measurement technique during experiments.
These parameters were used as inputs for the Gromada necking
correction approach [28], and the corrected stress-strain curve
until fracture were then calculated for each condition. Material
yield strength, σy, was obtained from the curves using the offset
method. Assuming volume consistency, true strain can be esti-
mated from the measurements of radius, a, therefore, the true
fracture strain was obtained at the occurrence of fracture for
each condition, εf = ln(A0/Af) = 2ln(a0/af), where A denotes
the cross-section area in the necking region (subscript 0 = ini-
tial, f = at fracture).

Fig. 2. Dimensions in mm for tensile test specimens.

2.3. Electron microscopy

Thin foils for TEM experiments were prepared by further
cutting and grinding the cylinder specimens used for hard-
ness/conductivity measurements down to disks with thicknesses
of about 100 µm, and then punching them into several smaller
Ø3 mm disks. Twin-jet polishing in a Struers Tenupol-5 was
used to further thin the disks to electron transparency. The
electrolytic solution comprised a 2:1 mixture of methanol:nitric
acid, maintained at roughly −25 ◦C.

Precipitate statistics were obtained using a JEOL 2100 mi-
croscope operated at 200 kV and equipped with a Gatan Imag-
ing Filter (GIF). The specimen thickness was measured by elec-
tron energy loss spectroscopy using the t/λ (log-ratio) method-
ology with an electron mean free path λ ≈ 130 nm for 200 keV

electrons in the 〈100〉Al zone axis of fcc Al. Existing method-
ologies in microstructure quantification of Al alloys by TEM
give precipitate dimensions and distributions [29], including N,
l, a, and Vf . The width of precipitate free zones (PFZs) perpen-
dicular to grain boundaries (GBs) were determined from annu-
lar dark-field scanning TEM (ADF-STEM) images obtained on
a JEOL 2100F microscope (200 kV).

3. Results

3.1. Hardness and electrical conductivity

The hardness and the electrical conductivity of the alloys as
a function of ageing time are shown in Fig. 3. It is seen that
alloys C and M both started out higher in hardness than alloy S,
and after 10 min ageing these were at roughly 80 compared to
65 HV1, respectively. Subsequently, all alloys showed a simi-
lar rate of hardness increase, all reaching close to peak hardness
after roughly 2 h ageing, with values ranging from 122 HV1 for
alloy S to 128 HV1 for alloy M. The hardness then remained
nearly constant, and all alloys exhibited a similar duration in
the peak hardness plateau, from approximately 2 h to 12 h age-
ing. At 12 h ageing, alloys S and C exhibited comparable hard-
ness values, 122 HV1, and the rate of hardness decrease with
following overageing was similar in the two alloys. Only after
4 days of ageing had a significant hardness difference between
alloys S and C again developed, and beyond this point alloy C
stayed roughly 8 HV1 higher than for alloy S.

Alloy M differed strikingly from alloys S and C with over-
ageing. At 12 h ageing alloy M measured 126 HV1, and with
further ageing it maintained a substantially higher hardness than
alloys S and C for all subsequent conditions, indicating a con-
siderably improved thermomechanical stability. After roughly
5 days ageing the hardness difference relative to alloys S and C
was at a maximum, and it stayed nearly constant with further
ageing. At 5 days ageing and beyond the hardness difference
was near 19 HV1 relative to alloy C, and about 23 HV1 to alloy
S. After 1 month accumulated ageing, the hardness of alloys
S and C measured 70 and 75 HV1, respectively, which was
within 5 HV1 of their corresponding 10 min ageing measure-
ments. Alloy M measured 94 HV1 at 1 month ageing, which
was still significantly higher than the 10 min value at ≈80 HV1.

The conductivity of alloy M started out at 24.4 MS/m after
10 min ageing, higher than both alloys S and C at ≈23.5 MS/m.
Following, the conductivity of alloys S and C increased at a
higher rate than M. Near peak hardness (≈ 3 h) all alloys exhib-
ited similar conductivity values, measuring roughly 26 MS/m.
Beyond moderate overageing (> 24 h) the ordering high-to-low
was reversed relative to the hardness at corresponding ageing
times. The ordering high-to-low in terms of conductivity was
here: alloy S, alloy C, and alloy M. Final values reached after 1
month ageing were 28.3, 28.0, and 27.7 MS/m for alloys S, C,
and M, respectively.

The material conditions selected for TEM experiments were
chosen based of the plots in Fig. 3, and are shown in Table 2.
With the aim to understand the effect of an evolving microstruc-
ture on the overall strength and ductility of the material, a range
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Fig. 3. (a) Vickers hardness (HV1) and (b) electrical conductivity as a function
of ageing at 180 ◦C.

of conditions were selected, encompassing UA, peak hardened,
and significantly OA material conditions.

Table 2. Ageing conditions selected for TEM experiments.

Alloy Time of ageing at 180 ◦C

S 20 min, 3 h, 12 h, 24 h, 1 week, 2 weeks, 1 month

C 20 min, 3 h, 12 h, 24 h, 3 days, 1 week

M 20 min, 3 h, 24 h, 1 month

3.2. Tensile properties
Tensile test experiments were performed on several material

conditions, including all conditions selected for TEM studies.
The true stress-strain curves for all ageing conditions in each
alloy are shown in the Supplementary Information (SI) in
section SI 1, with following tables showing the parameters of
the fitted 4-term Voce equation for each curve. The main results
obtained from the true stress-strain curves are presented in Fig.
4, showing the material yield strength, σy, and the true fracture
strain, εf .

The main trends of the σy-plot in Fig. 4a show good agree-
ment with the Vickers hardness plot in Fig. 3a. One exception
is due to alloy C, which in the σy-plot is no longer sandwiched
in-between alloys S and M in value. At UA and peak aged con-
ditions alloy C obtained highest σy-values, with a peak value
of 410 MPa at 5 h ageing, compared to 392 MPa (5 h) and 406
MPa (12 h) for alloys S and M, respectively. In agreement with
measured hardness, alloy M reigns supreme at OA conditions

Fig. 4. Material tensile properties obtained from true stress-strain curves, show-
ing (a) yield strength, σy, and (b) true fracture strain, εf , as a function of ageing
time.

(>12 h). At significantly OA conditions (>1 week), alloy M
stayed roughly 60 and 100 MPa higher in σy as compared to
alloys C and S, respectively. Alloy C stays close to- but ex-
hibits consistently higher σy than alloy S with overageing. σy
at 20 min ageing is also notably higher than the value at sig-
nificantly OA conditions (>1 week ageing) for all alloys. In
the case of hardness, these outer extremes of UA vs OA values
were in much closer agreement, with the exception of alloy M.
εf remained comparable for all alloys (51%-55%) up to the

onset of overageing, i.e. 12 h. Beyond this point the differences
became progressively larger, and the ordering high-to-low was
alloy S, C, and M, respectively, reversed with respect to the
σy-ordering at corresponding conditions. Final values reached
after 1 month ageing were 86% for alloy S, 74% for alloy C,
and 67% for alloy M.

3.3. Quantification of precipitate statistics by TEM
Bright-field TEM images of the precipitate microstructures

in the three alloys after various ageing times are shown in Fig.
5. At 20 min ageing (Fig. 5a-c), a very dense microstructure of
atomic clusters/GP-zones and small precipitates existed, with
main growth dimension rarely exceeding 9 nm in length for all
alloys. Near the peak hardened state at 3 h ageing (Fig. 5d-f)
the microstructures comprised high densities of short β′′ precip-
itates with characteristic strain contrast (dark lines) running par-
allel to the main growth direction. In alloy M, longer and nar-
row lath-shaped L phase precipitates were also present (high-
lighted). After 1 week ageing, the precipitates in alloys S and
C had grown very large as compared to the 3 h condition (Fig.
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Fig. 5. (a-i) Bright-field TEM images of indicated alloys and ageing times. All images are acquired near the [001]Al zone axis.

5g,h). In addition, the precipitate density has been reduced sig-
nificantly as expected for overaged conditions. The precipitates
in alloy M demonstrated a high resistance towards coarsening,
and at 1 month ageing (Fig. 5i) their average size was still
smaller than the precipitates at the 1 week ageing condition in
alloys S and C. The development in average precipitate cross-
section areas and lengths are shown in Fig. 6. In the overaged
conditions imaged it is also easy to classify the cross-sections as
either lath-type or rod-type. Narrow, lath-shaped cross-sections
extended along [010]Al and [100]Al directions are visible in both
alloy C and M (highlighted). It is also clear that the presence
of lath-type precipitates are more frequent in alloy M at this
overaged condition. These precipitates are either L phase or C
phase precipitates [30]. The rod-type precipitates present are β′

phase and Q′ phase precipitates. It is important to note that also
Q′ phase precipitates can exhibit a lath-type morphology, but its

interface will run along 〈150〉Al directions, see e.g. [31]. Alloy
S does not show any clear presence of lath-type precipitates.
The distribution of precipitate phases in these alloys was quan-
tified by a scanning diffraction approach in the related work by
Sunde et al. [6].

The precipitate number density was calculated as N =

3N‖/(A(t + l̄m)), where N‖, is the number of precipitate cross-
sections in the image, A is the field of view area, t is thickness in
the centre of the image, and l̄m is the average measured precipi-
tate length. The factor 3 accounts for the 3 growth directions of
the precipitates, hence assuming an uniform distribution. The
volume fraction was subsequently calculated as Vf = N · l · a.
N and Vf were calculated for all alloys for the conditions se-
lected for TEM studies, and the results are shown in Fig. 7.
All numerical values for the measured and calculated precipi-
tate statistics are shown in Table SI 4, Table SI 5, and Table
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Fig. 6. (a) Average length and (b) cross-section area for precipitates in all age-
ing conditions studied in alloys S, C, and M.

SI 6 in SI 2, for alloys S, C, and M, respectively.
As seen from Fig. 6 and Fig. 7, there are clear differences be-

tween the alloys despite their similar compositions. In terms of
average precipitate parameters l and a (Fig. 6a,b), the rod-type
precipitates of alloy M have consistently smaller dimensions as
compared to the precipitates of alloys S and C, for all condi-
tions studied. The lath-type precipitates were longer at 3 h and
24 h ageing, but these were in relatively low numbers at these
ageing conditions, see Fig. 7a. Lath-type precipitates are also
present at the 1 month condition in alloy M, but the coarsened
precipitates lying in-plane were not clearly separable as rods
and laths (see Fig. 5i) and were assumed to be approximately
equal in size. Comparing the precipitates of alloy C to S, the
length of the former stays smaller for all corresponding condi-
tions. The cross-section areas of the precipitates in alloy C also
stays smaller than for S up to 24 h ageing, but then becomes
larger with significant overageing.

The precipitate number density (see Fig. 7a) is consistently
higher for alloy M, followed by alloy C, and lastly S. The dif-
ference between alloy M as compared to both C and S becomes
larger with prolonged ageing. It is seen that for alloy M the
number density of rod-type precipitates drops off by more than
an order of magnitude with ageing, whereas the lath-type pre-
cipitates stay at the same order of magnitude even after 1 month
ageing. The thermal resistance of lath-type precipitate phases,
i.e. C- and L-phase, has also been demonstrated previously
[2, 32]. Comparing the number density for alloys C and S, it
is seen that alloy C starts out significantly higher than alloy S,

Fig. 7. (a) Precipitate number density and (b) precipitate volume fraction in
each alloy and ageing condition.

but that the difference decreases up to the point of moderate
overageing (24 h). At the significantly OA state at 1 week age-
ing, alloy C is again higher in number density as compared to
alloy S.

The volume fraction (see Fig. 7b) does not display as clear
differences as were seen for the other precipitate statistical pa-
rameters due to the uncertainties in calculated values. The
main source of uncertainty is due to the thickness estimation
by EELS (∆t/t ≈ 10%). However, the lower number density
of precipitates in alloy S seems to be compensated by the in-
creased size of precipitate parameters (l and a), making the vol-
ume fraction comparable to alloys C and M. The volume frac-
tion of alloy C is similar to that of alloy M for the same reason,
but it seems that the volume fraction of alloy M is somewhat
larger up to the point of moderate overageing (24 h). It is also
seen that for alloy M the lath-type precipitates dominate over
rod-type precipitates at the significantly overaged condition (1
month).

The PFZ width perpendicular to GBs were also measured in
each condition studied, see Fig. 8. The PFZ widths are nearly
equal for alloys S and C, but differs notably for alloy M, being
lower than all corresponding conditions in alloys S and C. Af-
ter 1 month ageing there is a large difference between the PFZ
width in alloy S at 267 ± 18 nm to that of alloy M at 172 ± 8
nm.
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Fig. 8. Average measured PFZ width perpendicular to GBs in each alloy and
ageing condition.

4. Discussion

4.1. Microsctructure-property relationships
With few exceptions, it is generally observed that alloy M

exhibited the highest strength and hardness with ageing, fol-
lowed by alloy C, and lastly alloy S, see Fig. 3a and Fig. 4a.
It is also generally observed from the microstructure results in
Fig. 6 and Fig. 7 that alloy M showed the most refined precip-
itate microstructure, with smaller precipitate parameters, l and
a, and higher precipitate number densities, N. Alloy C places
second and alloy S is last. Although the precipitates in alloy C
at 1 week ageing had a larger cross-section area than those of
alloy S, the average precipitate volume, V̄p = l̄ · ā, was smaller
for alloy C, which also had a somewhat higher number density.
The precipitate statistics of alloys S and C were closest in value
between the 24 h and the 1 week ageing conditions, which were
also the conditions where the measured hardness and strength
were the most similar, see Fig. 3a and Fig. 4a.

At a fixed volume fraction, with precipitates of similar types
and morphology, a denser distribution of smaller precipitates
is generally stronger than a sparse distribution of coarse pre-
cipitates, due to the statistically increased number of disloca-
tion pinning points in each slip plane. The observed refinement
in precipitate microstructure thus supports alloy M having the
highest strength, followed by alloy C, and lastly alloy S.

An exception not immediately explained by this reasoning is
the slightly increased strength of alloy C as compared to alloy
M between 1 h and 5 h ageing. The calculated number densi-
ties at 3 h ageing were similar, at (93 ± 9) · 103 compared to
(109± 12) · 103 for alloys C and M, respectively, and within the
uncertainty of the measurement errors. Furthermore, the hard-
ness seen in Fig. 3a showed that alloy M was harder than alloy
C at all corresponding ageing conditions. The precipitate cross-
section areas were comparable at UA and 3 h ageing, which
implies that the obstacle strengths should be similar. However,
as previously noted, alloy M also has a significant presence of
lath-type precipitates, most notably L phase, which has a dif-
ferent aspect ratio and crystal structure than the β′′ precipitate
phase, and will therefore differ in dislocation obstacle strength.
From microstructure observations, it is therefore less evident

how to explain the relative strength difference between alloys
C and M at these conditions. As noted, it could be due to the
uncertainties in measured precipitate statistics, or it could po-
tentially indicate that L phase precipitates are weaker disloca-
tion obstacles than β′′ phase precipitates at smaller precipitate
volumes.

With subsequent overageing, the number density of alloy M
at 24 h and 1 month ageing was significantly higher than that
of corresponding OA conditions in alloys S and C, see Fig. 7.
For alloy M the precipitate parameters l and a did also not grow
as fast as that of alloys S and C, see Fig. 6. This supports
the measurement of a significantly higher material strength at
these conditions. The conductivity plots seen in Fig. 3b also
indicates that there occurred a slower coarsening of precipitates
in alloy M beyond 24 h ageing relative to alloys S and C, as a
lower conductivity normally correlates with a higher solute so-
lution content in the matrix, and hence a reduced uptake of so-
lutes in precipitates. It is also supported by the observation of a
significantly reduced PFZ width at GBs in alloy M as compared
to alloys S and C, see Fig. 8, which again indicates that more
solute remained in solute solution for alloy M as compared to
alloys S and C with overageing.

The true fracture strain of the alloys, see Fig. 4b, showed
no significant differences between the alloys up to the point
of moderate overageing, at about 24 h. After this point, there
is a reversal of ordering high-to-low with respect to material
strength, in general agreement with experimental findings. This
also supports literature findings which suggest that material
ductility is mainly determined by the presence of larger, coarse
particles in the alloys. For instance, it has been shown that
coarse particles and precipitates on GBs are the most impor-
tant sites for nucleation and growth of intergranular ductile frac-
ture [33]. Alloy M has about half the Mn-content and a much
lower Cr-content than alloys S and C, see Table 1, and therefore
formed significantly fewer dispersoids. Based on the observed
true fracture strain the distribution of dispersoids is therefore
not crucial in terms of explaining material ductility, but rather
the precipitate distribution at OA conditions. Some studies also
point to the PFZ width as important for explaining ductility, as
PFZs may act to localise strain and accelerate void nucleation
and growth at GB particles [34, 35]. The microstructure obser-
vations support that alloy M should exhibit the lowest ductility
at overaged conditions, as this alloy has the smallest PFZ at GBs
(see Fig. 8) and the highest density of coarse precipitates (see
Fig. 7). At the 1 week ageing condition alloys C and S had sim-
ilar PFZ widths but it was measured a higher number density of
precipitates in alloy C than for S (see Fig. 7). Alloys C and S
also have similar levels of dispersoids due to their similar Mn-
content and overall composition (see Table 1). Therefore, the
increased material strength for alloy C as compared to alloy S,
which follows from an increased number density of precipitates
in alloy C, is the main underlying explanation for the observa-
tion of a lower ductility in alloy C in comparison to alloy S at
overaged conditions.

It is generally seen that a refinement of the precipitate distri-
bution – with smaller precipitate parameters l and a and an in-
creased density N of precipitates – correlates well with a higher
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material hardness and yield strength. The substantially retained
strength of alloy M as compared to alloys S and C at OA con-
ditions is seen as a consequence of the increased resistance to-
wards coarsening and dissolution exhibited by the precipitates
in this alloy. The formation of L phase precipitates is particu-
larly important for explaining the observed differences [6], due
to the improved thermal resistance of this phase compared to
the β′′ phase [2, 32].

4.2. Strength modelling

The study presented here is a suitable test case for modelling
work as it provides material testing results and a quantifica-
tion of the alloy microstructure at a range of ageing conditions
from UA to signficiantly OA conditions. There exists many
strengthening models for the 6xxx series Al alloy system which
attempt to link microstructure parameters such as grain size,
texture, precipitate size distribution, etc., to the macroscopic
yield strength, σy. A number of different strengthening mecha-
nisms are operative at room temperature, the most important of
which is that due to the precipitates, σp. In addition, one must
add the contribution from solute solution strengthening, σss, as
well as the intrinsic strength of pure Al, σi. If the latter is ex-
perimentally measured on a material of comparable grain size
to that of the alloy under consideration, this also accounts for
grain size strengthening effects. The contributions are typically
added linearly [21, 22]:

σy = σp + σss + σi. (1)

In estimating the solid solution strengthening, the contribu-
tion from each element is typically also added linearly, given as
[7, 36]

σss =
∑

i

kiC
2
3
i , (2)

where ki is the scaling factor and Ci is the mass fraction of a
specific element in solid solution (wt.%).

The strengthening contribution from the distribution precip-
itate needles and/or laths growing along 〈100〉Al directions is
more challenging to estimate. In the following, we have ap-
plied three selected models, see Table 3, for predicting the
contribution σp. The NaMo, Esmaeili, and Holmedal models
[21, 23, 25] have shown good agreement with selected experi-
mental findings, and are recognized in the scientific literature.
The models have here been modified as compared to their orig-
inally presented forms, with the intent to put them into a com-
mon framework, which is described in the work of Holmedal
[25]. In the paper by Holmedal, the precipitate contribution
to the stress is calculated using Kocks statistics [8, 9], which
are based on numerical line-tension simulations of a dislocation
gliding through an array of obstacles. Using recent line-tension
simulations by Vaucorbeil et al. [37, 38], Holmedal estimated
the tensile stress using the following equation:

σp = Mτ = 0.9M(2β)µb
√

n f̄
3
2

(
1 − 1

6
f̄ 5

)
. (3)

Here, M is the Taylor factor, τ is the critical resolved shear
stress, µ is the shear modulus of the Al matrix, b is the Burg-
ers vector, and n is the density of obstacles per area slip plane.
f̄ = F̄/2βµb2 = cos (φc/2) is the non-dimensional mean obsta-
cle strength, where F̄ is the mean obstacle strength, βµb2 is the
line tension of the dislocations, β ≈ 1/2 is a constant, and φc
is the obstacle breaking angle of the dislocation. Note that Eq.
3 is applied here for all models, replacing the Friedel statistics,
σp = Mµb

√
n f̄

3
2 , on which the original models by Deschamps

[20], Myhr et al. [21], and by Esmaeili et al. [23] were based.
Note also that the two special cases of weak and strong obsta-
cles distinguished in the Esmaeili model are here merged, us-
ing instead the approach by Holmedal. This makes this model
more general, while its predictions remain essentially the same
for the two special cases.

The way to derive the non-dimensional mean obstacle
strength, f̄ , is sligtly different for the considered models. The
Esmaeili model can be regarded as a simplified version of the
Holmedal model, where f̄ is estimated simply as a function of
the mean cross-sectional area of the precipitates. In the more
complex approach by Holmedal, the statistical distribution of
different number of pinning points per particle depending on its
length, and with pinning points of strength that depends on its
cross sectional area, are accounted for. This requires numerical
integration of

f̄ =
1
Nl̄

∫
fφlldl, (4)

for a strength, f (a), and size distribution, φl, of precipitates with
length l and cross sectional area a = l2/Ω2. Note that the size
distribution here is not normalized, i.e.

∫
φldl = N. It is as-

sumed that the aspect ratio Ω is a function of l, i.e. a strong
correlation between the length and cross-section area distribu-
tions. For a sufficiently narrow size distribution the Esmaeili
and Holmedal models become equal.

Table 3. Strengthening models for estimating σp. For a detailed description of
the models the cited works should be consulted.

Key equations References

n = 3Vf
2πr̄2

eq
, [20, 21, 22]

f
(
req

)
= min

(
req

r̄eq,3h
, 1

)
(NaMo)

n = Vf
2πr̄2 , [23, 19]

f̄ (r̄) = min
(

r̄
r̄3h
, 1

)
(Esmaeili model)

n =
√

3
3 Nl̄, [25, 27]

f (a) = min
(

a
ā3h
, 1

)
(Holmedal model)

The models by Deschamps et al. [20], and later the NaMo
model [21], consider volume-equivalent spherical precipitates,
for which 4πr3

eq/3 = al. For each precipitate, the obstacle
strength is assumed to depend on its volume, i.e. a function
f (req), and the non-dimensional mean obstacle strength is inte-
grated numerically from the precipitate size distribution as
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f̄ =
1
N

∫
fφreq dr. (5)

This integral does not account for that larger particles pierce
more glide planes and therefore contribute with more pinning
points than for smaller particles. An alternative expression for
shearable spherical particles, similar to Eq. 4, may be found in
[25]. However, since the particles considered in this work are
not spherical anyway, this difference must be expected to be of
second order. For the obstacle strengths, expressions similar as
reported for the respective models were used, see Table 3.

TEM measurements gave distributions of precipitate lengths,
l, and cross-section areas, a, at each studied ageing condition,
with average values shown in Fig. 6. The distribution of precip-
itate lengths, φl , were found to be best fitted using a log-normal
function

φl =
N

l
√

2π ln(1 + s/l̄2)
exp


−

ln
(
l
√

1 + s/l̄2
/
l̄
)2

2 ln(1 + s/l̄2)


, (6)

where s is the variance of the distribution. Generally, two pre-
cipitates of equal length may have different cross-section areas.
The two are however correlated, and the aspect ratio Ω = l/

√
a

may for simplicity be assumed to change as some function Ω(l)
of the needle length, i.e. a direct correlation between the sta-
tistical distributions of needle lengths and cross-section areas.
Using the average precipitate cross-section area, ā, and the av-
erage precipitate length, l̄, measured at each ageing condition,
the average precipitate aspect ratio was calculated as Ω̄ = l̄/

√
ā,

and a function Ω(l) was fitted to the calculated values, see SI
3. The obtained function Ω(l) enabled conversion from mea-
sured distributions of precipitate lengths to cross-section ar-
eas and corresponding precipitate radii. In order to apply the
NaMo model, where the precipitates are assumed to be spher-
ical, the radii were calculated by equating Vsphere =

(
l
Ω(l)

)2 · l,
thereby converting to a distribution of volume equivalent spher-
ical precipitates. A minor correction also had to be made to ac-
count for rod-shaped precipitates with a circular cross-section
in the Esmaeili model, compared to square cross-sections in the
Holmedal model.

Important for the application of all strengthening models
is the critical dimension defining the transition point between
shearable and non-shearable precipitates. This transition point
was selected as the relevant dimension (cross-section area,
length, or radius) calculated from the average precipitate pa-
rameters at 3 h ageing, i.e. near peak strength.

The macroscopic yield strength for each alloy was calcu-
lated using Eq. 1. The intrinsic strength of pure Al, σi, was
obtained experimentally, using the methodology and parame-
ters described in the experimental section. The solute solu-
tion strengthening, σss, was calculated using Eq. 2, where Ci
for Mg, Si, and Cu was approximated from measured precipi-
tate volume fractions, precipitate phase fractions as obtained by
scanning precession electron diffraction (SPED) experiments,

and known precipitate phase chemical compositions, see SI 4.
This methodology is elaborated in the related works by Sunde
et al. [39, 6]. Finally, the precipitate strengthening contribution,
σp, was calculated by applying the three selected models. The
parameter values used in the calculations are shown in Table 4.

Table 4. Values used for model parameters.

Parameter Numerical value

σi 35 MPa ?

kSi, kMg, and kCu 66.3, 29.0, and 46.4 MPa/wt.% †

M 3.05 ‡

rNaMo
c , rEsmaeili

c , aHolmedal
c r̄NaMo

3h , r̄Esmaeili
3h , āHolmedal

3h

µ 19.8 GPa

β 0.47 [21]
? Obtained from tensile tests on pure aluminium.
† Taken from [21].
‡ Calculated from the measured extruded texture using the ALAMEL crystal
plasticity model [40].

Figure 9, Figure 10, and Figure 11 show the comparison
between the three applied models and the experimentally mea-
sured macroscopic yield strength for alloys S, C, and M, respec-
tively, as a function of ageing. It is generally observed that the
models capture the overall trend of the experimental results to
a reasonable extent. The Holmedal model particularly obtains
an excellent agreement for most conditions in all alloys. The
Esmaeili model also shows a generally good agreement with
experimental results. For alloys S and C it generally under-
estimates the strength up to the point of moderate overageing
(24 h). For alloy M it overestimates the strength quite signif-
icantly at 3 h, where it predicts this to be the highest among
all alloys and ageing conditions. The NaMo model obtains the
best overall fit with the UA condition at 20 min ageing, and then
generally predicts a similar strength as the Esmaeili model up
to the point of moderate overageing (24 h). Subsequently, at
significantly OA conditions (> 24 h ageing), the NaMo model
underestimates the strength by > 40 MPa for all conditions.

The underestimation of the strength at OA conditions by the
NaMo model is most likely a consequence of the underlying
simplification of using a spherical precipitate geometry. The
geometry of a precipitate is important as it affects how many
{111}Al slip planes a precipitate of a given volume Vp inter-
sects. A spherical precipitate of radius r will act as a disloca-
tion obstacle for a slip plane located within a distance ±r from
the precipitate centre. A needle-shaped precipitate will act as
a dislocation obstacle in any {111}Al slip plane located within
a distance ±l cos θ = ±l/

√
3 from the precipitate centre, where

θ = 54.74◦ is the angle between the glide-plane normal and the
needle direction. As seen from Fig. 6, the precipitates grow
to reach lengths that are several 10s of times longer than their
diameter/thickness, which implies that the strengthening effect
per precipitate is greater for needle-shaped precipitates as com-
pared to equivalent volume spherical precipitates. In the models
applied, this has consequences for the calculation of n, i.e. the
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Fig. 9. Experimental results and model predictions of yield stress as a function
of ageing for alloy S.
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Fig. 10. Experimental results and model predictions of yield stress as a function
of ageing for alloy C.
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Fig. 11. Experimental results and model predictions of yield stress as a function
of ageing for alloy M.

density of obstacles per area slip plane.
The relative differences between the models and experimen-

tal results in the range 20 min ≤ t ≤ 24 h show the same trend
for alloys S and C shown in Figure 9 and Figure 10, and dif-
fer somewhat for alloy M, see Figure 11. The similarities in
the predictions for alloys S and C were expected as the com-
positions of these alloys are very similar, and with both alloys
showing a similar overall precipitation behaviour [6]. For alloy
M, all models overestimate the strength at 3 h ageing, and the
NaMo and Esmaeili model predicts this as the highest among
all alloys and ageing times, which is supported by the measure-
ment of the highest number density of precipitates. Part of the
reason for this overestimation must lie in the coexistence of two
precipitate classes, namely β′′ and L phase precipitates. The L
phase precipitates are generally observed to be longer than β′′

precipitates at moderately aged conditions, see Fig. 5f and Fig.
6a, and hence have higher aspect ratios, Ω. The length dis-
tribution fitting assumes a single precipitate type, φl, and the
cross-section area a for a precipitate of a measured length l is
approximated using the fitted aspect ratio Ω(l). As the majority
of precipitates present are β′′, this will overestimate the cross-
section area of L phase precipitates due to their increased length
as compared to β′′ precipitates. This in turn will overestimate
the strength contribution of L phase precipitates. The differ-
ent crystal structures of these precipitate phases also implies
that they will have different critical cross-section areas or radii
defining the shearable/non-shearable transition point, which is
here assumed to be equal, and set to the average values mea-
sured at 3 h ageing.

The application of the Esmaeili model does not entail a nu-
merical integration of the precipitate size distribution, but in-
stead uses calculated average precipitate parameter values. The
observation that this model also significantly overestimates the
strength of alloy M at 3 h ageing requires another explanation
besides the overestimated cross-sections areas of L phase pre-
cipitates. It further suggests that a significant fraction of the pre-
cipitates at this condition still should be considered weak, and
therefore that the critical radius, rc > r3h. This implies that the
L phase precipitates are weaker dislocation obstacles than the
β′′ precipitates at moderately aged conditions (t < tpeak). This
is also a reasonable conclusion to make from the observation
of a higher number density of precipitates in alloy M than for
alloy C at 3 h ageing, but the measurement of a higher strength
for alloy C. It was measured a number density of roughly 10000
and 100000 (#/µm3) lath- and rod-type precipitates in alloy M
at 3 h ageing, respectively, compared to 93000 rod-type pre-
cipitates in alloy C (∆N/N ≈ 10%). The length of the rod-
type precipitates in alloy C at 3 h ageing was somewhat longer
than for alloy M, at 12.6 nm compared to 10.7 nm, respectively,
with nearly equal cross-section areas. It should also be noted
that alloy C has a significantly higher number density of dis-
persoids than alloy M at all ageing conditions, due to its in-
creased content of dispersoid forming elements, most notably
Mn, see Table 1. Although not quantified, this comprises an
added strengthening contribution which is larger for alloys C
and S as compared to alloy M. The similarities in obtained num-
bers, also accounting for measurements errors, make it difficult
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to draw any strong conclusions. However, the change from a
general underestimation (alloys S and C) to an overestimation
(alloy M) of the strength at 3 h ageing suggests that the L phase
precipitates does not provide as high strengthening potential per
precipitate as for β′′ precipitates at this condition, and therefore
the critical dimension rc > r3h for L phase precipitates. Simu-
lations of interactions between moving dislocations and β′′ and
L phase at the atomic level would provide more insight into this
observation.

5. Conclusions

A combination of hardness-, conductivity- and tensile testing,
TEM precipitate microstructure quantification, and strength
modelling have been applied to better understand material-
property relationships in three high strength Al-Mg-Si(-Cu) al-
loys of similar compositions at a range of ageing conditions.

It was found that relatively small changes in alloy com-
positions caused significant differences in the precipitate mi-
crostructures, with corresponding significant differences in
the measured material properties, including macroscopic yield
strength and true fracture strain. The Mg-rich and highest Cu
content alloy M showed a refined microstructure with higher
number densities of smaller precipitates at all ageing condi-
tions, as compared to the more Si-rich alloys S and C. Further-
more, alloy M also formed lath-shaped L phase precipitates of
high aspect ratio exhibiting large resistance towards coarsen-
ing. Comparing alloys S and C, the higher Cu content of alloy
C caused an increased refinement of the precipitate microstruc-
ture. An increased refinement in precipitate parameters gener-
ally correlated well with an increased material yield strength,
and the peak strengths obtained were 392, 410, and 406 MPa
for alloys S, C, and M, respectively. Three strengthening mod-
els were applied using the calculated precipitate microstructure
parameters, and the results showed a generally good agreement
with experimental results, with some interesting exceptions.

Material ductility, assessed from measured true fracture
strain, remained comparable for all alloys up to moderate over-
ageing, where a higher material strength corresponded with a
lower material ductility. The difference became progressively
larger with further overageing.

It is the authors’ intent that the large body of data presented in
this study should encourage further studies and developments,
particularly on the aspect of modelling work for the Al-Mg-Si-
Cu system.
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[33] A.K. Vasudévan and R.D. Doherty. Grain boundary ductile fracture in
precipitation hardened aluminum alloys. Acta Metallurgica, 35(6):1193
– 1219, 1987.

[34] K. Marthinsen O. S. Hopperstad E. Christiansen, C. D. Marioara and
R. Holmestad. Lattice rotations in precipitate free zones in an Al-Mg-
Si alloy. Materials Characterization, 144:522 – 531, 2018.

[35] B. H. Frodal, E. Christiansen, O. R. Myhr, , and O. S. Hopperstad. The
role of quench rate on the plastic flow and fracture of three aluminium
alloys with different grain structure and texture. International Journal of
Engineering Science, 150:103257, 2020.

[36] F. R. N. Nabarro. Theory of Crystal Dislocations. Oxford University
Press, Oxford, 1967.

[37] A. de Vaucorbeil, W. J. Poole, and C. W. Sinclair. The superposition of
strengthening contributions in engineering alloys. Materials Science and
Engineering: A, 582:147 – 154, 2013.

[38] A. de Vaucorbeil, W. J. Poole, and C. W. Sinclair. The effect of obstacle
strength distribution on the critical resolved shear stress of engineering
alloys. Materials Science Forum, 794-796:449–454, 2014.

[39] J. K. Sunde, C. D. Marioara, A. T. J. van Helvoort, and R. Holmestad.
The evolution of precipitate crystal structures in an Al-Mg-Si(-Cu) alloy
studied by a combined HAADF-STEM and SPED approach. Materials
Characterization, 142:458–469, 2018.

[40] P. Van Houtte, S. Li, M. Seefeldt, and L. Delannay. Deformation texture
prediction: from the taylor model to the advanced lamel model. Interna-
tional Journal of Plasticity, 21(3):589 – 624, 2005.

12



163

Paper VI – Supplementary
Information

Jonas Kristoffer Sunde, Feng Lu, Calin Daniel Marioara
Bjørn Holmedal, Randi Holmestad

Linking mechanical properties to precipitate
microstructure in three high strength

Al-Mg-Si(-Cu) alloys



164



Supplementary Information
Linking mechanical properties to precipitate microstructure

in three high strength Al-Mg-Si(-Cu) alloys

Jonas K. Sundea,∗, Feng Lub,∗, Calin D. Marioarac, Bjørn Holmedalb, Randi Holmestada

aDepartment of Physics, Norwegian University of Science and Technology (NTNU), N-7491 Trondheim, Norway
bDepartment of Materials Science and Engineering, NTNU, N-7491 Trondheim, Norway

cMaterials and Nanotechnology, SINTEF Industry, N-7465 Trondheim, Norway

Abstract

The mechanical properties of age hardenable Al alloys depend strongly on the precipitate microstructure. This work presents
an investigation into the connection between material strength and ductility to precipitate statistics in three high strength Al-
Mg-Si(-Cu) alloys (Cu.0.1 at.%). A range of ageing conditions were examined in order to understand the effect of an evolving
precipitate microstructure, and the results were used as input for strengthening models. The mechanical properties were ob-
tained by tensile test experiments and microstructure characterisation was attained by transmission electron microscopy. The
results showed that minor changes to the Si, Mg, and Cu additions – the total addition (at.%) kept approximately equal – had
a significant impact on measured material properties with corresponding changes in the precipitate microstructure. On the
peak strength plateaus, differences as large as 35 MPa in yield strength were measured between the strongest and weakest
alloy, obtained as 410 MPa and 375 MPa, respectively. Higher material yield strength correlated well with a refined precipitate
microstructure comprising higher number densities of smaller precipitates. Differences with respect to material ductility first
appeared after moderate overageing, showing negative correlation with material strength. At significantly overaged conditions
the differences in strength exceeded 100 MPa, demonstrating large differences with respect to the thermomechanical stability
of these materials, which has important consequences for alloys exposed to elevated temperatures under in-service conditions.
The highly comprehensive body of data presented should serve as a valuable reference in the development of strengthening
models for the Al-Mg-Si-Cu system, and will hopefully spark further investigations on the topics covered.
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SI 1. Tensile test data

True stress-strain curves

Fig. SI 1, Fig. SI 2, and Fig. SI 3 show true stress-strain curves until fracture (raw data) from all ageing conditions studied in
alloys S, C, and M, respectively.

Fig. SI 1. True stress-strain curves for all ageing conditions studied in alloy S.

Fig. SI 2. True stress-strain curves for all ageing conditions studied in alloy C.
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Fig. SI 3. True stress-strain curves for all ageing conditions studied in alloy M.

3



Voce fitting of flow stress-strain curves

Experimentally measured flow stress-strain curves until fracture for all conditions were fitted by a 4-term Voce equation, given
as:

σ = σ0 +

3∑

i=1

σi

(
1 − exp

(
−θiε
σi

))
. (1)

The optimized parameters of Voce equation fitted curves, as well as the corresponding necking strain (εn) and fracture strain εf
obtained from experiments are provided in Table SI 1, Table SI 2, and Table SI 3 for alloys S, C, and M, respectively. This data
can be directly used for numerical modelling of the work hardening behaviour analysis extended to large strains, in particular,
after necking.

Table SI 1. Voce euqation parameter fitting of the flow stress-strain curves obtained for all ageing conditions tested for alloy S.

Condition σ0 σ1 σ2 σ3 θ1 θ2 θ3 εn εf

20 min 284.92 7657.08 39.66 -7550.33 3.19E+05 48.76 -3.17E+05 0.08 0.55
20 min 296.45 2314.18 154.86 -2220.10 88966.54 36.20 -8.67E+04 0.08 0.55
20 min 289.01 183.98 36.38 -82.64 6450.12 44.24 -4427.84 0.09 0.58

1h 374.68 84.48 -9.89E+13 -6.85 2238.90 -9.81 -667.35 0.08 0.51
1h 378.79 83.09 -3.13E+12 -16.62 2305.95 -1.30 -1458.05 0.07 0.51
1h 383.16 111.76 -1.42E+04 -49.67 3406.65 -4.29 -3147.37 0.07 0.51
3h 391.21 133.91 132.85 -217.81 5610.50 5565.76 -1.10E+04 0.05 0.54
3h 387.69 64.54 -10.84 -8.61 1711.95 0.00 -851.74 0.06 0.55
3h 388.53 142.07 -1.05E+11 -91.64 5529.78 -0.45 -5252.46 0.06 0.55
5h 394.99 60.23 -1.00E+08 -14.42 1890.67 -8.06 -845.35 0.07 0.52
5h 395.04 111.82 -5343.24 -63.55 3796.20 -2.65 -3885.33 0.06 0.55

12h 382.43 8384.20 4912.88 -8333.37 3.62E+05 7.14 -3.61E+05 0.05 0.56
12h 382.63 62.96 -5.11 -15.03 1886.18 0.00 -1710.20 0.06 0.57
24h 352.93 8043.02 1.07E+04 -7992.17 4.04E+05 9.58 -4.04E+05 0.06 0.60
24h 357.99 2738.92 30.88 -2695.11 1.42E+05 10.26 -1.41E+05 0.06 0.60
24h 349.20 1398.53 7.12E+04 -1347.10 7.12E+04 9.23 -7.03E+04 0.05 0.58

1week 207.18 66.63 69.72 -34.23 3434.96 93.00 -45.65 0.06 0.77
1week 220.97 57.81 26.39 -1.97 3035.23 45.04 -2.88E+09 0.07 0.75
1week 219.63 64.75 32.79 -7.50 3216.12 37.16 -7.22E+04 0.05 0.76
1week 195.83 64.68 41.58 -1.60 3363.19 53.63 -4.08E+15 0.05 0.82
1week 198.45 64.20 43.16 -2.53 3299.30 49.45 -9085.00 0.05 0.79
1week 191.64 66.60 71.20 -35.56 3160.56 128.44 -64.14 0.06 0.84
1month 179.12 64.51 71.44 -23.99 3362.73 103.36 -34.71 0.05 0.85
1month 182.07 61.57 71.96 -31.43 3400.06 116.42 -50.84 0.05 0.85
1month 173.89 70.67 84.11 -41.76 3433.33 121.62 -60.38 0.06 0.86
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Table SI 2. Voce euqation parameter fitting of the flow stress-strain curves obtained for all ageing conditions tested for alloy C.

Condition σ0 σ1 σ2 σ3 θ1 θ2 θ3 εn εf

20 min 340.17 72.89 -1.01E+04 1387.34 1972.13 -120.52 129.43 0.08 0.51
20 min 345.42 9.39 92.18 -7.61 50.62 2691.87 -1532.58 0.07 0.53
20 min 343.89 167.95 3.48E+14 -66.97 4404.59 11.56 -2495.76 0.09 0.54

1h 405.22 79.55 -2.78E+04 -15.62 1887.10 -10.07 -1717.95 0.07 0.52
1h 407.34 72.69 -1.19E+04 -13.25 1853.24 -5.45 -1330.37 0.07 0.54
1h 406.14 49.23 47.89 -32.37 1308.34 1272.82 -2190.12 0.07 0.52
3h 414.91 263.57 243.58 -451.68 1.04E+04 9599.05 -1.98E+04 0.06 0.54
3h 410.39 1401.60 2.05E+04 -1340.05 5.06E+04 4.09 -5.02E+04 0.07 0.56
3h 409.58 87.10 5.93 -24.43 2069.46 0.00 -1836.28 0.08 0.56
5h 407.51 52.94 5.08 8.88 1222.70 117.31 -0.72 0.07 0.54
5h 409.06 4650.59 7801.40 -4592.33 1.76E+05 2.94 -1.75E+05 0.07 0.56
5h 410.79 926.36 -2.19E+04 -870.52 3.70E+04 -7.74 -3.66E+04 0.06 0.52

12h 395.26 836.29 1.68E+05 -782.57 3.38E+04 5.11 -3.32E+04 0.07 0.58
12h 398.84 230.61 1.18E+12 -181.61 9833.26 2.45 -9638.00 0.06 0.56
12h 396.68 1.34E+04 1689.19 -1.34E+04 5.89E+05 5.71 -5.89E+05 0.07 0.56
24h 366.29 73.52 -304.28 -21.09 2368.77 0.00 -1977.16 0.06 0.57
24h 364.30 1113.26 9.61E+04 -1060.45 5.05E+04 13.56 -5.00E+04 0.07 0.60
24h 370.88 2253.11 17.54 -2202.87 1.12E+05 16.96 -1.12E+05 0.06 0.60
3day 283.74 65.42 9.97E+04 -6.65 2451.69 20.27 -1517.65 0.06 0.67
3day 279.87 67.16 29.86 -7.66 2805.60 30.33 -1257.50 0.05 0.67
3day 285.90 63.68 166.94 -7.14 2572.72 19.34 -3329.44 0.06 0.67

1week 246.09 89.47 857.02 -32.65 3679.46 22.02 -1342.87 0.05 0.57
1week 245.72 67.99 52.85 -12.35 3278.66 24.12 -2482.23 0.05 0.65
1week 238.45 73.58 774.25 -12.23 3216.49 27.58 -4458.58 0.06 0.75
2weeks 235.08 97.18 36.48 -12.29 5191.20 48.13 -656.30 0.05 0.73
2weeks 225.41 70.84 34.73 -6.44 3135.07 36.75 -2586.67 0.06 0.75
2weeks 230.25 65.70 51.81 -4.86 2907.33 32.35 -1172.58 0.06 0.75
1month 213.88 2022.58 50.90 -1962.61 6.50E+04 30.61 -6.26E+04 0.05 0.74
1month 206.39 90.17 173.60 -21.78 4004.57 20.35 -967.28 0.06 0.73
1month 209.16 71.25 493.63 -473.67 2581.19 1811.79 -1838.60 0.06 0.74
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Table SI 3. Voce euqation parameter fitting of the flow stress-strain curves obtained for all ageing conditions tested for alloy M.

Condition σ0 σ1 σ2 σ3 θ1 θ2 θ3 εn εf

20 min 345.01 182.28 -5.98E+08 -85.25 5443.77 -17.93 -4017.13 0.08 0.49
20 min 346.38 104.97 -2.49E+13 -13.76 2660.56 -1.21 -1335.52 0.09 0.54
20 min 341.65 181.09 -4.08E+08 -76.06 4978.94 -23.34 -3066.25 0.08 0.51
20 min 348.59 4.08E+04 3.85E+04 -7.92E+04 3.48E+05 3.07E+05 -6.54E+05 0.09 0.55

1h 398.81 161.22 -1.32E+11 -81.74 4438.33 -7.87 -3574.61 0.08 0.55
1h 391.59 184.23 -4.46E+14 -112.66 5727.00 -18.15 -5071.73 0.07 0.52
1h 380.81 3726.15 -39.32 -3615.01 95212.10 -356.34 -9.36E+04 0.07 0.49
3h 400.60 132.92 -5.15 -63.97 3844.30 -31.20 -3256.29 0.06 0.56
3h 399.39 164.43 -49.52 -46.55 3475.94 -677.28 -2050.65 0.07 0.55
3h 402.88 104.53 -3.27E+04 -35.84 2668.14 -12.70 -2138.05 0.07 0.52
5h 398.95 148.81 -4.49E+12 -80.85 4299.96 -5.28 -3603.92 0.08 0.54
5h 397.56 279.13 -4.68E+09 -219.68 1.07E+04 -13.48 -1.04E+04 0.07 0.54
5h 409.77 128.41 -3.42E+13 -69.05 4461.58 -22.95 -3991.16 0.07 0.52

12h 406.39 3690.42 -1655.41 -1976.92 1.05E+05 -4.31E+04 -61203.61 0.07 0.56
12h 405.44 2.49E+04 -1.20E+04 -1.28E+04 7.20E+05 -3.36E+05 -3.84E+05 0.07 0.55
12h 404.15 2991.56 -1.98E+04 -2927.95 1.15E+05 -5.68 -1.14E+05 0.07 0.56
24h 409.85 217.62 -4.99E+04 -175.06 9832.49 -0.30 -9232.69 0.07 0.55
24h 374.14 103.36 -2.46E+14 -17.16 2350.94 -9.26 -928.55 0.08 0.55
24h 397.92 261.67 469.54 -678.39 1.16E+04 2.08E+04 -3.23E+04 0.06 0.58

1week 311.65 58.45 3080.63 -0.64 2188.76 7.08 -5.22E+04 0.06 0.61
1week 310.50 94.43 5.95E+04 -45.15 4660.75 7.82 -4489.94 0.06 0.70
1week 305.31 64.30 -12.37 -11.44 2309.32 0.00 -1714.86 0.05 0.69
2weeks 283.83 74.81 3.19E+04 -15.32 3412.09 10.86 -2322.33 0.06 0.65
2weeks 287.04 66.92 1.48E+04 -6.37 2446.66 5.82 -699.83 0.07 0.63
2weeks 285.92 683.81 3.48E+04 -627.49 4.14E+04 12.06 -4.01E+04 0.05 0.64
1month 266.35 71.19 2.68E+04 -11.51 2986.33 12.49 -2013.10 0.06 0.66
1month 264.21 81.27 6.19E+04 -15.98 3291.52 12.15 -1.19E+15 0.07 0.67
1month 260.75 1702.81 2.95E+04 -1636.15 1.01E+05 8.44 -99183.25 0.06 0.67
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SI 2. Precipitate Statistics

The precipitate statistics were calculated for all alloys in the conditions selected for TEM studies, and the results for alloys
S, C, and M are shown in Table SI 4, Table SI 5, and Table SI 6, respectively. The PFZ width at GBs were also measured
in each condition studied. The distribution of precipitate phases in each alloy were presented in a related study by Sunde et
al. [1]. As shown in this study, alloy M has a significant fraction of lath shaped (predominantly) L phases in addition to the
rod-shaped phases such as β′′, β′, and Q′. Therefore, Table SI 6 distinguishes between the two types which have different
precipitate dimensions and distributions. Uncertainties list standard errors.

Table SI 4. Calculated precipitate statistics and PFZ widths at GBs for alloy S in all studied ageing conditions.

Ageing Cross-section Precipitate Precipitate Volume PFZ
condition area [nm2] length [nm] density [µm−3] fraction [%] width [nm]

20 min 11.6±0.6 8.7±0.2 73240±7354 0.74±0.04 65±3
3 h 12.5±0.7 14.3±0.3 67023±7106 1.20±0.07 75±3

12 h 15.2±0.6 19.4±0.4 49247±5207 1.45±0.06 87±14
24 h 15.8±0.6 19.5±0.7 46489±5231 1.43±0.08 94±5

1 week 45.1±2.3 241.6±6.8 1498±416 1.635±0.09 161±9
2 weeks 65.8±3.7 254.3±13.0 1130±290 1.89±0.14 235±17
1 month 78.0±4.9 269.9±8.5 1021±320 2.15±0.15 267±18

Table SI 5. Calculated precipitate statistics and PFZ widths at GBs for alloy C in all studied ageing conditions.

Ageing Cross-section Precipitate Precipitate Volume PFZ
condition area [nm2] length [nm] density [µm−3] fraction [%] width [nm]

20 min 9.2±0.3 8.1±0.2 113090±11370 0.84±0.03 56±3
3 h 10.1±0.4 12.6±0.3 92899±9401 1.19±0.06 76±3
12 h 14.5±0.7 15.2±0.4 57103±6315 1.27±0.07 84±6
24 h 15.3±0.7 19.4±1.1 47740±5344 1.42±0.11 102±7

3 days 50.1±2.7 100.9±6.1 3961±1402 2.02±0.16 130±8
1 week 55.3±3.0 180.9±5.8 2153±778 2.15±0.13 172±8

Table SI 6. Calculated precipitate statistics and PFZ widths at GBs for alloy M in all studied ageing conditions.

Ageing Cross-section Length Precipitate density Volume fraction PFZ
condition area [nm2] Rods / Laths [nm] Rods / Laths [µm−3] Rods / Laths [%] width [nm]

20 min* 8.4±0.3 6.9±0.1 141576±14231 0.82±0.04 53±4
3 h 10.3±0.3 10.7±0.3 / 25.3±1.7 98903±10723 / 9632±1211 1.09±0.05 / 0.25±0.02 68±3
24 h 12.7±0.4 11.9±0.6 / 38.5±2.2 81001±11544 / 8130±1430 1.22±0.07 / 0.40±0.03 70±4

1 month* 43.0±2.5 136±4 1479±244 / 2219±366 0.86±0.05 / 1.30±0.08 165±12
* UA and coarsened precipitates (OA) lying in-plane were not clearly separable as rods and laths and were assumed to be approximately equal in size.
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SI 3. Fitting of precipitate length distributions

The distribution of precipitate lengths, φl , were found to be best fitted using a log-normal function. Fig. SI 4 shows the
results from fitting a log-normal function to the precipitate length distribution for the lengths measured in alloy S at (a) 20 min
through (g) 1 month ageing, respectively.

Fig. SI 4. Log-normal distribution fitting of precipitate length distributions measured at (a) 20 min through (g) 1 month ageing in alloy S.

Fig. SI 5 shows the fitting of the precipitate aspect ratios Ω(l) assuming a direct correlation between precipitate lengths, l,
and cross-section areas, a.

Fig. SI 5. Fitting of the precipitate aspect ratios Ω(l) for alloy (a) S, (b) C, and (c) M.
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SI 4. Solute solution levels

The calculation of the solute solution strengthening contribution, σss, requires as input the solid solution levels Ci (wt.%) for
Mg, Si, and Cu as a function of ageing. This was approximated from measured precipitate volume fractions, precipitate phase
fractions as obtained by scanning precession electron diffraction (SPED) experiments, and known precipitate phase chemical
compositions. This methodology is elaborated in the related work by Sunde et al. [2]. The estimated values Ci for alloys S, C,
and M in the conditions selected for TEM studies are shown in Table SI 7, Table SI 8, and Table SI 9, respectively.

Table SI 7. The amount of Si, Mg, and Cu (wt.%/at.%) locked in precipitates (p) and in solute solution (ss) for alloy S. ssss (supersaturated solid solution)
indicates the as-quenched condition.

Ageing time
Element ssss 20 min 3 h 12 h 24 h 1 week 2 weeks 1 month

Si (p) 0/0 0.29/0.28 0.48/0.46 0.55/0.53 0.53/0.51 0.47/0.45 0.60/0.58 0.69/0.66
Mg (p) 0/0 0.25/0.28 0.41/0.46 0.50/0.55 0.49/0.54 0.52/0.58 0.62/0.69 0.68/0.76
Cu (p) 0/0 0/0 0/0 0/0 0.02/0.01 0.028/0.012 0.028/0.012 0.03/0.013
Si (ss)† 0.69/0.67 0.4/0.39 0.21/0.21 0.14/0.14 0.16/0.16 0.22/0.22 0.09/0.09 0/0.01

Mg (ss) 0.72/0.80 0.47/0.52 0.31/0.34 0.22/0.25 0.23/0.26 0.2/0.22 0.1/0.11 0.04/0.04
Cu (ss) 0.03/0.013 0.03/0.013 0.03/0.013 0.03/0.013 0.01/0.003 0.002/0.001 0.002/0.001 0/0

† The incorporation of Si into dispersoids was taken into account using an estimate based on the thermal history of the material and the Alstruc microstructure
solidification model [3].

Table SI 8. The amount of Si, Mg, and Cu (wt.%/at.%) locked in precipitates (p) and in solute solution (ss) for alloy C. ssss (supersaturated solid solution)
indicates the as-quenched condition.

Ageing time
Element ssss 20 min 3 h 12 h 24 h 1 week

Si (p) 0/0 0.34/0.33 0.46/0.44 0.49/0.47 0.54/0.52 0.69/0.67
Mg (p) 0/0 0.30/0.33 0.41/0.46 0.44/0.49 0.48/0.53 0.64/0.71
Cu (p) 0/0 0/0 0/0 0/0 0.02/0.01 0.09/0.04
Si (ss)† 0.69/0.67 0.35/0.34 0.23/0.23 0.2/0.2 0.15/0.15 0/0

Mg (ss) 0.64/0.71 0.34/0.38 0.23/0.25 0.2/0.22 0.16/0.18 0/0
Cu (ss) 0.09/0.04 0.09/0.04 0.09/0.04 0.09/0.04 0.07/0.03 0/0

† The incorporation of Si into dispersoids was taken into account using an estimate based on the thermal history of
the material and the Alstruc microstructure solidification model [3].

Table SI 9. The amount of Si, Mg, and Cu (wt.%/at.%) locked in precipitates (p) and in solute solution (ss) for alloy M. ssss (supersaturated solid solution)
indicates the as-quenched condition.

Ageing time
Element ssss 20 min 3 h 24 h 1 month

Si (p) 0/0 0.28/0.3 0.45/0.48 0.48/0.52 0.48/0.52
Mg (p) 0/0 0.27/0.31 0.45/0.5 0.53/0.59 0.68/0.75
Cu (p) 0/0 0/0 0.02/0.01 0.07/0.03 0.23/0.1
Si (ss)† 0.48/0.51 0.19/0.21 0.03/0.03 0/0 0/0

Mg (ss) 0.77/0.86 0.48/0.55 0.31/0.36 0.23/0.27 0.09/0.11
Cu (ss) 0.23/0.1 0.23/0.1 0.21/0.09 0.16/0.07 0/0

† The incorporation of Si into dispersoids was taken into account using an estimate based on the thermal
history of the material and the Alstruc microstructure solidification model [3].
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Abstract

The present work has examined an Al-0.54Mg-0.38Si (at.%) conductor alloy (6101) subjected to two different thermomechanical
processing routes. Conventional solution treatment, quenching, and artificial ageing (170 ◦C) was compared to a process applying
solution treatment, quenching, pre-ageing (7 h at 170 ◦C), 50% thickness reduction by cold-rolling, and re-ageing at 170 ◦C. Re-
ageing after rolling resulted in a very rapid increase in conductivity. After 2 h re-ageing, the rate of change in conductivity had
slowed to a comparable level as for the undeformed material at corresponding ageing times. From this point on, the deformed
material maintained a 2 − 3%IACS gain in conductivity with further ageing. The improvement in conductivity was caused by
an increased solute depletion of the Al matrix in the deformed material, which was quantified by atom probe tomography. The
principal mechanism causing this depletion is proposed to be rapid dislocation mediated diffusion of solutes. By deforming a pre-
aged microstructure, the introduced dislocations will become pinned at multiple points on precipitates and solute enriched regions.
The resulting entangled dislocation microstructure will act as a network of fast diffusion pathways on subsequent re-ageing. Clear
differences between the deformed and undeformed material were also seen in terms of the forming precipitate dispersions in the
Al matrix, as shown by transmission electron microscopy results. The findings and the discussion presented are of importance to
future alloy and process development for Al alloy conductor materials.

Keywords: 6xxx Al alloys, Precipitation, Electrical conductivity, Transmission electron microscopy, Atom probe tomography

1. Introduction

Al and its alloys are applied as conductor materials in
land cables and overhead lines due to their high electrical
conductivity-to-weight ratios and high specific strengths [1]. Al
alloys are also under serious consideration for replacing Cu in
subsea/offshore electrical cables. Here, the selection of an Al
alloy will entail a trade-off between mechanical properties and
conductivity. Strict demands are put on mechanical properties
such as: tensile/yield strengths, creep, fatigue, welding proper-
ties, and thermal stability. The 6xxx series Al-Mg-Si alloys are
good candidates for these applications, and are characterised by
medium strengthening potential, good conductivity, and overall
good forming and welding properties.

One of the key challenges with using 6xxx alloys in
conductor applications, is to strike an ideal balance between
high electrical conductivity and good mechanical performance.
The problem is that all main factors that cause improvements in
strength, including: solute strengthening, precipitate strength-
ening, and work hardening, will deteriorate electrical conduc-
tivity. The development of alloys and thermomechanical pro-
cessing (TMP) routines that optimise for both properties are
critically dependent on detailed knowledge of microstructure-
property relationships [2, 3, 4].

∗Corresponding author
Email address: jonas.k.sunde@ntnu.no (Jonas K. Sunde)

For 6xxx alloys in conductor applications, the combined al-
loying addition of Mg and Si is typically less than 1.6 at.%,
e.g. 6101 and 6201 type alloys. The low addition of solutes
means that these alloys can reach relatively high conductivities,
combined with a medium level of strength. The strengthen-
ing is primarily caused by nano-sized precipitate phases that
form during thermal ageing. The precipitates are needle- or
rod-shaped, with main growth axis in 〈100〉Al directions. The
types of precipitates that form, their sizes, and their dispersion
in the Al matrix, all depend on alloy composition and TMP pa-
rameters. The precipitation sequence for the Al-Mg-Si system
is normally stated as [5, 6]

SSSS→ solute clusters→ GP-zones (pre-β′′)
→ β′′ → β′,U1,U2,B′ → β,Si.

Here, SSSS denotes a supersaturated solid solution. For de-
tails on the different precipitate phase crystal structures, the fol-
lowing works should be consulted [7, 8, 9, 10, 11, 12].

Several previous studies have demonstrated how different
TMP routes may yield good combinations of improved me-
chanical and electrical properties in 6xxx alloys, including: se-
vere plastic deformation (SPD) [4, 13, 14], hydrostatic extru-
sion [15], drawing [16], and rolling [17, 18]. A TMP route
applying cold-rolling has been used in this work. The focus of
the present study has been to advance the understanding of the
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microstructural origins of improvements in conductivity. This
has been done by studying a 6101 Al alloy subjected to two dif-
ferent TMP routes, with conductivity and hardness measured as
a function of ageing time. Microstructure characterisation was
obtained by transmission electron microscopy (TEM) and atom
probe tomography (APT). This provided detailed information
on precipitate sizes and distributions, in addition to quantify-
ing the matrix solute levels at different ageing conditions. The
characterisation results were used to explain the differences ob-
tained in material properties after equal ageing times for the two
TMP routes.

2. Methods

2.1. Material processing and property measurements

The studied 6101 alloy was manufactured by Hydro and was
delivered as cast rods (Ø15 mm). The alloy composition was
measured by inductively coupled plasma optical emission spec-
troscopy (ICP-OES), and is shown in Table 1. The material was
solution heat treated (SHT) at 530 ◦C for 20 min and then water
quenched to room temperature. It was kept at room tempera-
ture (RT) for 15 min before it was set to artificial ageing (AA)
at 170 ◦C in an oil bath. In the following, this will be referred
to as the undeformed material. In addition, another process
was applied, comprising: solution treatment, quenching, pre-
ageing (PA, 7 h at 170 ◦C), quenching, 50% thickness reduction
by cold-rolling (50%CR), and subsequent re-ageing at 170 ◦C.
This is denoted as the deformed material. A schematic of the
two heat treatment procedures is provided in Fig. 1.

Table 1. Composition of alloy 6101 as measured by ICP-OES. All other
element concentrations were < 0.005 at.%.

Alloy 6101 Al Mg Si Fe

at./wt.% bal. 0.54/0.50 0.38/0.41 0.05/0.10

Hardness and conductivity measurements were performed
after a series of holding times from 30 min to 4 days age-
ing, which spanned underaged (UA) to overaged (OA) material
conditions. Vickers hardness (VH1) tests were carried out on
a Leica VMHT MOT hardness tester. 10 measurements were
performed for each calculated average value. Conductivity was
measured using a Foerster Sigmatester 2.069, and each value
was determined as the average of 5 measurements.

2.2. TEM and APT experiments

Both TEM and APT specimens were prepared by standard
electropolishing techniques. TEM specimens were obtained us-
ing a Struers Tenupol-5 twin-jet polishing unit with an elec-
trolytic solution consisting of methanol (2/3) and nitric acid
(1/3) held at −25 ◦C. APT specimens were obtained using three
stages of thinning with gradually more reduced concentration of
perchloric acid in the electrolyte mixture, see e.g [19].

A JEOL 2100 microscope operated at 200 kV and equipped
with a Gatan Imaging Filter (GIF) was used for acquiring im-
ages for the calculation of precipitate statistics. The specimen

Fig. 1. The two heat treatment procedures applied for the studied Al-Mg-Si
alloy. (i) Conventional SHT, water quenching, and AA. (ii) SHT, water quench-
ing, PA (7 h at 170 ◦C), water quenching, 50%CR, and re-ageing at 170 ◦C.

thickness was measured by electron energy loss spectroscopy
(EELS) using the t/λ (log-ratio) method. Precipitate number
density, N, length, l, cross-section area, a, and volume frac-
tion, Vf , were obtained using established methodologies in mi-
crostructure quantification of Al alloys by TEM [20]. The pre-
cipitate number density was calculated as N = 3N‖/(A(t + l̄m)),
where N‖, is the number of precipitates oriented parallel to the
beam direction, A is the area of the image, t is the thickness
in the centre of the image, and l̄m is the average measured pre-
cipitate length. The volume fraction of precipitates was cal-
culated as Vf = N · l · a. Energy dispersive spectroscopy
(EDS) was performed on a JEOL 2100F microscope operated at
200 kV. Atomic resolution high-angle annular dark-field scan-
ning TEM (HAADF-STEM) images were obtained on a double
corrected JEOL ARM 200F microscope operated at 200 kV us-
ing a detector collection angle of 42-178 mrad.

APT experiments were performed using a Cameca LEAP
5000XS system. One specimen condition was field evaporated
using electric pulses with a 333 kHz pulse repetition rate and
20% pulse fraction, and a specimen temperature of 40 K. Laser
mode was used for two material conditions, using a pulse en-
ergy of 40 pJ and a pulse frequency of 500 kHz, conducted at
40 K. After reconstructing the APT analysis volumes using the
IVAS software, the precipitate phases were selected using Mg
isosurfaces (normally 2 at.% Mg). Matrix Mg and Si solute lev-
els were subsequently obtained using the proxigram method on
obtained precipitate interfaces.

3. Results

3.1. Material properties

The obtained values for material material hardness and elec-
trical conductivity as a function of ageing time are shown in
Fig. 2. It is seen that the 7 h ageing condition, which was se-
lected as the PA treatment, corresponded to an UA condition
with a hardness of ≈ 74 HV1. After 50%CR reduction it is seen
a significant increase (∆HV1 ≈ 21) in material hardness, which
reached about 95 HV1 in the as-deformed condition. This was
higher than the maximum hardness obtained with conventional
isothermal ageing at 170 ◦C, which reached 85 HV1 (24 h age-
ing). Shortly after re-ageing the as-deformed material, there
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occurred large changes in the material hardness. At 10 h ac-
cumulated ageing, the hardness of the deformed material mea-
sured 90.0 ± 2.1 HV1, and beyond this point it gradually de-
creased with further ageing. At 15 h ageing the hardness of the
deformed and undeformed materials were nearly equal at ≈ 80
HV1.

The conductivity of the as-deformed condition was un-
changed relative to the 7 h undeformed ageing condition, both
at 55.2%IACS (international annealed copper standard = 58
MS/m). Upon re-ageing the as-deformed material condition,
there occurred a sharp increase in conductivity, from 7 h (de-
formation stage) to 9 h ageing. Here, the conductivity was
increased from 55.2%IACS to 58.1%IACS. After the 9 h age-
ing condition, the slope of the conductivity curves were nearly
equal for the deformed and undeformed materials, as seen from
the fitted curves in Fig. 2b. After the stage of rapid conductiv-
ity increase, the conductivities of the deformed and undeformed
materials maintained a difference of ∆σ ' 2.1%IACS, in favour
of the former. Based on the obtained hardness and conductivity
measurements, six conditions were selected for microstructure
characterisation, see Table 2.

Fig. 2. (a) Vickers hardness and (b) electrical conductivity measured for the
deformed and undeformed material as a function of ageing time at 170 ◦C. The
conductivity data after 9 h ageing at 170 ◦C have been fitted using logarithmic
functions of time, t.

Table 2. Ageing conditions selected for microstructure characterisation and the
corresponding material properties.

Ageing Hardness Conductivity
condition HV1 MS/m / %IACS

7 h undef. 73.8 ± 6.2 32.0 ± 0.1 / 55.2 ± 0.2
15 h undef. 80.9 ± 6.5 32.4 ± 0.1 / 55.9 ± 0.2
39 h undef. 84.2 ± 2.2 32.8 ± 0.1 / 56.6 ± 0.2

7 h def. 95.4 ± 4.8 32.0 ± 0.1 / 55.2 ± 0.2
15 h def. 79.7 ± 2.9 34.1 ± 0.1 / 58.8 ± 0.2
39 h def. 70.6 ± 2.9 34.4 ± 0.1 / 59.3 ± 0.2

3.2. Microstructure observations by TEM

3.2.1. Undeformed material
From left to right, Fig. 3 shows TEM images of alloy 6101

undeformed after 7 h, 15 h, and 39 h ageing at 170 ◦C, respec-
tively. Based on a series of bright-field (BF) TEM images
of precipitate length distributions (e.g. Fig. 3a-c) and cross-
sections (e.g. Fig. 3d-f), the precipitate statistics in these con-
ditions were calculated, see Table 3. At 7 h ageing it is seen
a dense distribution of relatively short precipitates, most con-
fined within the range 5 − 30 nm in length. From the HAADF-
STEM lattice images (Fig. 3g,h,m,n) it is seen that the pre-
cipitates were predominantly β′′ phase, albeit some with frag-
ments from other Al-Mg-Si phases, such as B′ (Fig. 3h) and β′

(Fig. 3n). At 15 h ageing it is seen from Table 3 that there has
occurred a significant drop in the precipitate number density,
from 20 881 ± 2162 µm−3 to 13 861 ± 1499 µm−3, obtained at
7 h and 15 h ageing, respectively. This is also qualitatively indi-
cated from a comparison of images Fig. 3a and Fig. 3b, where
the distribution in Fig. 3b seems less dense. HAADF-STEM
lattice images (Fig. 3i,j,o,p) at 15 h ageing showed that β′′ was
still the dominant phase, and generally with larger cross-section
area than for the 7 h condition. Fig. 3j shows an example of a
near 50/50 β′′/β′ precipitate, with a sharp and well-defined in-
terface between the two phases. As seen from the hardness plot
in Fig. 2a, the hardness increases from the 7 h to the 15 h con-
dition. The precipitates have increased in size, the number den-
sity has decreased, and the volume fraction of precipitates has
increased, indicating coarsening of precipitates and a continued
solute uptake in precipitate structures, see Table 3.

After 39 h ageing, it is seen from Fig. 3c that some precipi-
tates had grown very long as compared to previous conditions,
with several exceeding 100 nm in length. On closer observa-
tion, it is also seen that there existed a relatively high density
of shorter precipitates, which is also seen from Fig. 3f. For the
measured precipitate lengths at the 39 h ageing condition it was
also seen a two-fold length distribution (not shown). HAADF-
STEM lattice images (Fig. 3k,l,q,r) at 39 h ageing showed that
large β′′ phases were still present, but now pure post-β′′ pre-
cipitates could also be seen, e.g. β′ (Fig. 3r). Fig. 3l shows
another example of a near 50/50 β′′/β′ precipitate. The calcu-
lated volume fraction was higher than for the 15 h condition,
calculated as 0.82 ± 0.10% compared to 0.68 ± 0.09% for the
39 h and 15 h conditions, respectively. The 39 h condition is at
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Fig. 3. Left to right: TEM images of alloy 6101 at indicated ageing conditions in the undeformed material. (a-f) BF TEM images and (g-r) HAADF-STEM lattice
images showing representative precipitate structures from each ageing condition. All images are acquired near the [001]Al zone axis.

Table 3. Calculated precipitate statistics for alloy 6101 in the undeformed ageing conditions studied.

Ageing Cross-section Precipitate Precipitate Volume
condition area [nm2] length [nm] density [µm−3] fraction [%]

7 h 12.5±0.5 20.6±0.4 20881±2162 0.54±0.06
15 h 14.5±0.4 33.8±1.0 13861±1499 0.68±0.09
39 h 14.0±0.4 29.3±0.8 20033±2093 0.82±0.10

the peak hardness plateau as seen from Fig. 2a, prior to the
onset of overageing. More surprisingly, the calculated number
density (20 033 ± 2093 µm−3) is seen to be higher than the 15 h
condition (see Table 3), and is similar to the 7 h condition. The
measurements on this condition were repeated using a different
specimen, which also gave a similar result. This indicated that

there must be a re-precipitation occurring in-between the 15 h
and 39 h ageing conditions.

3.2.2. Deformed material
Fig. 4 shows BF and dark-field (DF) TEM images of the

deformed material (PA+50%CR+AA) in the three studied age-
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Fig. 4. BF (a-c) and corresponding DF (d-f) TEM images acquired in the deformed 6101 alloy after (a,d) 7 h (as-deformed), (b,e) 15 h, and (c,f) 39 h ageing at
170 ◦C, respectively. The insert of image (d) shows a selected area diffraction pattern acquired in the imaged region. Highlighted areas (red) indicate regions of
reduced precipitate density. All images are acquired near the [001]Al zone axis.

ing conditions. The high degree of deformation introduced in
the 50%CR stage is clearly visible in all images, showing a
dense network of dislocations. In the as-deformed condition
(Fig. 4a,d) it was difficult to discern any precipitates, in both
BF and DF images. Nor did long exposure selected area diffrac-
tion patterns reveal their presence (Fig. 4d). This indicated that
the precipitate crystal structures have been disrupted by the CR
process, either partially or completely. Gradual disruption of β′′

crystal structures has also been observed in pre-aged specimens
compressed to different degrees [21], and is caused by precipi-
tates being continuously sheared by moving dislocations. It has
also been observed previously in the study of a 6101 Al alloy
subjected to 70%CR [18].

After 15 h ageing (PA + 50%CR + 8 h ageing), there were
clear observations of precipitates present, see Fig. 4e. From
a series of corresponding BF/DF images as the ones shown in
Fig. 4, there were indications of reduced precipitate density
in regions that seemed particularly high in dislocation density,
as exemplified by the highlighted region in Fig. 4b,e. This
reduced precipitate density in regions of high dislocation den-
sity was also found for the 39 h deformed ageing condition, see
Fig. 4c,f. Qualitatively, the overall precipitate density at the
39 h deformed condition seemed lower than the 15 h deformed
condition.

Furthermore, the precipitate density seen from the 15 h and
39 h deformed conditions seemed to be lower than their respec-
tive undeformed conditions. Due to the heavy deformation, it

was difficult to obtain any quantitative precipitate statistics at
these conditions. Another difference observed between the de-
formed and undeformed material conditions was that the pre-
cipitate distribution in the deformed conditions was more in-
homogeneous than the corresponding undeformed conditions.
Larger bands of (seemingly) precipitate free regions were ob-
served, usually corresponding with regions of increased dislo-
cation density or dislocation bands, similar to the region high-
lighted in Fig. 4c,f.

Fig. 5 shows ADF-STEM images and EDS mapping results
of the deformed alloy conditions. For the as-deformed condi-
tion shown in Fig. 5a, it is seen from the EDS maps that there
were weak concentrations of Si and Mg at corresponding re-
gions (highlighted). This indicates that GP-zones and/or pre-
cipitates are still present after deformation, although proving
difficult to confirm with BF/DF imaging. In the Mg map there
are also weak indications of elongated and narrow solute distri-
butions. Some of these elongated, enriched regions are rather
long as compared to precipitate sizes in the 7 h undeformed con-
dition (see Fig. 3a), which suggests that solute interactions with
dislocations have occurred, e.g. segregation.

As expected, in the 15 h deformed condition, see Fig. 5b,
the EDS maps show that there were precipitates present, and
the 〈001〉Al oriented needle morphology as observed near the
[001]Al ZA is readily observed from the Si and Mg maps. Fur-
thermore, it is also observed extented regions of solute enriched
and depleted regions (highlighted), which correlate well with
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Fig. 5. Left to right: ADF-STEM images and EDS mapping results from the indicated material conditions of the deformed 6101 alloy. Arrows highlight regions
rich in solutes and precipitates, surrounded by depleted regions. All images are acquired near the [001]Al zone axis.

some of the main dislocation features observed in the ADF-
STEM image in Fig. 5b. This clearly demonstrated that the
introduced dislocations have a significant impact on the re-
distribution of solutes and the distribution of precipitates that
form with re-ageing. These extended solute enriched regions
indicate either a continuous precipitation along the dislocation
lines, or a combined precipitation and solute segregation. It is
also observed that these dislocation lines lie close to [010]Al
orientation.

At the 39 h deformed condition (Fig. 5c) there were also
similar observations of precipitate distributions having been af-
fected by the dislocation microstructure. This is for instance
seen from the highlighted line of continuous precipitation, with
depleted regions on either side. The overall precipitate density
seemed significantly lower than the 15 h deformed condition,
and in addition much more inhomogeneous. This was also ob-

served in additional EDS maps acquired (not shown).

3.3. Assessment of solute levels by APT

APT experiments were performed on the 7 h undeformed
condition, as well as the 15 h undeformed and deformed alloy
conditions. The reconstructed analysis volumes are shown in
Fig. 6. By forming Mg and Si isosurfaces of varying at.% con-
centration, the precipitate phases could be isolated. It is seen
that all volumes contain several precipitates. Having defined the
precipitate volumes, the average precipitate composition was
obtained, in addition to the matrix solute levels, which was ob-
tained using the proxigram method. The results are presented
in Table 4.

For the average precipitate compositions, it is seen that the
Si and Mg content increases and the Al precipitate content
decreases in the material condition ordering 7 h undeformed,
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Fig. 6. Reconstructed APT volumes from indicated 6101 alloy conditions.
Blue, pink, and white datapoints indicate respectively Mg, Si, and Al atoms.
2 at.% Mg isosurfaces (blue volumes) were used to isolate precipitate phases.

Table 4. Calculated average precipitate composition and the estimated solute
content of the Al matrix by APT.

Ageing Precipitate Matrix solute
condition composition [%] [at. %]
7 h undef. 46%Mg, 28%Al, 26%Si 0.33Mg, 0.30Si

15 h undef. 54%Mg, 18%Al, 28%Si 0.10Mg 0.17Si
15 h def. 60%Mg, 10%Al, 30%Si 0.04Mg, 0.06Si

15 h undeformed, and 15 h deformed. Also, the Mg content
increases at a higher rate than Si. This is a generally ex-
pected development with increased ageing time in Al-Mg-Si
alloys. When these alloys reach overageing conditions, post-β′′

(Mg5Al2Si4) precipitate phases such as β′ (Mg6Si3.33) and even-
tually β (Mg2Si) phase form, which are progressively more rich
in Mg relative to Si [6]. In this sense, the precipitates of the 15 h
deformed condition can be said to be effectively more aged as
compared to the precipitates in the 15 h undeformed material.

The matrix solute levels also decrease in the same material
condition ordering. At the 7 h undeformed ageing condition,
which corresponds with an UA condition (see Fig. 2a), it is

seen from Table 4 that the matrix solute levels of Mg and Si are
still over half the initial alloy composition (Al-0.54Mg-0.38Si
at.%, Table 1). Particularly, most of the Si remains in solid so-
lution. From the 7 h to the 15 h undeformed condition there has
occurred a coarsening and dissolution of precipitates, seen from
the drop in precipitate number density and the increase in aver-
age precipitate dimensions and volume fraction (see Table 3).
In terms of material properties, there is a gain in alloy hardness
of about 7 HV1 and 0.7%IACS in the 7 h to 15 h stage, see Ta-
ble 2. The average precipitate composition shows increased Si
and particularly Mg concentration, and the Al content has been
reduced considerably. Therefore, as expected, the APT mea-
surements of matrix solute levels have dropped notably, from
0.33 to 0.10 at.% Mg, and from 0.30 to 0.17 at.% Si, measured
for the 7 h and the 15 h undeformed conditions, respectively.

For the 15 h deformed condition, there is a strikingly low
matrix solute content, measuring 0.04 at.% Mg and 0.06 at.%
Si. This is also significantly lower than the corresponding un-
deformed condition. These two conditions are at comparable
hardness levels, 80.9 and 79.7 HV1 for the undeformed and
deformed conditions, respectively (see Table 2). The con-
ductivity of the deformed material is however significantly
higher, at 58.8%IACS for the deformed condition compared
to 55.9%IACS for the undeformed material. The difference
of 2.9%IACS at similar hardness levels is an interesting find-
ing. The APT data show support for the measured difference in
electrical conductivity, due to the calculation of a significantly
lower matrix solute content for the deformed material.

4. Discussion

4.1. Microstructural contributions to electrical resistivity

Matthiessen’s rule is an empirical relation that expresses the
total electrical resistivity of a material, ρtot, as a linear sum of
the individual contributions from different microstructural fea-
tures in the material. In Al alloys, there are several features in
the microstructure that have an effect on the electrical resistiv-
ity. The total electrical resistivity, ρtot, as a function of temper-
ature, T , and the matrix solute concentration of elements, ci,
may be stated as

ρtot(T, ci) = ρ0(T )+
∑

i

αici+ρdisloc+
∑

j

fpar, j ρpar, j+ρGB. (1)

Here, ρ0 is the resistivity of pure aluminium. Among others,
it contains the effect of phonons, and therefore has a strong
temperature dependence. The conductivity measurements in
this work were carried out at room temperature, where ρ0 =

2.655 · 10−6Ωcm. The factor ρpar, j accounts for the effect of
precipitates (particles) in the microstructure, each with a vol-
ume fraction, fpar, j. ρdisloc, ρGB, and αi are constants accounting
for the contribution of respectively dislocations, grain bound-
aries, and solute elements in the Al matrix of a concentration ci.
The element-specific coefficients αi at 20 ◦C equal 0.6186 and
0.5745 µΩ·cm/wt.% for Si and Mg, respectively [22, 23]. This
shows that the contributions to the electrical resistivity from the
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precipitate forming elements Mg and Si left in solid solution
are nearly equal. This also explains why conductivity curves
obtained for Al-Mg-Si alloys as a function of ageing are gener-
ally continuously increasing. With ageing, progressively more
solutes are locked inside precipitate phases, which increases the
precipitate volume fraction, and leaves less solute left in the Al
matrix. Furthermore, the sensitivity to either element in solid
solution is similar, which means that despite changes in average
precipitate composition, the overall conductivity should gener-
ally increase.

The mean free path of conducting electrons in Al is λAl =

14 nm at room temperature [23]. When both the average pre-
cipitate dimensions and interparticle spacing are larger than this
value, the contribution to electrical resistivity is relatively small.
As the grain size of typical Al alloys is also much larger than
this length, the factor ρGB is also negligible. In alloys processed
by severe plastic deformation, where average grain diameters
can be on the order of 100 nm, the contribution can however
be significant [4, 13, 14, 24]. In terms of the dislocation con-
tribution, ρdisloc, Miyajima et al. [25] have shown good agree-
ment with experimental findings using ρdisloc = 2.6·10−16µΩm2.
However, as seen from Fig. 2a, the conductivity of the studied
material before and after 50%CR caused no measurable change
in conductivity, and the dislocation contribution is therefore
thought to be less important.

For the alloy conditions studied here, the main contribution
to the electrical resistivity is hence due to solute solution contri-
bution

∑
i αici, with other terms in Eq. 1 being relatively small

in comparison. By comparing the 15 h deformed and unde-
formed ageing conditions, see Table 4, it was shown that the
deformed material had a significantly lower matrix solute con-
tent of Si and Mg, which supports the measurement of a higher
conductivity for this condition (see Table 2). The differences in
matrix solute levels between the deformed and undeformed 15 h
conditions are 0.06 at.% Mg and 0.11 at.% Si. Using the matrix
solute levels measured by APT for the 15 h deformed and unde-
formed conditions given in Table 4, the calculated difference,
and assuming all other contributions in Eq. 1 are comparable
for the two conditions, then the relative change in electrical con-
ductivity is approximated as: ∆σ = 1/ρ7h, def−1/ρ7h, undef ≈ 1.4
MS/m ≈ 2.4%IACS. This is to be compared with the 2.9%IACS
difference in conductivity measured between the 15 h deformed
and undeformed ageing conditions, see Table 2. This is a rela-
tively good agreement considering the simplifications made in
the calculations, and shows that the main cause of the difference
in conductivity can be attributed to the change in matrix solute
levels.

4.2. On the rapid increase in conductivity after deformation
Re-ageing following 50%CR caused a very sharp increase

in conductivity, from 55.2%IACS to 58.1%IACS, in about 2 h
ageing time at 170 ◦C, see Fig. 2b. In the 7 h undeformed age-
ing condition (= PA treatment), there existed a relatively dense
microstructure of primarily pure β′′ precipitates (Fig. 3), con-
taining less than half of the total solute additions available in
the alloy (Table 4). By subsequently deforming the material
in this UA condition, strong precipitate-dislocation interactions

will occur, causing a dense and evenly distributed network of
dislocations. The solute atoms, atomic clusters/GP-zones, and
precipitates present in the matrix, act as obstacles to the moving
dislocations. The precipitates will be sheared multiple times
due to the high degree of deformation introduced, which will
cause partial or complete disruption of the preciptiate crystal
structures [21].

Due to the high strain rates, γ̇, involved in cold-rolling, and
hence high dislocation velocities, solute segregation or forma-
tion of Cottrell atmospheres near moving dislocations will un-
likely occur to a significant extent, since this is promoted at
lower dislocation velocities [26]. Due to the large plastic de-
formation, the dislocation microstructure will develop into a
highly complex and entangled network, where most disloca-
tions will be pinned at multiple points on the different dislo-
cation obstacles present in the 7 h condition. The disruption
of precipitate crystal structures is rather clear from microstruc-
ture observations after 50%CR (Fig. 4a,d), where the precip-
itates proved difficult to observe based on TEM imaging tech-
niques utilising diffraction contrast (BF/DF). Only EDS maps
showed that Mg and Si rich regions were still present (Fig.
5a). Despite crystal structures being partially destroyed, the
solutes are thought to remain relatively confined to their orig-
inal positions. The high degree of deformation will also have
increased the concentration of vacancies in the material consid-
erably [27, 28].

In the next step, this highly entangled dislocation microstruc-
ture, pinned on partially/completely disrupted precipitate crys-
tal structures and solute enriched regions, is subjected to re-
ageing at 170 ◦C. In this stage, it is envisioned two different
main mechanisms taking place: (i) conventional bulk diffusion
and resulting nucleation and growth away from the dislocation
network, and (ii) rapid pipe (/dislocation) diffusion of solutes
causing re-growth of locally solute enriched regions pinning
dislocations and new heterogeneous nucleation on dislocations.
Both effects will be enhanced by the increase in vacancy lev-
els introduced by the deformation stage. The dislocations will
also be able to move and become unpinned, leading to disloca-
tion recovery. The large changes in hardness seen from Fig. 2a
immediately after deformation is a clear evidence of this. The
balance between an increase in hardness from precipitation and
a reduction due to dislocation recovery is shifting quickly at this
stage.

Bulk solute diffusion around a static dislocation is well-
established in continuum models [29, 30], which show that
the Mg atoms will diffuse and bind to the tensile stress field
of the dislocation due to its increased size misfit relative to Al
atoms. This effect is well-known, particularly for Al-Mg alloys
(5xxx), where it may manifests itself in the phenomena of dy-
namic strain ageing (DSA) and the Portevin-le Chatelier effect
[29, 30]. Si on the other hand, will bind to the compressive field
of the dislocation due to its negative size misfit [31].

Fast diffusion along dislocation cores for different types of
dislocations in Al has been treated and demonstrated previ-
ously [26, 32, 33, 34, 35]. For Mg, this has been treated ex-
tensively, in studies of aspects related to DSA [30, 36]. For
Si, the diffusion along a single dislocation line between silicon

8



nano-precipitates in an Al thin film was studied in-situ showing
that dislocations accelerate the diffusion of impurities by almost
three orders of magnitude as compared to bulk diffusion [37].
Similar results have also been demonstrated previously, by indi-
rect assessments [38]. Calorimetric studies of the dynamics of
solute clustering have also suggested that solute migration takes
place by pipe diffusion at early times and by bulk diffusion at
later times during the clustering process [39].

The increased diffusivity of solute elements as enhanced by
the aforementioned effects will cause a more rapid depletion of
the matrix solute levels in the deformed material as compared
to the undeformed, and hence resulting in an increase in electri-
cal conductivity. The improvement in conductivity is therefore
seen as an effect of improved ’vacuuming’ of the matrix solutes,
leaving the conducting electrons with a path of least resistance
through the matrix. Fig. 7 presents a visualisation of the pro-
posed evolution mechanisms for the two TMP routes applied in
this work.

After the initial spike in conductivity increase, the slope of
the conductivity plot is nearly equal for the deformed and un-
deformed materials, seen from fitted curves in Fig. 2b. Due
to the similar increase in conductivity for the undeformed and
deformed material after about 9 h, this is taken as an indication
that the pipe diffusion of elements along dislocations has halted
for the deformed material, and the subsequent microstructural
changes proceed as conventional overageing, characterised by
precipitate coarsening and dissolution of smaller precipitates.

This has important implications for the interest with retain-
ing good material strength while optimising for high conduc-
tivity. The largest increase in conductivity occurs shortly af-
ter re-ageing the as-deformed material. Rapid precipitate re-
growth/coarsening and dislocation recovery will occur concur-
rently, with an increasing conductivity and a gradually reduced
material strength. Moderate ageing after deformation should
therefore lead to an optimum combination of increase in con-
ductivity while retaining material strength. Increasing the age-
ing temperature, and/or applying different durations of the PA
treatment are also parameters that should be explored more
carefully to design optimum processing routines for achieving
good material property combinations.

5. Conclusions

This work has combined hardness and conductivity measure-
ments, TEM observations, and APT experiments for study-
ing a 6101 Al-0.54Mg-0.38Si (at.%) conductor alloy subjected
to two different TMP routes. It was shown that a combina-
tion of PA, 50% thickness reduction by CR, and subsequent
re-ageing caused a considerable improvement in conductivity
(2 − 3%IACS) over conventional isothermal ageing at equal
ageing times. APT experiments showed that the difference in
conductivity could largely be explained based on the increased
solute depletion of the Al matrix in the deformed and re-aged
material, as compared to the undeformed material after similar
ageing times. The electrical conductivity of the deformed ma-
terial developed in two main stages. In the initial stage, at the
beginning of re-ageing, there occurred a very rapid increase in

Fig. 7. Schematic representation of the microstructure evolution in the de-
formed and undeformed material with ageing.

conductivity, which is proposed to occur due to pipe diffusion
of solutes along the entangled dislocation network, effectively
’vacuuming’ the matrix of solutes. After 2 h re-ageing, the rate
of change in conductivity was nearly equal in the deformed
and underformed materials, and this subsequent stage is char-
acterised by overageing behaviour, with precipitate coarsening
and dissolution of smaller precipitates. TEM observations of
the deformed and undeformed materials showed that there were
several major differences with respect to the resulting distribu-
tion of precipitate phases that formed with ageing. Most strik-
ingly, the precipitate distribution of the deformed material be-
came progressively more inhomogeneous, and there were clear
observations of precipitate-dislocation interactions.

From the obtained results it is suggested that for achieving a
high conductivity and good strength, a relatively short ageing
treatment should be applied after the deformation step. This is
because the main increase in conductivity occurs shortly after
re-ageing, with dislocation recovery occurring concurrently.
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