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Abstract

Magnesium (Mg) and its alloys have attracted significant attention as temporary implant
materials due to their excellent biocompatibility with human physiology. In fact, Mg is
essential to the human metabolism as a cofactor for many enzymes and Mg ions are
well-known to facilitate tissue-healing. In addition, the mechanical properties (density,
elastic modulus, yield strength and ultimate tensile strength) of Mg and its alloys
resemble those of natural bone reducing the risk of the stress-shielding-related problems
observed with other metallic implant materials such as stainless steel, titanium and Co-
Cr alloys. However, despite their high potential, Mg and its alloys are not yet utilized in
biomedical applications. This is due to the (1) rapid corrosion and degradation in the
human body that leads to a loss of mechanical integrity before tissues have sufficient
time to heal, (2) the evolution of hydrogen as corrosion product accompanied by
hydrogen pocket formation that hampers healing or even cause the death of patients
through the blockage of the blood stream and (3) the sudden fracture of implants due to
the simultaneous action of the corrosive human-body-fluid and mechanical loads
through corrosion-assisted cracking phenomena (stress corrosion cracking (SCC) and
corrosion fatigue (CF)).

In the past years, several approaches have been developed to improve the corrosion
resistance of Mg and its alloys. These approaches can be divided into two main groups,
one characterized by the modification of the bulk and the other by the modification of
the surface. Among the former, Severe Plastic Deformation (SPD) techniques, such as
Equal Channel Angular Pressing (ECAP), have attracted attention as possibility for
inducing a very fine and homogeneous microstructure throughout all the samples. The
latter group relies on surface modifications obtained by mechanical processing (e.g.
cryogenic machining) or by the protection through coatings deposited by various
techniques (e.g. sputter and Atomic Layer Deposition (ALD)). However, the assessment
of the effectiveness of the different approaches in improving the resistance of Mg and
its alloys to corrosion-assisted cracking phenomena is still underexplored.

In an attempt to understand the fundamental mechanisms linking the microstructural
and surface properties to the SCC susceptibility, this thesis investigates how selected
procedures initially intended for improving the corrosion resistance of Mg and its alloys
impact the SCC susceptibility of AZ31 alloys in Simulated Body Fluid (SBF) at 37 °C.
The procedures selected from an extensive literature review investigating the different
procedures used to improve the corrosion behavior and the mechanisms regulating the
SCC phenomenon were ECAP, cryogenic machining and coatings obtained by means of
ALD.

1, 2 and 4 passes of ECAP were carried out on an AZ31 alloy and samples subjected to
one pass of ECAP have been shown to be less susceptible to SCC compared to the
material in the as-received condition (the elongation to failure was increased by 150%)
due to the improved corrosion resistance as a consequence of a reduced grain size. The
reduced SCC susceptibility after one pass of ECAP was also confirmed by the
morphology of the fracture surfaces that reveals an increased ductility compared to the
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as-received material. However further ECAP processing (2 and 4 passes) are reported to
worsen the SCC susceptibility due to an increased brittleness of the material as a
consequence of an increased amount of hydrogen evolved. This is due to the
unfavorable texture evolution, as confirmed by the mechanical characterization (tensile
tests and hardness measurements).

AZ31 samples were machined under cryogenic cooling and afterwards subjected to
Slow Strain Rate Tests (SSRTs) at a strain rate of 3.5:10° s to evaluate the SCC
susceptibility. Cryogenic machined samples were characterized by lower SCC
susceptibility than dry cut samples (the elongation to failure was increased by 28%) as a
consequence of their improved corrosion performances due to the presence of a wider
nanocrystalline layer, resulting in a faster formation of passivating surface oxides, and
to the presence of compressive residual stresses instead of tensile.

Being ALD a recently developed technique still underexplored in terms of corrosion
and biological properties, it was compared to sputter technique in terms of corrosion
protectiveness and the induced biocompatibility of three different coatings were
evaluated. The ALD technique has been shown to provide the better corrosion
protection (assessed by means of potentiodynamic polarization curves and hydrogen
evolution experiments) both in case of smooth and rough surfaces due to an increased
surface integrity (observed by SEM and XPS analyses). In addition, in the case of 3D
porous structures, the improvements provided by the ALD technique were even higher
as a consequence of the line-of-sight limitation of sputtering (confirmed by means of
SEM analyses). In addition, the biocompatibility of TiO2, ZrO, and HfO, coatings
obtained by means of ALD have been investigated by means of MTS assay on 1929
cells and the HfO> coatings were shown to provide the best biocompatibility due to the
highest corrosion resistance. This can be reasoned by their lower wettability and their
higher electrochemical stability and surface integrity (in terms of cracks and pores).
TiOz, though generally considered a biocompatible coating, was found to provide the
lowest improvements in terms of corrosion resistance and cell viability. Interestingly,
TiO> coatings are characterized by grade 3 cytotoxicity after 5 days of culture due to
their high corrosion rate, which does not meet the demands for cellular applications.
These results indicate the strong link between biocompatibility and corrosion protection
and signify the need of considering the latter when choosing a biocompatible coating to
protect temporary Mg based alloys before implantation.

Finally, the SCC susceptibility of TiO2 and ZrO> ALDed coated AZ31 alloys have been
evaluated and the ZrO: coated samples were reported to have the lowest SCC
susceptibility. In fact, the elongation to failure of the TiO, coated samples were
increased by 125% and that of ZrO: coated samples by 220%. The different SCC
susceptibility was attributed to the improved corrosion of the ZrO> coated samples
compared to the TiO> coated samples as a consequence of four main aspects, i.c.
different cohesive energies, different wettability, different defect densities and sizes and
different mechanical properties.
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Abbreviations

AE Mg alloy with main alloying elements Aluminium and Rare Earth
Ag Silver

Al Aluminium

AM Mg alloy with main alloying elements Aluminium and Manganese
APD Accumulative plastic deformed

ARB Accumulative roll-bonded

ARR Asymmetric reduction rolling

AU Artificial urine

AZ Mg alloy with main alloying elements Aluminium and Zinc
B Boron

BDF Bi-directional forged

BE Backward extruded

Bi Bismuth

BMGs Bulk metallic glasses

BP Back pressure

Ca Calcium

Ce Cerium

CEC Cyclic extrusion and compression
CEE Cyclic expansion extrusion

CF Corrosion fatigue

Cp Commercial pure Mg

CR Cross rolling

Cr Chromium

Cu Copper

DC direct contact

DCC direct chilling cast

DCE Double continuous extrusion

DCT Deep cryogenically treated

DMD Disintegrated Melt Deposition
DMEM Dulbecco’s modified Eagle’s medium
DSR Differential speed rolled

DSST Double step solution treated

EBSD Electron Backscatter Diffraction
EBSS Earle’s balanced salt solution

ECAE Equal channel angular extruded
ECAP Equal channel angular pressed
ECAP-BP Equal-channel angular pressed with applied back pressure
ECM Endothelial cell medium

Ecorr Corrosion potential

EPT Electropulsing treatment

ESR Equal speed rolling

FBS Fetal bovine serum

Fe Iron

FSP Friction stir processed
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Gd Gadolinium

GPMC Gravity permanent mold casted

Hank’s Hank’s solution

HBF Human body fluid

HBSS Hank’s balanced salt solution

HCl Hydrochloric acid

HE Hydrostatic extruded

HEMA High energy mechanical alloyed

HP High pure Mg

HPDC High pressure die casted

HPT High pressure torsion

HRDSR high-ratio differential speed rolling

HSRMF High strain rate multiple forging

HSRR High strain rate rolled

HTP H-Tube pressed

1C indirect contact

Icorr Corrosion current

icorr Corrosion current density

IR Isothermal rolling

KBM Kirkland's biocorrosion medium

La Lanthanum

LAE Mg alloy with main alloying elements Lithium, Aluminium and Rare
Earth

LAM Laser additive manufacturing

LB Lysogeny broth

LENS Laser engineered net shaping

Li Lithium

LPDC Low pressure die casted

LSP Laser shock peening

LSRMF Low strain rate multiple forging

LTUSSE Low temperature ultra-slow-speed extruded

MAD multiaxial deformation

MAF Multidirectional forged

MC-HPDC  High pressure die casted with melt conditioning

MDF Multi-direction forged

MEM Minimum essential medium

MEMp MEM containing 40 g/L bovine serum albumin

MIF Multiaxial isothermal forged

MM Misch Metal

Mn Manganese

MPF Multi electrolyte physiological fluid

MPHR Multi-pass hot rolled

MTE Microtube extrusion

Nb Niobium

Nd Neodymium

Ni Nickel

PBS Phosphate-buffered saline
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PM
PMF
Pr
PVD
RAP
RB
RDC
RE
REE
RHT
Ringer’s
RS
RSC
RS P/M
RTE
RU

Sb
SBF
Sc
SCC
SHT
Si
SLM
SMAT
SMCM
SMF
Sn
SPD
SR

Sr
S-RS P/M
SSP
SSST
SSTT
SVDC
Ti
TRC
TSB
UHP
UR
UTS
uv

\%
VFUT
WE
XHP

Plasma electrolytic oxidation
Powder metallurgy

Pulse magnetic field

Praseodymium

Physical vapor deposition
Recrystallization and partial melting
Reverse bending

Rheo-die casted

Rare Earth

Rare Earth elements
Recrystallization heat treatment
Ringer’s solution

Rapid solidified

Rheo-squeeze casting

Rapid solidification powder metallurgy
Room temperature extruded
Repeated upsetting

Antimony

Simulation body fluid

Scandium

Stress corrosion cracking

Solution heat treated

Silicon

Selective laser melted

Surface mechanical attrition treated
Smooth muscle cell medium

Steady magnetic field

Tin

Severe plastic deformation
Symmetrical rolled

Strontium

Simplified rapid solidification powder metallurgy
Severe shot peening

Single step solution treated
Semi-solid thermal transformation
Super vacuum die casted

Titanium

Twin roll casted

Tryptic Soy Broth

Ultra high pure Mg

Unidirectional rolling

Ultimate tensile strength

Ultrasonic vibration

Vanadium

Variable frequency ultrasonic treatment
Mg alloy with main alloying elements Yttrium and Rare Earth element
Ultra-high purity
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Y Yttrium

ZE Mg alloy with main alloying elements Zinc and Rare Earth element
ZK Mg alloy with main alloying elements Zinc and Zirconium

ZM Mg alloy with main alloying elements Zinc and Manganese

Zn Zinc

ZW Mg alloy with main alloying elements Zinc and Yttrium

zX Mg alloy with main alloying elements Zinc and Calcium

oMEM alpha minimum essential medium
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Chapter 1

Introduction and Methods



1.1.  Motivation

Biomedical implants have played a fundamental role in the improvement of the
worldwide population’s health. They are used in applications such as orthopaedics,
cardiovascular stent and neural prosthetics, where the need to replace or repair the
fractured or diseased parts of the human body is highly needed [1-4]. Among these,
orthopaedic surgery is characterized by the highest annual growth rate [3]. According to
Long and Rach [5], almost 90% of the population over 40 years is affected by
degenerative joint diseases. Total hip replacements are predicted to represent half of the
estimated total number of operations in 2030 [6]. The surgical implantation of artificial
biomaterials of specific size and shape is an effective solution in restoring the load-
bearing capacity of damaged bone tissue. In fact, although bones are characterized by
outstanding mechanical and structural properties, they can fracture because of three
main reasons [7-9]:

- Failure due to stresses arising from the daily activities
- Fracture caused by a sudden injury
- Pathological fractures resulting from bone infections and tumors

Depending on their applications, implant devices can be classified into permanent or
temporary. The former are required in applications such as joint replacements, where a
long term existence in the human body is required, while the latter are utilized in the
fields of engineering scaffolds and bone fixators such as bone plates, screws, pins and
stents, where biomaterials are required to stay inside the human body only for a
restricted period, i.e. as long as bone heals (3-4 months [10,11]).

The materials currently used for temporary applications are permanent metallic
materials, such as stainless steel, titanium, and cobalt-chromium alloys [12]. Because of
their high strength and good corrosion resistance, they have been widely used as load-
bearing implants for bone healing and repair of damaged tissues [13—15]. The key
problems with these permanent implants are however two-fold. Firstly, their elastic
modulus highly differs from that of bone: for both stainless steel and cobalt-chrome
alloys it is ten times higher, while for Ti-6Al-4V five times higher than bone (Table
L.1).

Natural Stainless Co-Cr

P ti Ti All M i
roperties Bone Steel i Alloy Alloy agnesium
Density (g/cm®) 1.7-2.0 7.9-8.1 4445 8392 1.74-2.0
Elastic modulus (MPa) 3-20 189-205 110-117 230 41-45

Tensile strength (MPa) 80-150 480-620 930-1140  900-1540 170-270
Compressive yield

130-180 170-310 7581117  450-1000 65-100

strength (MPa)
Elongation at failure 7 3040 3 15 30.45 6.20
(%)
Fracture toughness 36 50200  55-115 100 15-40
(MPa m'?)




Table 1.1. Comparison of the mechanical properties of natural bone with various
implant materials [13,16-21].

This results in the occurrence of the stress-shielding phenomenon, which is a
consequence of stress distribution changes between the bone and the implant [22-28]:
bones adapt to the reduced stress field according to the Wolff’s law [29] resulting in the
bone either becoming more porous (internal remodelling) or thinner (external
remodelling) increasing the possibility of implant failure. Secondly, due to the potential
rise of long-term complications [30-34], the permanent implant must be removed when
the healing process is completed. However, the additional surgeries necessary to remove
the implant cause an increase in costs to the health care system, as well as emotional
stress to the patient.

In order to solve these drawbacks, biodegradable materials, i.e. materials that ideally
degrade in the same manner and speed as the natural bone heals, have been studied [35—
37]. Both natural and synthetic polymers have been studied extensively as
biodegradable materials. In fact, natural polymers such as polysaccharides and collagen
have all produced favourable outcomes in tissue engineering applications [38—44],
while synthetic polymers such as polyglycolic acid (PGA), poly-L-lactic acid (PLA),
poly-DL-lactic acid and poly-capro lactone have been used as biodegradable sutures,
drug delivery systems, fixation devices and low load-bearing applications [45-52].
However, due to their low mechanical strength compared to metals, polymers have been
mostly used in soft tissue reconstruction and low load-bearing applications. Moreover,
they may also absorb liquids and swell, leach undesirable products such as monomers,
fillers and antioxidants. Furthermore, the sterilization process may affect their properties
[7]. The combination of high strength and biocompatibility can be found in
biodegradable metal alloys. Several of them, such as iron-based metals, Zn-based metals
and tungsten have been studied [53]. Most of the scientific efforts, however, focus on
Magnesium (Mg) and its alloys [53-55]. Among metallic engineering materials, Mg
possesses, in fact, one of the best bio-compatibilities with human physiology and the
best mechanical compatibility with human bone [56]. The density of magnesium and its
alloys (1.74-2 g/cm?) is in fact very similar to that of cortical bone (1.7-2 g/cm?). In
addition, the similarities of the elastic moduli of Mg and its alloys with those of natural
bone (Table 1.1) potentially reduces the possibilities of stress shielding in hard tissue
applications [57,58]. Moreover, Mg is the fourth most abundant element in the human
body: the human body usually contains 35 g of Mg per 70 kg of body weight and it is
recommended that an adult receives 240420 mg daily [21]. It is a cofactor for many
enzymes (it is involved in more than 300 enzymatic reactions), it plays a role in protein
and nucleic acid synthesis, mitochondrial activity and integrity and in many other
cellular functions [59—62]. Finally, Mg?" ions, resulting from the degradation process
are reported to aid the healing and growth of tissue. Any excess of these ions is
harmlessly excreted in the urine [18,63]. However, despite its many advantages, Mg has
some disadvantages. First the strength of cast pure magnesium is too low compared to
that of human bone [64,65]. Another disadvantage of Mg and its alloys is their high
corrosion rate in the body that may lead to a loss of mechanical integrity before tissues
have enough time to heal. Moreover, Mg and its alloys are reactive metals and they
corrode in aqueous environments according to the reactions [66,67]:



Mg + 2H,0 = Mg(OH), + H, (1.1)

Hz as a corrosion product together with the generation of respective Ha pockets can
influence the healing process or, if the pockets are large, they may cause the death of
patients through blocking the blood stream [68]. Finally, the simultaneous action of the
corrosive human-body-fluid and the mechanical loading can cause further complications
through sudden fracture of implants due to corrosion-assisted cracking, such as stress
corrosion cracking (SCC) and corrosion fatigue (CF) [69,70]. SCC is particularly
dangerous as it leads to a sudden and catastrophic failure under mechanical loading
normally considered safe, and Mg and its alloys are particularly susceptible [71-73].
Therefore, it is important to develop Mg-based implants granting both strength and
corrosion resistance in the human body without causing corrosion-assisted cracking
phenomena.

Most studies focused on improving the strength of cast pure Mg materials and their
electrochemical properties, whereas the effects of these strategies on the resistance of
Mg and its alloys to corrosion-assisted cracking is overlooked. It is thus of great
importance to understand such strategies affect the SCC susceptibility in order to
develop Mg-based implants that can guarantee an adequate resistance to the combined
effect of the corrosive human body fluid and the mechanical loading characteristics of
the human body.

1.2.  Overcoming the drawbacks of Mg and its alloys in the biomedical
sector

The application of Mg in the biomedical sector is hampered by two main drawbacks, i.e.
the low strength of as-cast Mg and its high corrosion rate in the physiologic
environments. Several approaches have been investigated to overcome those limitations,
which can be classified into two main categories:

1) Alloying
2) Grain refinement

In addition, surface treatments have also been investigated to reduce the corrosion
susceptibility.

In Section 1.2.1., the approaches to improve the corrosion resistance of as-cast Mg will
be revised, while those to improve the mechanical strength will be reported in Section
1.2.2.

1.2.1. Corrosion mitigation strategies

The exceedingly high corrosion rate of as-cast Mg represents a severe limitation in its
deployment as biomedical material. The corrosion rate of pristine Mg will lead to the
desorption of the implant before the healing process is complete. In addition, the
continuous desorption of the material can lead to an untimely failure of the implant.
Furthermore, H> gas evolves from the corrosion process leading to the twofold problem
of embrittlement due to the hydrogen embrittlement phenomenon [74] and to
biocompatibility issues induced by hydrogen pockets that are harmful to the



surrounding tissue. Song et al. reported that the maximum tolerable H> evolution rate is
0.01 ml/(cm? day), which corresponds to a corrosion rate of 0.02 mm/year.

1.2.1.1. Alloying

One of the main causes of corrosion is the presence of second phases and impurities (in
particular iron, copper and nickel) that are known to accelerate the corrosion of the Mg
matrix due to the establishment of galvanic cells. Impurities and second phases
deposited in the grain boundary region during the solidification are more cathodic with
respect to the Mg matrix, which leads to the occurrence of inter-granular corrosion
(Figure 1.1).

Mg > Mg+ e
Second phase / \ Impurities
Mg matrix

Figure 1.1: Schematic representation of inter-granular corrosion [58]

Song compared the amount of evolved hydrogen in Hank’s solution for commercially
pure and high pure Mg stating that purification reduces the H> evolution rate from 26 to
0.008 ml/cm?/day [75]. This is in accordance with Hofstetter et al. [76], who reported an
ultrahigh purity ZX50 Mg alloy to show greater corrosion resistance compared to high
purity alloys (almost three times) and to standard purity alloy (over an order of
magnitude). The main difference in these alloys is their impurity level, reported in Table
1.2.

Alloy Fe (ppm) Cu (ppm) Ni (ppm)
standard purity 42 9 8
ZX50
high purity ZX50 31 8 7
ultrahigh purity 0.5 0.09 0.05
7X50

Table 1.2. Impurity content of ZX50 alloys studied in Ref. [76]

Alloying elements have opposing effects: on the one hand, they improve the corrosion
resistance through the “scavenger effect” and their passivation properties, while, on the
other hand, they deteriorate the corrosion resistance via the formation of second phases
if their solid solubility limit is exceeded (defined as the extent to which an element will
dissolve in base materials without forming a different phase [77]). Zn and Mn, for
example, help to overcome the harmful corrosive effect of Fe and Ni impurities as well
as other heavy-metal elements (“scavenger effect”). In addition, the formation of dense
passive films on the surface can inhibit the Cl” permeation thereby controlling matrix



dissolution. However, most of the elements are characterized by a very low solubility
(see Figure 1.2) and thus the insolubility of elements in Mg represents a problematic
scenario from a corrosion perspective.
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Figure 1.2: The maximum solubility of elements in magnesium (at any temperature)
given in wt.% [78]

1.2.1.2. Grain size

Grain refinement has been reported to improve the corrosion resistance of Mg alloys.
Grain boundaries are characterized by higher imperfection and higher internal energy
compared to the Mg matrix, any corrosive attack acts preferentially on grain boundaries.
Segregation of alloying elements and second phases occur on these boundaries leading
to an accelerated cathodic activity of the surrounding Mg matrix. This would normally
favour coarse grains, however, such segregations are continuously distributed in Mg
alloys with finer grains leading to a more homogeneous corrosion behaviour acting as a
corrosion barrier due to their passivation behaviour [56,79]. In addition, there are high
compressive stresses within the oxide layer due to lattice mismatches with respect to the
hexagonal Mg lattice, which cause cracks in the oxide and introducing a large volume
fraction of grain boundaries has been shown to compensate this effect, leading to
improved corrosion responses [80]. Furthermore, since grain boundaries provide
nucleation sites for the growth of passivating oxide films (MgO), the smaller the grain
size, the faster the formation of the MgO layer. Finally, the interfacial adherence of the
MgO layer is higher at grain boundaries compared with the bulk [80,81]. Recently, in
fact, Kim and Kim observed the formation of many isolated MgO nanocrystals in the
fine-grained Mg substrate below the MgO layer, which may have been formed as
oxygen atoms diffused from the surface into the grain boundaries of the matrix [82].
They proposed that the formation of the layer containing a mixture of MgO and Mg
phases between the MgO layer and the Mg substrate is beneficial in decreasing the
susceptibility of cracking of the MgO layer or the interface between MgO and the Mg
substrate by acting as a buffer layer that decreases the sharpness of the tensile stress
gradient across the boundary between the MgO layer and the Mg substrate. Finally, fine



grain sizes improve the corrosion assisted cracking resistance since they inhibit crack
initiation and dislocation motion and lead to an increase in the number of barriers to
crack propagation. In fact, high dislocation density has been found to decrease the
electrochemical potential of the Mg matrix increasing the anodic dissolution [83]. Ben
Hamu et al. reported the corrosion rate of AZ31 Mg alloys to be reduced by almost 17%
when decreasing the grain size from a range of 2935 pm to a range of 9-14 um [84].
This is in accordance with Liu et al. that reported finer grain sizes to lower weight
losses (Figure 1.3) [85].
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Figure 1.3: Weight loss of the pure Mg with different grain sizes immersed in the SBF.
M1 data are characterized by the highest grain size (500 um), whereas M5 by the lowest
(233 um). Reprinted with permission from Springer [85].

Grain refinement can be mainly obtained in two different ways. First, one can leverage
the grain refinement effect of certain alloying elements. For example, the addition of Zr,
Si, and Ca to pure magnesium is widely known to result in efficient grain refinement
due to their growth restriction effects, i.e., constitutional undercooling, during
solidification, but the effect of nucleant particles, either introduced with the alloying
additions or as secondary phases formed as a result of these additions, may enhance the
grain refinement [86]. Another, quite effective option, is to act on the manufacturing
process and on the cooling strategies [84,85,87—89]. In fact, inducing high plastic
deformations within the material is known to lead to the nucleation and growth of new
finer grains as a consequence of the dynamic recrystallization phenomenon.

1.2.1.3. Surface Treatments

Corrosion is a surface phenomenon, and thus several ways have been studied to tune the
surface in a way to reduce the corrosion on Mg and its alloys. Although the main way to
reduce the corrosion rate was that of creating a barrier between Mg and the corrosive
environment through the application of coatings (see Section 1.2.3.), microstructural
and topological aspects can also be tuned for its reduction. Dealing with the former, the
crystallographic orientations have been reported to affect the corrosion behavior of both
pure Mg [90] and Mg alloys [91]. Experimental and theoretical studies showed that the



(0001) basal plane of AZ31 Mg alloy is more corrosion resistant than the other planes
due to its higher atomic coordination and hence lower surface energy [91]. Xin et al.
prepared AZ31 Mg samples with different crystallographic orientations by cutting the
sample at different angles of 0°, 30°, 60°, and 90° from the rolled sheet, as shown in
Figure 1.4a [92]. A rolled sheet of Mg alloy was reported frequently to have a strong
basal texture on the rolled surface [93]. Therefore, the intensity of the basal texture on
the Mg samples decreased with the larger angles, as shown in Figure 1.4b.

- TM:I Unit: mm
D
;’“’-\
RD 2 ..Mx.,;é,{:{'\\\.\.." @
¥ ,’\\ i v';') '
b}
<)

o
1

o
o
L

o
-
L

Hydrogen evolution (mL / em®)
L=3
-

o
(¥
i

o
=1
i

Tame (h)

Figure 1.4: (a) Schematic illustration of sample preparation. (b) Inverse pole figure
maps of 0°, 30°, 60°, and 90° samples. (c) Hydrogen evolution rates of the AZ31 Mg
samples immersed in 3.5 wt% NaCl. Reprinted with permission from Elsevier [92].



As shown in Figure 1.4c, a clear relationship between the corrosion resistance and the
crystallographic orientation exists, and this is in agreement with earlier data from the
literature indicating that the corrosion resistance of Mg alloys increases with increased
intensity of basal texture. Therefore, manufacturing Mg and its alloys with techniques
able to induce a strong basal texture on the surface, or, even better, on the whole
material, would reduce the corrosion rate.

Dealing with the topology of an implant, it is widely reported that rough and porous
surfaces enhance the ingrowth of cells and tissue at the patient specific site of interest
[94,95]. However, increasing the surface roughness is reported to increase the corrosion
rate. In fact, Nguyen et al. evaluated the effect of different surfaces roughness on the
corrosion rate of Mg after 6 hours of soaking in Hank’s balanced salt solution at 37 °C
[96] and reported a higher surface roughness leads to a higher corrosion rate (Figure
1.5), agreeing with the results obtained in Ref. [97].
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Figure 1.5: Corrosion rate as a function of the surface roughness. Reprinted with
permission from Wiley [96].

Thus, aiming to reduce the corrosion rate, techniques providing smooth surfaces must
be preferred.

1.2.2. Mechanical properties tuning

As already mentioned, the poor mechanical properties of cast pure Mg is a concern for
their use in biomedical applications. In fact, many researchers studied the mechanical
properties of a 99.99 wt.% pure Mg both under tensile, bending and compressive loads
[98-101], but the properties reported are far lower compared to those of human bone
(Table 1.3). It is worth mentioning that in the following, the fatigue properties have not
been considered.



Material Yield Ultimate Elongation = Compressive Ultimate

stress tensile to failure  yield strength compressive
(MPa) strength (%) (MPa) strength
(MPa) (MPa)
Pure 20.4 84.5 13 99 157.7
magnesium
Cortical 110 175 - - 200
bone

Table 1.3. Mechanical properties of cast 99.99 wt.% Magnesium (Ref. [98]) and of
cortical bones (Ref. [99]).

To overcome this drawback of cast pure Mg, researchers started to investigate the
improvement of the mechanical properties by means of different manufacturing
processes, leveraging on the grain refinement effect. In fact, according to the famous
Hall-Petch equation, the lower the grain size, the higher the yield strength. In addition,
alloying elements are also known to improve the strength of the material due to the solid
solution strengthening and precipitation hardening effect. Finally, the surface treatments
used to improve the corrosion resistance might also influence the mechanical properties
if they affect the crystallographic orientation.

1.2.2.1. Alloying

Depending on their concentration with respect to their solid solubility limits (see Figure
1.2.), the added alloying elements can strengthen the base material by means of two
different ways:

1) Solid solution strengthening, if the concentration is lower than the solid
solubility limit
2) Precipitation hardening, if the concentration is higher than the solid solubility
limit
In case (1), the lattice is distorted either because the atoms of the alloying elements
substitute atoms of the base metal in the crystalline lattice (substitutional solid solution)
or because they interpose themselves between the atoms of the lattice (interstitial solid
solution) (Figure 1.6). A distortion of the lattice strengthens the material delaying the
movement of the dislocations.

Main alloy
or solvent
atom

Main alloy
or solvent
atom

Substitutional Interstitial or
or solute solute alloying
alloying atom atom

Figure 1.6: Schematic illustration of substitutional and interstitial alloying
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In case (2), instead, the movement of the dislocations is limited by an appropriate
distribution of particles at the grain boundaries and inside the grains. The difference
with solid solution strengthening is that the latter is a single-phase system while the
former has at least two phases, where the precipitate(s) are the reinforcing phase. It is
preferable to obtain a homogeneous distribution of particles, since a non-homogeneous
concentration of the precipitates leads to non-homogeneous mechanical properties. The
size of the particles is very important: small size particles give better mechanical
properties. The hardening effect is due to an increase in the difficulty of the dislocation
motion and to an increase in the concentration of dislocations through the mechanism
known as Orowan looping [102].

1.2.2.2. Grain Refinement

A metal is not usually made up of a single large crystal, but of many small crystals
called grains, consisting in lattices with different orientation from the adjacent one. The
formation of the grains begins during the solidification of the material: this last phase
influences the characteristics of the grains, in terms of size and quantity. The interfaces
between the different crystalline lattices are called grain boundary (Figure 1.7). The size
and the orientation of the grains determine some mechanical properties of the material:
the grain boundaries obstruct the plastic deformation, since the dislocations are hindered
in movement near interfaces. This effect gets larger with increasing difference in
crystalline lattice orientation from one grain to the other. It is thus easy to understand
that a material with fine grains has a higher mechanical strength than one with coarse
grains; the reduction of the grain size is an important hardening mechanism of the metal
that can be obtained by means of heat treatments, such as quenching, different
manufacturing process (extrusion, rolling), and/or severe plastic deformation techniques
(Equal Channel Angular Pressing (ECAP)). For example, Gu et al. [103] compared the
yield strength and the ultimate tensile strength (UTS) of as-cast and rolled 99.95 wt.%
pure Mg reporting the rolling procedure to increase the yield strength and UTS of 460%
and 97%, respectively, due to a reduction in the grain size of almost 90%.

Grain boundary
\

. Grain B
Grain A
Figure 1.7: Effect of the grain boundary on the dislocation movement. Modified from
Ref. [104].

The mathematical model representing this mechanism can be described with the Hall-
Petch equation which shows how, at temperatures lower than recrystallization, a fine-
grained metal is stronger than a coarse-grained one:
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os: yield strength
o0, k: constants characteristic of the material
d: average size of the crystalline grains

1.2.2.3. Crystallographic orientation

Mg has a variety of potential deformation mechanisms, such as basal slip, prismatic
slip, pyramidal slip and twinning. Studies on the deformation of a single crystal showed
that the critical resolved shear stress (tcrss) for prismatic and pyramidal slips is ~100
times higher than for the basal slip at the room temperature [105]. From the geometric
point of view, the activation of a particular slip system is given by the Schmid’s law
(Equation 1.3)

1
Os = (;) TcRss (1.3)
m = cos () cos (L) (1.4)
Schmid factor (m) is given in Equation 1.4, where y represents the angle between the

direction of applied force and slip plane and A represents the angle between applied
force and slip direction, see Figure 1.8.

Applied force

-

- Slip plane
Slip —
direction

>

Figure 1.8: Slip plane and slip direction [106]

Figure 1.9 provides the results of tests carried out to determine the influence of the
orientation on the yield point of the Mg basal plane. The theoretical curve was
calculated according to Equation 1.3. The angle differences are very significant, with
“soft orientation” with a slip plane of 45° to the tensile axis and “hard orientation” with
a slip plane ~90 ° to the tensile axis [106].
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Figure 1.9: The yield point of magnesium basal plane as a function of orientation [106]

In a polycrystalline material, the orientation of individual grains could be random, and
anisotropy of the single crystal deformation is suppressed. However, when non-random
texture is present in the material, the anisotropy of mechanical properties of the single
crystal is passed to the polycrystalline material. The degree of anisotropy is given by
how strong the texture is. Therefore, in the Mg polycrystal, the crystallographic texture
plays an important role for plastic deformation. A typical texture is formed when Mg
and Mg alloys are thermomechanically processed. The formation of a strong basal
texture during rolling and extrusion is observed with basal planes oriented parallel to the
rolling and extrusion direction. With the strong basal texture developed by means of
rolling and extrusion, both the yield and ultimate tensile strength were improved, while
the ductility decreased [107-109]. To increase the ductility, the basal poles should be
rotated by 45° with respect to the loading directions. However, this would lead to a
reduction of the yield strength since lower applied stresses are then needed to produce
yielding on the basal planes [110] and thus a trade-off is needed.

1.2.3. Coatings

The current literature reveals that a wide range of coating materials and coating
formation techniques are employed to enhance the corrosion resistance of Mg-based
alloys. Preventing the fluid to enter the Mg substrate, it is in fact possible to hinder the
corrosion. For biomedical applications, there are several requirements for a coating.
Most importantly, it must be (1) non-toxic to not cause any harm to the surrounding
environment [111]. As the surface of the implant is where cells and new tissue will
form, the coating must be (2) biocompatible for these to adhere and grow. This is in
regards to both surface morphology and coating composition. Additionally, as Mg is
biodegradable, the coating shall be (3) biodegradable as well. The aim in corrosion
protection of Mg implants is to slow down the initial degradation rate so tissues have
time to heal, hence a coating will need to have a (4) slower degradation rate than the Mg
material itself. To be able to control and predict the degradation rate, uniform corrosion
is desired, and it is therefore also advantageous if the coating has a (5) uniform
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thickness. Uniformity also entails a (6) cracks-free and (7) pore-free nature of the
protecting film. Although pores may induce osseointegration [28], they are known to
reduce the protectiveness of the coating since they provide a path for fluids to reach the
substrate. Moreover, pores enhance the possibility of localized corrosion which further
can introduce corrosion induced cracking phenomena. Finally, (8) high adhesion and
bonding strength between the coating and the substrate is fundamental to provide an
effective barrier to the corrosive environment and to impede the delamination of the
coating. The coating materials influence the first four requirements, while the coating
techniques govern the remaining. In this Section, we will focus on the different coating
techniques, describing them and evaluating their performances with respect to the
requirements from 5 to 8.

1.2.3.1. Chemical conversion treatments

When preparing conversion coatings, the substrate is immersed in an electrolyte where
chemical reactions between the substrate and the content in the electrolyte form an
insoluble film on the substrate surface [112]. The most common conversion coatings
used to improve the corrosion resistance of Mg for biomedical uses are fluoride- and
phosphate-based coatings. The process is relatively short, varying from a few seconds to
tens of seconds. Conversion coatings can have thicknesses ranging from a few
nanometers to several micrometers, with the immersion time determining the thickness
[111]. However, the film growth takes place at the metal/solution interface and thus,
after the surface is completely covered by the coating layer, the conversion coating
process stops, not allowing a full control of the coating thickness [113]. In addition,
conversion coatings offer great adhesion to the substrate due to chemical bonds and
forming a strong adhesion layer between the substrate and the coating [114]. However,
Ref. [113], for example, reported the poor long-term protection of this class of coatings
due to the presence of cracks and pores.

1.2.3.2. Anodizing

When an external voltage is applied during conversion coating, the process is called
anodizing [112]. Plasma anodizing, namely micro-arc oxidation (MAO) [115] or plasma
electrolytic oxidation (PEO) [116] treatment, is a relatively new anodizing process to
provide protection to Mg alloys. In this anodizing process, an oxide film with a
thickness of range from 5-200 um develops on the substrate material at the Mg or Mg
alloy surface. This occurs usually at high voltages driven by an electrical source in an
alkaline electrolyte containing phosphate, silicate, borate, and organic substances. The
MAO and PEO coatings were found to be mainly composed of MgO, with some other
electrolyte-borne elements (Mg2SiO4, Mg3(PO4)2 or MgAL Oy, etc.) [117-119]. The
anodizing performance of Mg and its alloys generally depends on a range of key
parameters of the process, such as electrolytic composition, applied constant voltage or
current and substrate types [120]. However, cracks and micropores are generally
produced in MAO or PEO coating films due to the sparking phenomenon at high
voltage in the anodizing process, thus reducing the corrosion resistance of oxide films.

1.2.3.3. Chemical solution deposition
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Among chemical solution deposition (CSD) techniques, the sol-gel process represents
one of the most common techniques. The sol-gel process is a wet chemical method
where the film is formed by colloidal suspension of either inorganic or metal organic
precursors [121]. The process is simple, and defects as phase transformations and
changes in microstructures are avoided because the process temperature is low. Sol-gel
processing also results in fairly good adhesion between the coating and the substrate
[122]. However, the process often tends to form dots or heaps on the surface rather than
a uniform coating [123], which is a disadvantage for corrosion protection. In addition,
the sol-gel coatings also tend to crack upon drying [121].

The sol-gel process can be carried out with different methods as for instance dip-
coating, spin-coating, spray-coating and roll-coating. In dip-coating, one simply dips the
specimen in the solution to then apply the coating. The thickness of the coating depends
on the number of dips, the viscosity of the solution, and the dipping rate [124]. The
method is suited for thicker coatings, as it is hard to control its thickness. With spin-
coating and roll-coating, better thickness control is achieved [121]. In spin coating, the
solution is applied at the middle of the specimen, and the specimen is then spun to
evenly distribute the solution on the surface. In roll-coating, the solution is fed to a
wheel, which rolls over the surface, and hence distributes the solution. The drawback of
these two methods is that they are limited to flat specimens. Spray-coating can be
applied to various shapes and is similar to dip-coating, with the difference that the
coating is sprayed onto the substrate. Spray-coating can also provide a more uniform
thickness than spin-coating.

1.2.3.4. Physical Vapor Deposition (PVD) techniques

In its most basic form, physical vapor deposition involves the evaporation of a
condensable material and its subsequent condensation on a substrate surface. The
coating material, often referred to as condensable material, is vaporized from a source
(slug or target). The source material is situated a short distance away from the object to
be coated, i.e. the substrate. The vapor is obtained by exposing the source (solid or
liquid) to very high temperatures/kinetic energies [125,126]. The condensable material
enters the vapor state and travels in vacuum in straight lines (flux) until it collides with
a cold surface. As soon as the condensable vapor reaches a cool surface, the small
agglomerate of atoms/single atoms start to impinge the surface rapidly losing their
kinetic energy through lateral diffusion or surface diffusion. These eventually cool and
condense on the surface to form a solid film. Depending on the condensable material to
be deposited, a deposition temperature ranging from 380-550 °C or even higher is
needed to obtain a dense coating [127]. If the substrate material is sensitive to heat, it is
still possible to deposit material at lower temperatures, even at room temperature. At
low substrate temperatures, however, the ability of the atoms of the coating material to
impinge the substrate surface with enough kinetic energy to reach an active site for
attachment is greatly reduced. The inability to diffuse into the surface makes the
condensable material pack loosely [128]. As the first agglomerate of atoms form on the
surface, they obstruct the path for the rest of the straight-moving flux resulting in the
shadowing of a large number of spots on the substrate surface. In addition, the inability
of atoms to diffuse into the surface of the substrate results in a loosely bound film [127].
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These limitations are encountered in Mg and its alloys due to their low melting
temperatures. The stability of the structure and exterior dimensions during processing
cannot be guaranteed if Mg and its alloys are exposed to temperatures above 250 °C
[129,130]. In most cases, the optimal deposition temperature to prevent solid-state
reactions inside Mg alloy substrates is even lower [131]. To provide good adhesions
when the substrate temperature is low, the only PVD processes that can be employed
are those in which the energy required for the mobility of the atoms of the coating
material is mostly supplied by a plasma or another high-energy flux (condensable flux,
ion beam). These include plasma-enhanced PVD (PEPVD), sputter deposition, ion
beam sputter deposition (IBSD), ion plating, ion beam-assisted deposition (IBAD),
reactive ion beam-assisted deposition (RIBAD) and plasma immersed ion implantation
and deposition (PIIID) [128,132—-134]. The main difference between the ion-assisted
deposition techniques and plasma enhanced techniques is that in the first class of
techniques, the energetic ion source and the condensable material flux is separated,
allowing more control of each deposition parameter. This, in turn, improves the coating
properties compared to plasma enhanced techniques, where the ion flux and
condensable material flux comes from the same plasma source [127]. However, the
protectiveness of the PVD coatings is reduced by the formation of cracks due to the
difference in the thermal expansion coefficient between the coating and the substrate
that induces residual stresses on the coating leading to the formation of cracks
[135,136]. In addition, the effectiveness of these coatings are also limited due to the fact
that PVD techniques are line-of-sight deposition processes with limited applicability to
3D geometries, particularly undercuts [127].

1.2.3.5. Chemical Vapor Deposition (CVD) techniques

Chemical vapor deposition (CVD) is the collective name for a number of processes
where a thin film is formed by chemical reactions between the substrate surface and the
vapor. The coating is in fact deposited from the exposition of the substrate surface to
one or more volatile precursors, which react and/or decompose on the substrate surface
to produce the desired deposit. A characteristic feature of the CVD technique is its
ability to distribute species evenly across the substrate surface, enabling the production
of coatings of uniform thickness with a low porosity even on substrates of complicated
geometric shapes [137,138]. Among the CVD techniques, Atomic Layer Deposition
(ALD) stands out in terms of conformality, film density and the possibility for
compositional control because of its self-limiting surface-gas phase reactions that have
recently found application in corrosion protection [139,140]. The ALD-process can be
divided into four steps [141,142]:

1) The main precursor is vaporized and fed into the reactor chamber, where a
sufficient impact time leads to the complete coverage of available surface
reactive sites on the specimen’s surface. The precursor is often a coordination
compound (a metal center with ligands).

2) The excess precursor (unreacted compounds) and the reaction products are
thereafter purged (by an inert gas, usually N> or Ar) and pumped of the reactor
chamber. This is an important step when the cycle is repeated to make sure that
the precursor and co-reactant do not react with each other in the gas phase.
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3) The second precursor, often a small molecule, is introduced when the system is
cleared, which reacts with the molecules on the surface resulting from the
reaction with the first precursor.

4) The system is then again purged and pumped.

This process, or cycle, deposits (ideally) a monolayer on the substrate surface at a time.
To increase the thickness of the film, the cycle is repeated. For the process to work, it is
crucial that the precursor and the co-reactant do not react with themselves nor with the
reaction products. This is to make sure that the reactions happens on the substrate
surface only, and that the process will be self-limiting in the sense that when the surface
is saturated, the deposition stops [141]. ALD can be carried out at low processing
temperatures in order to avoid temperature defects such as phase transformations. It
provides good adhesion and reduces the cracks formation due to the limited processing
temperature. However, ALD is time-demanding compared to other techniques due to
slow growth rates.

1.3.  Research objectives

Although some Mg alloys have been approved for the clinical protocol (K-MET™
Bioresorbable Bone screw obtained the approval from MFDS in Korea [143] for
example), their deployment as materials for biomedical applications is still hampered by
various limitations. In addition to the low strength of pure magnesium, the high
corrosion rates of Mg and its alloys represent the main drawback. In fact, H, as a
corrosion product has several harmful effects. First, the H» released from the corrosion
process can influence the healing process increasing the pH: a pH higher than 8.5 is
reported to inhibit the proliferation of hBMSCs [144]. In addition, if the H> forms large
pockets, they may cause the death of patients through the blockage of the blood stream
[145]. Moreover, an exceedingly high corrosion rate will lead to the desorption and/or
the failure of the implant before the healing process is complete (three months
according to [146]). In particular, the H> evolved from the corrosion process can
embrittle the implant through the hydrogen embrittlement phenomenon (HE) [147],
that, in combination with the anodic dissolution of Mg and its alloys, causes SCC. SCC
is particularly dangerous as it leads to a sudden and catastrophic failure under
mechanical loads that are otherwise considered safe. Yet the development of Mg-based
implants granting both strength and corrosion resistance in the human body without
causing SCC failure is still overlooked. In fact, several studies focused on different
strategies to improve the strength of cast pure Mg and its electrochemical properties, but
very few focused on the respective effect on the SCC susceptibility. This thesis aims
thus to understand how some of the different procedures used to improve the strength
and the corrosion resistance of Mg influence the SCC susceptibility. This was studied in
seven papers, which are later presented in the thesis. This work can be divided into 5
parts:

1) The main mechanisms governing the SCC phenomenon and the different
techniques used to improve the mechanical strength and the corrosion resistance
of Mg has been reviewed in Paper I and in the Book. In Paper I, a deep
discussion of the SCC phenomenon is provided together with a brief overview
of some procedures used to improve the corrosion resistance. These procedures
were further elaborated in the Book, and were confronted with procedures to
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2)

3)

4

5)

improve the mechanical strength. The interplay between these procedures is
discussed. Several thermo-mechanical processes and severe plastic deformation
techniques have been assessed, providing a benchmark of the more effective
strategies to improve corrosion resistance, i.e. severe plastic deformation
technique and surface treatments obtained by means of mechanical processing
and coatings.

In Paper II, the effect of Equal Channel Angular Pressing (ECAP), an SPD
technique, on the SCC susceptibility has been investigated. Slow strain rate tests
(SSRT) have been carried out in simulated body fluid (SBF) to evaluate the
effect of several ECAP passes on the SCC susceptibility of AZ31 alloy. The
evaluation of the corrosion resistance together with the fracture surface analyses
have been carried out to understand the different SCC susceptibility provided by
the different ECAP treatments.

In Paper III, the effect of surface treatments obtained by means of mechanical
processing on the SCC susceptibility of AZ31 alloy has been evaluated. In
particular, cryogenic machining has been considered. The effect of the cryogenic
machining on the SCC susceptibility has been assessed by means of SSRT in
SBF and a full characterization of the machined surface integrity, including
microstructural observations, residual stress, nano-hardness measurements and
surface texture analyses were carried out together with the assessment of the
corrosion properties to explain the observed results.

In Papers IV and V, the applicability of a new coating technique, i.e. Atomic
Layer Deposition (ALD), for biomedical applications has been assessed. In
particular, Paper IV compares the corrosion resistance provided by a TiOs
coating obtained by ALD with that obtained by sputtering. Two different surface
roughness and topologies have been considered in order to resemble the
biological conditions. In Paper V, the biocompatibility provided by three
different coating materials, i.e. TiO2, ZrO> and HfO», has been assessed by
means of MTS colorimetric assay using 1929 cells and the results were
discussed with respect to the corresponding corrosion performances.

Finally, Paper VI assesses the effects of TiO, and ZrO> ALD coatings on the
SCC susceptibility of AZ31 alloy. SSRTs have been carried out in SBF. The
evaluation of the corrosion resistance by means of potentiodynamic polarization
curves and hydrogen evolution experiments together with the fracture surface
analyses have been carried out to understand the different SCC susceptibilities
provided by the two coating materials.

1.4. Experimental Procedures

The details of the experimental procedures are presented in the respective articles.
However, a general overview of the methodology and the used equipment is provided in
this section.

1.4.1. Material and metallography

The material used in this PhD work is AZ31 Mg alloy. Although Al alloys are not
suitable for biomedical implants due to the toxicity deriving from the long-term effects
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of exposure to Al such as reduced reproductive ability [148], dementia [149] and
Alzheimer’s disease [150,151], as emerged from Paper I and Paper 11, AZ alloys, in
particular AZ31, are the most studied. AZ31 has thus been chosen, allowing a
comparison of the results obtained in this thesis with those reported in the literature. The
AZ31 magnesium alloy used in this work was supplied in form of commercially
available bars from Dynamic Metals Ltd (Dynamic Metals Ltd, Bedfordshire, UK) and
the microstructure was assessed by means of Leica DMRETM Optical Microscope
(Leica microsystems, Wetzlar, Germany). To do so, the samples were cut and prepared
for microstructural analysis using SiC papers for grinding and colloidal silica for final
polishing. The grain structure was revealed by etching using a solution of alcohol
(95 ml), picric acid (5 g), and acetic acid (10 ml) for 10 s.

Corrosion experiments (Section 1.4.2.) and Stress Corrosion Cracking susceptibility
(Section 1.4.3.) have been carried out using simulated body fluid (SBF) solution,
preparing according to Ref. [152] and with the composition reported in Table 1.4.

Reagents Amount
NaCl 8.035¢
NaHCO3 0.355 ¢
KCl 0.225¢

K:HPO4-3H20 0.231¢g
MgCLl-6H:0 0311g
1.0m-HC1 39 ml

CaClz 0.292 ¢
Na2S04 0.072 g
Tris 6.118 g

Table 1.4: Reagents and their quantities for preparation of 1000 ml of the SBF solution
according to [152].

1.4.2. Corrosion experiments

The corrosion performances of the AZ31 alloy was measured by means of
potentiodynamic polarization curves and hydrogen evolution experiments. Samples of
different shapes, sizes and surface conditions were used, and they are described in the
according papers. However, the equipment used are the same for all the works and they
are here described.

1.4.2.1. Potentiodynamic polarization curves

Potentiodynamic polarization tests were carried out on a Gamry Interfacel000
potentiostat (Gamry Instruments, PA, USA), except in paper IV where an Amel™ 2549
potentiostat (Amel Electrochemistry, Milano, Italy) was used. The electrochemical tests
used three-electrode equipment with the AZ31 samples as a working electrode, a
Hg/HgoSO4 electrode as a reference electrode (except in paper IV where a saturated
Calomel electrode was used). The samples were immersed in SBF solution. The
temperature was set to 37+1°C to reproduce human body conditions. The
potentiodynamic polarization curves were obtained applying a potential from +1 V with

19



respect to the open circuit potential (OCP), obtained after a stabilization period of 30
min. The scan rate of the potentiodynamic polarization test was 0.5 mV/s. The area of
the samples exposed to SBF was 1 cm? and corrosion current density was determined
using the Tafel extrapolation method, according to the ASTM G5-14 standard [153].
The tests were repeated three times for each condition.

1.4.2.2. Hydrogen evolution experiments

The corrosion of one mole of Mg leads to the evolution of one mole of hydrogen gas
(see Equation 1.1). This allows the measurement of Mg’s corrosion rate through the
collection of evolving hydrogen gas bubbles. This method allows to overcome the
drawback of the mass loss rate, i.e. the fact that un-corroded areas of the metallic
substrate underneath the corrosion products are also removed when complete removal
of the corrosion products is achieved. Hence, hydrogen evolution tests were used. AZ31
Mg alloy was immersed individually in SBF at 37 °C for more than 72 hours. From
each sample, the hydrogen bubbles were collected in a burette (Figure 1.10), according
to an established protocol published elsewhere [154].

Burette,

&« closed at top

F / Funnel

Sample

Figure 1.10: Schematic illustration of the set-up for the measurement of the evolved
hydrogen volume.

1.4.3. Stress Corrosion Cracking (SCC) susceptibility

Slow strain rate tests are a common technique used for studying the combined effect of
stress and corrosion/degradation process on the mechanical properties of a material, and
they have been used in this PhD work to assess the SCC susceptibility. The SSRT
experiments were carried out on dog-bone samples (the dimensions vary for each
technique and they are reported in the respective papers) at a strain rate of 3.5:10° s in
SBF solution at body temperature (37 + 1°C). The strain rate value was chosen
according to [155] to render the AZ31 alloy susceptible to SCC. A schematic
representation of the experimental set-up is shown in Figure 1.11. The sample was
immersed for the whole duration of the test and the SBF solution was constantly
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changed by a pumping system. The SBF solution container was immersed in a water
bath, which’s temperature was constantly monitored with a thermometer. When the
temperature was below its set value, a commercial resistance heating element placed
inside the water bath automatically turned on until the desired temperature was reached
again. In addition, while carrying out the SSRTs, the area of the specimen exposed to
SBF was restricted to its gauge length using Teflon tapes wrapping the rest of the
specimen, thus maintaining a constant area of exposure to the corrosive solution as well
as avoiding the possibility of galvanic effects with other components of the testing set-
up. For the sake of comparison, SSRTs were also carried out in air. SSRTs were
repeated three times for reproducibility.

SBF outlet

SBF inlet

Figure 1.11: Schematic representation of the SSRT set-up.

In order to quantify the AZ31 SCC sensitivity, the susceptibility indices Iuts and I¢ were
calculated according to Eq. (1.5) and Eq. (1.6) [156]:

UTS,, - UTS
Lyrs = a[l}TS _ SBE (1.5)
And
I = €air ~ €sBF (16)
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where UTS is the Ultimate Tensile Strength and ¢ the elongation at failure, both
evaluated during tests conducted in SBF solution and air. When the value of the
susceptibility index approaches zero, the material is considered to be highly resistant to
SCC, namely the greater the index the greater the susceptibility to SCC.

1.4.4. Fractography

The specimen fracture surfaces of the samples tested were observed by means of a FEI
Quanta 450 Scanning Electron Microscope (Thermo Fisher Scientific Inc., USA). Prior
to fractographic evaluations, the samples tested in the corrosive environment were
cleaned from the corrosion products by immersion for one minute in a solution prepared
using 50 g chromium trioxide (CrOs), 2.5 g silver nitrate (AgNOs3) and 5 g barium
nitrate (Ba(NO3)2) in 250 ml distilled water, as suggested elsewhere [157]. Both the
samples tested in air and in SBF were washed with distilled water and finally
ultrasonically cleaned in acetone for 10 min before the fractographic evaluations.
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1.5.  List of publications and contributions
This thesis contains a general introductory part (Chapter 1) , a book and six journal
papers on the topic of this research, which are included in chapters two to six. The book
is presented in its short version and supplementary information can be found in
Appendix 2.2.C.
Paper I:

Mg and Its Alloys for Biomedical Applications: Exploring Corrosion and Its Interplay
with Mechanical Failure

Authors: Mirco Peron, Jan Torgersen, Filippo Berto
Metals 2017, 7(7), 252
DOLI: 10.3390/met7070252

Contribution: M.P. wrote the entire manuscript. J.T. and F.B. provided scientific
guidance, proof reading and suggestions.

Graphical Abstract:
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Figure 1.12: SCC failure mechanism consisting of the combination of the anodic
dissolution and the cleavage-like fracture due to hydrogen embrittlement
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Book:

Magnesium and Its Alloys as Implant Materials: Corrosion, Mechanical and Biological
Performances

Authors: Mirco Peron, Filippo Berto, Jan Torgersen

CRC Press, Taylor & Francis Group, Boca Raton, Florida, United States, forthcoming
April 2020

DOL: 10.1201/9781003000327

Contribution: M.P. wrote the entire manuscript. F.B and J.T. provided scientific
guidance, proof reading and suggestions.

Graphical Abstract:
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Figure 1.13: Radar chart of the main alloying families with respect to the mechanical
properties, corrosion resistance and biocompatibility.
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Paper II:

The effect of Equal Channel Angular Pressing on the Stress Corrosion Cracking
susceptibility of AZ31 alloy in simulated body fluid

Authors: Mirco Peron, Pél Christian Skaret, Alberto Fabrizi, Roberto Montanari, Hans
Jorgen Roven, Paolo Ferro, Filippo Berto, Jan Torgersen

Journal of the Mechanical Behavior of Biomedical Materials (resubmitted after minor
revision, the reported version is that before revision)

Contribution: M.P. designed the study and wrote the manuscript. M.P. performed the
Slow Strain Rate Tests, the corrosion experiments and the failure analyses. P.C.S.
performed the ECAP treatment. A.F. performed the microstructural analyses. R.M.
performed the hardness measurements. H.J.R., P.F., F.B. and J.T. provided scientific
guidance, proof reading and suggestions.
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Figure 1.14: SCC susceptibility indexes of AZ31 sample in the as-received conditions
and after 1, 2 and 4 passes of ECAP

25



Paper III:

Enhancement of stress corrosion cracking of AZ31 magnesium alloy in simulated body
fluid thanks to cryogenic machining

Authors: Mirco Peron, Rachele Bertolini, Andrea Ghiotti, Jan Torgersen, Stefania
Brushi, Filippo Berto

Journal of the Mechanical Behavior of Biomedical Materials 101 (2020) 103429

DOI: 10.1016/j.jmbbm.2019.103429

Contribution: M.P. and R.B. wrote the manuscript. M.P. designed the study and
performed the Slow Strain Rate Tests. R.B. manufactured the samples and performed
the microstructural analyses, the corrosion experiments and the failure analyses. A.G.,

J.T., S.B. and F.B. provided scientific guidance, proof reading and suggestions.

Graphical Abstract:
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Figure 1.15: SCC susceptibility of dry and cryogenic machined AZ31 samples as a
consequence of the different extension of the nano-crystalline layer
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Paper IV:

On the comparison between the corrosion performances of sputtered and ALDed TiO;
thin layer with different substrate roughness and topology

Authors: Mirco Peron, Abdulla Bin Afif, Anup Dadlani, Filippo Berto, Jan Torgersen
Surface and Coatings Technology (submitted paper)

Contribution: M.P. designed the study and wrote the manuscript. M.P. performed the
corrosion experiments and the micro- and macro-morphological observation. A.B.A.
coated the samples, performed the XPS analyses and, together with A.D., interpreted the

XPS results. F.B. and J.T. provided scientific guidance, proof reading and suggestions.

Graphical Abstract:
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Figure 1.16: Hydrogen evolution of 3D porous structures with micro-morphologies of
the undercuts and shadowed areas of the sliced 3D structures reporting the line-of-sight
limitation of the sputter technique

27



Paper V:

On the evaluation of ALD TiO:, ZrO: and HfO: coatings on corrosion and cytotoxicity
performances

Authors: Mirco Peron, Susanna Cogo, Maria Bjelland, Abdulla Bin Afif, Anup Dadlani,
Elisa Greggio, Filippo Berto, Jan Torgersen

Acta Biomaterialia (submitted paper)

Contribution: M.P. designed the study and wrote the manuscript. M.P. performed the
micro- and macro-morphological observation and, together with M.B., the corrosion
experiments. S.C. carried out the cytotoxicity tests and interpreted the results. A.B.A.
coated the samples, performed the XPS analyses and, together with A.D., interpreted the
XPS results. E.G., F.B. and J.T. provided scientific guidance, proof reading and
suggestions.
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Figure 1.17: Link between corrosion behavior and cell viability of TiO2, ZrO> and
HfO, ALDed coated AZ31 samples
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Paper VI:

Effect of titania and zirconia ALD coating on stress corrosion cracking susceptibility of
AZ31 alloy in simulated body fluid

Authors: Mirco Peron, Abdulla Bin Afif, Anup Dadlani, Filippo Berto, Jan Torgersen
Materials & Design (submitted paper)

Contribution: M.P. designed the study and wrote the manuscript. M.P. performed the
Slow Strain Rate Tests, the corrosion experiments and the failure analyses. A.B.A.

coated the samples, performed the XPS analyses and, together with A.D., interpreted the
XPS results. F.B. and J.T. provided scientific guidance, proof reading and suggestions.

Graphical Abstract:

Figure 1.18: Effects of TiO2 and ZrO, ALD coatings on the SCC susceptibility and on
the ductility of AZ31 alloys tested in SBF
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1.6.  Thesis outline

The thesis is composed of an introductory chapter (Chapter 1), a collection of six
journal papers and a book presented as Chapter 2 to 6, and the final chapter on
conclusion and recommendation. A brief summary of the chapters is given below:

(1]

(2]
(3]
(4]

Chapter 1 summarizes the challenges of using Mg and its alloys as biomedical
materials with a focus on the drawbacks related to corrosion and mechanical
properties. A short description of the experimental procedures has been also
provided in this chapter.

Chapter 2 contains the first paper and the book reviewing the different strategies
employed to overcome the drawbacks of Mg and its alloys and the mechanisms
controlling the corrosion-assisted cracking phenomena

Chapter 3 includes the second paper, which is about the effect of ECAP on the
SCC susceptibility of AZ31 alloy. By modifying the bulk of the material with
different passes of ECAP, the SCC susceptibility has been evaluated.

Chapter 4 of the thesis contains the third paper. The effect of cryogenic
machining on the SCC behavior of AZ31 alloy has been assessed, carrying out a
full characterization of the machined surface integrity to explain the observed
results.

Chapter 5 of the thesis comprises the fourth and fifth papers on the introduction
of the newly developed ALD technique in the biomedical field. Its corrosion
performances were compared with those obtained by the commonplace sputter
technique and the biocompatibility of three different ALDed coatings were
investigated by means of MTS assay on L929 cells.

Chapter 6 includes the sixth paper on the effect of two different ALDed coatings
on the SCC susceptibility of an AZ31 alloy.

Chapter 7 presents the concluding remarks of the performed researches during
the course of PhD and recommendations for the future studies on the topic.
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Chapter 2
Understanding the corrosion, mechanical and

biological performances of Mg and its alloys and their
interplay with SCC
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Abstract?

The future of biomaterial design will rely on temporary implant materials that degrade
while tissues grow, releasing no toxic species during degradation and no residue after
full regeneration of the targeted anatomic site. In this aspect, Mg and its alloys are
receiving increasing attention because they allow both mechanical strength and
biodegradability. Yet their use as biomedical implants is limited due to their poor
corrosion resistance and the consequential mechanical integrity problems leading to
corrosion assisted cracking. This review provides the reader with an overview of current
biomaterials, their stringent mechanical and chemical requirements and the potential of
Mg alloys to fulfil them. We provide insight into corrosion mechanisms of Mg and its
alloys, the fundamentals and established models behind stress corrosion cracking and
corrosion fatigue. We explain Mgs unique negative differential effect and approaches to
describe it. Finally, we go into depth on corrosion improvements, reviewing literature
on high purity Mg, on the effect of alloying elements and their tolerance levels, as well
as research on surface treatments that allow to tune degradation kinetics. Bridging
fundamentals aspects with current research activities in the field, this review intends to
give a substantial overview for all interested readers; potential and current researchers
and practitioners of the future not yet familiar with this promising material.

Keywords: Mg alloys; biocompatible; corrosion; crack growth; corrosion assisted
cracking

2.1.1. Introduction

In the last decades, concurrent with the increased lifetime in today’s world population,
the amount of people undergoing surgical procedures involving the implantation of
medical devices is continuously growing [1]. These implants are generally used for
applications that ensure a substantial improvement in patients’ quality of life, such as
orthopaedics, pacemakers, cardiovascular stents, defibrillators, neural prosthetics and
drug delivery systems [2—5]. Among these, orthopaedic surgery is the most important
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[4], characterized by the highest annual growth rate. Indeed, according to Long and
Rach [6], almost 90% of the population over 40 years is affected by degenerative joint
diseases. Total hip replacements are predicted to represent half of the estimated total
number of operations in 2030 [7]. For this reason, the research has centred on new
biocompatible materials and on improving their performances [8—10]. Especially
strength and corrosion resistance in human body fluid (HBF) has been a major issue of
research [11].

Tailoring biomaterials to their specific use, many important properties must be
considered. First, they must be bioinert or bioactive [12]; the former means that the
organism has a coexistence with the material without noticeable change in the organism
and/or exogenous material, whereas the latter implies that there is an interaction with
and/or a response from living tissue, e.g., the formation of direct biochemical bonds
with the surface of the material in bioceramics. Further, they must not evoke a sustained
inflammatory response once implanted in the human body, have appropriate mechanical
properties for their use and include appropriate permeability and processability for
designed applications [13].

Several materials provide these properties and they can be divided into four main
classes [4,14]: metals [15], polymers [16,17], ceramics [12,18] and composite materials
[14,19]. Tt is worth to note that implant design, and therefore material choice, depends
on the application of the devices and on the environment in which they are employed
(Table 2.1.1).

Table 2.1.1: Biomedical applications of biocompatible materials [4,12,14,15,17,19-21].

Application Material

Spinal fixation stainless steel; Ti, Ti alloys

stainless steel; Ti, Ti alloys; PMMA; PS; CF/PEEK,
CF/Epoxy; CF/PS;

Bio-Glass/PU; Bio-Glass/PS; PET/SR; PET/Hydrogel;
CF/LCP; GF/PEEK;

Bone particlessPMMA; Ti/PMMA; UHMWPE/PMMA;
UHMWPE;

GF/PMMA; CF/PMMA; KF/PMMA; PMMA/PMMA;
Bio-Glass/Bis-GMA;

CF/PP; CF/PS; CF/PLLA; CF/PLA; KF/PC; HA/PE;
PLLA/PLDLA;

PGA/PGA; Alumina; Zirconia; Tricalcium phosphate;
Bio-Glass-Metal fiber composite; Bio-Glass

Bone fixation
(bone plate, screw, wire,
bone nail, etc.)

Co-Cr-Mo alloy; Ti alloys; Alumina; Zirconia;
PET/SR;CF/UHMWPE;

PET/Hydrogel, CF/Epoxy; CF/C; CF/PS; CF/PEEK;
CF/PTFE; CF/UHMWPE;

CF/PE; UHMWPE/UHMWPE; HA/HDPE; Metal Bio-
Glass coatings

Artificial joint

Spinal spacer stainless steel; Ti alloys

Dental implant and bridge  Ti; Ti alloys; Au; CF/C; SiC/C; Alumina; Bio-Glass; HA;
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Bio-Glass coated alumina; Bio-Glass coated vitallium;
Au-Cu-Ag;

Au-Cu-Ag-Pt-Pd; UHMWPE/PMMA; CF/PMMA;
GF/PMMA; KF/PMMA;

PET/PU; PTFE/PU; CF/PTFE; CF/C; PET/PHEMA;
Tendon/Ligament/Cartilage KF/PMA; KF/PE;
Replacement CF/PTFE; CF/PLLA; GF/PU; PP; ePTFE; PET/PET; PA;
PU; PLGA

Despite the recent technological evolution of polymeric and ceramic materials, metals,
such as stainless steel, cobalt-chromium , and titanium alloys, are still the most used
materials in biomedical applications, covering 70% of the total production volume
[15,22,23].

What makes these materials irreplaceable are their high:

(1) Strength

(2) Fracture toughness
(3) Ductility

(4) Fatigue life

(5) Wear resistance and
(6) Corrosion resistance

It is widely reported [14,24] that bones are subjected to a stress of about 4 MPa on a
daily basis and hip joints may experience a load as high as 10 times of the body weight
in some cases, these implantable devices require high properties in terms of (1) and (2).
Moreover, a high percentage of elongation at fracture (3) is needed in order to prevent
brittle failure leading to the predominant choice of metallic implants as bioimplant
materials. The human body also experiences dynamic loads: Ramakrishna et al. [14]
reported that hip joints are subjected to loads applied for 1 x 10° cycles per year making
(4) a requirement. This kind of joints are also affected by sliding issues potentially
leading to the formation of wear debris if (5) is not high enough. This again causes
acute immune response resulting in inflammation and/or fibrosis [4]. Finally,
implanting materials in the human body necessitates great biocompatibility implying
that they do not release any toxic substances into the body (6).

However, since the mechanical properties of metals highly differ from those of human
bone, they are not always suitable for medical devices (see Table 2.1.2.): the bigger the
difference in elastic modulus, the higher the occurrence of stress-shielding, which is a
phenomenological consequence of stress distribution changes [25-33]. Bones adapt to
the changed stress field according to the Wolff’s law [34], resulting in the bone either
becoming more porous (internal remodelling) or thinner (external remodelling), leading
to a higher risk of implant failure. Considering a hip joint, for example, upon the
implantation of a respective prosthesis, the entire bone-biomaterial system can be
abstracted as two springs in parallel (Figure 2.1.1).
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(a) (b)
Figure 2.1.1: (a) Total hip joint representation and (b) schematic view of two springs in
parallel, where k1 and &2 are implant and bone stiffness, respectively. (From [35]).

The load redistribution phenomenon is strictly related to the stiffness ratio according to:

o @.1.1)

O,

o | £

2

where ¢ and E is applied stress and material stiffness, respectively. Subscripts 1 and 2
refer to implant and bone, respectively. As the load on the bone decreases with the
implant, the bone will become less dense and thinner due to the insufficient stimuli for

continued remodelling (Figure 2.1.2.).

Figure 2.1.2: Stress-shielding example in shoulder replacement surgery; (a)
preoperative image; (b) image immediately after the surgery; (c¢) image after 7 years
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from the surgery; arrow indicates the region of bone resorption. Reproduced with
permission from [36], Copyright Elsevier, 2003.

Stress induced bone remodelling is widely described in literature [31,32,37] and several
models have been proposed to explain this phenomenon. Van Rietbergen et al. [33]
stated that the bone mass is regulated by the remodelling signal S, which is the strain
energy (U) per unit of mass:

§== (2.1.2)
P

where p is the bone density. Bone remodelling as described in Equation (3) corresponds
to the rate of net bone-mass turnover % and happens when S differs from the

characteristic reference value S describing the remodelling signal in non-operated
conditions:

am

—=S5-5
dt

» (2.1.3)

The theory further assumes that no remodeling takes place when S — Skt does not
exceed a threshold. Huiskes et al. [38] agreed that local strain perturbation governs the
remodelling process by means of an interaction with osteocytes, since they are widely
reported to be transductor of mechanical signals [39—42]. They suggested that increased
(or decreased) strain signals the osteocyte to transmit stimuli to the bone surface, where
bone is formed (or removed) until the strain normalizes.

Table 2.1.2: Comparison of the mechanical properties of natural bone with various
implant materials [11,15,19,43-46].

Natural Stainless Co-Cr

Properties Bone Steel Ti Alloy Alloy Magnesium
Density (g/cm?®) 1.7-2.0  79-8.1 4445 8392 1.742.0
Elastic modulus (MPa) 3-20 189205 110-117 230 4145
. 930- 900—
Tensile strength (MPa) 80-150  480-620 1140 1540 170-270
Compressive yield strength 758— 450-
(MPa) 130-180  170-310 1117 1000 65-100
Elongation at failure (%) 1-7 3040 8-15 3045 6-20
Fracture toughness (MPa—— 5 50900 55115 100 1540

m1/2)

In certain biomedical applications, especially fixators such as bone plates, screws, pins
and stents, biomedical devices are required to stay inside the human body only for a
restricted period, i.e. as long as bones heal. Thus, materials that ideally degrade in the
same manner and speed as natural bone heals [10,47,48] are widely required to be
utilized for these temporary devices. Biodegradable materials allow circumventing
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cumbersome second surgeries involving the removal of the old implant. Besides
complications and distress for the patient, this also increases insurance costs [49-55].
However, classic metallic materials as those above are not biodegradable and, if not
removed, lead to long-term complications, as local inflammations due to the potential
release of cytotoxic ions as a consequence of corrosion or wear processes [22,23,56—
58]. It is therefore very attractive to identify materials that degrade in the same way as
bone heals, dissolving entirely after complete healing. In this process, these materials
must not cause any toxic, allergic, inflammatory or cancerous effects.

In recent years, researchers and clinicians have employed a variety of compositions,
properties and forms in which polymers are available to best match the specifications of
the materials’ desired biomedical function [4,13,16,20,59]. However, they tend to be too
flexible and too weak for load-bearing applications required in orthopaedic surgery.
Moreover, they may also absorb liquids and swell, leach undesirable products such as
monomers, fillers and antioxidants, and, furthermore, the sterilization process may
affect their properties [14].

Thus, to overcome this drawback of polymeric materials, researchers’ and clinicians’
attention focused on metallic biodegradable materials. Several of them have been
studied but most of the scientific efforts focus on Magnesium (Mg) and its alloys.
Among metallic engineering materials, Mg possesses one of the best bio-compatibilities
with human physiology and the best mechanical compatibility with human bone [60].
Its low density and elastic modulus best mimic the properties of natural bones (Table 2).
Moreover, Mg is the fourth most abundant element in the human body (it is
recommended that an adult receives 240-420 mg daily) and it is essential for the
metabolism in many biological mechanisms (Mg is a cofactor for many enzymes [46]).
Finally, Mg?" ions, resulting from the degradation process (see Section 2.1.2), are
reported to aid the healing and growth of tissue. Any excess of these ions is harmlessly
excreted in the urine [43].

Despite the advantageous properties of bioactive Mg and its alloys, there are some
limitations for their use in temporary implants. The major drawback is the high
corrosion rate in the physiological environment that may lead to a loss of mechanical
integrity before tissues have sufficient time to heal. Moreover, hydrogen as a corrosion
product together with the generation of respective hydrogen pockets can influence the
healing process or, if the pockets are large, they may cause death of patients through
blocking of the blood stream. Finally, the simultaneous action of the corrosive human-
body-fluid and the mechanical loading can cause the further complication of sudden
fracture of implants due to corrosion-assisted cracking, such as stress corrosion cracking
(SCC) and corrosion fatigue (CF) [61-63].

The aim of this work is to describe the state of the art regarding corrosion behaviour
assessment and the developed methods for improving the corrosion resistance of Mg.
First a short summary of the degradation mechanism of magnesium in human body fluid
will be provided, and then a focus on the corrosion-assisted cracking phenomena (SCC
and CF). Finally, an overview of how to improve corrosion properties will be given.

2.1.2. Corrosion

The main drawback in the use of magnesium in orthopaedic implants is its high
corrosion rate in the electrolytic physiological environment. Mg and its alloys are
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reactive metals and they corrode in aqueous environments according to the reactions
given below [64,65]:

Mg+2H,0 - Mg(OH), +H, (2.1.4)

The corrosion reaction can be divided into the anodic and cathodic partial reaction,
(2.1.5) and (2.1.6), respectively [66]:

Mg — Mg™ +2¢” (2.1.5)
2H,0+2¢" — H,+2(OH") (2.1.6)

According to Equation (2.1.4), a film of Mg(OH), forms on the surface of Mg and its
alloys, preventing further corrosion in water since it is slightly soluble there.

Mg* +2(OH" ) — Mg(OH), (2.1.7)

However, if the corrosive medium contains any chlorides with concentration above 30
mmol/L [67], the magnesium hydroxide will be converted to magnesium chloride
MgCl; according to [43]:

Mg(OH), +2ClI" — MgCl, +2(OH ") (2.1.8)

Magnesium chloride is highly soluble in aqueous solution, determining the further
corrosion development of Mg and its alloys in the human body, where the chloride
content is about 150 mmol/L [68-71].

It is worth to note that the chemistry involved in the corrosion, i.e., magnesium chloride
solubility and hydrogen evolution, highly influences the in vivo performances of
magnesium devices. Starting from the solubility of MgCl» film, it is reported that it can
affect the mechanical behaviour in two different ways. According to Ghali et al. [72],
two different corrosion modes are possible, uniform and localized. Mg alloys with slow
and constant degradation rate (lower than 0.5 mm/year [65]) are required to facilitate
sufficient time to heal for the bone. Further, a uniform degradation mode is key as
localized corrosion can lead to toxicity and early failure of the implant. However,
uniform corrosion is not the main corrosion mode. Kirkland et al. [73] reported that 29
of 31 Mg alloys suffer of localized corrosion, i.e., pitting. The difference discriminating
uniform from localized corrosion is mainly linked to the presence of second phases,
precipitates or impurities on the surface of the Mg alloys, inhomogeneities generally
widely present in Mg and its alloys. The most common impurities are Fe, Ni and Cu.
They are most harmful in terms of corrosion resistance due to their very negative
corrosion potential [65,74—76]. They are cathodic with respect to the Mg matrix,
resulting in a faster corrosion rate and determining a higher and more severe
susceptibility to pitting that quickly destroys the Mg(OH). protective film [60]. Once
this film is removed, the surrounding corrosive fluid will have contact with the Mg
matrix, causing further corrosion according to the just mentioned mechanism. If the
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inhomogeneities are not uniformly distributed [65] or above a tolerance limit [77], the
material will corrode in a localized manner, acting as precursor for stress corrosion
cracking (SCC) and corrosion fatigue (CF). These mechanisms highly affect the
corrosion resistance of Mg and its alloys, hampering their application for biomedical
implants and they will be described in detail in the next section.

Hydrogen evolution due to the corrosion mechanism involved in Equation (4)
influences the in vivo performances of Mg alloys in two ways [22,78-82]. First, when
the corrosion rate is too high, human body cannot absorb the entire amount of
developed hydrogen, thus generating gas pockets and bubbles. Though Witte et al. [70]
found 0.068 mL/cm?/day leading to no subcutaneous bubbles after 2—3 weeks on guinea
pig, and even if Song [79] set 0.01 mL/cm*day as tolerated value in his work, no
scientific evidence has been reported that these values can be used as a threshold for
acceptable hydrogen amounts in the human body. In orthopaedic applications, where
blood transport mechanisms are poor, these gas pockets are harmful since they occur
around the device, causing risk of implant failure, tissue separation or, in the worst case,
death of the patient due to blood clotting [79-82]. Second, hydrogen evolution is strictly
connected to the corrosion-assisted cracking, i.e. SCC and CF, since their propagation is
highly influenced by the hydrogen embrittlement (HE) phenomenon [22,78], which will
be discussed in the next section.

2.1.3. Corrosion Assisted Cracking Phenomena

From the middle of the 20th century, several metallic materials have been reported
susceptible to the synergistic effect of mechanical loads and corrosive medium, leading
to corrosion assisted cracking phenomena, i.e. SCC and CF [61-63]. These mechanisms
result from a simultaneous combination of three factors, susceptible material, corrosive
environment and tensile stress. Mg and its alloys have gained interest as materials for
biomedical devices due to their degradation properties upon exposure to the human
body fluid, and hence researchers and clinicians have started to investigate the
susceptibility of these materials to corrosion assisted cracking mechanisms. This
involves the consideration of whether the mechanical property reduction results from
the combination of applied stresses and corrosive environment, i.e. SCC, or simply is a
consequence of the reduction of implant cross-section because of corrosion
mechanisms. Choudhary and Raman [83] performed slow strain rate tensile (SSRT)
tests on AZ91D alloy in modified simulated body fluid (m-SBF) at different conditions:
(a) strained in air; (b) strained in m-SBF; (c) strained in air after a pre-immersion in m-
SBF solution for a time as long as the time to failure of case (a); (d) continuously
cathodically charged and simultaneously pulled in m-SBF. Comparing the results
(Figure 2.1.3), they found a considerable reduction in mechanical properties of
specimens stressed in m-SBF, leading to the conclusion that the synergistic effect of
corrosive environment and mechanical loads, rather than the corrosive environment
itself, mostly affects the corrosion resistance of Mg and its alloys.
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Figure 2.1.3: Stress-time plot of AZ91D alloy tested ate strain rate of 2.2 x 1077 5™
under different environmental conditions. Reproduced with permission from [83],
Copyright Elsevier, 2012.

Since orthopaedic devices are subjected to different acute loadings during their use, i.e.,
tension, compression, bending and torsion depending on human activities and skeletal
location [78] and since these loadings are repetitive (just thinking to the daily activities
of walking), SCC and CF are of great concern for the use of Mg and its alloys as
material for biomedical devices. Moreover, Mg and its alloys suffer pitting in human
body fluid, due to the presence of chlorides and impurities [43,60,67,68,77,78,84-88],
making these phenomena main limitations. Chemical induced pits and implants’ sharp
contours provide the required stress concentration for the onset of such phenomena,
which are described below [60,89]. Their most detrimental effect is implant failure at
stresses considerably below the yield and design stresses [83], i.e. at mechanical
conditions otherwise considered to be safe [75]. Such sudden failure produces serious
issues to the patient, such as the need of a complicated and harmful removal of the
failed implant and subsequential inflammatory responses, as well as the necessity of a
new device implantation.

This section provides the reader with a description of these phenomena. It should be
noted that the mechanistic understanding of SCC and CF mostly derives from
knowledge obtained on Mg-Al alloys. As Al is toxic to the human body, the
mechanisms might not be entirely representative of biocompatible alloys, but it still
provides a meaningful framework to describe the theory (see Section 2.1.5.2.1).

2.1.3.1. Stress Corrosion Cracking (SCC)
When static tensile stresses and corrosive environments act together on susceptible
materials, they lead to the SCC. This mechanism is characterized by the onset and

propagation of cracks, resulting in the embrittlement of ductile Mg in the corrosive
medium leading to a considerable elongation reduction [60,83].
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The onset of SCC requires a localized corrosion site, where the conditions for crack
initiation are met. It is widely reported that these cracks initiate at high stress locations,
such as roots of a corrosion pit or pre-existing microscopic flaws (surfaces defects)
[60,75,78,83,90]. Localized corrosion sites take place after the fracture of the
magnesium hydroxide protective film as a consequence of the chemical reaction with
chloride ions according to Equation (2.1.8). This proceeds locally because second
phases and/or impurities of the alloy underneath affect the protective film resistance.
Moreover, it is widely reported [76] that the breakdown of the protective film also
follows the applied stresses. Failure can derive from stress enhancing elements such as
inclusions or notches in the implant geometries enhancing stresses from daily activities
or residual ones introduced during device fabrication. Moreover, the presence of
dynamic loading, i.e. CF, may lead to the formation of fatigue cracking providing a
preferential site for SCC [60,75,91].

Once localized corrosion takes place, the cracks propagate until failure. However, the
propagation phase is not well understood and literature distinguishes between several
mechanisms. In their review, Winzer et al. [75] divided them into two groups of
mechanisms:

1. Anodic dissolution mechanisms categorized in the: (a) galvanic attack by film
rupture model; (b) tunnelling model; (c) preferential attack model.

2. Mechanical fracture mechanisms or cleavage-like fracture as described in the
hydrogen embrittlement model

The development of la started from the observation that SCC propagation in AZ31
alloys is halted once a cathodic current is applied. Logan [92,93] proposed an
electrochemical model for the crack propagation phase under corrosive media. He
theorized that once an applied strain is sufficient to produce a breakdown of the
Mg(OH): protective film, an electrochemical cell occurs between the anodic film-free
surface and the cathodic protective layer (Figure 4).

Figure 2.1.4: Continuous crack propagation according to the film rupture model.
Reproduced with permission from [75], Copyright John Wiley and Sons, 2005.
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Moreover, he suggested that this electrochemical cell determines a localized corrosion
that, acting as a notch, leads to a region of stress concentration. Thus the protective film
does not reform, allowing a continuous crack propagation. However, some authors
refuted this model for different reasons. Ebtehaj et al. [94] as well as Wearmouth et al.
[95], for example, found a discontinuous crack growth taking place by an alternating
sequence of film rupture and repassivation. A continuous propagation mode is possible
only when repassivation is limited. Logan proposed this electrochemical model since he
observed an improvement of corrosion resistance applying a cathodic current. However,
he neglected that also hydrogen embrittlement models (which will be described later in
this section) require a film-free surface that can be influenced by a cathodic charge.
Furthermore, he observed a crack growth rate of 107® m/s and calculated a current
density of 14 A/cm? needed to ensure such crack velocities. Pugh et al. [96] considered
this value too high for a dissolution model. Thus Winzer et al. [75] considered the
observations made by Logan being more closely described by another model, the
preferential attack model, which will be described later.

The tunnelling model was proposed by Pickering and Swan [97] and is characterized by
the formation of tubular pits due to the rupture of the surface film at emerging slip steps
(Figure 2.1.5a). At the beginning, the direction of these pits is considered to be
governed by the electrochemical potential difference between the Mg matrix and the
second phase that they assumed to be Mgi7Ali2. After the establishment of a local
galvanic cell able to prevent re-passivation, crack propagation is governed by a ductile
tearing of metal between narrow tunnels (Figure 2.1.5b).
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Figure 2.1.5: (a) Tubular pits form due to film rupture on slip steps; (b) crack
propagation occurs by ductile tearing of remaining ligaments. Reproduced with
permission from [75], Copyright John Wiley and Sons, 2005.
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However, Winzer et al. [75] refuted this model observing that Pickering and Swan
proposed it for a material (Mg-1Al) completely unlikely to form a second phase since
the amount of aluminium is lower than its solid solubility limit (a better understanding
of this concept will be provided in Section 2.1.5).

The preferential attack model has been proposed by Fairman and Bray [98] and it is
commonly believed to be the main dissolution mechanism. As a consequence of
alloying operation, it is widely reported [99] that second phases can precipitate on grain
boundaries. Their presence enhances stresses as a consequence of different elastic
properties with respect to the matrix leading to a surface film rupture. Once the anodic
Mg matrix and the cathodic second phases (Mgi7Al 2 in Fairman and Bray’s work) are
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in contact with the human body fluid (HBF), which acts as electrolyte, an
electrochemical cell develops, leading to an accelerated dissolution (Figure 2.1.6).

________ corrosion

Second phases

i N\

Mg(OH),

Figure 2.1.6: Preferential corrosion of Mg matrix along the precipitates. Modified from
[75]

Depending on the distribution of second phases, crack propagation is reported
continuous [100], if there are continuous grain boundary precipitates, or discontinuous
[77,78,83,98,101,102], if second phases are non-uniformly distributed or unfavourably
oriented. The discontinuous crack propagation is affected by a slower galvanic
dissolution, providing enough time for the formation of the surface protective film, and
hence rendering film rupture and repassivation competing processes.

Concerning the other main group of propagation mechanisms, the mechanical fracture
mechanisms or cleavage-like fracture, the model describing hydrogen embrittlement
(HE) is reported to be the most descriptive. Several models describing cleavage fracture
without HE are available [75], but not satisfactory. Studying SCC of a single-phase Mg-
7.6 wt % Al alloy, Pugh et al. [96] suggested that the propagation phase is
discontinuous, alternating between crack propagation, due to the embrittlement of a thin
oxide surface layer ahead of the crack tip, and crack arrest, due to the ductile region
ahead of the embrittled layer. However, Fairman and Bray [98] argued against Pugh et
al.’s model as they either do not detect oxide layers on the fracture surfaces or do not
observe brittle fracture on Mg-Al alloys in chloride solutions. Several authors
[77,78,83,86,101,102] agreed that cleavage fracture is a consequence of hydrogen
induced Mg matrix embrittlement. Presence of hydrogen is a consequence of the Mg
corrosion mechanism in aqueous solutions (see Section 2.1.2); according to the cathodic
partial reaction, one molecule of hydrogen gas is produced for each atom of Mg
dissolved in the human body, but hydrogen is also produced at an anodic potential due
to the negative difference effect (NDE, detailed in Section 2.1.4). Chakrapani and Pugh
[103] suggested that H» is involved in brittle fracture since it can be related to the
formation of brittle hydrides (MgHb>) or in decohesion phenomena. Some authors [104]
also proposed an adsorption model in order to explain the HE mechanism, where
hydrogen is adsorbed from the solution at the crack tip or transported to the cracked
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region by dislocation motion. However, Bursle and Pugh [105] argued against the
adsorption model. They stated that, according to dislocation motion, the adsorbed
hydrogen would embrittle only a few atomic layers ahead of the crack tip, which is
smaller than the observed crack arrest markings of the fractography. Furthermore, they
observed a 1 pm layer of MgH> on the fracture surface of their specimens further
disproving the model. Bursle and other authors [106] stated that embrittlement occurs
due to the formation of brittle hydrides ahead of the crack tip favouring crack
propagation while suppressing plasticization around the crack region.

Figure 2.1.7 briefly describes the mechanical fracture based/cleavage like fracture
mechanism: after the formation of the brittle region ahead of the crack tip, the applied
stresses determine the propagation of this crack inside the brittle area. The following
ductile area prevents further crack propagation. Repassivation occurs ahead of the crack
tip leading to hydrogen embrittlement.
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] Embrittied Region
lo

" Brittle Crack

Figure 2.1.7: Model for mechanical induced cracking. Reproduced with permission
from [75], Copyright John Wiley and Sons, 2005.

Finding a solid mechanism for SCC propagation phase (anodic dissolution mechanisms
or cleavage-like fracture) is subject to intensive research. However, the anodic
dissolution described by the preferential attack model sufficiently describes the specific
inter-granular stress corrosion cracking (IGSCC). Trans-granular stress corrosion
cracking (TGSCC) follows cleavage-like fracture due to HE. Thus, in order to obtain a
more detailed understanding of the problem, fracture surface micrographs relate anodic
dissolution and cleavage-like fracture to inter-granular (IG) and trans-granular (TG)
crack growth, respectively. Since anodic dissolution requires the presence of second
phases, the propagation mode is strongly influenced by microstructure. In fact, Fairman
and West [107] tested single phase Mg-7Al-1Zn and observing a TG propagation mode
since no Mgi7Ali> has been found from their microstructural observations, whereas
Farman and Bray [98] reported that the Mg-Al alloys with Al content higher than 6 wt
% fail in a IG mode due to the large presence of second phases. Moreover, also grain
size influences the propagation phase. In fact, increasing the grain size leads to a
transition to TGSCC. Priest et al. [100] reported the maximum grain size for prevailing
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IG to be 28 um, regardless of the presence of second phases. Fairman and Bray [98]
reported that Mg-Al-Zn and Mg-Al alloys with fine grains (at about 5 pm) fail in a IG
manner; Pardue et al. [100] observed a TG crack propagation in their Mg-6Al-1Zn alloy
with a coarse grain size (about 80 um). Similarily, Pugh et al. [96] reported a TG crack
propagation mode in their high purity binary magnesium alloy with 7.6 wt % Al content
with grain size of 70 um. All results have been obtained on thermally treated specimens.
Without heat treatment, a combined IG and TG mechanism (anodic dissolution and
cleavage-like fracture) is underlying SCC propagation [83,101]. In Choudhary and
Raman’s work [83], fractographic analyses of AZ91D alloy tested under m-SBF reveal
both trans- and inter-granular cracking. Moreover, specimens were also tested in m-SBF
under a continuous cathodic charge, showing an improvement in corrosion resistance
compared to the ones tested without any charge (Figure 2.1.3). From micrographic
analyses, the authors suggested that a cathodic charge prevents the anodic dissolution
mechanism, leading to TGSCC only (indicated by arrows in Figure 2.1.8).

Figure 2.1.8: Fractographic analyses of AZ91D alloy sample continuously cathodically
charged and simultaneously tested in modified simulated body fluid (m-SBF).
Reproduced with permission from [83], Copyright Elsevier, 2012.

Until now, the influence of applied stresses was not considered, it was simply
mentioned that stresses derive from daily activities or are remaining as residuals after
fabrication. The susceptibility of SCC to the applied stress levels was not yet detailed. It
is widely known that the occurrence of SCC is linked to a stress above a certain
threshold, called oscc. Thus, in the design phase, a stress below 6scc should be targeted
to avoid the onset of SCC. However, production processes can introduce flaws or
defects, such as cracks inside the material negatively affecting its strength. Since these
process limitations are difficult to overcome, a damage-tolerant approach has to be
taken into account. It is hence important to characterize the conditions for onset and
propagation of cracks on defects to predict the lifetime of a device in a corrosive
medium. Since cracks propagate in a brittle manner in SCC, the linear elastic fracture
mechanics approach (LEFM) is widely used in literature [75,83,94,95], providing a
design tool for predicting the time to failure of an implant.

LEFM is an important, widely studied and accepted failure prediction criterion. A point
criterion insufficiently describes the stress field in the presence of a singularity; a proper
description requires a field based criterion. In the proximity of the crack tip, the stress
intensity factor in mode I (Ki) can be described according to Gross and Mendelson

[108]:
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K, =a-c,Nrma (2.1.9)

[P

where “a” is the length of the initial defect, “a” is a geometric parameter and “c,” is the
applied stress. One of the main underlying assumptions of LEFM is the Paris curve (see
Figure 2.1.9, red line) that describes the fatigue crack propagation rate (da/dN) as a
function of the applied stress intensity factor range (AK).

Crack growth rate (da/dN)[mm/cycle]

Crack growth rate (da/dt)[mm/s]

Ksce  k[MPavm] Kic
AKi,  AK [MPavm] K

Figure 2.1.9: Paris curve (red line); Paris-like curve for Stress Corrosion Cracking
(SCC) (black line).

The Paris curve is characterized by three different regions: region I has no crack growth
and stress intensity factors below AKun (threshold stress intensity factor for fatigue
crack growth), region III results in sudden failure with loads exceeding the fracture
toughness (Kic). The region labelled II describes a linearly increasing growth rate with
the stress intensity factor.

With respect to biomedical implant research and application, a Paris-like curve may also
describe SCC (Figure 2.1.9, black line). AKin becomes Kisce (threshold stress intensity
factor for SCC crack growth) and the crack growth rate is now based on time. To
prevent failure due to SCC, stresses below Kiscc are targeted, which represents a main
parameter for Mg alloy based implant design. Its calculation is inspired by fracture
mechanics, testing fatigue air pre-cracked and circumferential notched specimens.
Circumferential notched tensile (CNT) tests are carried out at different stress levels in
corrosive environments aiming at best representing body-like environments [94]. K7 is
calculated at each applied load from Equation (2.1.9) and then the corresponding time to
failure is extracted. Finally, experimental data are plotted in a time to failure (#)-Ki
graph (Figure 2.1.10). Time to failure increases exponentially decreasing the applied
stress, i.e., the stress intensity factor, and the Kiscc can be defined as the horizontal
asymptote in the #-K7 plot (Figure 2.1.10).
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Figure 2.1.10: #-K7 plot for determination of Kiscc. Reproduced with permission from
[83], Copyright Elsevier, 2012.

Several works have been performed on evaluating the Mg threshold stress intensity
factor for SCC crack growth in corrosive environment, as reported by Winzer in his
review [75]. Since the use of Mg and its alloys in biomedical field is a relative new
issue, very few consider a corrosive medium replicating human body conditions.
Choudhary and Raman [83] studied the corrosion behaviour of AZ91D alloy in m-SBF
and they report a Kiscc value of 5.18 MPa m'?. Testing specimens at different stress
intensity factors, they reported no failure after 1000 h CNT testing at a K7 value of 4.8
MPa m!?, below the threshold limit that they propose.

However, in some circumstances the threshold value Kiscc loses its meaning. For small
cracks or flaws, LEFM is not applicable as it becomes underrating (for « — 0, K — o,
see Figure 2.1.11). The SCC threshold oscc (mentioned above) determined like Kiscc
but on smooth specimens, replaces Kiscc.

Applied stress [MPa]
b
3

i
i
|
|
|
|
i
i

Crack length a [mm]

Figure 2.1.11: Definition of a”.

The minimum crack length for LEFM can be calculated from the crack length “a™
implying K1 = Kiscc with an applied stress equal to oscc:

Kiscc =@ OgccN7ma (2.1.10)

obtaining:
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At the best of the authors’ knowledge, there is limited information on the upper
threshold size of «" that may lead to stress corrosion cracking according to LEFM. In
the field of Mg and its alloys as biomedical implant materials, it is a potential topic of
interest as it provides a powerful design tool for implant compliance prediction,
determining whether the implant shall be designed employing a solid mechanics
approach or fracture mechanistic considerations.
Taking into account oscc and Kiscc depending on the length of the flaws, a safe region
can be defined with respect to SCC (Figure 2.1.12) [75]: for stresses belonging to region
I, no SCC will occur, whereas region II is affected by continuous crack growth due to
stress and corrosion. The upper limit of this region is defined by Kic and by the
material’s fracture tensile stress for small cracks. For applied stresses above the
threshold (region III), sudden failure will occur with loads exceeding material strength.
Region I is desired in temporary biomedical applications as implant failure is only
characterized by homogeneous corrosion, avoiding an accelerated failure due to SCC.

KIC
— o BN \

KISCC
| \

Crack length a [mm]

Applied stress [MPa]

Figure 2.1.12: Influence of applied stress on the material behaviour in corrosive
environment.

2.1.3.2.Corrosion Fatigue (CF)

Orthopaedic implants experience severe dynamic loads due to walking, running and
other body movements. Taylor [109] reported a mean of 2 x 10° walking cycles per
year. The simultaneous effect of cyclic loading and corrosive environment leads to a
reduced stresses resistance. Gu et al. [91] found that the fatigue limit for Mg high
strength extruded alloy WE43, i.e., fatigue strength at 107 cycles, is much lower for
specimens tested in simulated body fluid (SBF) than for those tested in air (40 MPa vs.
110 MPa) and that the fatigue strength for die-cast AZ91D tested in air is 50 MPa at 10’
cycles, whereas 20 MPa at 10° cycles for specimens tested in SBF. They defined the
reduction rate of fatigue strength (RRFS) for evaluating effects of the corrosive
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environment. RRFS is the extension of another index proposed by Bhuiyan [110] and it
is defined as:

oO. —0
RRFS = Zar —Zsir. (2.1.12)
o

where oy, is the fatigue strength for specimens tested in air and osgp is the fatigue
strength in SBF at the same number of cycles. For different Mg alloys, RRFS may range
from 30 to 70%, showing the significant impact of the corrosive medium on the fatigue
resistance of Mg and its alloys [86,91].

Failure due to dynamic loading in a corrosive environment is related to corrosion
fatigue (CF) and relations can be drawn from SCC. Although CF is considered among
the major concerns in biomedical applications causing device failure [111,112], it is still
vastly unexplored. Current knowledge relates the reduction in fatigue strength to the
nucleation of corrosion pits (as for SCC) acting as preferential sites for fatigue crack
initiation. Jafari et al. [86] investigated as-cast AZ91D specimens in modified SBF
under different electrochemical conditions, open circuit potential (OCP), cathodic and
anodic charging condition, reporting that reducing pitting size increases fatigue strength
(Figure 2.1.13).
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Figure 2.1.13: S-N curve for AZ91D magnesium alloy under different electrochemical
conditions. Reproduced with permission from [86], Copyright Elsevier, 2015.

The pitting of Mg and its alloys under cathodic potential is lower than under anodic
potential. This lower sensitivity mainly affects fatigue behaviour at low stress
amplitudes, where pit depths are not enough for fatigue crack initiation improving
fatigue resistance.

As for SCC, researchers argue between anodic dissolution and hydrogen embrittlement
as the main propagation mechanism for CF. Zeng et al. [113] reported that AZ61 alloys
mainly suffer of HE in wet air, whereas VMDI10 and IMV7-1 show a crack-tip
dissolution propagation phenomenon [114]. Yet, Uematsu [102] referred to HE as
primary and anodic dissolution as the secondary mechanism for CF crack propagation
[86]. Figure 2.1.13 shows that specimens tested under an applied anodic potential are
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characterized by lower fatigue strength, due to the concurrent action of anodic
dissolution and hydrogen embrittlement.

Moreover, crack growth rate can be further increased by a simultaneous SCC [60].
Vasudevan and Sadanada [115] distinguished three different combined roles of SCC
and CF in crack propagation, depending on the applied stress intensity factor (Kmax)
compared to Kiscc (Figure 2.1.14).

Figure 2.1.14a describes what is considered as true CF behaviour since the environment
plays a harmful role for all the stress intensity factor values: the corrosive environment
reduces the maximum stress intensity factor value for fatigue crack propagation Kmax.t,
leading to a higher crack growth rate until Knax approaches the fracture toughness Kic,
where the crack growth rate curve for corrosive environment merges with the one for
the inert fluid. In the second case (Figure 2.1.14b), there is no environmental
contribution until Kmax reaches Kiscc, after which superposition of SCC and CF occurs
implying a stress dependant process. The last scenario (Figure 2.1.14c¢) is characterized
by the combination of the two previously described processes.

Since corrosion assisted cracking phenomena, i.e., SCC and CF, are time-dependent,
frequency of loading (that range from 1 Hz to 3 Hz, see Table 2.1.3) strongly affects
fatigue strength.
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Figure 2.1.14: Schematic representation of crack growth rate under different
combinations of static and dynamic loading in inert and corrosive environments. Crack
growth rate depending on stress intensity factor in (a) pure corrosion fatigue (CF), (b)
stress and (¢) time-stress dependent SCC and CF combinations. Reproduced with
permission from [115], Copyright Elsevier, 2009.

Table 2.1.3: Frequency range for orthopaedic applications. Modified from [60].
Implants Frequency (Hz) Activity
Orthopaedic  1-3 Normal walking (vertical direction)
Orthopaedic  0.5-1.5 Normal walking (lateral direction)
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Low frequencies increase the fatigue crack growth rate, providing enough time for
corrosion and allowing localized dissolution and/or H to embrittle the matrix. Moreover,
the effect of frequency depends on the applied stress, being more pronounced in the low
stress regime. The fatigue crack growth rate decreases with frequency due to the crack
closure effect [116]. Several studies on strain rate effects on SCC show that
intermediate strain rates provide maximum susceptibility for corrosion assisted cracking
[75,87,94,95,117]. At low strain rate, film integrity is preserved, avoiding hydrogen to
enter and embrittle the Mg matrix. Increasing strain rate, the repassivation effect is
limited, allowing the hydrogen to facilitate the crack propagation. At higher strain rates
there is insufficient time for hydrogen embrittlement minimizing this synergistic
influence rendering strain determined cracking dominating.

2.1.4. Negative Difference Effect (NDE)

The NDE is an unusual phenomenon affecting especially magnesium dissolution. From
an electrochemical point of view, corrosion reactions can be either cathodic or anodic,
and they are inversely related. For traditional metals (i.e., copper and steel) an increase
in applied anodic/cathodic potential leads to an increase in the anodic/cathodic reaction
rate, increasing/decreasing hydrogen evolution.

Looking at Figure 2.1.15, the solid lines labelled as 7, and /. represent the normal anodic
and the cathodic partial reaction, respectively, both assumed to follow Tafel kinetics.
Increasing the applied potential from Ecor to Eappi leads to a decrease in cathodic
reaction rate (from /o to /i) and an increase in anodic reaction rate (from /o to Imge).
However, Mg and its alloys behave in a different manner, anodic polarisation increases
the amount of hydrogen evolution, i.e., an increase in cathodic reaction rate according to
Iy curve. Increasing the applied potential from Ecor to Euppl, the actual cathodic
corrosion rate corresponds to /mm, which is greater than the expected current lp.
Moreover, also the Mg corrosion rate is increased. According to the /v curve, anodic
corrosion corresponds to Imgm, greater than Ivge.
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Figure 2.1.15: Schematic representation of negative different effect. Reproduced with
permission from [118], Copyright Elsevier, 1997.
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Several authors have tried to explain the NDE phenomenon, developing four different
models shortly described here:

i.  Partially protective surface film

ii.  Monovalent magnesium ion model
iii.  Particle undermining model
iv.  Magnesium hydride (MgH>2) model

For a deeper insight, the readers are referred to [77].
2.1.4.1. Partially Protective Surface Film

It is well known that a passivating film forms naturally on the surface of Mg, preventing
further corrosion. This model suggests that NDE is attributed to the rupture of the
protective layer when current is flowing through the interfacial electrical double layer
formed between the magnesium surface and the electrolytic medium. Once the
protective film is broken, divalent magnesium ions dissolve and undergo hydrolysis
lowering the pH of the solution and increasing the parasitic corrosion rate. The higher
the current density or potential is, the greater the removal of protective layer will be
(Figure 2.1.16).
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Figure 2.1.16: Model of partially protective surface film at low (a) and high (b) applied
potential (E) or current (/). Modified from [85].

2.1.4.2. Monovalent Magnesium Ion Model

This model proposes that a transient Mg" monovalent ion may be involved in the NDE
as illustrated in Figure 2.1.17.
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Figure 2.1.17: Monovalent magnesium ion model. Modified from [85].

Mg" monovalent ion is produced electrochemically according to:

Mg —> Mg +e (2.1.13)
then chemically reacting with two protons to yield hydrogen gas via:

2Mg" +2H" —2Mg™ + H, (2.1.14)
providing a chemical rather than electrochemical explanation of hydrogen production.

2.1.4.3.Particle Undermining Model

This model suggests the NDE to be explained by the development of second phases or
impurities, especially at high anodic current densities or potentials. Second phases and
impurities are more cathodic with respect to the Mg matrix, resulting in high localized
galvanic corrosion at their boundaries. The phases fall out due to an increased mass loss
weakening the material. This phenomenon increases with higher current densities
(Figure 2.1.18).
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Figure 2.1.18: Particle undermining model, at low (a) and high (b) current density or
potential. Modified from [77].

2.1.4.4.Magnesium Hydride (MgH2) Model
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This model builds on the formation of a MgH> layer on the specimens’ surface [119],
which reacts with H>O to produce Ha:

MgH, +2H,0 — Mg** +20H " +2H, (2.1.15)

This can be significant in an anodic condition (Figure 2.1.19).
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Figure 2.1.19: Magnesium hydride MgH» model, modified from [77]

Song et al. [77] combined model 1 and 2, providing one of the most applicable models.
Increasing applied potential or current density, a larger surface area of the material
becomes film free, Mg produces monovalent Mg" (Equation (2.1.13)), which in turn
leads to hydrogen generation via:

Mg*+H20—>Mg*+OH’+%H2 (2.1.16)

For strong negative values of applied potential/high current densities, the model
considers the film surface intact, leading to low anodic dissolution, whereas cathodic
hydrogen evolution is still allowed but decreasing with increased potential. Once the
pitting potential is reached, the surface film breaks down, favouring hydrogen evolution
and Mg ions dissolution, which, of course, increases with applied potential/current
density.

2.1.5. Corrosion Improvements

The importance of temporary biomedical devices is continuously increasing. Mg-based
materials are emerging as attractive metallic materials in this field, because of bone like
mechanical properties and chemical compatibility (Mg is a trace element of the human
body). The main limitation is their low corrosion resistance leading to implant failure
before bone healing is sufficient. Researcher efforts start to grow in this field, aiming to
improve Mg and its alloys’ corrosion behaviour. In the last years, some methods have
been developed, acting either on the bulk material or on the surface. These will be
discussed in detail below.

2.1.5.1. High-Purity Mg and Mg alloys
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Because of poor molten metal handling processes and as a consequence of the natural
composition of the raw Mg, some undesirable impurities, such as iron (Fe), nickel (Ni)
and copper (Cu), are incorporated into the material. Moreover, the amount of impurities
is inversely related to the efficiency of the refining process. The effect of impurities on
Mg based materials’ corrosion behaviour has thus gained great interest. Inclusions are
the main issue affecting corrosion and thus have been intensively investigated in recent
years [120,121], especially in conjunction with the leaching of potential toxic (Ni)
elements into the surrounding causing inflammations [68,85,122,123]. The corrosion
rate is reported to increase 10—100 times if the concentration of impurities rises beyond
the solid solubility determined tolerance maximum [124]. This solid solubility limit is
defined as the extent to which an element will dissolve in base materials (Mg in this
case) without forming a different phase [85]. Thus, a higher solid solubility limit leads
to more homogenously dispersed elements, whereas a lower one increases the amount
of separate phases within the Mg-matrix. The tolerance limits are usually low and the
limit at which segregation in pure metal (Fe) or Mg-intermetallic phases (Ni, Cu)
occurs, can be as low as 35-50 ppm for Fe, 100-300 ppm for Cu, and 20-50 ppm for Ni
[68].

In these segregations, a galvanic corrosion is higher as the standard reduction potential
is greater than that of Mg. The formation of this corrosion cell induces a preferential
dissolution of Mg acting as anodic material, while the mass of the cathodic material will
remain. Moreover, the galvanic corrosion is a localized phenomenon also increasing
pitting formation and thus enhancing the SCC and CF sensitivity. Several authors
reported that SCC susceptibility increases with Fe concentration due to emerging
corrosion cells between the anodic matrix and cathodic impurities [100,125].

It is fundamental to keep these elements under their tolerance levels, or to moderate
their activity utilizing alloying element (discussed later). Achieving higher corrosion
resistance is linked to an amount of impurities (Fe, Ni and Cu) under the tolerance
limits. Shi et al. [126] discovered better corrosion resistance of high purity Mg and its
alloys comparing low and high purity Mg and MglAl alloys (Figure 2.1.20) in salt
immersion test (SIT) and salt spray test (SST). Hofstetter et al. [127] stated that an
ultrahigh purity ZX50 Mg alloy shows greater corrosion resistance compared to high
purity alloys (almost three times) and to standard purity alloy (over an order of
magnitude). Li et al. [128] reported that specimens made from 99.99 wt % pure Mg
have no mass loss even after 180 days of immersion in SBF.
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Figure 2.1.20: Comparison of the corrosion rates of the high purity (HP) with low
purity Mg (CP) in the salt immersion test (3% NaCl SIT) and salt spray test (SST).
Reproduced with permission from [126], Copyright Elsevier, 2006.

2.1.5.1.1. Tolerance level

The tolerance level represents a threshold value, below which the corrosion rate is
limited, and once the amount of impurities exceeds this threshold, the corrosion rapidly
increases. Obviously, each element has its own solid solubility determined tolerance
limit. At the same concentration, the detrimental effect of impurities decreases as
follows: Ni > Fe > Cu. However, a typical Mg alloy incorporates several alloying
elements, all of which cross-influence their tolerance levels. An element specific
impurity threshold level is thus not possible to define. To the best of the authors’
knowledge, the first study on the critical level of impurities has been performed by
Hanawalt et al. [129]. They have carried out corrosion tests on Mg alloys immersed in
3% NaCl solution and compared it to pure Mg. For pure Mg, they reported the tolerance
level for Fe, Ni and Cu to be 0.017 wt %, 0.0005 wt % and 0.1 wt %, respectively.
Increasing the amount of Manganese (Mn) from 0.2 to 2 wt %, the Ni tolerance limit
grows from 0.001 to 0.015 wt % (Figure 2.1.21).
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Figure 2.1.21: Tolerance limits for Nickel in pure Mg and Mg-Zn and Mg-Mn alloys.
Modified from [129].

Others have studied Ni tolerance levels, revealing that not only third elements but also
the casting method has influences on the solubility [77,130]. Sand and permanent mould
casted have a significantly lower nickel solid solubility (10 ppm) as high pressure die
casted AZ91 alloys (50 ppm) [77].

Hanawalt et al. [129] studied the solid solubility limits of the three main impurities on
binary alloys, especially on Mg-Al alloys. They reported a significant influence of Al
content on Fe tolerance level, in contrast to none observed on Cu and Ni. 7 wt % of Al
in the alloy drops the tolerance level of Fe from 0.017 wt % to 0.0005 wt %. The reason
is the formation of Fe-Al phases (FeAls) being even more cathodic than iron particles.
Furthermore, they studied also ternary alloys, such as Mg-Al-Mn, reporting that an
amount of 0.2 wt % of Mn rendering Fe tolerance levels not to drop below 0.002 wt %,
meaning that they are stable over a wide range of Al contents.

Adding Mn as alloying element to Mg-Al improves corrosion resistance by increasing
the Fe tolerance level [77,130,131]. A weight ratio Fe/Mn of 0.032 is widely defined to
be the threshold above which the corrosion rate highly increases [77,130,131]. Mercer
and Hillis [132] found that the Fe tolerance levels for AE42 and AM60 alloys are
different, but comparable when considering the Fe/Mn ratio.

The copper tolerance level is also influenced by other alloying elements. A small
amount of Cu is beneficial for creep strength, but strongly affects corrosion. For
example, the addition of Cu in Mg-Al-Zn alloys has a detrimental effect due to the
incorporation of Cu in the eutectic phase as Mg(Cu, Zn) [106]. The Cu tolerance level is
highly influenced by Zn. Song and Atrens [77] reported a higher Cu tolerance if Zn is
above 0.4 wt %. These results agree with Hanawalt [129] reporting that the addition of 3
wt % Zn increases Cu corrosion tolerance in a Mg-Al-Mn (0.2 wt %) system, whereas
no changes are observed at 0.5 wt % Zn (Figure 2.1.22).
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Figure 2.1.22: Effect of Cu in a Mg-Al-Mn-Zn alloy. Modified from [129].
2.1.5.2.Alloying

No alloying strategy outperforms the corrosion resistance of ultra-high purity Mg [133].
Increasing alloying elements content increases second phases, promoting the
establishment of a local galvanic cell at interfaces. For example, Shi et al. [126]
compared the corrosion rate of high purity Mg with high a purity alloy containing 5
wt% Al. They found a higher corrosion rate for the latter due to the microgalvanic
corrosion acceleration of the Mg matrix by the adjacent Mgi7Al2 cathodic phases.
However, pure Mg cannot provide the mechanical properties required for biomedical
devices. Therefore, the use of alloying elements has also gained interest for increasing
mechanical properties (strength, elastic modulus, elongation at fracture, etc.). Moreover,
the addition of certain alloying elements is reported to improve the corrosion resistance
of unalloyed Mg with conventional purity. The improvement in the corrosion behaviour
can be achieved by three different ways:

e Refining the grain size through alloying. Since grain boundaries are
characterized by higher imperfection and higher internal energy compared to the
Mg matrix, any corrosive attack acts preferentially on grain boundaries.
Segregation of alloying elements and second phases occur on these boundaries
leading to an accelerated cathodic activity of the surrounding Mg matrix. This
would normally favour coarse grains, however, such segregations are
continuously distributed in Mg alloys with finer grains leading to a more
homogeneous corrosion behaviour acting as a corrosion barrier [60,68].
Furthermore, fine grain sizes improve the corrosion assisted cracking resistance
since they inhibit crack initiation and dislocation motion and lead to an increase
in the number of barriers to crack propagation.

e Surrounding the Mg matrix continuously with passivating second phases allows
the development of an oxidative film protecting the Mg matrix and acts as
barrier to hamper corrosion.

e Adding elements reduces precipitation of second phases at grain boundaries or
balances the potential difference between matrix and second phases to decrease
microgalvanic corrosion.

Several alloying strategies allow achieving these improvements, it is however necessary
to identify nontoxic ones. In this section, we provide a list of most used alloying
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elements and their effects. It has to be noted that the effects of alloying elements are
strictly related to the system where they are added.

2.1.5.2.1. Aluminium

Al is the most common addition to Mg, it is relatively cheap, light, soluble, and
improves strength considerably (i.e., from 170 to 250 MPa considering AZ91) [134].
Furthermore, it is passivating and improves corrosion resistance. Corrosion behaviour
studies of Mg alloys are almost exclusively on Mg-Al alloys, especially AZ91. Song et
al. [99] tested pure Mg and different Mg-Al alloys in chloride solution finding that pure
Mg has a higher anodic dissolution rate than AZ21. The surface film of specimens in
this study consists of three different layers: an Al>O; inner layer, a MgO middle layer
and a Mg(OH): outer layer (Figure 2.1.23). The higher corrosion resistance of AZ21 is
related to the emergence of passivating Al>Os.

Figure 2.1.23: Corrosion interface of AZ21 alloy. Reproduced with permission from
[99], Copyright Elsevier, 1998.

Compared to AZ21, AZ91 alloys have higher corrosion rates due to increased cathodic
second phases along grain boundaries. Al is soluble to almost 12 wt % in Mg,
depending on the temperature (Figure 2.1.24).

1000

y = Al Mg,

900 L
800 | Liquid 4
o 732K
~ 05K 0.89
700 683K Mg-Hep|
§ . 0.69
£ -4
2 600/ E\ 7 ]
B <
= -
500 - Fcc-Al +Al 40 Mg 2 ]
89 b .
zc y + Mg-Hep
400 | ::‘.—' J
+
300 L L = L L
0 0.2 0.4 0.6 0.8 1
Mole fraction (Mg)

Figure 2.1.24: Mg-Al phase diagram. Reprinted with permission from [135].
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Gusieva et al. [136] reported alloys of higher Al content than AZ31 to have second
phases (Mgi7Al12) implying that an amount of Al above 3 wt % lowers the corrosion
resistance. Some authors contradicted this hypothesis stating that an increase in Al
steadily rises corrosion resistance [137,138]. Lunder et al. [138], for example, proposed
the anodic dissolution to be further decreased with Al above 10 wt %. Winzer et al. [75]
finally resumed these studies observing two influences of Mgi7Ali2 phases on corrosion,
they are a (1) barrier and (2) galvanic cathode influences, depending on the amount of
second phases and on their distribution. Mgi7Ali> acts as a galvanic cathode and
accelerates corrosion at low volume fractions, whereas when forming an interconnected
network at high fractions, reduce corrosion acting as a barrier through the passivating
properties of Al (Figure 2.1.25).
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Figure 2.1.25: Schematic illustration of the role of Mgi7Ali2 phases in the Mg matrix
whether their distribution is continuous (a) or discontinuous (b). Reproduced with
permission from [139], Copyright Elsevier, 2014.

These findings are interesting from a mechanistic perspective and might be
generalizable for alloying elements with similar electronegativity (/). Yet the extensive
knowledge obtained with Al alloys is not directly applicable for biomedical implants.
Long term effects of exposure to Al reveals Al to be toxic, affecting the reproductive
ability [140], inducing dementia [141] and leading to Alzheimer’s disease [142,143].

2.1.5.2.2. Manganese
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As a binary addition to Mg, Mn shows no significant increase on corrosion for
concentrations of up to 5 wt % [129]. It increases the Fe tolerance level in Mg-Al alloys
when keeping the Fe/Mn ratio at 0.032. The most likely mechanism explaining the
moderation of Fe is that Fe is incorporated in an intermetallic AIMnFe compound,
which is less active as local cathode, and thus reduces microgalvanic coupling
[136,144]. However, Mn in concentrations higher than 10 umol/L in the blood, has been
shown to induce “Manganism”, a neurological disorder similar to Parkinson’s disease
[145].

2.1.5.2.3. Zinc

Zn causes solid solution strengthening increasing the strength of Mg up to 280 MPa
adding 6 wt % of zinc [11]. Moreover, Zn is an essential trace mineral to hundreds of
biological enzymes, being required by human body at 15 mg/day [146,147]. The main
drawback regarding Zn’s biocompatibility is the reaction of Zn*" with hydrochloric acid
(HCI). Zn*" evolves from the oxidation reaction of Zn used as alloying material,

Zn — Zn*" +2e” (2.1.17)
and HCl reduced according to:

2HCI+2e — H,+2CI" (2.1.18)

leading then to the formation of ZnClz, known to damage stomach parietal cells [148].
In Mg alloys, Zn enhances the tolerance limit and reduces effects of the three main
impurities (Fe, Cu, Ni) when their solid solubility limits have been exceeded. 1 wt % of
Zn in Mg raises the tolerance limit for Ni [129]. Song and Atrens [77] reported the Ni
tolerance limit to be increased up to 20 ppm in Mg-Al-Mn alloys with an addition of 3
wt % Zn, and it can further reduce the corrosion rate of ternary alloys when Ni and Fe
tolerance levels are reached. At Zn concentration above 3 wt %, second phases form and
the corrosion resistance lowers [67] leading to localized corrosion [149]. Another
advantage of Zn alloying is the decrease in hydrogen evolution along with the decrease
in solubility of the Mg matrix. Both, Mg?" ions and Zn?* ions bind with free OH™ anions
forming Zn(OH)> and reducing the amounts of free H> [85]. However, in crystalline
Mg, the solubility of alloying elements is limited, hydrogen evolution can hence only be
slightly reduced. Mg-based glasses, in contrast, offer increased solubility for alloying
elements, allowing to significantly lower corrosion. Zberg et al. [80] investigated glassy
Mgeo+:Zn3s—Cas alloys (x =0, 3,6, 7,9, 12, 14, 15) in SBF. They found that an increase
in Zn reduces hydrogen evolution, with a distinct drop in hydrogen release at a Zn
content of 28 wt % (Figure 2.1.26).
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Figure 2.1.26: Hydrogen evolution measurement for MgZnCa alloys with different
content of Zn. Reproduced with permission from [80], Copyright Nature Publishing
Group, 2009.

2.1.5.2.4. Zirconium

Zirconium (Zr) can refine the grain size. Li et al. reported the microstructure of Mg-Zr
binary alloys to be finer than pure Mg [150]. The grain size can be reduced to 50 um. Zr
alloys also have good corrosion resistance due to improved castability. Zr reacts with
the impurities of molten Mg lowering their levels through precipitations. For example,
Fe combines with Zr to form Fe»Zr, which, by gravity, settles to the bottom of the melt
improving the purity of the cast [77]. Song and St. John [151] compared the corrosion
resistance of rare earth (RE)-containing alloys (Mg-REZn-Zr) with and without Zr
addition, labelled with MEZ; and MEZ,, respectively (Figure 2.1.27).

They related the higher corrosion resistance of MEZ; to the dissolution of iron
impurities. From composition analysis of the two alloys, they found MEZ, alloys (0.005
wt % Zr) to contain 0.0013 wt % Fe, whereas alloys characterized by 0.6 wt % Zr have
lower Fe (0.004 wt %). However, purification cannot explain the difference in corrosion
resistance between centres and edges of MEZr grains (Figure 2.1.28).

Song and St. John provided three possible explanations of these observations. First, they
attributed the higher corrosion resistance of the grain centre to a higher amount of Zr
with respect to the grain boundaries. Comparing MEZy and MEZg, they found the onset
and propagation of corrosion to be slower in the latter suggesting that Zr in solid
solution improves the resistance via solubility reduction of Mg in the same media.
Second, they observed a decreased number of precipitated particles producing hydrogen
in MEZR than in MEZ, suggesting a reduction of the cathodic activity of intermetallic
precipitates containing Zr. Third, the authors stated that the grain refinement effect of Zr
provides more continuous layers of corrosion resistant intermetallic RE phases around
grain boundaries, decelerating corrosion between grains.
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Figure 2.1.27: Weight loss rate for MEZ, and MEZ: specimens. Modified from [151].
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Figure 2.1.28: Optical micrographs of MEZr surface after immersion in chloride
solution for 3 h. Reproduced with permission from [151], Copyright Elsevier, 2002.

2.1.5.2.5. Calcium

Ca is a major component in human bones and is beneficial for bone healing and growth
[127,139,152]. It is widely utilized as alloying element for biodegradable Mg alloys.
When Ca is present, Mg alloys develop a hydroxyapatite (HA) surface layer, improving
its biocompatibility. Ca is also a grain refiner [153] improving mechanical properties.
Zhang and Yang [154] reported a decrease in grain size from 175 to 51 um in Mg-Zn-
Mn alloys increasing the amount of Ca from 0.3 to 1 wt %. The solubility limit of Ca is
however only 1 wt %, after which the corrosion resistance drops due to the development
of Mg>Ca second phases [155]. Yet Bornapour et al. [156] assumed the presence of a
second phase as being desirable. Comparing the corrosion behaviour of pure Mg to that
of different types of alloys with Ca and Sr (Mg-0.5Sr, Mg-0.6Ca, Mg-0.5Sr-0.6Ca, Mg-
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0.3Sr-0.3Ca), they found that Mg-0.3Sr-0.3Ca alloys have the highest corrosion
resistance, despite the presence of Ca/Sr-rich second phases (Figure 2.1.29).
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Figure 2.1.29. Corrosion rate of pure Mg, binary and ternary alloys in SBF at 37 °C.
Reproduced with permission from [156], Copyright Elsevier, 2014.

They related the improvement in the corrosion behaviour to the presence of these phases
in both the grain boundaries and in the interior aligning the corrosion potential of the
matrix and the grain boundaries and hence lowering dissolution. Moreover they state
that small amounts of Sr and Ca result in stable HA surface layers, whereas large
amounts may result in a non-adherent HA surface layer that can easily detach losing its
electrochemical barrier function.

2.1.5.2.6. Rare Earth (RE) Elements

RE are mostly present as additions to Zr containing alloys to improve their mechanical
properties [75]. Rokhlin [157] reported a higher resistance against SCC with the
addition of Cd and Nd to Mg-Zn-Zr alloys. A lower sensitivity to SCC using Nd has
been obtained by Kannan et al. [158]. In their study, EV31A, composed by 2.35 wt %
Nd and 1.3 wt % Gd, has a higher SCC susceptibility index (/scc) than AZ80 in chloride
solution when tested at strain rates of 10® s™! and 1077 s™!, respectively (Table 2.1.4).
The SCC susceptibility index is calculated based on particular mechanical properties,
e.g. ultimate tensile strength (UTS) and elongation to failure (&f), measured in a SSRT
test in corrosive environments and compared to its corresponding value in air. A low
Iscc index corresponds to high SCC susceptibility. When this index approaches unity,
the alloy is meant to be highly resistant to SCC in that particular medium.

Table 2.1.4: Iscc indices for different alloys at different strain rate. Modified from

[158].
10° s7! Strain Rate 1077 s™! Strain Rate
Alloy Iscc Iscc
&f UTS &f UTS
AZ80 0.35 0.83 0.09 0.62
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ZE41 0.35 0.80 0.17 0.66
QE22 0.12 0.82 0.05 0.65
EV31A  0.70 0.85 0.67 0.85

The improved corrosion behaviour of EV31A is due to the development of a film of
mixed oxides of Nd and Gd, which is more stable than the surface film of RE free
alloys. However, despite that both ZE41 and QE22 contain RE elements, they have low
corrosion resistance. Kannan et al. [158] attributed their lower corrosion properties to
other elements, such as high Zn content (ZE41), and Ag with higher noble potential
than Mg (QE22).

Nd is also reported to improve the corrosion resistance of Mg-Al. Zhang et al. [159]
studied the effect of Nd on the corrosion behaviour of AZ91 finding a drop in corrosion
rate when 1.5 wt % of Nd is added (Figure 2.1.30). They related this improvement to a
modification of the alloy’s microstructure, since Al-Mn phases are replaced by Al-Nd
minimizing the effect of galvanic coupling.
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Figure 2.1.30: Corrosion rate of AZ91 with and without Nd. Reproduced with
permission from [159], Copyright Elsevier, 2011.

When combined with Al, RE reduce ductility and strength due to the formation of
ALRE, , which is however connected to an improvement in corrosion resistance. For
example, binary addition of La is detrimental for the corrosion resistance since it forms
MgizLa cathodic phases above the solid solubility limit. As elemental addition to Mg-
Al, however, it improves corrosion resistance. Liu et al. [160] reported a drop in
corrosion rate when 0.5 wt % La is added to AZ91 (Figure 2.1.31), which they related
to a modification of the alloy’s microstructure. The formation of needle-like Al-La
compounds and the alteration of Mgi7Al;2 from discontinuous to continuous is
observed.
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Figure 2.1.31: Corrosion current densities (in) of AZ91 alloy varied with different
immersion time. Reproduced with permission from [160], Copyright John Wiley and
Sons, 2009.

Zhou et al. [161] studied the effect of adding 0.24 wt % Ho and 0.44 wt % Ho to
AZ91D alloys, which also significantly decreases the rate (Figure 2.1.32).
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Figure 2.1.32: Corrosion rate of AZ91D with and without Ho. Reproduced with
permission from [161], Copyright Elsevier, 2006.

Both Fe and Mgl7Al12 volume fractions are reduced by Ho due to the formation of Al-
Ho intermetallic phases inducing a lower microgalvanic corrosion through a lower
difference in potential. The corrosive film of Ho containing alloys is more protective
due to a higher Al concentration. Finally, Yao et al. [162] reported the Sc addition to
AZ91E alloys, which refines the microstructure by means of Al3Sc formation
suppressing Mgi7Al;2 phases and reducing the corrosion rate from 8 to 2 pA cm 2 with a
0.1 wt % Sc addition. This shows that the addition of RE is beneficial to reduce
corrosion and related mechanical failures, however, the synthesis of RE elements is
expensive leading to high production costs, which limits their use.

2.1.5.3.Surface Treatment

There are two possible ways to improve the corrosion resistance of Mg and its alloys:
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(1) Tailor composition and microstructure;
(2) Treat the surface/apply coatings.

(1) can be achieved through alloying. Here we therefore focus on (2) via biomedical
coatings and their influence on corrosion. Due to Mg’s high chemical reactivity, coating
is a viable strategy for both increased biocompatibility and corrosion protection,
allowing a wide range of possible non-toxic and fully degradable surface modifications.
Mg alloys tend to passivate naturally forming a protective layer stack of an inner MgO
(2.5 nm) and an outer Mg(OH): layer (2.2 nm) [163]. This layer is not stable in chloride
solution. Increasing the thickness of the passivating layer through thermal treatments is
reported to be an effective method to improve the corrosion behaviour. Hanzi et al.
[164] evaluated the hydrogen evolution rate of WE43 alloy under different surface
conditions, obtained by means of various heat treatments (Figure 2.1.33):

e Samples were first heat-treated at 525 °C for 6 h and then they were grinded and
polished (labelled as SHT);

e Samples were first heat-treated at 525 °C for 6 h and then they were artificially
aged at 250 °C for 16 h before being grinded and polished (T6);

e Specimens were first polished, then annealed at 500 °C, being covered by an
oxide layer during the annealing. The oxidation in air during the heat treatment
was carried out for various times, i.e., 1 (ox1), 8 (0x8), 24 (0x24), 48 (0x48),
168 h (0x168).

After the third procedure, an oxide layer, made by MgO and Y203, covers the surface
because of the heat treatment, and the latter growths with increasing oxidation duration,
from 500 nm after 1 h to 2700 nm after 168 h. They reported that the higher the
thickness of the protective film is, the slower and more homogeneous the degradation
will be.
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Figure 2.1.33: Hydrogen evolution of WE43 specimens in SBF at 37 °C after various
heat treatment. Reproduced with permission from [164], Copyright Elsevier, 2009.
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Interestingly, the degradation rate highly increases once the protective surface layer is
penetrated or removed, (Figure 2.1.34), compared to heat treated and polished (SHT)
and heat treated, aged and polished (T6) samples.
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Figure 2.1.34: Maximum hydrogen evolution rate for different WE43 samples.
Reproduced with permission from [164]., Copyright Elsevier, 2009

The reason can be found in a composition change due to the oxidation. Short oxidation
results in Y-depletion underneath the oxide layer, thus lowering the amount of Y in Mg.
However, an effective coating strategy must preserve the desired properties of the
material underneath. Thus Calcium Phosphate (Ca-P such as dicalcium phosphate
(DCPD) and hydroxyapatite (HA)) have been studied. They have gained large interest
in biomedical applications due to their intrinsic biocompatibility related to their analogy
to the inorganic component of natural bones that aid the bone growth [165]. Ca-P
coatings can be obtained by means of several coating methods, either using conversion
or deposition methods (for a review and a detailed description of these methods the
readers are referred to [166]) and improve corrosion resistance and biocompatibility.
Song et al. [167] fabricated three different kinds of Ca-P coatings on Mg-Zn alloys, i.e.,
DCPD, HA and fluoridated hydroxyapatite (FHA) via electrodeposition and compared
their effects on the degradation behaviour in m-SBF (Figure 2.1.35).
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Figure 2.1.35: Hydrogen evolution of Mg-Zn alloys with and without Ca-P coatings in
m-SBF. Reproduced with permission from [167], Copyright Elsevier, 2010.
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The results show that coatings can significantly decrease the degradation rate of Mg-Zn
alloys acting as an electrochemical barrier delaying the Mg alloys’ corrosion. Wang et
al. [168] compared the effect of a Ca-deficient hydroxyapatite coating on the
degradation behaviour of Mg-Zn-Ca alloys in SBF. Performing slow strain rate tensile
(SSRT) tests at 2.16 x 107> mm/s, a beneficial effect of the coating on SCC resistance
has been shown, increasing the ultimate tensile strength (UTS) and time of fracture
(TOF) by 5.6% and 16.6%, respectively. Zhu et al. [169] studied the corrosion
resistance of a hydroxyapatite/aminated hydroxyethyl cellulose (HA/AHEC) coated
AZ31 alloy in SBF. Uncoated and coated samples were immersed for seven days and
hydrogen evolution was monitored. They reported that the coating greatly improves the
corrosion resistance of AZ31 alloys, leading to a reduction in the average hydrogen
release rate of about 65%, i.e., from 0.92 to 0.31 mL/cm*day. Moreover, they also
studied the cytocompatibility of the coating, investigating the MC3T3-E1l cellular
response, reporting the coated alloy to present no cytotoxic reaction to MC3T3-E1 cells
and to significantly enhance their proliferation rate. Yang et al. [170] chemically coated
AZ31 rods with Ca-P implanting them into the thighbone of rabbits to assess the
changes in biocompatibility and biodegradation provided by the coating. After 8 weeks
of implantation, coated samples show a slower biodegradation than uncoated while
inducing a fast formation of new bone around the implants.

Chiu et al. [171] studied the effect of fluoride containing (MgF2) coatings on pure Mg
(99.96 wt %) immersed in Hank’s balanced salt solution, which mimics ph values of the
human body. By means of a conversion treatment, they cover the Mg samples surface
with a 1.5 um thick MgF> protective layer. After 18 days of immersion, they reported an
average corrosion rate of 1.01 mm/year for coated specimens, and 3.70 mm/year for
uncoated Mg, respectively. Witte et al. [172] confirmed this studying implants from
LAEA442 with and without MgF> coatings, implanted into the medial femur condyle of
rabbits. The coating reduces mass loss (Figure 2.1.36) and, until it disappears, the
release of alloying elements.
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Figure 2.1.36: Implant volume of LAE442 and MgF»-coated LAE442 at different
postoperative intervals. Reproduced with permission from [172], Copyright Elsevier,
2010.

All reported implants are affected by localized corrosion leading to pitting once the
protective layer breaks down. Further, the fluoride-containing coatings seem to irritate
the local synovial tissue during their dissolution. Organic coatings, especially organic
biopolymers, provide a viable alternative offering functionalization possibilities with
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organic biomolecules. Polylactic-co-glycolic acid (PLGA) demonstrates great cell
adhesion and proliferation properties [13]. Li et al. [173] performed cell attachment tests
utilizing mouse osteoblast-like cells MC3T3-E1 on Mg-6Zn alloys with and without
PLGA coating. The coated Mg alloys possess a significantly enhanced ability for cell
attachment compared to the uncoated one (Figure 2.1.37).

Figure 2.1.37: SEM micrographs of cell morphology after various culture times on
polylactic-co-glycolic acid (PLGA) coated Mg alloys after (a) 1 day; (b) 2 days and (c)
3 days culture and uncoated PLGA after (d) 1 day; (e) 2 days and (f) 3 days culture.
Reprinted with permission from [173], Copyright Springer, 2010.

Moreover, they also reported the PLGA coating to offer protection against corrosion
since it significantly reduces the degradation rate of the Mg alloy (Table 2.1.5).

Table 2.1.5: Average degradation rate of naked and coated Mg6Zn alloys after 72 h and
144 h of immersion in 0.9% NaCl solution at 37 °C [173].
Average Degradation Rate (mg/cm?/h)

Immersion Time (h)

Uncoated Coated
72 0.063 244 x107*
144 0.161 3.23x107*

2.1.6. Conclusions and Outlook

In some biomedical applications, such as plates, screws and wires, temporary devices
have continuously gained interest in the last years to render cumbersome second
surgeries after bone healing unnecessary. Among all biodegradable materials, Mg has
attracted great research interest as material for temporary implants since it possesses one
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of the best mechanical compatibilities with human bone. Its degradation products (Mg
ions) are essential to the human metabolism. However, the mechanical properties of Mg
are too low to make it suitable for implants and hence researchers and clinicians focus
on Mg alloys, although related clinical applications are still limited due to several
factors. One of the main limitations is the low corrosion resistance inducing a loss of
mechanical integrity in human body fluid before bone and surrounding tissues have
sufficient time to heal. Moreover, since implants are subjected to different acute
loadings during their use, Mg alloys must possess adequate resistance to cracking under
the simultaneous action of the corrosive human body fluid and the tensile or cyclic test,
i.e., resistance to stress corrosion cracking and corrosion fatigue. Few biomedical
relevant studies of corrosion assisted cracking resistance are available since almost all
results were obtained studying Mg-Al alloys, not suitable for biomedical devices due to
the harmful effects of Al during long term exposure. To push Mg and its alloys to
clinics, we will require proper evaluation on their corrosion assisted cracking. Finally,
Mg dissolution in aqueous solutions results in hydrogen evolution that has a detrimental
effect on biocompatibility. If the corrosion rate is too high, the amount of hydrogen
produced cannot be absorbed by the human body leading to toxic gas bubbles and
ultimate implant failures. Moreover, the formation of hydroxide ions (OH") involved in
the corrosion of Mg alloys in aqueous solutions leads to an increase in the pH of the
surrounding solution, resulting in a detrimental effect on cell proliferation.
Improvements for the corrosion resistance of Mg alloys have been widely studied
recently. Researchers can tune the morphology of the metal, reducing impurities or
utilize alloying elements that benefit mechanical and chemical properties. Further, they
can employ surface modification strategies, coating Mg alloys with a corrosion resistant
yet bioactive material, favouring also bone formation (e.g., Ca-P coatings). However,
few reports exist on such coatings. The most employed, Ca-P, respectively HA, has
poor mechanical properties and low adhesion to the Mg alloy leading to delamination
[174].

This highlights the need for biocompatible surfaces and new coating methods in the
future. The authors envision that key research will centre around the investigation of
Mg and its alloys’ corrosion behaviour and corrosion assisted cracking resistance coated
with new biocompatible coatings such as TiO2, TiC and TiN [175]. Further, extensive
research will centre on device production processes and their effect on corrosion
resistance. Grain refinement might be such a strategy. Song and Atrens [77] showed that
finer grains allow a nearly continuous distribution of second phases, leading to a
corrosion delay as corrosion products remain near the Mg matrix, and act as barrier.
Furthermore, fine grains improve the corrosion assisted cracking resistance inhibiting
crack initiation and dislocations motion leading to an increase in the number of barriers
to crack propagation [91]. Related production processes that lead to finer grains are hot
deformation and rapid solidification. The authors expect that these will be investigated
in detail, exploring also the property of rapid solidification processes to increase the
solubility of the alloying elements.
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2.2. Book: Magnesium and Its Alloys as Implant
Materials: Corrosion, Mechanical and Biological
Performances
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Summary?

Despite their tremendous potential, Mg and its alloys are not yet used in biomedical
applications. This book aims to provide scientific insights into the challenges of the
materials, and give an overview of the research regarding their mechanical properties,
corrosion behaviour and biological performances. The authors intend to put the reader
into the position to accurate discern the proper Mg-based material for his/her
applications and to choose the proper improvement strategy to his/her cause. To this
aim, the manuscript is structured as follow: in Section 2.2.2., the main challenges
hampering the use of magnesium in biomedical applications and the common
improvement strategies are listed. In Section 2.2.3., the most investigated Mg alloys are
reported in separate sub-sections, detailing their mechanical properties, corrosion
behaviour and biotoxicity. High-pure and ultra-high-pure Mg, Al-based Mg alloys, Zn-
based Mg alloys, Ca-based alloys and RE-based Mg alloys have been considered. In
Section 2.2.4., the alloys’ performances with respect to the challenges is summarized
providing the reader with useful information and suggestions on the potentially most
suited choice. Finally, in Section 2.2.5., an outlook portraying the authors’ opinion of
the future development of the field will be provided. This book will allow biomedical
engineers, surface scientists, material scientists, implant manufacturers and companies
working on implant approval an overview of the state-of-the-art technologies adopted so
far to overcome the drawbacks of Mg for biomedical applications. Particular emphasis
is put on explaining the link between mechanical, corrosion and biocompatible
properties of Mg and its alloys as well as their pros and cons. In doing so, the authors
intend to put the reader into the position to accurate discern the proper Mg-based
material for his/her applications and to choose the proper improvement strategy to
his/her cause.

2.2.1. Chapter 1: Introduction

2.2.1.1. Introduction

' Corresponding author
2 CRC Press, Taylor & Francis Group, Boca Raton, Florida, United States, forthcoming April
2020
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Chapter 3

On the effect of the microstructure on the SCC
susceptibility of AZ31 alloy
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on the Stress Corrosion Cracking susceptibility of AZ31
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Abstract?

Despite the great potential of Mg and its alloys as material for biodegradable implants,
their low resistance to the simultaneous action of corrosion and mechanical stresses in
the human body have hampered their use. Stress Corrosion Cracking has been reported
as one of the most critical failure modes to overcome to allow such materials to be
clinically applied. Thus, in this paper we investigate the effect of Equal Channel
Angular Pressing (ECAP) on the Stress Corrosion Cracking (SCC) susceptibility of the
AZ31 Mg alloy. To do so, AZ31 alloy has been subjected to 1, 2 and 4 passes of ECAP,
and the samples so obtained have then been tested by means Slow Strain Rate Tests
(SSRTs) in Simulated Body Fluid (SBF) at 37 °C. Samples subjected to one pass of
ECAP are shown to be less susceptible to SCC compared to the material in the as-
received condition due to the improved corrosion resistance (the corrosion current
density was almost three times lower and the evolved hydrogen reduced by half) as a
consequence of a reduced grain size (from 27.5 um to 8.3 um). The reduced SCC
susceptibility after one pass of ECAP was also confirmed by the morphology of the
fracture surfaces after SSRTs analyzed by means of Scanning Electron Microscopy
(SEM), that reveals an increased ductility compared to the as-received material.
However further ECAP processing (2 and 4 passes) are reported to worsen the SCC
susceptibility due to an increased brittleness of the material as a consequence of an
increased amount of hydrogen evolved. This is due to the unfavorable texture evolution,
as confirmed by the mechanical characterization (tensile tests and hardness
measurements). In conclusion, this study proved, for the first time to the best of the
authors’ knowledge, that the SCC susceptibility of AZ31 alloy can be improved by

' Corresponding author
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ECAP processing. The number of passes however needs to be optimized to avoid any
undesired effect of the texture evolution.

Keywords: ECAP; Stress Corrosion Cracking; AZ31 alloy; Slow Strain Rate Tests;
Simulated Body Fluid

3.1. Introduction

In the past years, the amount of people undergoing surgical procedures involving the
implantation of medical devices is continuously growing [1]. In particular, orthopaedic
surgery is the most important, with the associated healthcare system costs estimated to
increase by 26% in 2030 compared to 2019 in Europe [2]. The materials currently used
in orthopaedic surgery are permanent metallic materials, such as stainless steel,
titanium, and cobalt-chromium alloys [3]. In particular, these inert materials are used as
load-bearing implants for replacement of diseased or damaged tissues [4-6]. However,
two main disadvantages are linked to the implementation of these materials. Firstly, the
great difference in elastic modulus of these materials compared to that of human bone
results in the occurrence of the stress-shielding phenomenon. This is a consequence of
stress distribution changes between the bone and the implant [7—13]: bones adapt to the
reduced stress field according to the Wolff’s law [14], resulting in the bone either
becoming more porous (internal remodelling) or thinner (external remodelling), leading
to a higher risk of implant failure. Secondly, after the bone has healed, permanent
metals must be removed from the body by using a secondary surgical intervention since
they can lead to long-term complications, such as local inflammations due to the
potential release of cytotoxic ions as a consequence of corrosion or wear processes [ 15—
19]. To solve these drawbacks, biodegradable materials like magnesium and iron alloys
have been proposed in medical science as a novel class of highly bioactive materials.
That is, these materials are supposed to temporarily aid the healing process of a diseased
tissue or organ and then they can progressively disappear by virtue of body fluids
corrosion after a certain length of functional use, leading to simultaneous implant
replacement through the surrounding tissue [20]. Magnesium is one of the most
promising candidates for biodegradable applications due to its excellent bio-
compatibilities with human physiology and the best mechanical compatibility with
human bone [21]. Its low density and elastic modulus best mimic the properties of
natural bones, reducing the risk of the stress shielding phenomenon [20]. Moreover, Mg
is the fourth most abundant element in the human body (it is recommended that an adult
receives 240—420 mg daily and any excess can be harmlessly excreted in the urine [22]).
Finally, it is essential for the metabolism in many biological mechanisms, being a
cofactor for many enzymes [23], and Mg?" ions resulting from the degradation process
are reported to aid the healing and growth of tissue. However, the greatest limitation of
Mg consists of its fast corrosion rate, especially in human body fluid containing
chloride, giving rise to immature drop in mechanical integrity of the device before
accomplishing its defined mission [24]. Over and above corrosion rate, critical
hydrogen gas bubbles and alkalization resulting from corrosion of Mg in body fluid are
also other problematic subjects in fast corrosion-rate processes, leading to accumulation
of evolved hydrogen bubbles in gas pockets next to the implant and consequently,
causing necrosis of tissues. However, if the corrosion rate of Mg implant can be suitably
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controlled, hydrogen evolution will not be rapid enough to cause critical subcutaneous
bubbles, and the alkalization effect could be easily balanced by metabolic mechanisms
in the human body. A further challenging issue to be faced concerns the fact that the
implant must possess adequate resistance to cracking under the simultaneous action of
the corrosive human body fluid and the mechanical loading characteristics of the human
body. Corrosion-assisted cracking phenomena, such as stress corrosion cracking (SCC)
and corrosion fatigue (CF), were in fact reported to cause the failure of several
traditional implants [25-28]. In particular, SCC is particularly dangerous because it
leads to a sudden and catastrophic fast failure under mechanical loading conditions
otherwise considered to be safe, and magnesium and its alloys have been reported to be
susceptible to it in simulated physiological conditions [29-31]. Therefore, it is
important to develop Mg-based implants that confer a combination of strength and
corrosion resistance in human body fluid without causing corrosion-assisted cracking
phenomena. However, most studies have focused on improving the electrochemical
properties of Mg and its alloys, whereas the literature on improving their resistance to
corrosion-assisted cracking phenomena is very limited. In fact, while different
procedures have been applied in the recent years to improve their corrosion resistance,
from alloying to surface modification techniques, only few of them have been assessed
regarding their effects on the susceptibility to corrosion-assisted cracking phenomena.
Mohajernia et al. [32] reported that hydroxyapatite coating containing multi-walled
carbon nanotubes reduced the corrosion current density of AZ31 alloy of three order of
magnitude. In addition, they reported the elongation to failure of AZ31 samples
subjected to slow strain rate tests (SSRT) in simulated body fluid (SBF) at 37 °C to be
increased about 70% with the application of the coating. These results agree with those
obtained by Chen et al. [33]. They coated Mg-4Zn-0.6Zr-0.4Sr with a composite
coating consisting of a poly (lactic-co-glycolic acid) (PLGA) superimposed to a micro-
arc oxidation (MAO) layer and they reported this composite coating to increase the
elongation to failure of the bare alloy subjected to SSRT in modified simulated body
fluid (m-SBF) at 37 °C from 5% to 11%. Again, the corrosion rate was reduced of three
order of magnitude. However, when repetitive loadings are applied, the presence of
coatings might result to be detrimental for the fatigue life of the implants due to the
formation of cracks in the coating (due to elastic modulus mismatch) that act as stress
concentrators and also due to the generally higher surface roughness of the coated
samples compared to the polished uncoated counterparts [34]. Alternatively, alloying
has been reported as a valuable solution to improve the corrosion resistance of Mg and
the effect of different alloying elements on the corrosion-assisted cracking phenomena.
For instance, Kannan et al. [35], compared the SCC susceptibility of three different rare
earth (RE)-containing alloys, namely ZE41, QE22 and EV31A, with that of AZ80 alloy.
They suggested that rare-earth elements in magnesium alloys can improve the SCC
resistance significantly, being EV31A alloy the most resistant to SCC compared to the
other alloy. The beneficial effect of RE was found also by Choudhary et al. [36].
According to their findings, a lower SCC susceptibility was observed for RE-containing
alloys, i.e. WZ21 and WE43 compared to Mg-Zn-Ca alloy (ZX50). However, some RE
elements were reported to be toxic for the human body [37], and in general alloying
may introduce elements that lead to adverse biological reactions. In recent years,
mechanical processing inducing severe plastic deformation (SPD) have been
investigated as an alternative to alloying and coating techniques. Again, broad attention
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was given to the effect of SPD techniques on the corrosion properties, whereas very few
on the SCC susceptibility. Machining has been studied as method to reduce the
corrosion rate. In particular, cryogenic machining has attracted researcher’s attention on
its effect on the corrosion behaviour of Mg alloys. Bertolini et al. reported dry machined
AZ31 samples to be characterized by an hydrogen evolution rate twice that of the
cryogenic machined counterparts [38]. In addition, Peron et al. [39] reported the
elongation to failure of AZ31 samples subjected to slow strain rate tests (SSRT) in
simulated body fluid (SBF) at 37 °C to be increased only about 30% with the cryogenic
machining. These improvements were associated with the formation of a nano-
crystalline and compressed surface layer. However, once the nano-crystalline surface
layer dissolves, the machining induced corrosion resistance disappears. Recently, Equal
Channel Angular Pressing (ECAP) has been proved to induce a very fine and
homogeneous microstructure throughout all the samples. Broad attention was given to
the effects of ECAP on the corrosion properties, whereas very few on the SCC
susceptibility. Dealing with the corrosion behavior, the effects of ECAP still remain
uncertain. In fact, some researchers reported that ultrafine-grained Mg alloy produced
by ECAP deteriorated the corrosion resistance [40—42], whereas other works observed
improved performances after ECAP [43-45]. This work aims thus to provide further
insight into the effects of ECAP on the corrosion resistance. One, two and four passes of
ECAP have thus been applied on AZ31 alloy and the corrosion behaviour has been
assessed. To this aim, both potentiodynamic polarization curves and hydrogen evolution
tests were used. The as-received material has also been tested as reference. In addition,
for the first time to the best of the authors’ knowledge, the effect of ECAP on the SCC
susceptibility has been investigated. Slow strain rate tests (SSRT) at a strain rate of
3.5-10% 57! have been carried out on one, two and four ECAPed AZ31 samples. The
samples were immersed for the whole duration of the tests in SBF at 37 °C. Fracture
surfaces were analyzed by means of scanning electron microscopy (SEM) to provide a
better understanding of the different failure mechanisms shown by the different ECAP-
treated samples.

3.2. Materials and methods

3.2.1. Material and ECAP processing
In this study, ECAP was performed on AZ31 magnesium alloy. The commercially
available bars (Dynamic Metals Ltd, Bedfordshire, UK) were machined into square
billets with 19.7 mm side and 100 mm length. ECAP pressing was conducted through a

die with an internal angle (@) of 90° between the vertical and the horizontal channels
and a curvature angle (y) of 20° (Figure 3.1).
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Pressing

Plunger

Figure 3.1: Schematic illustration of die configuration for ECAP processing.

The ECAP temperature was set as 250 °C to avoid the formation of extensive cracking
that otherwise would have formed due to a lack of adequate ductility [46]. The die was
homogeneously heated by 4 electrical resistance heaters placed along the vertical
channel and at the intersection point of the channels. The temperature was monitored
throughout the process using a thermocouple inserted in the die in the proximity of the
sample. Repetitive pressings of the same sample were performed up to a maximum of 4
passes by rotating in the same direction the sample along their longitudinal axis by 90°
before each new pass (route B. according to established designation given in the
literature [47]. The billets were pressed into the ECAP die with a speed of 1 mm/min
using molybdenum disulphide (MoS>) as lubricant. The tensile testing machine used for
this operation was an MTS 311 (1000kN) (MTS, MN, USA).

3.2.2. Microstructural observation

Microstructural characterizations were performed on the as-received alloy and the
ECAP processed billets. Samples were cut along their longitudinal cross-section,
polished up to mirror finishing surface with silica colloidal suspension and, finally,
etched using a solution of 10 ml H>O, 10 ml acetic acid, 80 ml ethanol and 4.2 g picric
acid. The microstructure was analyzed using a Leica DMRETM Optical Microscope
(Leica microsystems, Wetzlar, Germany).

3.2.3. Mechanical characterization

The mechanical properties were characterized by means of uniaxial tensile tests and
Vickers hardness measurements. The tensile tests were conducted on dogbone
cylindrical samples having the gauge length of 20 mm and the diameter of 4 mm. The
specimens were machined from the billets parallel to the ECAP direction. Each
specimen was pulled to failure using an Instron 5969 testing machine (MA, USA) with
a 50 kN load cell to obtain the load—displacement curves of the fabricated samples. A
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strain rate of 3.5-10° s™! was used to conduct tensile tests under strain control mode.
The reported results are averaged over three tests. The Vickers hardness tests were
conducted on the plane perpendicular to the ECAP direction in accordance with ASTM
E92 standard [48]. The surfaces of the sections were ground and mechanically polished
to a mirror-like finish with silica colloidal suspension. The hardness tests were carried
out at ambient temperature using a load of 100 g and a holding time of 15 s. The values
of Vickers hardness (HV) were recorded using a Struers Duramin-A300 hardness tester
equipped with a Vickers diamond indenter. An average over at least seven separate
measurements taken at randomly selected points was used to measure the mean values
of HV.

3.2.4. Corrosion performance evaluation

The corrosion performances of the as-received and of the ECAPed AZ31 alloy were
measured by means of potentiodynamic polarization curves and hydrogen evolution
experiments. In order to perform the former, small parallelepipeds with a thickness of 2
mm and a square face of 16 mm side were manufactured from the as-received bars and
from the billets subjected to one, two and four passes of ECAP. The samples obtained
this way were first polished with 2000 and then with 4000 grit silicon carbide papers
and then cleaned with acetone and ethanol for five minutes in ultrasonic bath prior to
testing. To perform the hydrogen evolution tests, the as-received bars and the billets
subjected to one, two and four passes of ECAP were machined into small cubes with a
10 mm side, respectively. Again, prior to testing, the cubes were first polished with
2000 and then with 4000 grit silicon carbide papers and then cleaned with acetone and
ethanol for five minutes in ultrasonic bath.

3.2.4.1. Potentiodynamic polarization curves

Potentiodynamic polarization tests were carried out on a Gamry Interfacel000
potentiostat (Gamry Instruments, PA, USA) in order to compare the effects of the
ECAP process on the corrosion resistance. Samples obtained from the as-received
material and from the billets subjected to one, two and four passes of ECAP were tested.
The electrochemical tests used three-electrode equipment with the as-received or the
ECAPed samples as a working electrode, a Hg/HgSO4 electrode as a reference
electrode, and a platinum plate electrode as a counter electrode. The samples were
immersed in SBF solution (composition reported in Table 1). The temperature was set
to 37+1°C to reproduce human body conditions. The potentiodynamic polarization
curves were obtained applying a potential from +2 V with respect to the open circuit
potential (OCP), obtained after a stabilization period of 30 min. The scan rate of the
potentiodynamic polarization test was 0.5 mV/s. The area of the samples exposed to
SBF was 1 cm? and corrosion current density were determined using the Tafel
extrapolation method, according to the ASTM G5-14 standard [49]. The tests were
repeated three times for each condition.

Reagents Amount
NaCl 8.035¢g
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NaHCOs  0355g
KCl 0225 ¢
K:HPO4-3H:0 0231 g
MgCL-6H:0 0311¢g
1.0m-HCI 39 ml

CaCl: 0292 ¢
Na2SO04 0.072 g
Tris 6.118 g

Table 3.1: Reagents and their quantities for preparation of 1000 ml of the SBF
solution according to [50].

3.2.4.2. Hydrogen evolution tests

The corrosion of one mole Mg leads to the evolution of one mole of hydrogen gas. This
allows the measurement of Mg’s corrosion rate through the collection of evolving
hydrogen gas bubbles. Hence, hydrogen evolution tests were used to assess the effects
of the ECAP process for improving corrosion resistance. The samples described in
Section 2.4. were obtained from the as-received material and from the billets subjected
to one, two and four passes of ECAP and were immersed individually in SBF at 37 °C
for 96 hours. From each sample, the hydrogen bubbles were collected in a burette
(Figure 3.2), according to an established protocol published elsewhere [51].

Burette,

&« closed at top

F / Funnel

Sample

Figure 3.2: Schematic illustration of the set-up for the measurement of the evolved
hydrogen volume.

3.2.5. Stress Corrosion Cracking (SCC) susceptibility

Slow strain rate tests are a common technique used for studying the combined effect of
stress and corrosion/degradation process on the mechanical properties of a material, and
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they have been used in this work to investigate the effect of ECAP on the SCC
susceptibility. The SSRT experiments were carried out on the as-received and ECAPed
dog-bone samples described in Section 2.3. at a strain rate of 3.5-10° s in SBF
solution at body temperature (37 + 1°C). The strain rate value was chosen according to
[35] to render the AZ31 alloy susceptible to SCC. A schematic representation of the
experimental set-up is shown in Figure 3.3. The sample was immersed for the whole
duration of the test and the SBF solution was constantly changed by a pumping system.
The SBF solution container was immersed in a water bath, which’s temperature was
constantly monitored with a thermometer. When the temperature was below its set
value, a commercial resistance heating element placed inside the water bath
automatically turned on until the desired temperature was reached again. In addition,
while carrying out the SSRTs, the area of the specimen exposed to SBF was restricted
to its gauge length using Teflon tapes wrapping the rest of the specimen, thus
maintaining a constant area of exposure to the corrosive solution as well as avoiding the
possibility of galvanic effects with other components of the testing set-up. For sake of
comparability, the results obtained from the mechanical characterizations (Section
3.2.3.) were used as reference in air.

SBF outlet

SBF inlet

Figure 3.3: Schematic representation of the SSRT set-up.

The gauge length of the specimens were polished up to 4000 grit silicon carbide papers
and then cleaned with ethanol prior to testing as suggested in other works [29,31,52].
SSRTs were repeated three times for reproducibility.

In order to quantify the AZ31 SCC sensitivity, the susceptibility indices /urs and /s were
calculated according to Eq. (1) and Eq. (2) [36]:

452



urs,, -UTS
Lyps = TSM GB.D
and
I = Sair ~ Espr 3.2)

gair

where UTS is the Ultimate Tensile Strength and ¢ the elongation at failure, both
evaluated during tests conducted in SBF solution and air. When the value of the
susceptibility index approaches zero, the material is considered to be highly resistant to
SCC, namely the greater the index the greater the susceptibility to SCC.

3.2.6. Fractography

The specimen fracture surfaces of the samples tested in air and in SBF were observed
by means of a FEI Quanta 450 Scanning Electron Microscope (Thermo Fisher Scientific
Inc., USA). Prior to fractographic evaluations, the samples tested in the corrosive
environment were cleaned from the corrosion products by immersion for one minute in
a solution prepared using 50 g chromium trioxide (CrO3), 2.5 g silver nitrate (AgNO3)
and 5 g barium nitrate (Ba(NO3)2) in 250 ml distilled water, as suggested elsewhere
[53]. Both the samples tested in air and in SBF were washed with distilled water and
finally ultrasonically cleaned in acetone for 10 min before the fractographic evaluations.

3.3. Results

3.3.1. Microstructural observation
Figure 3.4 presents optical microstructures of the as-received material (a) and those of
the material ECAPed by 1 pass (b), 2 passes (c) and 4 passes (d). Their equivalent
diameter distributions determined by means of an image analysis software (Leica

Application Software v.3.8, Leica Microsystems, Wetzlar, Germany) are reported in
Figure 3.5 and in Table 3.2.
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Figure 3.4: Micrograph of AZ31 alloy at the (a) as-received condition and after (b) 1
pass, (c) 2 passes and (d) 4 passes of ECAP; note the different scale bar in (a)
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Figure 3.5: Equivalent diameter distribution of AZ31 alloy at the (a) as-received
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Figure 3.6: Grain roundness distribution of AZ31 alloy at the (a) as-received condition

and after (b) 1 pass, (c) 2 passes and (d) 4 passes of ECAP

As-received ECAP
1 pass 2 passes 4 passes
Equivalent ;5. 134 83150  68+28  65+3.1
Diameter
Roundness 1.7+ 0.3 1.9+0.6 1.5+0.3 1.4+£0.2

Table 3.2: Equivalent diameter and roundness from Figure 3.5 and 3.6
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The as-received material exhibits large grains (Figure 3.4a) with a broad grain size
distribution (Figure 3.5a) and an average grain diameter of 27.5 pm; moreover, the
microstructure is characterized by almost equiaxed grains. After 1 pass, the material
displays a heterogeneous microstructure (Figure 3.4b) so-called "bimodal" grain
structure [54] consisting of coarse grains, that are reported to be the un-recrystallized
grains from the initial state [55], surrounded by colonies of very fine grains, nucleated
along the grain and twin boundaries through dynamic recrystallization (DRX) [56]. For
this process condition, the average grain diameter decreases to 8.3 um. In addition, the
broad roundness distribution (Figure 3.6b) reveals that the grains are significantly
distorted and elongated due to the plastic shear deformation after 1 pass. On the
contrary, the microstructure of the material after 2 passes significantly changes and now
comprises a uniform grain structure with fine equiaxed grains and an average diameter
of 6.8 pm (Table 3.2). The grain structure after 4 passes is almost equivalent to the
material after 2 passes: the average grain size is still 6.5 pm (Table 3.2) but the grain
roundness distribution is narrower and more peaked close to the unit (Figure 3.6d).
Therefore, even if processing the material by 4 ECAP passes at 250°C do not induce a
further grain refinement of the alloy due to the grain nucleation stimulated by high
temperature during strain accumulation [57], it produces a totally recrystallized and
equiaxed microstructure.

3.3.2. Mechanical characterization

In Table 3.3, the Vickers hardness of the as-received and the 1, 2 and 4 ECAPed passed
material is presented.

As-received ECAP
1 pass 2 passes 4 passes
HV 65.1£5.1 69.2+4.1 65.6 £5.7 579+1.9

Table 3.3: Vickers hardness of the as-received and of the material ECAPed by 1 pass, 2
passes and 4 passes

The Vickers hardness value of AZ31 alloy slightly increases after 1 pass of ECAP, but 2
passes of ECAP leads to its reduction towards a value comparable to the as-received
condition. Further ECAPing leads to a further reduction of the Vickers hardness.

The engineering stress-strain curves of the as-received and the 1, 2 and 4 passes
ECAPed specimens are presented in Figure 3.7. In addition, Table 3.4 compares the
yield strength (oy), the UTS and the elongation at failure obtained from the curves in
Figure 3.7.
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Figure 3.7: Engineering stress-strain curves of as-received AZ31 alloy (red) and
ECAPed by 1 pass (green), 2 passes (blue) and 4 passes (fuchsia)

As-received ECAP
1 pass 2 passes 4 passes
oy (MPa) 97.7+4.38 122.7+5.3 109.5+4.1 86.0 £3.7
UTS (MPa) 2129+5.6 229.1+43 2288+25 2272432
er(%) 142+19 22.8+1.0 36.0+0.7 46.8+1.3
Table 3.4: Mechanical properties from Figure 3.7

The data demonstrated that both the yield and ultimate tensile strength and the
elongation to failure increases after 1 pass of ECAP. However, further ECAP passes
lead to a continuous decrease in the yield strength whereas to a continuous increase in
ductility (the elongation to failure after 4 passes of ECAP is more than 3 times higher
than the elongation to failure of the as-received material).

3.3.3. Corrosion performance evaluation
3.3.3.1. Potentiodynamic polarization curves

The potentiodynamic polarization curves of the AZ31 cylindrical samples in SBF
plotted on a semi-logarithmic scale are shown in Figure 3.8. The related kinetic and
thermodynamic corrosion electrochemical characteristics are reported in Table 3.5. The
effect of ECAP on the corrosion resistance is of complex nature. One pass of ECAP
leads to a reduced corrosion current density, and thus to an improved corrosion
resistance since the corrosion current density is directly related to the corrosion rate,
whereas further ECAP passes are found to worsen the corrosion resistance. It is worth to
note that the corrosion current density of 2 and 4 ECAPed AZ31 alloy is even worse
than that of the as-received material.

457



0,0

-0,5

-1,0

-1,5

—as-received
——ECAP-1 pass
——ECAP-2 passes
——ECAP-4 passes

-2,0

E.or (V)

225

-3,0

-3,5

-4,0
1,0E-7 1,0E-6 1,0E-5 1,0E-4 1,0E-3 1,0E-2 1,0E-1 1,0E+0
icore (Afem?)
Figure 3.8: Potentiodynamic polarization curves for the as-received and ECAPed AZ31
samples in SBF solution at 37°C

As-received ECAP
1 pass 2 passes 4 passes
Ecorr(V) -1.83 + -1.84 £ -1.90 + -1.86 £
0.018 0.015 0.025 0.013
icorr 215.6+4.1 83.5+10.6 286.5+8.7 349.1+13.8

(nA/cm?)
Table 3.5: Electrochemical corrosion data extrapolated from Figure 3.8

3.3.3.2. Hydrogen evolution tests

The results from the hydrogen evolution tests are reported in Figure 3.9.
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Figure 3.9: Hydrogen evolved from the as-received and ECAPed AZ31 alloy
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The results from the hydrogen evolution tests agree with those obtained from
potentiodynamic polarization curves. 1 pass of ECAP leads to a reduction in the amount
of hydrogen evolved compared to the as-received material. However, 2 passes of ECAP
lead to a deterioration in the corrosion resistance since the hydrogen evolved from the
AZ31 alloy treated with 2 passes of ECAP is slightly higher than that of the as-received

counterpart. Furthermore, further ECAP processing (4 passes) leads to a further increase
of the amount of hydrogen evolved.

3.3.4. Stress Corrosion Cracking susceptibility

Figure 3.10 shows the engineering stress-strain curve of the as-received material (a) and
that of the material ECAPed by 1 pass (b), 2 passes (c) and 4 passes (d) tested in SBF.
For sake of comparison, the corresponding engineering stress-strain curves of the

materials tested in air are reported. Finally, Figure 3.10e shows the comparison of the
samples tested in SBF.
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Figure 3.10: Engineering stress-strain curves of as-received AZ31 alloy (a) and
ECAPed by 1 pass (b), 2 passes (c) and 4 passes (d) tested in SBF. For sake of
comparison, the corresponding Engineering stress-strain curves of the samples tested in
air are also reported; in Figure 10e the results of the samples tested in SBF are
compared

In addition, Table 3.6 compares the UTS and the elongation to failure values obtained
from the curves in Figure 3.10.

As-received ECAP
1 pass 2 passes 4 passes
UTS (MPa) 181.6+8.2 218.0£39 2100+54 183.3%6.1
&1 (%) 65+1.6 16.2+1.1 15.1+£2.1 149+1.7
Table 3.6: Mechanical properties of the as-received material and of the material
ECAPed tested in SBF

From the considerably reduced elongation at failure it can be seen that the alloy suffered
embrittlement in SBF regardless the adoption of ECAP treatments. It is however worth
noting that the introduction of ECAP processing led to an increased elongation at
fracture.

To quantify the SCC susceptibility of the as-received and ECAPed material, the /yrs and
Irindices were evaluated and are reported in Figure 3.11.
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Figure 3.11: SCC susceptibility indexes for as-received material and for the ECAPed
material

The SCC indexes reveals that after one pass of ECAP, the SCC susceptibility of the
alloy was highly reduced, i.e. by 67% and 47% for Iurs and the Ig, respectively.
However further ECAP treatments led to a worsening of the SCC indexes. In fact, Iurs
increased from 4.8% for 1 pass of ECAP to 8.2% and 19.3% for 2 and 4 passes,
respectively, while I increased from 28.9% to 58.1% and 68.2% for 2 and 4 passes,
respectively. This suggests that the lowest SCC susceptibility indexes were obtained for
the material treated with 1 pass of ECAP, that also leads to the highest UTS and
elongation to failure when tested in SBF.

3.3.5. Fractography

3.3.5.1. Samples tested in air

The fracture surfaces of the samples tested in air are reported in Figure 3.12, and in
particular the fractographies of the samples in the as-received condition are reported in
Figures 3.12a and 3.12e, while those of the ECAPed samples are reported in Figures
3.12b and 3.12f, Figures 3.12¢ and 3.12g and Figures 3.12d and 13.2h for 1, 2 and 4
passes of ECAP, respectively.
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Figure 3.12: Frre surfaces of the as receivedaterlal ( and e) and of the material
ECAPed by 1 pass (b and f), 2 passes (c and g) and 4 passes (d and h) tested in air

From the SEM pictures it can be seen that in the alloy in the as-received condition a
predominant feature of the fracture surfaces is the occurrence of cleavage. This agrees
with the reduced ductility shown by the mechanical tests in Figure 3.7 (red curve). After
one pass of ECAP the fracture morphologies show a mixed fracture mode of ductile-
brittle type with the typical combination of dimples and cleavage planes. This change in
fracture morphology reveals an enhanced ductility, which is confirmed by the
mechanical tests (green curve in Figure 3.7). Further ECAP processing leads to the
transition from the mixed ductile-brittle fracture mode experienced by 1 pass ECAPed
samples to the ductile markedly ductile fracture behavior of 2 and 4 passes ECAPed
samples (Figures 3.12¢ and 3.12g and Figures 3.12d and 3.12h, respectively).

3.3.5.2. Samples tested in SBF

The fracture surfaces of the samples tested in SBF are reported in Figure 3.13, and in
particular the fractographies of the samples in the as-received condition are reported in
Figures 3.13a and 3.13e, while those of the ECAPed samples are reported in Figures
3.13b and 3.13f, Figures 3.13c and 3.13g and Figures 3.13d and 3.13h for 1, 2 and 4
passes of ECAP, respectively.

a) e)
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Figure 3.13: Fracture surfaces of the as received material (a and e) and of the material
ECAPed by 1 pass (b and f), 2 passes (c and g) and 4 passes (d and h) tested in SBF

The surface fracture appearance of the samples tested in SBF are characterized by
transgranular and intergranular cracks. The sample in the as-received condition shows a
combination of the two crack typologies, while the sample subjected to 1 pass of ECAP
shows a predominance of intergranular cracking. However, further increasing the
number of ECAP passes are shown to change the failure mode from intergranular
fracture of samples subjected to 1 pass of ECAP to a predominance of transgranular
fracture of the samples subjected to 4 passes of ECAP.

In addition, the tilted views of the gauge section are reported in Figure 3.14. A small
number of secondary cracks were shown by the sample in the as-received condition
(Figure 3.14a). The effect of one pass of ECAP is shown to reduce the number of
cracks, that were also less deep than in the as-received material (Figure 3.14b).
However, denser and deeper secondary cracks were evident in the samples subjected to
2 passes of ECAP (Figure 3.14c), and even more visible in the samples subjected to 4
passes of ECAP, where corrosion pits are evident (Figure 3.14d).

b
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Figure 3.14: SEM fractographies of the gauge section of the as received material (a)
and of the material ECAPed by 1 pass (b), 2 passes (c) and 4 passes (d) tested in SBF
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3.4. Discussion

In this study, for the first time to the best of the authors’ knowledge, the effect of ECAP
on the SCC susceptibility has been investigated. To this aim, slow strain rate tests
(SSRT) at a strain rate of 3.5-10° s have been carried out on one, two and four
ECAPed AZ31 samples. From the experimental results (Figures 3.10 and 3.11) it can be
seen that the application of one pass of ECAP has been proved to yield higher resistance
to SCC in SBF compared to the material in the as-received conditions. The
susceptibility indices /urs and /¢ of samples subjected to one pass of ECAP were in fact
decreased up to approximately 67% and 47%, respectively, indicating a strengthened
response to the combined application of mechanical load and corrosive environment.
However, further ECAP processing led to an increased susceptibility to SCC, that, in
the case of the samples subjected to 4 passes of ECAP, resulted to be even higher than
the SCC susceptibility of the as-received material. These results can be linked to the
different corrosion behavior of the material subject to different ECAP treatments.

SCC of Mg alloys is widely attributed to the combination of two mechanisms, namely
the anodic dissolution and cleavage-like fracture due to hydrogen embrittlement [58].
The rupture of the protective Mg(OH), film due to the anodic dissolution or due to
mechanical loads allows the hydrogen evolved from the corrosion process to enter into
the matrix and to embrittle the material, leading to a premature fracture [27]. Pitting is
reported as main precursor for the initiation of SCC cracks [59,60]. The lower the
tendency of a material to be subjected to pitting and to localized corrosion, the lower the
corrosion rate and hence the SCC susceptibility. The increased resistance to pitting
(Figure 3.14) and to corrosion (Figures 3.8 and 3.9) of samples subjected to 1 pass of
ECAP reduced the SCC susceptibility of this material. The improved corrosion behavior
can be linked to the reduced grain size compared to the as-received material (Figure
3.5). These results agree with those obtained by Minarik et al. [45] that reported the
reduction of almost 15% in the corrosion rate after 12 passes of ECAP to be a
consequence of the decrease in the grain size from 21 pm to 1.7 um. This reduction in
grain size hinders the corrosion due to three mechanisms. Firstly, the grain boundary
acts as a physical corrosion barrier; smaller grain sizes yield an increased number of
grain boundaries and hence a reduced corrosion rate [61]. Secondly, the geometrical
mismatches between the MgO layer and the metallic substrate arising when the oxide
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forms causes tensile stresses in the oxide, thereby increasing its propensity for cracking.
A fine-grained microstructure is known to relieve these stresses [62]. This leads to a
reduced degree of oxide cracking that provides a better surface coverage and hence an
increased corrosion resistance [63]. Thirdly, the positive effect of small grain sizes on
corrosion resistance can be attributed to the rapid formation of passivation oxide films
at grain boundaries, which provides nucleation sites for passivating oxide films and the
higher interfacial adherence of the passive film (MgO) at grain boundaries compared
with the bulk [62,64] that provide a barrier to the corrosive fluid.

However, the results concerning the corrosion performances of the samples obtained
with 2 and 4 passes of ECAP (Figures 3.8 and 3.9) are in contrast with what just stated.
In fact, although the grain size is decreased, the corrosion resistance gets worse and
becomes even lower than that of the as-received samples for the samples subjected to 4
passes of ECAP. The deterioration of the corrosion resistance despite the decrease of the
grain size has been reported also elsewhere [65—67] and can be explained with the
texture evolution within the material. ECAP is reported to modify the texture of the
material due to the heavy shear strains imposed. The critical resolved shear stress
(CRSS) for basal plane slip is 100 times lower than that for non-basal plane slip [68].
The basal plane hence rearranges to the shearing direction, which is inclined by 45°
with respect to the “extrusion” direction. However, the basal plane is reported to be
more corrosion resistance than the non-basal planes due to its high atomic density [69].
The activation energy required for the dissolution of an atom from a crystal is
proportional to the atomic packing density of the crystallographic plane. As more and
more basal planes will be rearranged at 45° from the “extrusion” direction with
increasing number of ECAP passes, the corrosion resistance is reduced (Figures 3.8 and
3.9) and the susceptibility to pitting is increased (Figure 3.14), thus leading to enhanced
SCC susceptibility (Figure 3.11). In addition, the arrangement of the basal planes along
with the shearing direction (oriented at 45° to the stress axis) is of major importance
from a mechanical point of view. Basal planes are in fact in positions favourable for
basal slip, inducing an increased ductility with an increase of the number of passes
(Figure 3.7 and Table 3.3) [70,71]. This affects also the yield strength. After one pass of
ECAP the yield strength is increased by 30% due to the reduction in the grain size, 2
and 4 passes of ECAP reduces the yield strength while the grain size remains
approximately constant. We hence hypothesize that this is due to the reduced strength
necessary to activate the basal slip systems due to the rotation of the basal planes
towards the shearing direction. This is in agreement with previous work [72], but has to
be further investigated. Similarly, the effect of ECAP on the hardness measurements
can also be related to the orientation of basal slip systems. After an increase in the
hardness due to the reduced grain size after 1 pass of ECAP, the effect of the texture
orientation becomes predominant and the arrangement of the basal planes towards the
shearing direction becomes responsible for the drop in hardness. This is due to the basal
grains that are characterized by a higher hardness than that their non-basal counterparts
[73].

3.5. Conclusion

In this study, the effect of ECAP processing on the stress corrosion cracking (SCC)
susceptibility of the AZ31 Mg alloy was assessed. SSRTs at a strain rate of 3.5-10° s°!

466



were carried out in SBF at 37°C. In addition, potentiodynamic polarization tests,
hydrogen evolution tests, a mechanical characterization of the treated and un-treated
alloy by means of tensile tests and hardness measurements and fracture surfaces
analyses were carried out.

The main findings can be summarized as follows:

Samples subjected to 1 pass of ECAP are characterized by the lowest
susceptibility in SBF at body temperature (Iuts and the Ie were found to be 4.8%
and 28.9%, respectively). This enhancement was attributed to the improved
corrosion of the samples subjected to 1 pass of ECAP performances (icor is
almost three times lower than that obtained for the as-received material and the
evolved hydrogen is reduced of almost 20%) due to the reduced grain size that
allows both a faster formation of the passivating surface oxide and a better
surface coverage provided by this oxide layer as a consequence of a reduced
degree of oxide cracking.

Further ECAP processing (2 and 4 passes) are reported to deteriorate the SCC
susceptibility (Iurs and the Ie were found to be 8.2% and 58.1% and 19.3% and
68.2% for 2 and 4 passes, respectively). Their SCC susceptibility becomes
higher than that of the material in the as-received condition (Iuts and the Ig were
found to be 14.7% and 54.2%, respectively). Although the grain size is slightly
reduced compared to 1 pass of ECAP, we hypothesize that the deterioration in
SCC susceptibility is due to the modified texture within the material. The
alignments of basal planes with the shearing direction as a consequence of
ECAP can explain the detrimental effects on the corrosion resistance shown by
the potentiodynamic polarization curves (icorr increases from 83.5 pA/cm? for 1
pass of ECAP to 286.5 and to 349.1 pA/cm? for 2 and 4 passes of ECAP,
respectively) and by the hydrogen evolution tests (the hydrogen evolved from
the as-received material increases by 7% and 39% for 2 and 4 passes of ECAP,
respectively). Further evidences of the alignments of basal planes with the
shearing direction are the results of the mechanical tests and of the hardness
measurements.

It can be concluded that the ECAP process is an effective method to decrease the AZ31
sensitivity to SCC due to the great grain refinement that can be obtained. However,
when the texture evolution becomes predominant over the grain refinement effect,
ECAP processing results become detrimental to SCC susceptibility.
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Abstract?

Magnesium and its alloys have recently attracted great attention as potential materials
for the manufacture of biodegradable implants. Unfortunately, their inadequate
resistance to the simultaneous action of corrosion and mechanical stresses in the human
body have hampered their use as implant materials. This work aims at evaluating the
Stress Corrosion Cracking (SCC) susceptibility of the AZ31 Mg alloy after being
machined under cryogenic cooling. The SCC behaviour was evaluated by means of
Slow Strain Rate Tests (SSRTs) in Simulated Body Fluid (SBF) at 37 °C. Prior to
testing, a full characterization of the machined surface integrity, including
microstructural observations, residual stress, nano-hardness measurements and surface
texture analysis was carried out together with the assessment of the corrosion properties
through potentiodynamic polarization curves. In addition, the morphology of the
fracture surfaces after SSRTs was analysed by means of 3D optical profiler and
Scanning Electron Microscopy (SEM). The improved corrosion resistance due to the
increased extension of the nano-surface layer and to the compressive residual stresses
represents the reason of the reduced SCC susceptibility of cryogenically machined
AZ31 samples as compared to dry machined ones.

Keywords: Stress corrosion cracking; cryogenic machining; simulated body fluid;
AZ31; Magnesium alloy

4.1. Introduction

During the past years life expectancy has been continuously increasing, leading to an
incessant growing number of people undergoing surgical procedures involving the
implantation of medical devices [1]. Among these procedures, the orthopaedic sector
experiences the highest growth. In Australia, for example, bone fractures represent
about 54% of the injury hospitalisations [2]. The materials currently used in orthopaedic
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surgery are permanent metallic materials, such as stainless steel, titanium, and cobalt-
chromium alloys [3]. Because of their high strength and good corrosion resistance, they
have been widely used as load-bearing implants for bone healing and repair of damaged
tissues [4-6]. The key problems with these permanent implants are however two-fold.
Firstly, the great difference in elastic modulus of these materials compared to that of
human bone results in the occurrence of the stress-shielding phenomenon. This is a
consequence of stress distribution changes between the bone and the implant [7—13]:
bones adapt to the reduced stress field according to the Wolff’s law [14], resulting in the
bone either becoming more porous (internal remodelling) or thinner (external
remodelling), increasing the possibility of implant failure. Secondly, due to the arise of
long-term complications [15-19], the permanent implant must be removed when the
healing process is completed. However, the additional surgeries necessary to remove the
implant cause an increase in costs to the health care system, as well as emotional stress
to the patient. In order to solve these drawbacks, biodegradable metallic materials have
been studied, in particular Mg and its alloys [20-22]. Mg has in fact low density and an
elastic modulus in mechanical compatibility with natural bone, minimizing the risk of
the stress shielding phenomenon [20]. In addition, Mg is highly abundant in the human
body [23]. Indeed, it is essential for the metabolism in many biological mechanisms,
being a cofactor for many enzymes [24], and Mg*" ions resulting from the degradation
process are reported to aid the healing process and the growth of tissue. Despite their
highly attractive properties, Mg and its alloys have not yet been used as implant
materials because of their high corrosion rates in physiological environments, which
may result in a loss of mechanical integrity and in hydrogen evolution at a rate that is
too fast for the bone tissue to accommodate. In addition, in orthopaedic applications, the
implant must possess adequate resistance to failure when the corrosive human body
fluid acts concurrently with the mechanical loading characteristics of the human body.
Corrosion-assisted cracking phenomena, such as stress corrosion cracking (SCC) and
corrosion fatigue (CF), were in fact reported to cause the failure of several traditional
implants [25-28]. In particular, SCC is particularly dangerous because it leads to a
sudden and catastrophic failure under mechanical loadings otherwise considered safe,
and Mg and its alloys are particularly susceptible [29-31]. Therefore, it is important to
develop Mg-based implants granting both strength and corrosion resistance in the
human body without causing corrosion-assisted cracking phenomena.

Most studies focused on improving their electrochemical properties, whereas improving
their resistance to corrosion-assisted cracking is overlooked. In fact, while different
procedures have been applied in recent years to improve their corrosion resistance
(alloying, surface modification, ...), yet few of them have been assessed regarding their
effects on the susceptibility to corrosion-assisted cracking phenomena. Mohajernia et al.
[32] reported that hydroxyapatite coating containing multi-walled carbon nanotubes
reduced the corrosion current density of AZ31 alloys by three orders of magnitude. In
addition, they reported the elongation to failure of AZ31 samples subjected to slow
strain rate tests (SSRT) in simulated body fluid (SBF) at 37 °C to be increased about
70% with the application of the coating. These results agree with those obtained by
Chen et al. [33]. The authors coated Mg-4Zn-0.6Zr-0.4Sr with a composite coating
consisting of a poly (lactic-co-glycolic acid) (PLGA) superimposed to a micro-arc
oxidation (MAO) layer and they reported this composite coating to increase the
elongation to failure of the bare alloy subjected to SSRT in modified simulated body
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fluid (m-SBF) at 37 °C from 5% to 11%. Again, the corrosion rate was reduced by three
orders of magnitude. However, when cyclic loading is applied, the presence of coatings
might result to be detrimental for the fatigue life of the implants due to the formation of
cracks in the coating (due to elastic modulus mismatch) that acts as stress concentrators
and also due to the generally higher surface roughness of the coated samples compared
to the polished uncoated counterparts [34]. Alternatively, alloying has been reported as
a valuable solution to improve the corrosion resistance of Mg and to mitigate the
corrosion-assisted cracking phenomena. For instance, Kannan et al. [35], compared the
SCC susceptibility of three different rare earth (RE)-containing alloys, namely ZE41,
QE22 and EV31A, with that of AZ80 alloy. They suggested that rare-earth elements in
Mg alloys can improve the SCC resistance significantly, being EV31A alloy the most
resistant to SCC compared to the other alloy. The beneficial effect of RE was found also
by Choudhary et al. [36]. According to their findings, a lower SCC susceptibility was
observed for RE-containing alloys, i.e. WZ21 and WE43 compared to Mg-Zn-Ca alloy
(ZX50). However, some RE elements were reported to be toxic for the human body
[37], and in general alloying may introduce elements that lead to adverse biological
reactions. In recent years, mechanical processing inducing severe plastic deformation
(SPD) have been investigated as an alternative to alloying and coating techniques.
Again, broad attention was given to the effect of SPD techniques on the corrosion
properties, whereas very few on the SCC susceptibility. Equal channel angular pressing
(ECAP) has been extensively studied as method to reduce the corrosion rate due to its
capability to induce a very fine and homogeneous microstructure. Sunil et al. [38]
reported a better degradation behaviour of AZ31 alloy after four passes of ECAP
compared to the annealed counterparts. These results agree with those obtained by
Zhang et al. [39], where a decrease in the corrosion current density was obtained
increasing the number of passes of ECAP. In addition, ECAP treated AZ61 alloys were
reported to be characterized by an elongation to failure 30% higher than the as-cast
material [40]. However, conventional SPD techniques such as ECAP require multiple
deformation passes to accumulate large strain in the material, and suitable processing
routes are also necessary to refine the material microstructure down to ultrafine grains
[41]. Recently, machining has been studied as an effective method to achieve SPD. In
fact, compared with the conventional SPD techniques, machining has been reported to
impose higher level of strain into the workpiece material in just a single stage operation
[42]. Furthermore, the use of liquid nitrogen as coolant during turning has recently
shown to further improve the functional performance and product life [43]. Orthogonal
cutting trials with different cutting tools with two edge radii were carried out under both
dry and cryogenic conditions in [44]. Results showed that cryogenic machining using a
large edge radius tool led to a thicker grain refinement layer, larger compressive
residual stresses, and stronger intensity of basal texture compared to the dry machined
condition. The effect of the improved surface integrity on corrosion resistance was
evaluated by the same Authors in [45], in which optical inspection of the machined
surfaces after immersion in saline solution was evaluated. It was stated that the degree
of corrosion was correlated with the extension of the sub-surface featureless layer
formed after turning: since cryogenic machining maximized the thickness of the layer, it
led to the best corrosion behaviour. A step forward was made by Bruschi et al. [46],
who investigated the effect of feed and cooling conditions on the corrosion resistance of
the machined AZ31 Mg alloy. The corrosion resistance was measured through
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potentiodynamic polarization curves in Simulated Body Fluid (SBF) at body
temperature. A reduction up to an order of magnitude in the corrosion current density
was found in the case of cryogenic machining regardless of the adopted feed. These
improvements were associated to a wider nano-crystalline layer formed on the surface
along with the generation of a more compressed surface.

These findings show that cryogenic machining is a viable path forward, but the
mechanisms by which the SCC resistance improves, i.e. the microstructural reasoning
behind such gains in performance, remain yet to be discovered. Here, AZ31 samples
were machined under cryogenic cooling, and afterwards subjected to Slow Strain Rate
Tests (SSRTs) at a strain rate of 3.5-10° s”!. The samples were immersed for the whole
duration of the tests in SBF at 37 °C. The behaviour of dry machined samples was also
investigated as a reference, reporting a higher SCC susceptibility. In support to a
complete understanding of the different behaviour shown by dry and cryogenically
machined samples, the authors carried out a full characterization of the surface integrity,
including microstructural observations, residual stress, nano-hardness measurements
and surface texture analysis, an evaluation of the corrosion behaviour through
potentiodynamic polarization curves, and an analysis of the fracture surfaces after
SSRTs with a Scanning Electron Microscope (SEM) and a 3D optical profiler.

4.2. Materials and methods
4.2.1. Material

AZ31 magnesium alloy was supplied in form of commercially available bars. The
samples were cut and prepared for microstructural analysis using SiC papers for
grinding and colloidal silica for final polishing. The grain structure was revealed by
etching using a solution of alcohol (95 ml), picric acid (5 g), and acetic acid (10 ml) for
10 s. The microstructure was examined using a Leica DMRE™ Optical Microscope
(OM).

The microstructure of the material in the as-received condition is shown in Figure 4.1
and consists of a quite homogeneous o matrix. The initial grain size was measured by
linear intercept method and resulted equal to 24.1 + 4 pm.

Figure 4.4: Microstructure of the AZ31 alloy in the as-received condition.
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4.2.2. Machining tests

To carry out SSRTs, cylindrical dog-bone-shaped samples, whose dimensions are
reported in Figure 4.2 , were used according to the standard [49]. The samples were
machined on a Mori Seiki NL 1500™ CNC lathe equipped with an experimental setup
devoted to the delivery of liquid nitrogen, specifically designed and described in detail
in a previous work by the Authors [47], and herein reported in Figure 4.2b. To obtain
the dog-bone shape of the samples, the machining operations were subdivided into two
steps, namely a roughing and a finishing pass. For the roughing pass, the following
machining parameters were employed: depth of cut (d) equal to 1 mm, cutting speed
(Ve) of 80 m/min, and feed (f) equal to 0.2 mm/rev, whereas for the finishing pass the
parameters were: depth of cut equal to 0.25 mm, a cutting speed of 100 m/min, and a
feed equal to 0.1 mm/rev.

The surface integrity and corrosion performances after machining were evaluated on
cylindrical samples manufactured using the same machining parameters applied for the
realization of the dog-bone samples.

During all the machining operations, the workpiece was grabbed by the counter spindle
of the lathe with a pressure of 1.30 kN to avoid vibrations.

BT

43.36 a)

33.35
—>

4:25 | —

qu R40/ T @6 AZ31 dog-bone
sample

Figure 4.5: (a) Geometry and dimensions of the samples for SSRTs; (b)
Experimental setup for the realization of the dog-bone samples in dry condition.

4.2.3. Surface integrity characterization

After machining, the cylindrical samples were cut along their section and prepared for
microstructural characterization using the same procedure described in §4.2.1. The
measurements of the machining-induced Severe Plastic Deformed (SPD) layers were
carried every each 10 um on three different OM images at 1000X magnification.
Samples were also extracted from the machined workpieces for Transmission Electron
Microscopy (TEM) analysis and nano-hardness measurements. The cross-sectional
TEM samples were prepared using a FEI™ Nova 200 dual-beam Focused Ion Beam
(FIB) system. The TEM lamellas were then ion-milled with a 30 kV beam and finally
polished at 5 kV. After reaching a thickness of ~100 nm, a Fischion™ NanoMill was
used to further clean the FIB damaged surface at both sides. Selected Area Diffraction
(SAD) and Bright Field (BF) TEM imaging were performed at 300 keV using a
Hitachi™ HF3300 TEM.

The nano-hardness at the surface of the machined samples was measured with a
diamond Berkovich indenter tip using the Hysitron™ TriboIndenter 800 load- and
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depth-sensing nano-indenter system [8]. A minimum of 20 nano-indentations was
performed for each sample with a maximum load of 5 mN and data acquisition
frequency of 5 Hz.

The residual stresses were determined with CuKo-radiation using the (2,1,3)
interference lines. The measurements were performed using a Spider™ X GNR portable
diffractometer working at 30 KV and 90 pA. The analysis was based on the sin2y-
method for which the lattice spacings d were measured at five y-angles between —35°
and +35°. For the calculation of residual stresses at the characterization site, Young's
modulus and Poisson’s ratio were assumed to be 45 GPa and 0.25, respectively. The
counting time for each of the five measures at different y-angles was 500 s. The depth
distribution of the residual stresses was determined by electrolytic removal of thin
surface layers and subsequent X-ray measurements. For electrolytic polishing, we used
a solution of 90 ml of water, 730 ml of ethanol, 100 ml of butoxyethanol and 78 ml of
perchloric acid working at 18 V for 30 s at 20°C.

The machined surface textures were measured using a Sensofar™ Plu-Neox optical
profiler with a 20x magnification Nikon™ confocal objective. To inspect surface
defects, confocal images were acquired with the same objective.

4.2.4. Corrosion performances evaluation

Potentiodynamic polarization tests were carried out on an Amel™ 2549 potentiostat,
making use of a standard three-electrodes cell, where the machined cylindrical samples
were the working electrode, a saturated Calomel electrode (SCE) the reference
electrode, and a platinum electrode the counter electrode. The samples were immersed
in SBF solution, whose composition is reported in Table 4.1. The temperature was set to
37£1°C to reproduce the human body conditions. The potentiodynamic polarization
curves were obtained applying a potential from -2 V to -1.3 V at a scan rate of 0.5 mVs~
!, The corrosion potential and corrosion current density were determined using the Tafel
extrapolation method, according to the ASTM G5-14 standard. The tests were repeated
three times for each machining condition.

Reagents Amount
NaCl 8.035¢g
NaHCO3 0355g
KCl 0225¢g
K:HPO4-3H 0.231¢g
20
MgClL:-6H> 0311g
o
1.0m-HC1 39 ml
CaCh 0292¢g
Na:SO4 0072 g
Tris 6.118 g

Table 4.1: Reagents and their quantities for preparation of 1000 ml of the SBF solution
according to [48].
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4.2.5. Slow strain rate tests (SSRT)

The SSRT experiments were carried out on the machined dog-bone samples at a strain
rate of 3.5-10° 5™ in SBF solution at body temperature (37 + 1°C). The strain rate value
was chosen in order to make the AZ31 alloy susceptible to SCC according to [35]. A
schematic representation of the experimental set-up is shown in Figure 4.3. The sample
was immersed for the whole duration of the test and the SBF solution was constantly
changed by means of a pumping system. The SBF solution container was immersed in a
water bath, whose temperature was constantly monitored by a thermometer. When the
temperature was below its set value, a commercial resistance heating element placed
inside the water bath automatically turned on until the desired temperature was reached
again. In addition, while carrying out the SSRTs, the area of the specimen exposed to
SBF was restricted to its gauge length using Teflon tapes wrapping the rest of the
specimen, thus maintaining a constant area of exposure to the corrosive solution as well
as avoiding the possibility of galvanic effect with other components of the testing set-
up. For sake of comparison, also SSRTs in air were carried out.

SBF outlet

SBF inlet

Figure 4.3: Schematic representation of the SSRT set-up.

The samples were cleaned with ethanol prior to testing. It is worth noting that,
differently from other works on this field [29,31,49], the gauge length of the specimen
was not grounded prior to testing, in order to avoid the removal of the surface features
induced by the cryogenic machining. SSRTs were repeated three times for
reproducibility.

In order to quantify the AZ31 SCC sensitivity, the susceptibility indices /urs and I,
were calculated according to Eq. (4.1) and Eq. (4.2) [36]:
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UT, Sair -UT; SSBF

Iypg = UTS 4.1)
and
I = Eair —Espr “2)

where UTS is the Ultimate Tensile Strength and ¢ the elongation at failure, both
evaluated during tests conducted in SBF solution and air. When the value of the
susceptibility index approaches zero, the material is considered to be highly resistant to
SCC, namely the greater the index the greater the susceptibility to SCC.

4.2.6. Characterization after SSRT

The specimen fracture surfaces after SSRTs were cleaned by immersion for one minute
in a solution prepared using 50 g chromium trioxide (CrOs), 2.5 g silver nitrate
(AgNO3) and 5 g barium nitrate (Ba(NO3)2) in 250 ml distilled water, as suggested by
[50]. The specimens were then washed with distilled water and finally ultrasonically
cleaned in acetone for 10 min. The fracture surfaces were observed by means of a FEI™
QUANTA 450 SEM in Secondary Electron (SE) mode. The topography of the surface
fractures was also measured using a Sensofar Plu Neox™ with a confocal 20X
objective.

Finally, the fractured specimens were cut along their longitudinal section. The
microstructure was observed by using the same experimental approach described in §
42.1.

4.3. Results
4.3.1. Surface integrity

Figures 4.4a and 4.4b show the micrographs of the samples machined under dry and
cryogenic conditions, respectively. From these images, it can be seen that machining
introduced an SPD layer close to the surface irrespective of the cutting conditions. Such
layers consisted of ultrafine grains highly deformed along the cutting direction,
characterized also by the presence of slip bands. The extension of the SPD layer
increased by 24% with cryogenic cooling compared to dry cutting.
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Figure 4.4: Optical images (a and b), BF TEM micrographs and SAD patterns (c and d)
of the dry (on the left) and cryogenic (on the right) machined samples.

To further characterize the SPD layers, high-magnification TEM bright field images
were captured on Zone 1 of Figure 4.4a and b and shown in Figure 4.4c and d.

In both cases, a grain refinement upon a nanoscale was achieved, but its extension
depended heavily on the cooling condition. In the case of cryogenic machined samples,
the nanoscale layer was almost five times thicker than in the dry cut samples. In fact, the
SAD pattern of the dry cut samples revealed the presence of micrometre sized grains
just below the nanolayer. On the contrary, the SAD pattern of the cryogenic cooled
samples assumed a ring-like shape since the nanoscale layer was much wider.

As a consequence of the different microstructural features close to the machined
surface, the mechanical properties of the material were altered. The nano-hardness
values measured at the machined surface showed a very significant increase compared
to the bulk value (1.35 GPa), achieving the values of 2.09 + 0.5 GPa for the dry samples
and 2.12 = 0.2 for the cryogenic cooled ones. Coherently, no sensible differences in
nano-hardness were found between the dry and cryogenic cooled samples since both
showed the presence of the nanoscale layer at the machined surface (see Figure 4.4).
Figure 4.5 reports the axial residual stresses as a function of the distance from the
machined surface. A totally compressive residual stress was found in the case of
cryogenic cooling condition, while a tensile residual stress state was found in the case of
dry cutting. Actually, the peak of residual stress was 270 MPa (tensile) in dry condition,
and decreased to -143 MPa (compressive) in cryogenic condition. After approximately
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200 pum from the machined surface, a null state of stress was achieved regardless of the
adopted cooling condition.
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Figure 4.5: Axial residual stresses as a function of the cooling strategy.

Figure 4.6 shows the confocal images of the two surfaces machined using the two
adopted strategies: no relevant differences can be seen in terms of average surface
roughness Sa as a consequence of the application of liquid nitrogen during cutting.
However, the density of tears was drastically increased in the case of dry cutting. It is
worth nothing that the presence of defects is usually not revealed by surface roughness
measurements [51].

o
TR R
[ |

il

Figure 4.6: Machined surfaces images and relative surface roughness.
4.3.2. Corrosion behaviour

The potentiodynamic polarization curves of the AZ31 cylindrical samples plotted on a
semi-logarithmic scale are shown in Figure 4.7. The related kinetic and thermodynamic
corrosion electrochemical characteristics are reported in Table 4.2. Compared to the dry
condition, cryogenically machined samples showed an improved corrosion resistance,
namely an ennoblement of corrosion potential Ecor and a reduction of corrosion current
density icorr of an order of magnitude. It is worth noting that the corrosion current
density is directly related to the corrosion rate by the Faraday’s law, which expresses
the material loss of the implant during its permanence into the human body. This
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implies that the application of liquid nitrogen during cutting leads to a reduced
corrosion rate.

——Cryogenic

E (V/SCE)

-2 T T T T
1.E-09 1.E-06 1.E-03
Current density (A/cm?)

Figure 4.7: Potentiodynamic polarization curves for the AZ31 cylindrical samples in
SBF solution at 37°C.

Ecorr (V/SCE) Icorr (uA/cm?)
Dry -1.87+0.015 10+4
Cryogenic  -1.79 £ 0.025 2+0.5
Table 4.2: Electrochemical corrosion data extrapolated from Figure 4.7.

4.3.3. Stress corrosion cracking behaviour

The engineering stress-strain curves for the dry and cryogenic machined AZ31 samples
tested in air and in SBF are reported in Figure 4.8a and b, respectively. In addition,
Table 4.3 compares the UTS and elongation at failure values obtained from the curves
in Figure 4.8.
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Figure 4.8: Engineering stress-strain curves of dry (a) and cryogenic (b) machined
AZ31 samples tested in air and SBF at 37°C and strain rate of 3.5-10¢ s°!.

Manufacturing In Air In SBF
strategy UTS (MPa) Elongation at UTS (MPa) Elongation at
failure (%) failure (%)
Dry 256.3£ 8.7 24.5+0.7 2333+19 6.1+0.3
Cryogenic 253.6+ 5.6 242+0.5 2353+1.0 7.8+0.2

Table 4.3: Mechanical properties from Figure 4.8.

The machining cooling strategy did not influence the AZ31 mechanical properties when
tested in air, since the mechanical behaviour of both dry and cryogenic machined
samples is characterized by an elasto-plastic behaviour which resemble the one found
by [52]. On the other hand, the considerably reduced elongation at failure when testing
in SBF indicates that the alloy suffered embrittlement in SBF regardless of the adopted
cooling strategy during cutting. It is however worth noting that cryogenic cooling led to
a less pronounced reduction of elongation at fracture compared to the case of dry
cutting.
To quantify the SCC susceptibility of the dry and cryogenic-machined samples, the Iurs
and I, indices were evaluated and are reported in Figure 4.9.

100 4

%0 ] L

20 3 75.1 " Iyg
70

SCC indices (%)

Dry Cryo

Figure 4.9: SCC indices for the dry and cryogenic machined samples.

The SCC indices of the cryogenic machined sample are, in general, lower than the ones
of the dry machined sample. However, the Iuts and the I, values for the dry machined
sample are almost 23% and 11% higher than those of the cryogenic machined sample,
respectively. This suggests that a higher resistance to SCC in SBF is provided when
AZ31 is machined under cryogenic cooling which will be further analysed in section
4.4.

4.3.4. Fracture surfaces

Figure 4.10 shows the macroscopic appearance of the cryogenic machined samples after
SSRTs. Clearly, the fracture in air exhibits rougher features typical of a ductile fracture;
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on the contrary, the samples tested in SBF appear smooth and characterized by
secondary cracked zones.

Figure 4.10: Photos of the cryogenic machined samples after SSRTs in: a) air; b)
SBF at body temperature.

A more detailed investigation is given in Figure 4.11, which reports the surface
topographies and SEM images of the samples of Figure 4.10. The overall view of the
fracture surface confirms the ductile nature of the failure in the case of air testing,
characterized by a significant amount of dimples, while the sample tested in SBF shows
mix mode fracture features, namely ductile and brittle fracture characteristics. An
additional confirmation of that is given by the z-range of the height of the surface
texture shown in Figure 4.11a and d, which is considerably higher in the case of air
testing, in relation to a more ductile behaviour.

Finally, the surface fracture appearance is completely different: in the case of SBF
condition, both transgranular and intergranular cracks are evident, which are absent in
the case of air testing (compare Figure 4.11f with Fig. 4.11c).

It is worth underlining that these considerations about the fracture features after testing
in air and SBF are true irrespective of the adopted cooling conditions and, for the sake
of brevity, the outcomes from the dry machined samples are not reported here.
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Figure 4.11: AZ31 samples after cryogenic machining and SSRT in air and SBF: (a)
and (d) topographies of the overall fracture surface; (b) and (e) SEM images of the
overall fracture surface; (c) and (f) magnified images of the zones highlighted in (b) and
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Figure 4.12: AZ31 samples after dry and cryogenic machining and SSRT in SBF at
37°C: (a) and (d) topographies of the overall fracture surface; (b) and (¢) SEM images
of the overall fracture surface; (¢) and (f) magnified images of the zones highlighted in

(b) and (e).
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Figure 4.12 shows the comparison between the fracture surfaces after SSRT in SBF as a
function of the machining cooling strategy. The topographies of the overall fracture
surface (Figure 4.12 a and d) clearly demonstrated the sequence of the rupture. The
large crack observed on the circumferential areas of the samples contributed
considerably to the fracture: this crack propagated and, finally, when a critical SCC
crack length was achieved, mechanical overloading took over, leading to the fracture of
the sample. At a higher magnification (Figure 4.12 ¢ and f), cleavage-like features and
grain boundary cracking were observed, with a predominance of the former. Evidence
of this is reported in Figure 4.13, where optical micrographs of the fractured specimens
are reported.

Cryogenic

Figure 4.13: Optical micrographs of the AZ31 magnesium alloy after SSRTs in: a)
dry; b) cryogenic conditions.

The fractographies of the specimens machined with different cooling strategies were
similar, indicating that the susceptibility to SCC was independent of the application of
liquid nitrogen. However, the tendency to pitting and localized corrosion at the sample
circumference of the dry machined sample is considerably greater than that of the
cryogenic machined one, as it can be seen from the tilted views of the gauge section of
the samples reported in Figure 4.14. In fact, in the case of the dry sample, denser and
deeper secondary cracks were evident, which contribute to a faster mechanical failure of
the sample acting as stress concentrators.
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Figure 4.14: SEM fractographies of the gauge section of (a) dry and (b) cryogenic
machined AZ31 samples after SSRTs in SBF.
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4.4. Discussion

In this study, cryogenically machined samples have been proved to yield higher
resistance to SCC in SBF compared to dry machined ones. The susceptibility indices
Iurs and Ir of cryogenic machined samples were in fact decreased up to approximately
23% and 11%, respectively, compared to those of dry machined, indicating a
strengthened response to the synergistic application of mechanical load and corrosive
environment. The examination of the fracture surfaces after SCCTs revealed that this
improvement was not due to a different mechanism for corrosion crack propagation.
The failure mechanisms of both dry and cryogenically machined samples are in fact a
combination of transgranular and intergranular cracking, with a predominance of the
former (Figures 4.11 and 4.13). The reasons of this improvement are instead based on
the increase in corrosion resistance because of cryogenic machining. SCC of Mg alloys
is widely attributed to the combination of two mechanisms, namely the anodic
dissolution and cleavage-like fracture due to hydrogen embrittlement [53]. The rupture
of the protective Mg(OH), film due to the anodic dissolution or to mechanical loads
allows the hydrogen evolved from the corrosion process to enter into the matrix and to
embrittle the material, leading to a premature fracture [27]. In particular, pitting was
reported as main precursor for the initiation of SCC cracks [54,55]. The reduced
tendency to pitting and localized corrosion of the cryogenically machined samples
(Figure 4.14) thus represents one of the reasons for the reduced SCC susceptibility,
together with a lower corrosion rate (Figure 4.7). As the subsequent SCC crack
propagation is governed by hydrogen embrittlement, and since hydrogen evolution is
intimately associated with Mg dissolution (the dissolution of one Mg atom generates
one hydrogen gas molecule [20]), a lower corrosion rate leads to a reduction of material
embrittlement, and thus to a higher resistance to SCC.

The modified material corrosion performances are related to the machining-induced
surface integrity changes. TEM analyses gathered in Figure 4.4 reported that the
cryogenic treatment provides a surface nanolayer almost five times thicker than that
after dry machining. These results agree with those obtained by Pu et al. reporting a
wider nanocrystalline region in cryogenically machined AZ31B alloy than in the dry
machined counterparts [45]. The wider extension of both the SPD and nano-crystalline
layer in the case of cryogenic cooling can be explained as follows: during machining,
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the material is subjected to high strain at very high strain rate inducing the
fragmentation of original grains by dislocation movements [56]. With the application of
liquid nitrogen, this effect is emphasized since the temperature is greatly reduced. From
a corrosion perspective, the thicker the nanocrystalline region, the lower the corrosion
rate as nanoscale-sized grains reduce the corrosion rate [57,58] due to an accelerated
formation of a passivating oxide film at grain boundaries [59]. An improved passive
film renders the surface more electrochemically stable with a higher Electron Work
Function (EWF), and the higher the EWF, the lower the corrosion rate.

The wider surface nanolayer induced by the cryogenic machining is not the only
important variable that improves the corrosion resistance. As it can be seen from Figure
4.5, cryogenic machining induces a compressive state of stress, contrarily to what
happened in dry machining. Residual stresses can usually be divided into the sum of
two parts, one mechanically induced, and one thermally induced. During cutting, the
material removal process itself is responsible for generating a compressive state on the
workpiece, whereas the friction yields a tensile state of stress. However, the application
of cryogenic cooling allows minimizing the tensile part of the residual stresses, leading
to a compressive stress distribution at the machined surface. It is widely known that a
tensile state of stress facilitates nucleation of micro-cracks as soon as corrosion is
triggered [60,61], whereas compressive residual stresses are reported to increase the
corrosion resistance. In particular, Denkena and Lucas reported the corrosion rate of a
Mg-Ca alloy to be improved by a factor of approximately 100 [62]. The presence of a
compressive state leads also to the formation and growth of a strengthened passive film
since it narrows the interatomic distance of atoms, making the formation, growth and
maintenance of the passive film easier [63]. Therefore, due to surface compressive
residual stresses, the cryogenic machined samples showed lower corrosion current
densities than the dry machined counterparts, leading to a superior ability to resist to the
action of a mechanical loading in a corrosive environment.

Another reason for the improved corrosion resistance is surface texture. Although
cryogenic machining was found to have no sensible influence on the surface roughness
(Figure 4.6), a different effect was reported on the presence of surface defects. The
density of tears in fact drastically increased in the case of the dry condition. Tears are
machining defects usually attributed to the entrapment of chip particles or material
coming from the wear of the insert [64]. During cutting, these particles are dragged
along the surface, causing scratches. In the case of cryogenic cooling, the wear of the
tool is sensibly decreased due to the inhibition of the tool wear adhesion phenomena, a
thermally activated mechanism. In addition, friction is reduced due to the increase of
hardness of the mating interfaces compared to the dry condition [65]. This leads to a
lower generation of particles coming from the wear of the tool, and therefore, less
surface defects strengthening the resistance of the surface to corrosive attacks and
reducing the SCC susceptibility.

4.5. Conclusions
In this study, the effect of cryogenic cooling during machining on the stress corrosion

cracking (SCC) susceptibility of the AZ31 Mg alloy was assessed. SSRTs at a strain
rate of 3.5-10° s were carried out in SBF at 37°C. In addition, potentiodynamic
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polarization tests, a full characterization of the surface integrity prior to testing and
fracture surfaces analyses were carried out.
The main findings can be summarized as follows:

e Cryogenic machined samples were characterized by lower SCC susceptibility in
SBF at body temperature than dry cut samples. This enhancement was attributed
to the improved corrosion performances of the cryogenic machined samples due
to the presence of a wider nanocrystalline layer, resulting in a faster formation of
passivating surface oxides, and to the presence of compressive residual stresses
instead of tensile.

e The analysis of the morphologies of the fracture surfaces after SSRTs proved
that the use of liquid nitrogen during machining did not alter the AZ31 response
mechanisms to SCC, being the fracture characterized by the presence of both
intergranular and transgranular cracks, with the predominance of the latter.
However, the analysis of both the fracture surface and the gauge section
evidenced that cryogenic machined samples were less prone to pitting and
localized corrosion, decreasing the SCC susceptibility.

It can be concluded that the cryogenic machining is an effective method to decrease the
AZ31 sensitivity to SCC, and, therefore, can be considered a viable pathway for the
fabrication of biodegradable implants with a prolonged durability inside the human
body.
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5.1. Paper IV: On the comparison between the
corrosion performances of sputtered and ALDed TiO2
thin layer with different substrate roughness and
topology
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Science and Technology, Richard Birkelands vei 2b, 7034 Trondheim, Norway

Abstract?

The reduction of corrosion of an AZ31 alloy in Simulated Body Fluid (SBF) was
assessed when coated with a 40 nm TiO, obtained by the sputter technique and
compared to a similar coating made by the recently developed Atomic Layer Deposition
(ALD). Corrosion experiments were performed on samples with different surface
roughness and topologies, and ALD has been found to better perform compared to
sputter due to a higher surface integrity and adhesion strength. In addition, in porous 3D
structures, ALDed samples emit 68% less hydrogen than their sputter coated
counterparts due to the sputter coating’s line of sight problem.

Keywords: Atomic Layer Deposition (ALD); sputter; corrosion resistance; Magnesium;
TiO; coating

5.1.1. Introduction

Due to the increasing average age and obesity of our society, the demand for orthopedic
interventions requiring the implantation of medical devices is continuously increasing
[1,2]. To be used in orthopaedic surgery, a material has to be characterized by high
strength and good corrosion resistance. Permanent metallic materials, such as stainless
steel, titanium, and cobalt-chromium alloys, meet these requirements [3—5], and have
therefore been used [6]. However, two key issues arise with such materials. Firstly, the
vast difference in elastic modulus compared to human bone results in the occurrence of
stress-shielding: a consequence of stress distribution changes between the bone and the
implant [7-13]. Bones adapt to the reduced stress field according to the Wolff’s law
[14] resulting either in the increase of bone porosity (internal remodeling) or in its
thinning (external remodeling). Secondly, to avoid possible long-term complications
such as local inflammations [15-19], the implant shall ideally vanish when the healing
process is completed. However common metallic implants are permanent and thus
remain in the body. When complications arise, additional surgeries are required to

' Corresponding author
2 Surface and Coatings Technology (submitted paper)
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remove the implant causing an increase in costs to the health care system, as well as
emotional stress to the patient.

Biodegradable metallic materials may resolve these issues. Here, Mg and its alloys
stand out [20-22] due to their low density and an elastic modulus compatible with
natural bone that minimize the risk of stress shielding [20]. In addition, Mg is highly
abundant in the human body [23]; it is essential for the metabolism in many biological
systems, is a cofactor for many enzymes [24], aids the healing process, and the growth
of tissue via Mg?" ions that are products of the degradation process. Despite their highly
attractive properties, Mg and its alloys have not yet been used as implant materials
because of their high corrosion rates in physiological environments, which may result in
a loss of mechanical integrity and in hydrogen evolution beyond what bone tissue is
able to accommodate. The high corrosion rate is further enhanced by the designed
porosity and surface roughness of today’s implants sought to enhance the
osseointegration and cell adhesion [25-27].

In the last years, several procedures have been explored to improve the corrosion
resistance of Mg and its alloys, including mechanical processing inducing severe plastic
deformation (SPD). SPD techniques, such as equal channel angular pressing (ECAP),
induce high plastic deformations within the material that lead to a dynamic
recrystallization characterized by the nucleation and growth of new and finer grains,
These methods have been extensively studied since fine grains are known to improve
the overall corrosion resistance [28—31]. However, conventional SPD techniques such
as ECAP require multiple deformation passes to accumulate large strain in the material,
and suitable processing routes are also necessary to refine the material microstructure
down to ultrafine grains [32]. Recently, machining has been studied as an effective
method to achieve SPD. In fact, compared with the conventional SPD techniques,
machining has been reported to impose higher level of strain into the workpiece
material in just a single stage operation [33]. Furthermore, the use of liquid nitrogen as
coolant during machining has recently shown to further improve the functional
performance and product life [34]. Peron et al. [35], reported a reduction of up to an
order of magnitude in the corrosion current density when AZ31 Mg alloys were
cryogenically machined. These improvements were associated with the formation of a
nano-crystalline and compressed surface layer. However, once the nano-crystalline
surface layer dissolves, the machining induced corrosion resistance disappears.

A potential Mg implant may need surface texture and porosity to enhance ingrowth of
cells and tissue at the patient specific site of interest [36,37]. In such a scenario,
cryogenic machining, despite its benefits in initial corrosion resistance, might not be
applicable as (1) intricate features are difficult to be made and (2) the resulting surfaces
are smooth without texture. Hence an alternative, surface confined approach might be
required that allows the control of surface texture. Coatings have thus emerged as an
effective way to preserve designed macroscopic porosity and surface roughness tailored
for osseointegration and to match mechanical characteristics [38][39]. Particularly
sputtering has been studied due to the possibility to carry out the deposition at low
temperatures, making the coating relatively insensitive to thermodynamic phenomena
[40]. Jin et al. reported that the application of a 600 nm thick TaN layer on WE43 alloy
reduced the corrosion current density in Simulated Body Fluid (SBF) by two orders of
magnitude [41]. A similar improvement was also reported in Ref. [42] for a 30 nm TiN
coated WE43 alloy. However, the effectiveness of sputtering can be limited since it is
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subject to the line-of-sight. When considering implants, their complex shapes such as
notches, pores and undercuts cannot be entirely coated due to this limitation, which
renders corrosion to be most severe at places that are not accessible to the process.

To overcome this issue, Chemical Vapor Deposition (CVD) techniques might be a
solution. CVD is the collective name for a number of processes where the substrate
surface is exposed to one or more volatile precursors, which react and/or decompose on
the substrate surface to produce the desired deposit [43]. Among CVD techniques,
Atomic Layer Deposition (ALD) stands out in terms of conformality, film density and
possibility for compositional control due to its self-limiting surface-gas phase reactions
that have recently found application in corrosion protection [44,45]. Liu et al. reported a
three orders of magnitude decrease in the corrosion current density of an AZ31 Mg
alloy that was coated with a 10 nm thick ZrO; layer [44], while Yang et al. reported a 40
nm layer of ZrO; to reduce the corrosion current density of MgSr alloy by two orders of
magnitude [46].

This suggests that ALD coatings would promise a significant enhancement of the
corrosion resistance in Mg alloys, a research field that is yet underexplored. Here we
aim to provide new insight inside into the corrosion performance of ALD coated Mg
alloys and to compare it to sputter coating films employing samples of different surface
roughness and topologies that shall resemble a more realistic condition of an implant
surface. To do so, an AZ31 alloy has been machined into flat discs with two different
roughness and into small cubes with pass-through holes to resemble the induced
porosity in real implants [47,48]. All these different geometries have been coated with a
40 nm layer of TiO; obtained by means of sputter and ALD and their corrosion
properties in SBF have been evaluated by means of potentiodynamic polarization curves
tests and hydrogen evolution experiments. The behavior of bare samples has also been
investigated as a reference.

To evaluate the different performances of ALD and sputtering, the chemical
composition of the layer obtained by the two techniques has been assessed by means of
XPS analyses before and after 24 hours of corrosion in SBF. In addition, the surface
integrity of rough and polished samples coated with the two techniques has been
assessed by means of Scanning Electron Microscope (SEM) analyses.

5.1.2. Materials and methods
5.1.2.1. Sample preparation

AZ31 magnesium alloy was supplied in form of commercially available bars (Dynamic
Metals Ltd, Bedfordshire, UK). The microstructure was analyzed using a Leica
DMRETM Optical Microscope (Leica microsystems, Wetzlar, Germany) after polishing
the surface and etching it using a solution of alcohol (95 ml), picric acid (5 g), and
acetic acid (10 ml). The microstructure is shown in Figure 5.1.1 and consists of a quite
homogeneous o matrix. The initial grain size was measured by linear intercept method
and resulted equal to 14.8 + 8 um.
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Figure 5.1.6: Microstructure of the AZ31 alloy in the as-received condition.

To simulate different biologically relevant conditions, flat discs (for potentiodynamic
polarization curves) and plates (for hydrogen evolution experiments) with two different
roughness and small cubes (for hydrogen evolution experiments) with pass-through
holes to resemble the induced porosity in real implants have been machined. Discs with
a diameter of 29 mm and a thickness of 2 mm (Figure 5.1.2a) and 2 mm thick plates (60
mm long and 25 mm wide, Figure 5.1.2b) were manufactured from the bars. The discs
and the plates were then grounded either using 40 grit silicon carbide papers to obtain a
rough surface and up to 4000 grit silicon carbide papers to obtain a smooth surface. In
the following, we will refer to the former group as “grounded”, while to the latter as
“polished”. Both the typologies of samples were cleaned with acetone and ethanol for
five minutes in ultrasonic bath and then coated with a 40 nm TiOz layer using sputtering
and ALD, respectively.

The induced porosity of real implants has instead been resembled by manufacturing
cubic samples of side 10 mm with six rows and six columns of equally spaced pass-
through holes (¢ = 1 mm) on each side (Figure 5.1.2c) obtained by means of a CNC
milling machine.

a) b) ©)
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60 mm

Figure 5.1.2: Representation of the discs (a), plates (b) and 3D structures (c) used in the
hydrogen evolution experiments

5.1.2.2. Sputtering

Thin film of TiO: is deposited using an AJA ATC-2200V magnetron sputtering tool
(AJA International Inc, MA, USA). The source used is 99.99% pure 2" TiO> target. The
sputtering chamber is pumped down to base pressure below 2e-7 torr. Deposition is
carried out with RF power of 63W, at a pressure of 3mtorr with an Argon gas flow rate
of 63 scem. Initial depositions are conducted to determine the deposition rate, which is
found to be 0.2 1nm/min.

5.1.2.3. ALD

The ALD growth of TiO; thin film was conducted on Savannah S200 system
(Ultratech/Cambridge NanoTech, MA, USA), operating on thermal mode at reactor
temperature of 160°C. The metal organic precursor used was Tetrakis (dimethyl amido)
titanium (IV) or TDMA-Ti, supplied by Sigma-Aldrich (Merck Life Sciences AS,
Norway), heated at 75°C and with deionized water as an oxidizer. Nitrogen was flown
as a carrier gas at a constant flow rate of 20 scem. The oxidant and precursor were
pulsed in the following sequence, Water pulse 0.015 s, purge 5 sec, TDMA-Ti precursor
pulse 0.1 s and purge 5 s. SiO2 witness wafers were also coated to determine the growth
rate using a spectroscopic ellipsometry (Woollam M2000, J.A. Woollam, NE, USA).
The growth rate was found to be 0.5 A°/cycle.

5.1.2.4. Surface characterization

The roughness values of bare polished and grounded discs were measured using a
Dektak 150 Profilometer (Veeco, AZ, USA). A linear scan was conducted in a hills and
value mode. For calculating the Roughness average (R.), an assessment length of
300um was defined, where an arithmetic average deviation from the mean line is
calculated. Measurements were carried out on multiple points in the sample and an
average value was calculated.

In addition, the surface integrity (amount and length of cracks) of sputtered and ALD
polished and grounded coated discs was analyzed using FEI Quanta 450 Scanning
electron Microscope (Thermo Fisher Scientific Inc., USA) with an acceleration voltage
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of 10kV at a working distance of about 10 mm. Three samples for each condition,
respectively, were assessed for reproducibility.

Finally, X-ray photoluminescence (XPS) measurements were conducted to evaluate the
chemical composition of the sputter and ALD coated samples. In addition, the chemical
composition of the polished samples coated by ALD and sputter, respectively, after 24
hours of immersion in SBF was also assessed. Kratos Analytical XPS Microprobe
(Kratos Analytical Ltd, Manchester, UK) which uses Al (Ka) radiation of 1486 eV in a
vacuum environment of 5¥10” Torr was used. CasaXPS software was used to analyze
the XPS data.

5.1.2.5. Potentiodynamic polarization curves

Discs with a diameter of 29 mm and a thickness of 2 mm were manufactured as reported
in Section 5.1.2.1. Potentiodynamic polarization tests were carried out on a Gamry
Interface1000 potentiostat (Gamry Instruments, PA, USA) in order to compare the
effectiveness of sputtered and ALD coatings in improving the corrosion resistance with
different surface roughness. Bare samples were also tested as reference. The
electrochemical tests used three-electrode equipment with the bare or coated samples as
a working electrode, a Hg/Hg>SO4 electrode as a reference electrode, and a platinum
plate electrode as a counter electrode. The samples were immersed in SBF solution
(composition reported in Table 5.1.1). The temperature was set to 37+1°C to reproduce
human body conditions. The potentiodynamic polarization curves were obtained
applying a potential from +1 V with respect to the open circuit potential (OCP),
obtained after a stabilization period of 30 min. The scan rate of the potentiodynamic
polarization test was 0.5 mV/s. The area of the samples exposed to SBF was 1 cm?
disregarding the surface roughness and the corrosion potential and corrosion current
density was determined using the Tafel extrapolation method, according to the ASTM
G5-14 standard [49]. The tests were repeated three times for each surface roughness.

Reagents Amount
NaCl 8.035¢
NaHCO3 0.355¢g
KCl 0225¢g

K>;HPO4-3H,O 0.231 ¢
MgCl,'6H,O 0311 g
1.0p-HC1 39 ml

CaCl, 0292 g
Na,SO4 0.072 g
Tris 6.118 g

Table 5.1.1: Reagents and their quantities for preparation of 1000 ml of the SBF
solution according to [50].

5.1.2.6. Hydrogen evolution experiments

The corrosion of one mole Mg leads to the evolution of one mole of hydrogen gas
which allows the measurement of Mg’s corrosion rate through the collection of
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evolving hydrogen bubbles. Hence, hydrogen evolution tests were used to compare the
protection of sputter- and ALD- coated samples considering two different surface
conditions each. To do so, the commercially available bars were manufactured into 2
mm thick plates (60 mm long and 25 mm wide) as described in Section 5.1.2.1. The
samples were then immersed individually in SBF at 37 °C for 72 hours and the
hydrogen bubbles were collected into a burette from each sample (Figure 5.1.3), as
suggested in Ref. [51]. Bare “grounded” and “polished” samples were also tested as

reference, respectively.
Burette,

&« closed at top

F / Funnel

Sample

Figure 5.1.3: Schematic illustration of the set-up for measurement of the volume of
hydrogen evolved.

In addition, hydrogen evolution tests were carried out on the cubic samples described in
Section 5.1.2.1. These samples were used to compare the performances of sputter and
ALD in the case of 3D structures that resemble the induced porosity in real implants.
Bare samples were also tested as reference.

5.1.2.7. Degradation behavior

Bare and coated cylindrical and cubic samples, prepared as described in Section 5.1.2.5.
and Section 5.1.2.1., respectively, were soaked for one day in SBF at 37 °C to carry out
macro- and micro-morphological characterizations before and after corrosion. All
samples were ultrasonically cleaned for 5 minutes in acetone and ethanol, dried in the
air, and then observed by means of Canon EOS 4000D (Canon, Tokyo, Japan) and FEI
Quanta 450 Scanning Electron Microscope (Thermo Fisher Scientific Inc., USA) for
macro- and micro-morphological characterizations, respectively. In addition, 3D
samples after corrosion have been sliced to show the corroded aspect of the undercuts
for bare, sputter coated and ALD coated samples.

5.1.3. Results

5.1.3.1. Surface characterization
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5.1.3.1.1. Surface integrity
The presence of cracks on ALD and sputter polished and grounded discs have been
assessed by means of SEM analyses and the representative images have been reported

in Figure 5.1.4. In addition, the average length and numerosity are reported in Table
5.1.2.

20000 102 mm

20 pm
NTNU NanoLab

50 m
NTNU NanoLab

40 um
NTNU NanoLab
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Figure 5.1.4: SEM images of representative cracks formed on polished sputter (a and
b), grounded ALD (c and d) and grounded sputter (e and f) discs. On polished ALD
samples no cracks were observed. Being the size of cracks different for each condition,
the scale bars differ from picture to picture

Polished Polished Grounded Grounded
ALD sputter ALD sputter
Crack length - 8.04 £2.48 23.59+3.96 58.12+7.25
(um)
Density - 1.21 £0.37 3.18£0.62 53£0.78
(n°®
cracks/cm?)

Table 5.1.2: Average crack length and density (meant as number of cracks per square
centimetre) of the cracks detected for the different conditions. On polished ALD
samples no cracks were observed

ALD polished discs are not shown since no cracks were observed, while cracks were
observed for all the other conditions. It can be noted that the number of cracks (crack
density in Table 5.1.2) and the length of the cracks increased moving from polished to
grounded samples. In addition, under the same conditions, sputter coated samples are
shown to be characterized by more and longer cracks.

5.1.3.1.2. Roughness evaluation

The average surface roughness of the polished bare samples was 118.6 = 5.1 nm, while
that of the grounded bare samples was 4794.3 + 49.4 nm.

5.1.3.1.3. XPS
5.1.3.1.3.1. XPS before corrosion

XPS was conducted to determine the chemical composition of the ALD and sputter
deposited TiO2. The measurements were carried out on thin films deposited on Si wafer.
To start with, etching was conducted on the surface to remove the effect of
environmental contamination and surface oxidation. Surface was etched for 180 seconds
with an ion beam energy of 2 KeV. Regional scans for the elements, titanium, O and C
were carried out at high resolution. Negligible amounts of C were observed in the
regional scan, thus indicating an ideal deposition without any process contamination.
Figure 5.1.5a and Figure 5.1.5¢ are regional scans of titanium deposited using ALD and
Sputter deposition techniques, respectively. The peaks are found to be very similar in
both the deposition techniques. Peaks corresponding to the core level binding energies,
459 eV and 464 eV of Ti 2ps» and Ti 2p1,, are observed, which is due to Ti*" oxidation
state in TiO, [52]. The shoulder at lower energy around 456 ¢V is due to the presence of
Ti*" caused by the argon etching step [53]. Figure 5.1.5b and Figure 5.1.5d are regional
scans of the oxygen peak in ALD coated and sputter coated samples, respectively. The
peak at 531 eV is due to oxygen atoms in TiO> phase [54], while the small shoulder at
higher energy is due to O in -OH groups present in the form of impurities.
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Stoichiometric TiOx thin films should have Ti and oxygen in 1:2 ratio i.e. 66.7% O and
33.3% Ti, but in our case, we have found the composition to be around 60% for O and

40% Ti indicating an O deficient deposition in both cases.

Deposition Mode O 1s Ti 2p
ALD 60% 40%
Sputtering 61% 39%

Table 5.1.3: Chemical composition of ALD and Sputter deposited TiO2
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Figure 5.1.5: XPS spectra for ALD deposited TiO: (a) Ti 2p (b) O 1s and Sputter

deposited TiO2 (¢) Ti2p (d) O 1s

450 455 475 540

5.1.3.1.3.2. XPS after corrosion

The chemical composition of sputter and ALD coated polished discs after 24 h of
corrosion in SBF (Figure 5.1.6) was evaluated using XPS and reported in Table 5.1.4. In
this case, the main interest was on the amount of chemical elements, and thus the
binding energies were not assessed. Etching was conducted on the surface to remove the
effect of environmental contamination and surface oxidation. The surface was etched
for 180 seconds with an ion beam energy of 2 KeV. Regional scans for Mg, Ti and O
were carried out at high resolution. In addition, Ca and P have also been assessed since
Mg and its alloys are reported to form Mg (Ca) phosphates [55].

a) b)
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Figure 5.1.6: Images of ALD (a) and sputter (b) coated polished samples after 24 hours
of immersion in SBF

Element Concentration (%) before Concentration (%) after
corrosion corrosion

ALD Sputter ALD Sputter
Mg 9 11 9 8
Ti 21 22 3 11
[0) 69 66 73 69
Ca 1 1 6 7
P 0 0 9 5

Table 5.1.4: Chemical composition of ALD and sputter polished discs before and after
24 h of immersion in SBF

5.1.3.2. Potentiodynamic polarization tests

The potentiodynamic polarization curves of the AZ31 cylindrical “grounded” and
“polished” samples plotted on a semi-logarithmic scale are shown in Figures 5.17 and
5.1.8, respectively. Bare, sputter coated and ALD coated curves are reported in black,
blue and red lines, respectively. The related kinetic and thermodynamic corrosion
electrochemical characteristics are reported in Tables 5.1.5 and 5.1.6.
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Figure 5.1.7: Potentiodynamic polarization curves of grounded samples.
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Figure 5.1.8: Potentiodynamic polarization curves of polished samples.

Ecorr (V)  icorr (uA/cm?)
Bare -1.97 £ 0.025 1500 + 40
Sputter coated -1.95 +0.035 600 = 10
ALD coated  -1.90 + 0.015 102+4
Table 5.1.5: Electrochemical corrosion data extrapolated from Figure 5.1.7.

Ecorr (V)  icorr (uA/cm?)
Bare -1.91+£0.02 1400 + 25
Sputter coated -1.79 +0.033 220+ 15
ALD coated  -1.83 +0.016 84+6
Table 5.1.6: Electrochemical corrosion data extrapolated from Figure 5.1.8.

509



Considering both grounded and polished samples, the presence of TiO: coatings led to
an improvement in corrosion resistance, namely an ennoblement of corrosion potential
Ecorr and a reduction of corrosion current density ic.~ of more than one order of
magnitude. It is worth noting that the corrosion current density is directly related to the
corrosion rate by the Faraday’s law, which expresses the material loss of the implant
during its permanence into the human body. This implies that the application of
coatings leads to a reduced corrosion rate. ALD coatings are shown to be more effective
in the protection from corrosion, especially when a high surface roughness is
considered.

5.1.3.3. Hydrogen evolution tests

The hydrogen evolution of grounded and polished plates is reported in Figures 5.1.9 and
5.1.10, respectively. Bare, sputter coated and ALD coated hydrogen evolution are
reported in black, blue and red lines, respectively.
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Figure 5.1.9: Hydrogen evolution of grounded samples
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Figure 5.1.10: Hydrogen evolution of polished samples

The results of the hydrogen evolution tests are in line with the potentiodynamic
polarization curves, i.e. the application of the coating decelerates the corrosion process,
irrespective of the considered surface roughness. In addition, the difference in the
efficiency of the sputter and ALD coatings is more visible in the grounded samples,
again in agreement with the potentiodynamic polarization curves.

The better performances of ALD compared to sputtering in reducing corrosion is further
confirmed by the hydrogen evolution tests carried out on 3D structures reported in
Figure 5.1.11.

400 -
350
300 -
E
E 250 F
= ——hare
2 200 |
v sputter
&
g 150 —ALD
=
>
==
100 -
50
0 10 20 30 40 =0 60 70 B0

Hours

Figure 5.1.11: Hydrogen evolution of the 3D structures reported in Figure 5.1.2
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5.1.3.4. Degradation behavior
5.1.3.4.1. Cylindrical samples

Figures 5.1.12 and 5.1.13 display the macro-morphologies of sputter and ALD coated
cylindrical samples before and after one day of corrosion in SBF for polished and
grounded samples, respectively. The bare AZ31 polished and grounded samples were
taken as control.

Bare __Sputter

Before
corrosion

After
corrosion

Figure 5.1.12: Macro-morphologies of polished bare, sputter and ALD TiO: coated
samples before and after corrosion

Bare

Before
corrosion

After
corrosion
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Figure 5.1.13: Macro-morphologies of grounded bare, sputter and ALD TiO; coated
samples before and after corrosion

From the macro-morphologies it can be clearly seen that the degree of corrosion
damage decreased with the application of coatings for both polished and grounded
samples. In particular, the protectiveness of the ALD coating is shown to be higher
since most of the TiO: coating is still present both in the polished and grounded
samples, whereas several spots exposing the Mg substrate are visible on the sputter
coated samples, particularly regarding the grounded specimen. The higher
protectiveness of the ALD coating are further confirmed by the micro-morphologies
after corrosion of polished and grounded cylindrical samples, gathered in Figures 5.1.14
and 5.1.15, respectively.
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Figure 5.1.14: Micro-morphologiesf bare (a and b), sputter (c and d) and ALD (e and
f) coated cylindrical polished samples after corrosion
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1.15: Micro-morphologies of bare (a and b), sputter (¢ and d) and ALD (e and
f) coated cylindrical grounded samples after corrosion

In the micro-morphologies of ALD coated samples, wider un-corroded areas are visible
compared to sputter coated and especially bare samples. This is even more evident when
polished samples are considered. For all the samples, the corroded areas have numerous
cracks dividing the surface into a network structure, where the delamination and the
flaking off of the protective film can be observed.

5.1.3.4.2. 3D samples

The macro-morphologies of 3D bare, sputter coated and ALD coated samples before
and after one day of corrosion in SBF are reported in Figure 5.1.16.

Bare Sputter ALD

Before
corrosion

After
corrosion

Figure 5.1.16: Macro-morphologies of polished bare, sputter and ALD TiO» coated
samples before and after corrosion

The bare samples are highly corroded, rendering it difficult to recognize the original
shape. A reduction in corrosion is obtained by the application of coatings, particularly in
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the case of ALD coated samples. This is confirmed by the micro-morphologies of the
corroded samples (Figure 5.1.17). In fact, while for bare samples the structure is fully
covered by corrosion products (Figure 5.1.17a) and the original structure can be barely
detected in some locations (in particular within the holes that are obstructed by the
corrosion products (Figure 5.1.17b)), the sputter coated samples are characterized by a
lower amount of corrosion products (Figure 5.1.17c) and the original structure can still
be recognized retaining visible un-corroded areas (Figure 5.1.17d). An even lower
corrosion is detected in the ALD coated samples (Figures 5.1.17¢ and 5.1.17f).

utter (¢ and d) and ALD(e and
f) coated 3D samples after corrosion
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However, the improvement in corrosion resistance of sputter coated samples with
respect to bare samples is not obvious when looking at the micro-morphology of the
corroded sample’s sliced cross-section (Figure 5.1.18). The micro-morphologies of the
corroded sputter 3D samples (Figure 5.1.18b) are comparable to those of the bare
counterparts (Figure 5.1.18a). In ALD samples (Figure 5.1.18c), in contrast, the
corrosion seems consistently lower, which we attribute to the nature of the coating
process providing effective barriers also within a given 3D aspect, independent from its
topological and surface complexity.

a)

t HF\ 500 pm
55.6 mm | 100 x 2.07 mm | 0 NTNU Nanomechanical lab

b)

H! det WD mag BB 500 pm ———
0 kv | ETD | 55.6 mm | 100 x 2.07 mm NTNU Nanomechanical lab
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Figure 5.1.18: Micro-morphology of the bare (a), sputter coated (b) and ALD coated (c)
corroded sample’s sliced cross-section

5.1.4. Discussions

The corrosion performances of ALD and sputter coating techniques were herein
assessed on different surface roughness and on an induced porosity that resemble a
designed porosity of an implant surface [47,48]. Porosity has in fact been shown to
assist the ingrowth of cell [56,57]. To do so, potentiodynamic polarization curves and
hydrogen evolution tests have been carried out. Although both sputter and ALD TiO; 40
nm coatings are shown to improve the corrosion resistance, the performance of ALD
and sputter coatings differ, where deviations increase with surface and topological
complexity (roughness and porosity). Whereas the corrosion current density (icorr) of
ALD coated polished samples differs by a factor of three compared to sputter coated
counterparts, the icorr is six times lower on ALD coated grounded samples. These results
are corroborated by hydrogen evolution experiments. After 72 hours of exposure to
SBF, the amount of evolved hydrogen from polished samples coated with ALD is 6.8%
lower than on sputter coated samples, while the difference is as high as 10% on
grounded samples.

The reduced effectiveness of sputtered coatings on rough surfaces is in agreement with
the results of Munemasa and Kumakiri [58]. They reported that the corrosion protection
of sputter coated carbon steel decreases with the increase in substrate roughness. They
related this effect to an increased amount of uncovered surface area in the case of
rougher substrates. Sputter is a line-of-sight technique and this represents a limitation
when seeking complete surface coverage of areas that are shadowed by surface features
of a rough substrate. This limitation becomes particularly problematic on 3D aspects,
such as cell scaffolds than naturally have to comprise a 3D topology to provide
anchoring points and topological cues for cells [59,60]. In an attempt to mimic such a
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scenario, we performed hydrogen evolution experiments on simple 3D porous
structures. Here, several macroscopic undercuts and shadowed areas are present. The
ALD coating performs significantly better in such a scenario; the respective specimens
are characterized by a 68% reduced hydrogen evolution compared to sputter coated
counterparts. Regarding the micro-morphologies of the undercuts and shadowed areas
of the sliced 3D structures reported in Figure 5.1.18, it can be seen that the sputter
coated samples (Figure 5.1.18b) possesses a morphology similar to bare samples
(Figure 5.1.18a), indicating that these areas have not or only barely been covered in the
first place. ALD, instead, is a conformal process, and thus it is able to coat the inner
areas as shown by the micro-morphologies of the sliced 3D samples (Figure 5.1.18c)
leading to significant effects in the structure’s appearance after its exposure to SBF.
However, the better performance of ALD compared to sputter coatings cannot be
ascribed to the line-of-sight limitation only, but also to defects in the coating. It is clear
that defects such as cracks and pores provide access for the media to attack the
underlying substrate thereby reducing the coating’s effectiveness. If the coatings
deposited were perfectly conformal, dense and defect-free, their corrosion rate would
ideally match the literature reported values for pure TiO, in SBF. However, the
corrosion rate of the sputter and ALD coated samples (measured by means of the
Faraday’s law [61] after normalization by the surface area) differs significantly from
that of pure TiO2 (0.37-10° mm/year) [62]. In fact, polished samples (characterized by a
Sdr! of 0.06) have corrosion rates 1.8-107 and 6.8-10* mm/year for sputter and ALD
coated samples, respectively, while grounded samples (characterized by a Sdr of 0.1),
yield 4.7-103 and 8.1-10* mm/year, respectively. The higher difference reported
between the corrosion rate of sputter coated AZ31 samples and that of pure TiO»
compared to that for ALD coated indicates a higher amount of defect in the sputter TiO2
coating, as confirmed by the surface integrity assessments reported in Figure 5.1.4 and
Table 5.1.2. In particular, the higher amount of cracks shown for grounded samples
further increases the difference in corrosion rate from pure and defect-free TiO».

These cracks usually form as a consequence of the induced residual stresses on the
coating due to the difference in the thermal expansion coefficient between the coating
and the substrate [63,64]. The thermal expansion coefficient of Mg is reported to be
27-10 °C-! [64], while that of TiO; is 7-10° °C"! [65,66]. The higher amount of cracks
in the sputter coating may be attributed to the higher process temperature during
sputtering (260 °C) compared to ALD (160 °C) [67]. In addition, the higher the
substrate roughness, the higher the residual stresses induced during the coating
deposition [68,69] leading to a higher number and longer cracks [70], which is clearly
visible on our grounded samples (Figure 5.1.4 and Table 5.1.2). Finally, such cracks are
reported to reduce the adhesion strength [71]. This is confirmed by the images of ALD
and sputter coated polished samples after 24 hours of immersion in SBF (Figure 5.1.6).
The ALD samples are characterized by a more uniform corrosion mode, indicative of a
stronger film adhesion. This is also shown by the corresponding XPS measurements.
ALD films have a lower concentration of titanium after corrosion (3%, as compared to
11% in the sputter coated samples). This, in combination with the fact that the amount
of Mg is unchanged in ALD samples while it decreases in sputter samples, suggests that

' Area roughness parameter, describes the additional area provided by texture with respect
to the planar area [72]
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after 24 hours of immersion, the Mg substrate coated by ALD, has barely been affected
with the SBF having mainly attacked the TiO: layer. Contrarily, in the sputter coated
samples, the corrosion is less uniform. A higher amount of Ti prevails after corrosion
whereas Mg is reduced, indicative of an attack on the underlying substrate.

We conclude that both coatings can be considered viable for the fabrication of
biodegradable implants with a prolonged durability inside the human body. However,
the choice of the coating technique has to be taken based on the specific scenario.
Surface integrity of the coatings and an effective barrier in undercuts and shadowed
areas render ALD superior in our study, which may have an impact on the choice of
coating techniques for Mg based biomedical implants.

5.1.5. Conclusions

In this work, we aimed to provide new insight into the corrosion performances of ALD
coated AZ31 Mg alloy and provide a comparison in corrosion protection performances
of ALD and sputtered biocompatible TiO> coatings. We compared different surface
roughness and topologies in order to resemble the topology and the appearance of an
implant designed for cell adhesion and ingrowth. An AZ31 alloy has been machined
into samples with two different roughness and into small cubes with pass-through holes
to resemble an induced porosity. All these different geometries have been coated with a
40 nm layer of TiO, obtained by means of sputter and ALD and their corrosion
properties have been evaluated by means of potentiodynamic polarization curves tests
and hydrogen evolution experiments. In addition, a characterization of the surface
integrity prior to testing and of the chemical composition before and after testing have
been carried out.

The main findings can be summarized as follows:

e The ALD technique has been shown to provide the better corrosion protection
both for smooth and rough surfaces. Dealing with the former, the corrosion
current density of bare samples has been reduced from 1400 pA/cm?® to 220
pA/cm? and 84 pA/cm? using sputtering and ALD, respectively, while for rough
samples, the corrosion current density of the bare material was reduced from
1500 pA/ecm? to 600 pA/em? and 102 pA/cm? using sputtering and ALD,
respectively.

e A similar trend was obtained in hydrogen evolution tests. The hydrogen evolved
from bare polished samples was reduced by 21% and 27% with sputter and
ALD, respectively. Dealing with rough samples, the hydrogen evolved from the
bare material was instead reduced by 12% and 20% considering sputter and
ALD, respectively.

e The line-of-sight limitation of sputtering is particularly evident in the case of 3D
porous structures, where the hydrogen evolved from the bare samples are
reduced only by 13% when sputtered coatings are considered, while ALD
coatings lead to a reduction of 72%.

e The improved corrosion performances of ALD compared to sputtering is not
only due to the line-of-sight limitation, but also to the increased surface integrity
of the former. In fact, under the same conditions, sputter coatings are
characterized by more and longer cracks. No difference in the chemical
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composition of the coating prior to corrosion was found, while the amount of Ti
and Mg differs after 24 hours of corrosion, indicating a more uniform corrosion
of the ALD samples, as confirmed also by the pictures of the samples.

It can be concluded that both sputtering and ALD are effective methods to increase the
corrosion resistance of AZ31 alloy, but ALD has been shown to provide the best
corrosion performances regardless the surface conditions (roughness and topology).
Therefore, it can be considered a viable pathway for the fabrication of biodegradable
implants with a prolonged durability inside the human body.
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Abstract?

In the last years, magnesium and its alloys have been widely studied as materials for
temporary implant devices. However, one of their main limitations is their high
corrosion rate. Coatings have been proven to provide an effective barrier. Though only
little explored in the field, Atomic Layer Deposition (ALD) stands out as a coating
technology due to the outstanding film conformality and density achievable. Here, we
provide first insights into the corrosion behavior and the induced biological response of
100 nm thick ALD TiO,, HfO; and ZrO; coatings on AZ31 alloy by means of
potentiodynamic polarization curves, electrochemical impedance spectroscopy (EIS),
hydrogen evolution experiments and MTS colorimetric assays with L929 cells. Whereas
all three coatings improve the corrosion behavior and cytotoxicity of the alloy, HfO, in
particular, reduces the evolved hydrogen by 95% and increases the cell viability by
588% (after 5 days of culture) with respect to the uncoated AZ31 counterpart. ZrO:
coatings show a similar tendency with slightly worse performance. TiO> was
characterized by the lowest corrosion improvements and, though generally considered a
biocompatible coating, was found to be characterized by grade 3 cytotoxicity after 5
days of culture, which does not meet the demands for cellular applications. These
results indicate the strong link between biocompatibility and corrosion protection and
signify the need of considering the latter when choosing a biocompatible coating to
protect temporary Mg based alloys before implantation.

Keywords: Atomic Layer Deposition (ALD); coatings; corrosion resistance;
cytocompatibility; Magnesium

5.2.1. Introduction

' Corresponding author
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As ageing and obesity increases the demand for the implantation of medical devices [1],
medical technology advances, with an increased interest in the use of metallic materials
for implantable devices to assist with tissue repair or replacement. Implantable devices
can be divided into permanent and temporary. For the latter, where implants are only
required to stay inside the human body until the tissue heals sufficiently to regain load
bearing capacity and integrity, biodegradable materials are desired and Magnesium
(Mg) stands out [2—4] due to its attractive features; (1) an elastic modulus compatible
with natural bone minimizing the risk of stress shielding [2] and (2) the ability to
degrade in vivo without releasing toxic products [5—7]. Accelerated corrosion of pure
Mg hampers its usability in clinical applications as mechanical failure of the implant is
prone to occur before the tissue has recovered. During corrosion, hydrogen gas gets
produced at rates beyond what bone tissue is able to accommodate ultimately causing
severe host tissue damage [8,9].

To tailor the corrosion rate of Mg, different strategies have been developed. Alloying is
an effective way to tune the corrosion rate [10,11], but may introduce elements causing
adverse biological reactions [12]. Therefore, in recent years, mechanical processing
inducing severe plastic deformation (SPD) has been investigated as viable alternative
not requiring chemical changes to the base material. SPD techniques cause a dynamic
recrystallization characterized by the nucleation and growth of new and finer grains and
Equal Channel Angular Pressing (ECAP) is one such technique [13,14]. Sunil et al.
[15], for example, reported the fourfold reduction of the corrosion current density of an
AZ31 alloy with respect to the annealed counterpart after they underwent four passes of
ECAP and an increased L6 cells adhesion with the number of passes. They correlated
the improved cell proliferation on fine grained ECAPed samples to the higher
wettability and lower degradation rate of ECAPed samples. Whereas SPD is a viable
pathway to increase both corrosion resistance and cell viability, SPD techniques such as
ECAP require multiple deformation passes to accumulate large strain in the to refine the
material microstructure down to ultrafine grains [16]. Machining is another effective
method to achieve surface confined SPD not requiring large plastic deformations of the
entire material. Compared to conventional SPD, it induces higher strain levels into the
workpiece in just a single stage operation [17]. In addition, the use of liquid nitrogen as
coolant during machining further improves the functional performance and product life
[18]. We reported a reduction of up to an order of magnitude in the corrosion current
density when AZ31 Mg alloys were cryogenically machined [19]. These improvements
were associated with the formation of a nano-crystalline and compressed surface layer.
However, once the nano-crystalline surface layer dissolves, the machining induced
corrosion resistance disappears. In addition, a potential Mg implant may need surface
texture and porosity to enhance ingrowth of cells and tissue at the patient specific site of
interest [20,21]. In such a scenario, cryogenic machining, despite its benefits in initial
corrosion resistance, might not be applicable as intricate features and textured surfaces
are difficult to be made [22].

Hence, an alternative, surface confined approach allowing the control of surface texture
might be required. Coatings have thus emerged as an effective way to preserve designed
macroscopic porosity and surface roughness tailored for osseointegration and to match
mechanical characteristics. Several coatings techniques, such as anodizing, fluoride
conversion coating, sol-gel techniques and physical vapor deposition techniques, have
been developed in the last years to increase the corrosion resistance [23]. However, all
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these techniques are characterized by some drawbacks that limit their use, mainly low
control of the thickness and high porosity and cracking [24-26]. In addition, the
effectiveness of physical vapor deposition techniques, such as sputtering, may be
limited due to the inherent line-of-sight deposition process [27]. To overcome this issue,
Chemical Vapor Deposition (CVD) is employed. In this class of processes, the substrate
surface is exposed to one or more volatile precursors that react and/or decompose to
produce the desired surface deposit. Among CVD techniques, Atomic Layer Deposition
(ALD) stands out in terms of conformality, film density and possibility for
compositional control due to its self-limiting surface-gas phase reactions and it has
recently found application in corrosion protection of biomedical implants [28,29]. In
this field, researchers have mainly focused on the effect of biocompatible coatings
deposited by means of ALD on the corrosion resistance of metallic implant materials
[30,31]. In particular, their interest has fallen on TiO2 and ZrO,. TiO; is in fact known to
be biocompatible since it can induce in vitro bone-like apatite formation and can
stimulate osteoconductivity in vivo [32-34], along with the ability to bond directly and
reliably to living bone in a short period after implantation [35], while ZrO: is an
important biomaterial widely used in applications such as dental implants where
osteointegration is of minor importance compared to the requirements of corrosion and
wear resistance [36] and of a reduced bacterial colonization [37,38]. Dealing with Mg
and its alloys, although limited data are available, the application of both ALDed TiO»
and ZrOs has been shown to promisingly improve the corrosion resistance. Marin et al.
[29] reported that a 100 nm thick TiO; layer reduced the corrosion current density of a
commercial AZ31 Mg alloy from 10 A/em?® to 10® A/cm?, while Liu et al. reported a
three order of magnitude decrease in the corrosion current density of an AZ31 Mg alloy
that was coated with a 10 nm thick ZrO» layer [28], agreeing with the results obtained
by the authors for a 100 nm thick ZrO; layer [39,40]. However, in the development of
reliable Mg-based implants, and more in general of temporary implants, the corrosion
resistance of a material is fundamental also because it can affect the cell response:
degradation products evolving during the corrosion process may in fact cause adverse
effect on the surrounding (the vicinity of the implant). Considering Mg, from the
corrosion process, Ha evolves, influencing the pH around the implant, and it is widely
known that a high pH has harmful effects on the cell viability, migration and
proliferation [41]: a pH higher than 8.5 was in fact reported to inhibit the proliferation
of hBMSCs [42]. Nevertheless, to the best of the authors’ knowledge, the cytotoxicity
of ALD TiO: and ZrO> coatings has never been evaluated. In this work we thus aim to
fill this gap and to provide further insight in the corrosion performances of ALD TiO»
and ZrO; coatings in a physiologically relevant environment. To do so, potentiodynamic
polarization curves, electrochemical impedance spectroscopy (EIS) and hydrogen
evolution tests have been carried out on 100 nm thick TiO> and ZrO: coated AZ31
samples to assess the corrosion performances and cytotoxicity studies by MTS
colorimetric assay using L929 cells were carried out to investigate the possible effect of
TiO> and ZrO, ALD coatings on cell viability in the vicinity of the implant. To
substantiate the importance of high corrosion resistance to the viability of the cells
surrounding an implant, we compare the results obtained on TiO» and ZrO> coated
AZ31 substrates with those obtained on HfO» coated counterparts, considered also
biocompatible [43,44]. In this perspective, 100nm thick ALD HfO layer has been
herein coated on an AZ31 substrate and potentiodynamic polarization curves,
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electrochemical impedance spectroscopy (EIS) and hydrogen evolution tests have been
carried out to assess the corrosion performances. In addition, cytotoxicity studies by
MTS colorimetric assay using 1929 cells has also been carried out.

5.2.2. Materials and methods

5.2.2.1. Materials and environment

AZ31 Mg alloy was supplied in form of commercially available bars. The microstructure of the
material in the as-received condition is shown in Figure 5.2.1 and consists of a quite
homogeneous o matrix. The initial grain size was measured by linear intercept method and
resulted equal to 13.2 = 8 um.

ol .

Figure 5.2.1: Microstructure of the AZ31 alloy in the as-received condition.

The test medium was a simulated body fluid (SBF) prepared according to Ref. [45] for
the corrosion tests and Dulbecco’s Modified Eagle Medium (DMEM - Life
Technologies Corp, California, USA) supplemented with 10%v/v fetal bovine serum
(FBS), 100U/ml penicillin and 100pg/ml streptomycin for the cytotoxicity tests.

5.2.2.2. Atomic Layer Deposition

The deposition of the ALD coatings was carried out in a commercial ALD reactor
(Savannah S200, Veeco Instruments Inc., Massachusetts, USA) through successive
cyclic reactions. Dealing with ZrO», 926 successive cyclic reactions between Tetrakis
(dimethylamino) zirconium (TDMAZ) and deionized water (H20) at 160 °C were
carried out to obtain a total thickness of 100 nm. Each cycle was composed of two parts.
The first part consisted of a 250-ms TDMAZ precursor pulse and a 10-s Hi-purity N
purge with a flow rate of 20 sccm to remove residual reactants and by-products from the
chamber so as to prevent any additional chemical vapor deposition reactions. The
second part comprised a 150-ms H>O precursor pulse and a 15-ms Hi-purity N> purge.
In the process of deposition, the TDMAZ precursor, H>O precursor, and delivery lines
were heated to 75 °C, 25 °C, and 160 °C, respectively. During the deposition process,
the ZrO; layer deposition rate was of approximately 1.08 A/cycle. Concerning TiO», the
metal organic precursor used was Tetrakis (dimethylamido) titanium (IV) or TDMA-Ti
heated at 75°C. Each cycle was again composed of two parts. The first part consisted of

530



a 0.1 s TDMA-Ti precursor pulse and a 5 s Hi-purity N> purge with a flow rate of 20
sccm. The second part comprised a 0.015 s H2O precursor pulse and a 5 s Hi-purity N»
purge. The deposition rate was found to be 0.5 A°/cycle. Finally, the deposition of HfO>
was carried out through successive cyclic reactions between Tetrakis (dimethylamino)
Hafnium (TDMAH) and deionized water (H20) at 160 °C. Each cycle was composed of
two parts. The first part consisted of a 200-ms TDMAZ precursor pulse and a 10-s Hi-
purity N> purge with a flow rate of 20 sccm to remove residual reactants and by-
products from the chamber to prevent any additional chemical vapor deposition
reactions. The second part comprised a 150-ms H>O precursor pulse and a 10 s Hi-
purity N> purge. In the process of deposition, the TDMAH precursor, H,O precursor,
and delivery lines were heated to 75 °C, 25 °C, and 160 °C, respectively. The deposition
rate was measured at 1.3 A/cycle.

5.2.2.3. Coating characterization

X-ray photoluminescence (XPS) measurements were conducted to assess the chemical
composition of the TiO,, ZrO, and HfO, ALD coatings. Kratos Analytical XPS
Microprobe (Kratos Analytical Ltd, Manchester, UK) which uses Al (Ko) radiation of
1486 eV in a vacuum environment of 5*10° Torr was used. CasaXPS software was
used to analyze the XPS data.

5.2.2.4. Potentiodynamic polarization curves

Discs with a diameter of 29 mm and a thickness of 2 mm were manufactured from the
commercially available bars using a lathe. The samples were then grounded up to 2000
grit silicon carbide papers and cleaned with acetone and ethanol for five minutes in
ultrasonic bath. Some of these samples were then coated as described in Section 2.2.
Potentiodynamic polarization curves of bare and coated samples were carried out in
simulated body fluid (SBF) with a pH of 7.4 on the Gamry Reference 600+ potentiostat.
The electrochemical tests used three-clectrode equipment with the bare or coated
samples as a working electrode, a Hg/Hg2SO4 electrode as a reference electrode, and a
platinum plate electrode as a counter electrode. The area of the samples exposed to SBF
was 1 cm?. The potentiodynamic polarization test was conducted at a stable open-circuit
potential after a stabilization period of 30 min. The scan rate of the potentiodynamic
polarization test was 0.5 mV/s.

5.2.2.5. Electrochemical impedance spectroscopy

Electrochemical impedance spectroscopy was carried out using the same three-clectrode
configuration and the same potentiostat as described in the previous Section.
Additionally, the electrochemical cell was placed inside a Faraday’s cage to avoid noise
in the results. To fit the results, the software Gamry Echem Analyst (Gamry
Instruments, Warminster, PA, USA) was used. The signal amplitude during EIS was 10
mV relative to the open circuit potential (OCP) at a frequency range of 10 to 10° Hz,
and the samples were kept in SBF for half an hour before measurements to stabilize and
measure OCP.

531



5.2.2.6. Hydrogen evolution tests

During the immersion tests, the chemical reaction between Mg and electrolyte occurs as
shown in the following equation [2]:

Mg +2H,0— Mg(OH), +H, (5.2.1)

From the above equation it can be easily understood that the dissolution of one
magnesium atom generates one hydrogen gas molecule. In other words, the evolution of
one mole of hydrogen gas corresponds to the dissolution of one mole of magnesium.
Therefore, measuring the volume of hydrogen evolved allows to assess the corrosion
rate of Mg and its alloys in a way that permits to overcome the drawbacks of the weight
loss method and of the electrochemical techniques [46]. To do so, cubic samples of side
5 mm were obtained from the as-received material and they were grounded up to 2000
grit silicon carbide papers and cleaned with acetone and ethanol for five minutes in
ultrasonic bath. Some of these samples were then coated as described in Section 5.2.2.2.
The immersion tests were carried out in SBF at 37 °C for 7 days individually to monitor
the hydrogen evolution. Hydrogen bubbles were collected into a burette from each
sample as suggested in [46].

5.2.2.7. Degradation behavior

Cylindrical samples prepared as described in Section 5.2.2.4. were soaked for one day
in SBF at 37 °C to carry out macro- and micro-morphological characterizations before
and after corrosion. All samples were ultrasonically cleaned for 5 minutes in acetone
and ethanol, dried in the air, and then observed by means of Canon EOS 4000D (Canon,
Tokyo, Japan) and FEI Quanta 450 Scanning Electron Microscope (Thermo Fisher
Scientific Inc., USA) for macro- and micro-morphological characterizations,
respectively.

5.2.2.8. Cytotoxicity testing

Cytotoxicity was assessed via the MTS cell proliferation assay (Promega) in 1L929
murine fibroblasts as per manufacturer’s recommendations. To compare the
cytocompatibility of the different coatings, extracts were prepared by incubating the
samples in complete Dulbecco’s Modified Eagle Medium (DMEM), supplemented with
10%v/v fetal bovine serum (FBS), 100U/ml penicillin and 100pg/ml streptomycin with
1.25ml/cm? extraction ratio for 72 hours at 37°C in a humidified atmosphere with 5%
CO; [47,48]. The supernatants were collected and centrifuged, and 100% extracts were
employed for the cell proliferation assay. Briefly, 3x10° cells/well were seeded on 96-
well plates and incubated for 24 hours to allow attachment. Starting from the following
day, 100ul of the different extracts were added to each well. Complete DMEM was
applied as a negative control. The effect of the extracts on cell viability was assessed
after 1, 3 and 5 days of treatment. The generation of colored formazan by reduction of
the MTS tetrazolium compound was monitored by measuring absorbance at 490nm on a
VICTOR™X3 plate reader (Perkin Elmer, Massachusetts, USA).
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In addition, another set of samples was incubated as just described to assess the pH
evolution of the extracts with a pH meter Inolab 730 (WTW, Weilheim, Germany).

5.2.3. Results
5.2.3.1. Coating characterization

XPS was conducted to determine the chemical composition of the ALD deposited TiO»,
ZrO; and HfO;. In order to have minimum effect of the underlying substrate, the
measurements were carried out on thin film deposited on Si wafer. Prior to chemical
characterization, the effect of environmental contamination and surface oxidation were
removed by etching the surface for 180 seconds with an energy of 2 KeV. Dealing with
titania, regional scans for titanium, oxygen and carbon were carried out at high
resolution. Negligible amounts of carbon were observed in the regional scan of carbon,
thus indicating an ideal deposition without any process contamination. Figure 5.2.2 (a)
and (b) are regional scan of titanium and oxygen, respectively. For titanium, peaks
corresponding to the core level binding energies, 459 eV and 464 eV of Ti 2p3» and Ti
2piy» are observed, which is due to Ti*" oxidation state in TiO» [49]. The shoulder at
lower energy around 456 eV is due to the presence of Ti*" caused due to the argon
etching step [50]. Dealing with oxygen, the peak at 531 eV is due to oxygen atoms in
TiO; phase [51], while the small shoulder at higher energy is due to oxygen in hydroxyl
groups present in the form impurities. Stoichiometric TiOx thin films should have Ti and
oxygen in 1:2 ratio i.e. 66.7% oxygen and 33.3% titanium, but in our case, we have
found the composition to be around 60% for oxygen and 40% titanium, thus indicating
an oxygen deficient deposition.
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Figure 5.2.2: XPS spectra for ALD deposited TiO: (a) Ti 2p (b) O Is

Dealing with zirconia, regional scans zirconium, oxygen and carbon were also carried
out at high resolution. No peak was observed in the high resolution scan for element
carbon, thus showing a near carbon free ALD deposition. The high resolution spectra
(Figure 5.2.3a) of Zr 3d shows two peaks at binding energy 182 eV and 184 eV, which
correspond to Zr 3ds; and Zr 3ds3» respectively. The scan conducted for O 1s (Figure
5.2.3b) showed a peak at 530 eV which belongs to ZrO> and the shoulder on the higher
energy side is due to the oxidation of metal in air forming ZrO. The quantification
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calculation using CASAXPS software showed a composition as 40 % Zr and 60% O.
Thus indicating an oxygen deficient zirconia thin film.
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Figure 5.2.3: XPS spectra for ALD deposited ZrO2 (a) Zr 3d (b) O 1s

Finally, dealing with hafnia, regional scans for the elements, hafnium, oxygen and
carbon were again carried out at high resolution. Negligible amounts of carbon were
observed in the regional scan of carbon, thus indicating an ideal deposition without any
process contamination. Figure 5.2.4b shows the core level spectra of O 1s associated
with HfO; [52]. The region at higher energy above the peak at 531 eV shows a shoulder
due to presence of a small amount of contamination due to carbon or moisture. In the
regional scan of element Hf 4f, peak positions at 18.5 eV and 20.7 eV, correspond to Hf
4172 and Hf 4fs52 in HfO2 [53]. The shoulders at lower energies below 18.5 eV are due
Hf interstitials and oxygen vacancies [54]. Stoichiometric HfO; thin films should have
Hf and Oxygen in 1:2 ratio i.e. 66.7% oxygen and 33.3% hafnium, but in our case, we
have found the composition to be around 63% oxygen and 37% hafnium, thus
indicating a slightly oxygen deficient deposition.
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Figure 5.2.4: XPS depth profile spectra of ALD deposited HfO; (a) Hf 4f and (b) O 1s
5.2.3.2. Potentiodynamic polarization curves

The potentiodynamic polarization curves of the coated and bare samples are shown in
Figure 5.2.5 and the results of the corrosion potentials (Ecor) and of the corrosion
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current densities (icorr) are shown in Table 5.2.1. In general, the potentiodynamic
polarization test is used to investigate the corrosion properties of materials. The
corrosion current density and free corrosion potential in the Tafel curve are closely
related to the corrosion situation of the sample, i.e., a lower corrosion current density
corresponds to a smaller corrosion rate and a higher free corrosion potential corresponds
to a minor corrosion trend. Compared with the uncoated alloy, the corrosion current
densities of the coated samples display declining trends (Figure 5.2.5 and Table 5.2.1).
In particular, the HfO> coating is reported to provide the lowest corrosion current
density, that is half of that provided by ZrO> and 40 times lower than that of TiO».
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Current density (A/cm?)
Figure 5.2.5: Potentiodynamic polarization curves of bare (blue), TiOz (green),

Zr0O» (red) and HfO> (fuchsia) AZ31 alloy in SBF.

Bare TiO; coating Zr0; HfO,

coating coating

Ecorr (V) -2.0 -1.90 -2.02 -2.09
icorr (A/cm?) 3.010° 24.9 10° 1.210° 0.6 10

Table 5.2.1: Results of the corrosion potentials (Ecorr) and corrosion cuttent
densities (icorr) for bare and coated AZ31 samples in SBF.

5.2.3.3. Electrochemical impedance spectroscopy

The Nyquist-plots of bare and TiO2, ZrO», and HfO; are shown in Figure 5.2.6a, 5.2.6b,
5.2.6¢ and 5.2.6d, respectively. In the Nyquist plots, the bare and the coated samples are
characterized by three time constants being the capacitive loop in the high and medium
frequency range and the inductive loop in the low-frequency range [55,56]. Being the
capacity loop connected to the transfer process between the coating and the substrate, a
larger capacitive loop means better corrosion resistance [57]. Due to the larger diameter
of the capacitive loops of the coated samples compared to the bare sample, the treated
samples show much better performance in corrosion resistance. The capacitive loops
and hence the corrosion performance is ranked HfO, > ZrO> > TiO, > bare, confirming
the results of the potentiodynamic polarization curves. There is a large difference in
impedance among the different samples, as can be seen by inspecting the order of
magnitudes on the axes.
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Figure 5.2.6: Nyquist plots of bare (a), TiO2 (b), ZrO2 (¢) and HfO» (d) coated AZ31
alloy in SBF.
The Bode plots of bare and TiO,, ZrO,, and HfO; are shown in Figure 5.2.7a, 5.2.7b,
5.2.7¢ and 5.2.7d, respectively. The Bode plots also help to investigate the corrosion
resistance as a higher value of |Z|r>0 means greater corrosion resistance [58,59]. The
|Z|¢>0 value for the bare, TiO,, ZrO, and HfO; coated samples is 1.4 - 10> Q - cm?, 4.5 -
10°Q - cm? 2.1 - 10°Q - cm? and 4 - 107 Q - cm?, respectively, confirming the results
found in the Nyquist plots.
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Figure 5.2.7: Bode plots of bare (a), TiO2 (b), ZrO:z (c) and HfO> (d) coated AZ31
alloy in SBF.

5.2.3.4. Hydrogen evolution tests

The hydrogen evolution curves of bare and coated samples are reported in Figure 5.2.8,
and the results further suggest that the application of the coatings can prevent the
degradation of AZ31 alloy. In particular, after 7 days, the hydrogen evolved from the
bare samples is reduced by 52% if 100 nm of ALD TiO: is considered. Higher
improvements are obtained if ZrO: and, above all, HfO» are employed: the former leads
to a reduction in the hydrogen evolved by 92.5%, while the latter to a reduction by 95%.
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Figure 5.2.8: Hydrogen evolved from the immersion of bare and coated AZ31 alloy in
SBF.

5.2.3.5. Degradation behaviour
Figure 5.2.9 displays the macro-morphologies of TiO2, ZrO> and HfO, coated samples

before and after one day of corrosion in SBF. The bare AZ31 sample was taken as
control.
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Figure 5.2.9: Macro-morbhologies of bare, TiO, ZrOzy and HfO; coated samples before
and after corrosion

It can be clearly seen that the degree of corrosion damage decreased with the application
of coatings, until it became negligible for HfO, coated samples. In particular, the
extensively corroded surface of bare samples, characterized by pits, was reduced by
applying a TiO; layer, where un-corroded areas were accompanied by corroded areas
characterized by a filiform corrosion. Barely any corrosion apart from the small area at
the edge of the sample was observable from the macro-morphologies of ZrO, coated
samples. However, the micro-morphologies revealed some small corroded area in the
center of the ZrO> coated samples (Figures 5.2.10e and 5.2.10f). In addition, although
the macro-morphologies of HfO» coated samples did not reveal any corrosion, the
micro-morphologies showed the presence of some small areas where the early stage of
the corrosion products formation can be seen, together with the onset of filiform
corrosion (Figures 5.2.10g and 5.2.10h). TiO2 coated samples and bare samples are
characterized by a large number of cracks dividing the surface into network structure
(Figures 5.2.10a and 5.2.10b and Figures 5.2.10c and 5.2.10d for bare and TiO; coated
samples, respectively). In addition, in the bare samples, the surface film layer began to
delaminate and flake off (Figures 5.2.10a and 5.2.10b).
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Figure 5.2.10: Micro-morphologies of bre (a and b), TiO; (c and d), ZrO: (e and f) and
HfO» (g and h) coated samples before and after corrosion

5.2.3.6. Cytotoxicity testing

The L1929 murine cell line and the MTS assay were employed to determine the
cytotoxicity of the different ALD coatings. Figure 5.2.11 shows the viability of L929
cells after exposure to extracts of the AZ31 alloy and coated samples after 1, 3 and 5
days' culture.
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Figure 5.2.11: Cell viability of L-929 cultured in extracts from bare and coated AZ31
substrates after culture for 1, 3 and 5 days. Error bars represent means £ SEM for n=3

Finally, Figure 5.2.12 reports the pH evolution during the preparation of the extracts.
12

1| @ bare
1. ° ) °
11 3 erioz °
1| @zr02 L
10 J/@nro2
jas ] ® ° [
o ] ® L
91 °
] °
] °
8 ° [ ] ° [ ]
] ® : °
] ) ®
¢

0 10 20 30 40 50 60 70 80
Time (hours)

Figure 5.2.12. pH evolution of bare and coated samples in DMEM supplemented with
10% FBS

As it can be seen, the application of the coatings is shown to reduce the increase in pH
produced by the bare alloy. In particular, the pH is reduced by 15.5% if 100 nm of ALD
TiO> is considered. Higher improvements are obtained if ZrO, and, above all, HfO; are
employed: the former leads to a reduction in the hydrogen evolved by 27.1%, while the
latter to a reduction by 29.7%.

5.2.4. Discussion

In recent years, ALD has emerged as a promising coating technique for biomedical
materials due to the high conformality and density of its films. Dealing with
biodegradable materials, and in particular with Mg and its alloys, researchers have
focused on assessing their corrosion resistance after the deposition of biocompatible
coatings, mainly TiO, and ZrO», obtained by ALD. However, the literature in the field
is still limited and in this work we have thus provided further insights in the corrosion
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performances in SBF of three different biocompatible materials (TiO2, ZrO> and HfO»)
obtained by means of ALD. In addition, in a temporary implant that is made to
disappear over time, the impact of the corrosion products to the immediate surrounding
of the implant becomes important and is an additional factor to consider in addition to
cell attachment. From the corrosion process of Mg and its alloys, for example, Ha
evolves, influencing the pH, and it is widely known that a high pH has harmful effects
on the cell viability, migration and proliferation [41]. However, the effects of ALDed
coatings on the cytotoxicity of Mg and its alloys have not been studied yet to the best of
the authors’ knowledge. Thus, the effects of the three biocompatible materials
mentioned above deposited by means of ALD on the cytotoxicity of AZ31 alloy have
been investigated here and correlated to the corrosion properties of the coatings, aiming
to assess whether biocompatibility issues may arise when materials considered
biocompatible when the cells are in direct contact are used as coatings for biodegradable
materials such as Mg and its alloys.

From the MTS assay results reported in Figure 5.2.11, it can be seen that the application
of coatings increases the cell viability of the bare AZ31 alloy. However, according to
the evaluation of cytotoxicity listed in Table 5.2.2, not all the coatings lead to Grade 1
cytotoxicity, that represents the threshold above which a material is considered to meet
the demands for cellular applications [60].

Cell viability >100 75-99 50-74 25-49 1-24 <l

Grade 0 1 2 3 4 5

Table 5.2.2: The standard evaluation of cytotoxicity (%)

In fact, Grade 1 cytotoxicity was constantly found only for ZrO, and HfO,, with the
latter to be the only one showing Grade 0 cytotoxicity. TiO2 coatings is instead
characterized by Grade 1 cytotoxicity only at 1 day of culture, after that the viability
decreases down to Grade 2. Considering bare samples, they are always characterized by
a too low viability to meet the demands for cellular applications.

These results can be related to the corrosion performances of the coatings. In fact, from
the corrosion process of Mg and its alloys, Mg?" ions and H» evolve. The former are
reported to exert an adverse effect on the attachment and proliferation of cells when
their local concentration is high since cell proliferation is delayed in hyper-osmotic
solutions [61]. Wong et al. reported that a magnesium ion concentration of 200 ppm
caused the down-regulation of osteogenesis-related genes [62]. The hydrogen released,
instead, increases the pH eventually leading to cell death: a pH higher than 8.5 was in
fact reported to inhibit the proliferation of hBMSCs [42]. Therefore, the higher the
corrosion rate, the worse the cell viability, and this is confirmed by the results herein
obtained. In fact, from the potentiodynamic polarization curves, the EIS results and the
hydrogen evolution tests, it can be seen that the corrosion resistance follow the
following trend HfO, > ZrO, > TiO; > bare, leading to the consequent pH evolution
reported in Figure 5.2.12 that explains the cytotoxicity results: Grade 1 cytotoxicity was
found only for ZrO; and HfO:, that are the coatings that best performed dealing with
corrosion and that lead to a lower increase in the pH. In particular, HfO; coating is the
only one showing Grade 0 cytotoxicity as a consequence of the lowest increase in pH.
Grade 3 and 4 were instead found for the TiO2 coating and, particularly, for the bare
samples.
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The different corrosion performances provided by the different materials can be related
to the integrity of the coatings and to their electrochemical properties. Dealing with the
former, the presence of defects such as cracks and pores are known to affect the
corrosion behavior inducing filiform corrosion (Figure 5.2.10) and to reduce the
protectiveness of the coating allowing a path to the fluid to enter the material [63].
Cracks are known to form as a consequence of the induced residual stresses on the
coating due to the difference in the thermal expansion coefficient between the coating
and the substrate [64,65]. The thermal expansion coefficient of Mg is reported to be
27-10° °C™! [66], while those of TiO2, ZrO, and HfO; are 7-10° °C™!, 11-10° °C™! and
10-10° °C!, respectively [67—69]. The mismatch between the substrate and the coating
is lower with ZrO; and higher with TiO,. This would suggest ZrO coating to provide
the highest corrosion resistance among the considered materials. However, the results
herein reported showed that the highest improvements in terms of corrosion resistance
were provided by the HfO; coatings. This can be linked to the lower porosity of the
HfO, compared to ZrO> and, even more, to TiO,. Elsener et al. [70] proposed an
electrochemical method to estimate the porosity of thin films based on the following
Equation:

AE,,,
PO Rp,.v . . b,
Porosity = 2 10 (5.2.2)

4

Where Rps and Rp are the polarization resistance of the bare and coated material in
Qcm?, respectively, AEcor is the change of the corrosion potential caused by the
presence of the coating layer in mV and b, is the anodic Tafel slope of the bare substrate
in mV/decade. The polarization resistances,corresponding to the diameter of the
capacitive loop in the Nyquist plots, are reported in Table 5.2.3, the AEcor can be
measured from the results of the potentiodynamic polarization curves reported in Table
1 and the anodic Tafel slope of the bare substrate was measured equal to 442
mV/decade from the potentiodynamic polarization curves. The corresponding porosity
was found to be 0.36%, 0.0016% and 0,00007% for TiO, ZrO, and HfO, respectively.

Bare TiO2 ZrO» HfO:

Polarization 42.9 7.0 10° 2.310° 3.8 108
Resistance (Q cm?)

Table 5.2.3: Polarization resistance of bare and coated samples

Another reason for the better corrosion resistance of HfO; is the difference in cohesive
energies [71]. In fact, the higher the cohesive energy, the more electrochemically stable
is the material and thus, the lower its corrosion. The cohesive energy of HfO, is the
highest among the three materials herein studied, while TiO; is the lowest [72]; the
cohesive energy of ZrO: is instead slightly lower than that of HfO; and this could
explain the different corrosion behavior observed. Finally, the lower wettability of HfO»
compared to ZrO; and TiO; further explain the herein reported corrosion behavior [73—
75] and hence the cell viability results.

It is worth mentioning that for the biocompatibility of TiO», the results herein reported
differ from what is reported in literature. In fact, TiO; is widely known as one of the
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most biocompatible materials since it induces fast deposition of apatite from SBF in
vitro and stimulates the adhesion and proliferation of cells [76,77]. However, although
the biocompatibility of TiO> remains undisputed when the cells are in direct contact,
biocompatibility issues may arise when TiO: is used as coating material for Mg and its
alloys and it is not effective in reducing the corrosion rate of the magnesium substrate
leading to an environment that reveals to be toxic for the cells due to the increase in the
pH and to the high concentration of Mg?" ions.

Therefore, in the choice of a coating material for degradable Mg alloys used as implant
material, it is important to consider its cohesive energy, wettability, porosity and
thermal expansion coefficient to provide an effective reduction of the corrosion rate of
the Mg substrate that otherwise would affect the biocompatibility of the coating itself
creating an lethal environment for the cell.

5.2.5. Conclusions

In this study, the effect of a 100 nm thick TiO», ZrO> and HfO>» ALD coating on the
corrosion behavior and on the cytotoxicity of the AZ31 Mg alloy was assessed. To this
regard, potentiodynamic polarization curves, EIS and hydrogen evolution experiments
have been carried out to assess the former, while MTS colorimetric assay using L929
cells to assess the latter. Whereas the presence of TiO2 coatings is reported to improve
the corrosion performances with respect to the bare AZ31 alloys, ZrO; and, above all,
HfO> ALD coatings provide a significant higher corrosion resistance. This can be
reasoned by their lower wettability and their higher electrochemical stability and surface
integrity (in terms of cracks and pores). This improved corrosion resistance has effects
on the cytotoxicity of AZ31 alloy. Indeed, the reduced corrosion provided by the
coatings leads to a lower increase in the pH and in the concentration of Mg?" ions,
inducing the cytotoxicity Grade to move from Grade 4 for bare AZ31 alloy to Grade 2
for TiO; coating and to Grade 1 for ZrO, and HfO, coatings. In particular, HfO, coating
was also found to report a Grade 0 cytotoxicity considering the extracts assessed at 1
day of culture. As a grade 1 toxicity is the minimum requirement for FDA approval, the
choice of the coating has to include a cytotoxicity benchmark of its corrosion products
and cannot be linked to cell attachment to the biomaterial surface only.
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Paper VI: Effect of titania and zirconia ALD coating on
stress corrosion cracking susceptibility of AZ31 alloy in
simulated body fluid
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Abstract?

Recently, magnesium and its alloys have been widely studied as materials for temporary
implant devices. However, one of the main limitations hampering their use in these
applications is the occurrence of corrosion-assisted cracking phenomena, such as stress
corrosion cracking (SCC) and corrosion fatigue (CF). This work aims to provide
insights and performance improvements regarding the SCC of AZ31 alloy coated with
100 nm thick layers of titania and zirconia produced by atomic layer deposition (ALD).
Slow strain rate tests have been carried out in SBF at 37 °C with an applied strain rate
equal to 2.6 10 s, The presence of the coating provided a reduction in the SCC
susceptibility, measured by means of the UTS and elongation to failure susceptibility
indices (Iuts and I¢). In particular, the Iuts is reduced by 6% and 70% and the I is
reduced by more than 40% and 76% with a titania and zirconia layer, respectively. We
assess the underlying mechanisms leading to this drastic change in properties discussing
potentiodynamic polarization, hydrogen evolution and fracture behavior. The presented
results can be useful making Mg a more commonplace implant material, where the
conformality and quality of ALD coatings may advance the field.

Keywords: Atomic Layer Deposition (ALD); titania (TiOz); zirconia (ZrOs);
magnesium; Stress Corrosion Cracking (SCC)

6.1. Introduction

In the last years, orthopedic surgeries are becoming more and more common [1,2]. The
materials currently used in orthopedic surgery are permanent metallic materials, such as
stainless steel, titanium, and cobalt-chromium alloys [3]. However, their
implementations in biomedical applications are coupled with two main drawbacks, such
as the arising of the stress-shielding phenomenon as a consequence of the great
difference in elastic modulus of these materials compared to that of human bone [4—11]
and the need of secondary surgical intervention due to the risk of long-term
complications [12—16]. To solve these drawbacks, biodegradable materials have gained

' Corresponding author
2 Materials & Design (submitted paper)
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wide interest [17]. In particular, Magnesium (Mg) is one of the most attractive
candidates for biodegradable applications due to its excellent bio-mechanical
compatibility with the human physiology, particularly its mechanical compatibility to
bones [17-20]. However, despite their highly attractive properties, Mg and its alloys
have not yet been used as implants materials because of their high corrosion rates,
especially in the human body fluid containing chlorides. The latter gives rise to an
immature drop in mechanical integrity of the device before accomplishing its defined
mission [21]. Even more severe than the corrosion rate are the critical hydrogen gas
bubbles and the alkalization resulting from an accelerated corrosion of Mg in human
body. This leads to the accumulation of hydrogen bubbles in the form of gas pockets
next to the implant, which, consequently, causes the necrosis of tissues. If the corrosion
rate of a Mg implant could be adequately tailored, hydrogen evolution may be
suppressed decelerating the formation of critical subcutaneous bubbles. This may
reduce the alkalization effect to a level that can be easily balanced by metabolic
mechanisms. However, the challenge is not only of chemical origin. The implant must
also possess adequate resistance to cracking under the simultaneous action of the
corrosive environment and the mechanical load it is subject to in the human body. As
such, corrosion-assisted cracking phenomena, such as stress corrosion cracking (SCC)
and corrosion fatigue (CF) were reported to cause the failure of several traditional
implants [22-25]. SCC is particularly dangerous as it leads to a sudden and catastrophic
failure under mechanical loading conditions otherwise considered to be safe. Mg and its
alloys have been reported to be susceptible to SCC in simulated physiological
conditions [26-28]. It is thus important to develop Mg-based implants that confer a
combination of strength and corrosion resistance in human body fluid.

A plethora of studies focus on corrosion mitigation strategies all the way from alloying
to surface modifications [29-31]. Yet, the literature on improving their resistance to
corrosion-assisted cracking is limited. Mohajernia et al. [32] reported that
hydroxyapatite coatings containing multi-walled carbon nanotubes reduced the
corrosion current density of AZ31 alloy by three order of magnitude when the
specimens were exposed to simulated body fluid (SBF) at 37 °C. The authors performed
elongation to failure experiments, reporting the application of the coating to increase of
the elongation to failure of AZ31 samples about 70% when subjected to slow strain rate
tests (SSRT) in the same environment. Chen et al. [33] coated Mg-4Zn-0.6Zr-0.4Sr with
a composite coating consisting of a poly (lactic-co-glycolic acid) (PLGA) superimposed
to a micro-arc oxidation (MAO) layer and reported an increase in the elongation to
failure in modified simulated body fluid of about 120% as compared to the bare alloy.
However, the aforementioned coating technologies have limitations in line of sight,
conformality, density and biocompatibility as well as limited controllability of the
thickness. Recently, a new coating technique has been introduced. Atomic Layer
Deposition (ALD) is a coating technique based on chemical vapor deposition (CVD)
which prepares thin films with high conformality offering thickness control on the
atomic level [34]. The obtained films are dense and pin-hole free. In fact, since ALD is
based on chemical reactions and not physical depositions, it provides superior film
uniformity [35]. TiOz and ZrO; layers deposited by this technique have been shown to
provide an efficient improvement in the corrosion resistance of Mg alloys. Marin et al.
[36] reported that a 100 nm thick ALD TiO> reduced the corrosion current density of a
commercial AZ31 Mg alloy from 10* A/ecm? to 10°® A/ecm?. Liu et al. reported that a 10
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nm ALD ZrO; coating reduced the corrosion current density of a commercial AZ31 Mg
alloy from 5.1 10* A/em? to 2.7 107 A/em? [37]. Also Yang et al. [38] reported a
decrease of three orders of magnitude in the corrosion current density after the
application of a 40 nm thick ALD ZrO> coating on a Mg-1Sr alloy. However, the
assessment of the effect of ALD coatings on the SCC susceptibility is still limited.
Some preliminary results have been published by the authors showing promising results
of the application of 100 nm thick ZrO; layer on AZ31 Mg alloy [39,40], but, to the best
of our knowledge, no thorough investigation on the SCC susceptibility has been
performed. In this work, we aim to fill this gap, investigating the SCC susceptibility of
AZ31 alloy coated with a 100 nm thick ZrO> ALD layer. In addition, the SCC
susceptibility of AZ31 alloy coated with 100 nm thick TiO2 ALD layer is shown. Slow
Strain Rate Tests (SSRTs) at strain rate equal to 2.6 10 s™ have been carried out, and
the samples were immersed in simulated body fluid at 37 °C for the whole duration of
the tests. The behavior of bare samples was investigated as a reference. To elaborate on
the different behavior shown by bare and TiO2 and ZrO: coated samples, the authors
evaluated the corrosion behavior through potentiodynamic polarization curves and
hydrogen evolution experiments and analyzed the fracture surfaces after SSRTs with a
Scanning Electron Microscope (SEM).

6.2. Materials and methods

6.2.1. Materials and environment
AZ31 Mg alloy was supplied in the form of commercially available bars. The microstructure of
the material in the as-received condition is shown in Figure 6.1 and consists of a quite

homogeneous o matrix. The initial grain size was measured by the linear intercept method
resulting in sizes of 13.2 + 8 um.

Figure 6.1: Microstructure of the AZ31 alloy in the as-received condition.
The test medium was a simulated body fluid (SBF) prepared according to Ref. [41].

6.2.2. Atomic Layer Deposition
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The deposition of the ALD coatings was performed in a commercial ALD reactor
(Savannah S200, Veeco Instruments Inc., Massachusetts, USA) through successive
cyclic reactions. 926 successive cycles of ZrO; utilizing Tetrakis (dimethylamino)
zirconium (TDMAZ) and deionized water (H20) as reactants were carried out at 160 °C
to obtain a total thickness of 100 nm. Each cycle was composed of two parts. The first
part consisted of a 250-ms TDMAZ precursor pulse and a 10-s Hi-purity N2> purge
(semiconductor grade) with a flow rate of 20 sccm to remove residual reactants and by-
products from the chamber to separate the chemical vapor deposition reactions. The
second part comprised a 150-ms H2O precursor pulse and a 15-ms High-purity N2
purge. In the process of deposition, the TDMAZ precursor and delivery lines were
heated to 75 °C and 160 °C, respectively, while the H.O precursor was kept at room
temperature. During the deposition process, the ZrO: layer deposition rate was of
approximately 1.08 A/cycle. Concerning TiO», the metal organic precursor used was
Tetrakis (dimethylamido) titanium (IV) (TDMA-Ti) heated to 75°C. Each cycle was
again composed of two parts. The first part consisted of a 0.1 s TDMA-Ti precursor
pulse and a 5 s High-purity N> purge with a flow rate of 20 sccm. The second part
comprised a 0.015 s H,O precursor pulse and a 5 s High-purity N> purge. The
deposition rate was found to be 0.5 A/cycle.

6.2.3. Coating characterization

X-ray photoluminescence (XPS) measurements were conducted to assess the chemical
composition of the TiO», and ZrO; coating. Kratos Analytical XPS Microprobe (Kratos
Analytical Ltd, Manchester, UK) which uses Al (Ka) radiation of 1486 eV in a vacuum
environment of 5%10° Torr was used. CasaXPS software was used to analyze the XPS
data.

6.2.4. Potentiodynamic polarization curves

Discs with a diameter of 29 mm and a thickness of 2 mm were manufacturing using a
lathe from the commercially available bars. The samples were then grounded with 2000
grit silicon carbide papers and cleaned with acetone and ethanol for five minutes in
ultrasonic bath. Some of these samples were then coated as described in Section 2.2.
Potentiodynamic polarization curves of bare and coated samples were carried out in
simulated body fluid (SBF) with a pH of 7.4 on a Gamry Reference 600+ potentiostat.
The electrochemical tests used a three-electrode equipment with the bare or coated
samples as a working electrode, a Hg/Hg2SO4 electrode as a reference electrode, and a
platinum plate as counter electrode. The area of the samples exposed to SBF was 1 cm?
(excluding roughness induced area deviations). The potentiodynamic polarization tests
were conducted at a stable open-circuit potential after a stabilization period of 30 min.
The scan rate of the potentiodynamic polarization test was 0.5 mV/s.

6.2.5. Hydrogen evolution tests

During the immersion tests, the chemical reaction between Mg and electrolyte occurs as
shown in the following equation [17]:
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Mg +2H,0— Mg(OH), +H, 6.1)

From the above equation it can be easily understood that the dissolution of one Mg atom
generates one H> gas molecule. In other words, the evolution of one mole of H> gas
corresponds to the dissolution of one mole of Mg. Therefore, measuring the volume of
hydrogen evolved allows to assess the corrosion rate of Mg and its alloys in a way that
allows to overcome the drawbacks of the weight loss method and of the electrochemical
techniques [42]. To do so, cubic samples of 5 mm side lengths were obtained from the
as-received material and they were grounded with 2000 grit silicon carbide papers and
cleaned with acetone and ethanol for five minutes in ultrasonic bath. Some of these
samples were then coated as described in Section 2.2. The immersion tests were carried
out in SBF at 37 °C for 7 days individually to monitor the hydrogen evolution.
Hydrogen bubbles were collected into a burette from each sample as suggested in [42].

6.2.6. Slow Strain Rate Tests (SSRT)
Cylindrical dog-bone-shaped samples, with dimensions reported in Figure 6.2, were

tested according to a standard [43]. The sample were machined from the received bars
using a lathe.

@9 R40/ T @6

Figure 6.2: Geometry and dimensions of the samples for SSRTs

The samples were then grounded with 2000 grit silicon carbide papers and cleaned with
acetone and ethanol for five minutes in ultrasonic bath. Some of these samples were
then coated as described in Section 6.2.2.

The SSRTs were carried out both on bare, TiO2 and ZrO; coated samples, respectively
at a strain rate of 3.5-10° s in SBF solution held at body temperature (37 £ 1°C). The
strain rate value was chosen in order to render the Mg alloy susceptible to SCC [44]. A
schematic representation of the experimental set-up is shown in Figure 6.2.3. The
sample was immersed for the whole duration of the test and the SBF was constantly
changed with a pumping system. The SBF container was immersed in a water bath. A
thermometer monitored its temperature. When the temperature was below its set value,
a commercial resistance heating element placed inside the water bath automatically
turned on until the desired temperature was reached again. In addition, while carrying
out the SSRTs, the area of the specimen exposed to SBF was restricted to its gauge
length by using Teflon tapes wrapped around the rest of the specimen thereby
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maintaining a constant area of exposure to the corrosive solution as well as avoiding the
possibility of galvanic effects with other components of the testing set-up.

SBF outlet

SBF inlet

Pump

Figure 6.3: Schematic representation of the SSRT set-up.

In order to quantify the AZ31 SCC sensitivity, the susceptibility indices /urs and /s were
calculated according to Eq. (6.2) and Eq. (6.3) [45]:

UTS,;, —UTS

L = 6.2
T (62)
I = Eair ~ Espr (6.3)

where UTS is the Ultimate Tensile Strength and & the elongation at failure both
evaluated during tests conducted in SBF and air. When the value of the susceptibility
index approaches zero, the material is considered to be highly resistant to SCC, namely
the greater the index the greater the susceptibility to SCC.

6.2.7. Fractography

The specimen fracture surfaces after SSRTs were cleaned by immersion for one minute
in a solution prepared using 50 g chromium trioxide (CrOs), 2.5 g silver nitrate
(AgNO3) and 5 g barium nitrate (Ba(NO3)2) in 250 ml distilled water, as suggested by
[46]. The specimens were then washed with distilled water and finally ultrasonically
cleaned in acetone for 10 min. The fracture surfaces were observed by means of a FEI™
QUANTA 450 SEM (Thermo Fisher Scientific Inc., USA).

6.3. Results
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6.3.1. Coating characterization

XPS was conducted to determine the chemical composition of the ALD deposited TiO2
and ZrO>. The measurements were carried out on thin films deposited on p-doped
<100> 500um thick, 2 inch Si wafers, in order to have minimum effect of the
underlying substrate. To start with, etching was conducted on the surface to remove the
effect of environmental contamination and surface oxidation. Surface was etched for
180 seconds with an energy of 2 KeV. On TiO; substrates, regional scans for Ti, O and
C were carried out at high resolution. Negligible amounts of C were observed in the
regional scan indicating an ideal deposition without any process contamination. Figure
6.4 (a) and (b) are regional scan of Ti and O, respectively. For Ti, peaks corresponding
to the core level binding energies, 459 eV and 464 eV of Ti 2p3» and Ti 2pi are
observed, which is due to Ti*" oxidation state in TiO> [47]. The shoulder at lower energy
around 456 eV is due to the presence of Ti*" caused by the argon etching step [48]. The
O peak at 531 eV is related to O atoms in TiO; phase [49], while the small shoulder at
higher energy is due to O in OH groups present in the form impurities. Stoichiometric
TiOz thin films should have Ti and O in 1:2 ratio i.e. 66.7% oxygen and 33.3% titanium,
but in our case, we have found the composition to be around 60% for oxygen and 40%
titanium, thus indicating an oxygen deficient deposition.
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Figure 6.4: XPS spectra for ALD deposited TiO2 (a) Ti 2p (b) O 1s

Regional scans of Zr, O and C were also carried out for ZrO, coated samples at high
resolution. No peak was observed in the high-resolution scan for elemental carbon
indicating a carbon free ALD deposition. The high resolution spectra (Figure 6.5a) of Zr
3d shows two peaks at binding energy 182 ¢V and 184 eV, which correspond to Zr
3dsp and Zr 3dsp, respectively. The scan conducted for O 1s (Figure 6.5b) showed a
peak at 530 eV which belongs to ZrO; and the shoulder on the higher energy side is due
to the oxidation of metal in air forming ZrO. The quantification calculation using CASA
XPS software showed a composition as 40 % Zr and 60% O. This indicates an oxygen
deficient ZrO thin film.
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Figure 6.5: XPS spectra for ALD deposited ZrO> (a) Zr 3d (b) O 1s
6.3.2. Potentiodynamic polarization curves

The potentiodynamic polarization curves of the TiO, and ZrO; coated and bare samples
are shown in Figure 6.6 and the results of the corrosion potentials (Ecorr) and of the
corrosion current densities (icorr) are shown in Table 6.1. Compared to the uncoated
alloy, the corrosion current densities of the coated samples display declining trends
(Figure 6.6 and Table 6.1). Since a lower corrosion current density corresponds to a
smaller corrosion rate, this suggests that the application of coatings protects Mg alloys
from corrosion, which is consistent with previous reports [37,38,50]. In particular, the
ZrOs coating is shown to provide a higher reduction of the corrosion current density
compared to the TiO> coating.
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Figure 6.6: Potentiodynamic polarization curves of bare (blue), TiO: coated (red) and
Z1rO; coated (green) AZ31 alloy in SBF.

Bare TiO; coating ZrO; coating
Ecorr (V) -2.0 -1.90 -2.02
icorr (A/sz) 3.01073 2.510° 1.210°

Table 6.1: The results of corrosion potentials (Ecorr) and corrosion current densities
(icorr) for bare and coated AZ31 samples in SBF.

6.3.3. Hydrogen evolution tests
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The hydrogen evolution curves of bare and coated samples are reported in Figure 6.7,
and the results further suggest that the application of coatings can prevent the
degradation of AZ31 alloy. In particular, the 100 nm thick ZrO; coating provides a
better protection than the TiO> coating. The hydrogen evolved from the bare sample is
in fact reduced by 93% with a ZrO: coating and by 52% with a TiO2 coating,
respectively.
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Figure 6.7: Hydrogen evolved from the immersion of bare (blue), TiO- coated (red) and
ZrO; coated (green) AZ31 alloy in SBF.

6.3.4. Slow Strain Rate tests (SSRT)

The engineering stress-strain curves for the bare, TiO2 coated and ZrO> coated AZ31
samples tested in air and in SBF are reported in Figure 6.8 a, b and c respectively. In
addition, Table 6.2 compares the UTS and elongation at failure values obtained from the
curves in Figure 6.8.
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Figure 6.8: Engineering stress-strain curves of bare (a) and coated (b) AZ31 samples
tested in air and SBF at 37°C and strain rate of 3.5-107 s™!

In Air In SBF
Surface Elongation at Elongation at
UTS (MPa) failure (%) UTS (MPa) failure (%)
Bare 256.3+ 8.7 24.5+0.7 233.3+1.9 6.1+0.3
TiO, Coated 252.7+5.2 243+0.6 231.4+5.1 13.8+£04
Zr0O; Coated 253.6+5.6 24.1£0.5 246.8+ 1.0 19.7+£0.2

Table 6.2: Mechanical properties of bare and coated samples from Figure 6.8

The surface characteristics did not influence the AZ31 mechanical properties when
tested in air. Both the bare and the coated samples are characterized by an excellent and
comparable combination of strength and ductility. On the other hand, the coated
samples were characterized by a considerably higher elongation to failure than the bare
counterparts when tested in SBF, indicating a lower tendency to suffer from
embrittlement in SBF. In particular, the elongation to failure of the bare samples tested
in SBF was increased by 126% with the application of the TiO: coating and by 223%
with the ZrO- coating.

To quantify the SCC susceptibility of the bare and coated samples, the Iyrs and Ig
indices were evaluated and are reported in Figure 6.9.
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Bare TiO2 Coated ZrO2 Coated

Figure 6.9: SCC indices for the bare and coated AZ31 samples

The application of 100 nm thick ZrO: coating is shown to be more effective in reducing
the SCC susceptibility than the TiO> counterpart. In fact, the ¢ is reduced from 75.1 to
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43.2 and to 18.3 applying the TiO2 and ZrO; coating, respectively, while the Iyrs is
reduced from 8.97 to 8.42 and 2.68 applying the TiO; and ZrO; coating, respectively. It
is interesting to note that the impact on UTS is very low when applying the TiO2
coating, whereas the impact on elongation is significant.

6.3.5. Fractography

Fracture surfaces of the bare samples tested in air and in SBF are reported in Figures
6.10a and 6.10b and Figure 6.10c and 6.10d, respectively. The overall view of the
fracture surface confirms the ductile nature of the failure in the case of testing in air.
Here, the fracture surface is characterized by a significant amount of dimples (Figures
6.10a and 6.10b), while the sample tested in SBF shows mixed mode fracture features,
namely ductile and brittle fracture characteristics. In addition, the surface fracture
appearance is completely different: in the case of SBF condition, both transgranular and
intergranular cracks are evident, with a predominance of the former, which are absent in
the case of air testing (compare Figure 6.10d with Figure 6.10b). The application of the
coatings did not alter the AZ31 response mechanisms to SCC, being the fracture
characterized by both a ductile and brittle zone, with the latter characterized by the
presence of both intergranular and transgranular cracks. However, the application of the
TiOs coating leads to the change of the fracture appearance in the brittle zone due to the
reduced embrittlement of the material as a consequence of the reduced corrosion: in
fact, while in the bare samples, the transgranular fracture was predominant, the TiO>
coated samples show intergranular cracking as the main mechanism (Figure 6.10f).
Finally, the application of the ZrO, coating leads to a failure that is predominantly
ductile (Figure 6.10g). This is particularly apparent in the center of the sample, with the
mixed mode fracture features close to the sample edges appearing to have experienced
transgranular and intergranular cracking (Figure 6.10h).

a) b)
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Figure 6.10: Fracture surfaces of bare samples tested in air (a and b) and in SBF (c and
d), of TiO: coated samples tested in SBF (e and f) and of ZrO, coated samples tested in
SBF (g and h)

The reduced corrosion of the coated samples tested in SBF with respect to the bare

sample is also confirmed by the tilted views of the gauge section (compare Figure 6.11b
and c¢ with Figure 6.11a), where deep secondary cracks and some pits can be observed
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in the bare samples, while no deep secondary cracks and no pits are present in the
coated sample. In addition, necking can also be observed in the ZrO; coated samples
confirming the increased ductility (Figures 6.10g and 6.10h).
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Figure 6.11: SEM fractographies of the gauge section of bare (a), of TiO> coated (b)
and of ZrO; coated (c) AZ31 samples after SSRTs in SBF.

6.4. Discussions

From the experimental results reported in Figure 6.8 and from the Iscc indices in Figure
6.9, the presence of both coatings yielded an increase in the mechanical performances in
presence of a corrosive environment. However, the improvements provided by the TiO>
and ZrO; coatings were consistently different. In fact, while the former reduced the Turs
and the I; of 6% and 40%, respectively, the latter provided a much higher reduction in
the SCC susceptibility of the AZ31 alloy. The Iurs and the I were reduced by 70% and
76%, respectively. This can be explained by the general SCC behavior of Mg alloys that
is widely attributed to the combination of two mechanisms; (1) the anodic dissolution
and (2) the cleavage-like fracture due to hydrogen embrittlement [51]. The rupture of
the protective Mg(OH): film due to the anodic dissolution or through mechanical loads
allows the hydrogen evolved from the corrosion process to enter into the matrix and to
embrittle the material, which ultimately leads to a premature fracture [24]. Altering the
corrosion rate hence affects the SCC susceptibility directly. In particular, the lower the
corrosion rate, the lower the SCC susceptibility due to a reduced effect of the anodic
dissolution and of the hydrogen embrittlement phenomenon. Therefore, the reduced
SCC susceptibility of the coated samples can be explained by the corrosion
performances of the coatings (Figures 6.6 and 6.7). The corrosion current density of the
bare samples is in fact reduced by two and three orders of magnitude with the TiO> and
ZrO; coatings, respectively. In addition, the hydrogen evolved from the bare samples is
reduced by 52% and 93% for TiO2 and ZrO: coatings, respectively. The reduced
amount of evolved hydrogen is consistently linked with the lower embrittlement of the
material, shown by the mechanical tests (Figure 6.8), the fractographies of the samples
tested in SBF (Figure 6.10) and by the tilted view of the gauge section (Figure 6.11).
The TiO2 coated samples are characterized by a brittle fracture zone, where the
intergranular fracture, characteristic of the anodic dissolution, is predominant. This is
different from the bare samples, where the transgranular fracture related to the HE
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phenomenon is predominant. We can thus conclude that a lower amount of hydrogen
entering the material with the application of the coating decreases its SCC
susceptibility. Further improvements are achieved applying ZrO; coatings. The fracture
behavior changes from predominantly cleavage facets towards a mixed brittle-ductile
behavior where cleavage facets and dimple-like morphologies are present. The
increased ductility is confirmed by the tilted views of the gauge section of ZrO; coated
samples (Figure 6.11c), where necking can be observed. In addition, pitting was
reported as main precursor for the initiation of SCC cracks [52,53]. The reduced
tendency to pitting and localized corrosion of the coated samples (Figures 6.11b and
6.11c) thus represents another reason for the reduced SCC susceptibility.

The different corrosion performances of the TiO2 and ZrO> coatings can be explained
considering their electrochemical stabilities. ZrO; is electrochemically more stable than
TiO2 due its higher cohesive energy [54]. In fact, the higher the cohesive energy, the
more electrochemically stable is the material and, thus, the lower the corrosion [55].
Moreover, TiOz is reported to be more hydrophilic than ZrO> [56,57] thus promoting
corrosion [58]. In addition, the integrity of the coating represents another important
aspect to be considered. The presence of defects such as pores and cracks provides a
path for the fluid to access the substrate bypassing the protective nature of the coating,
reducing its effectiveness. The underlying hypothesis of limited conformality and
defects leading to the reduced protection of the underlying substrate can be formulated
looking at the corrosion rate of the respective coating materials alone. Considering
Faraday’s law [59], TiO2 and ZrO> are 0.37-10% and 0.87-107 mm/year, respectively
[60,61], when considering their exposure to simulated body fluid at 37 °C. However, we
experience a corrosion rate of 2.11-10* and 1.14-10> mm/year, respectively. These rates
are higher by 3 and 2 orders of magnitude, respectively. The defects are usually cracks
formed as a consequence of the induced residual stresses on the coating due to the
difference in the thermal expansion coefficient between the coating and the substrate
[62,63]. The lower number of defects in ZrO, with respect to that of TiO coating may
be attributed to the closer match of the coefficient of thermal expansion with that of
AZ31 alloys. The coefficient of thermal expansion of Mg is 27-10 °C™! [64]. ZrO,’s
coefficient of thermal expansion is 11-10° °C™!, whereas that of TiO; is 7-10° °C
1[65,66], the mismatch between the substrate and the coating is hence lower for ZrOs.
Finally, the reduced SCC susceptibility of the ZrO» coated AZ31 samples with respect
to the TiO2 counterparts may also be linked to the difference in their mechanical
properties. ZrO> has a higher UTS and higher elongation to failure compared to TiO»,
eventually resulting in a higher protectiveness of the film under strain [67,68]. We
hypothesize that the longer the coating layer resists to the applied stresses, the longer
the barrier effect of the coating will last, thus increasing the resistance to SCC.
Therefore, in the choice of a coating material a multitude of factors has to be taken into
account. These include the cohesive energy, the wettability and the thermal expansion
mismatch of the coating to the substrate. This study also discusses the fundamental role
of the mechanical characteristics of the protective layer. In particular, a high elongation
to failure might guarantee the coating’s integrity when strained.

6.5. Conclusion
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In this study, the effect of a 100 nm thick TiO, and ZrO: coatings on the SCC
susceptibility of the AZ31 Mg alloy was assessed. To this regard, SSRTs at a strain rate
of 3.5:10° s!' were carried out in SBF at 37 °C on bare and coated samples,
respectively. In addition, potentiodynamic polarization tests, hydrogen evolution tests
and fracture surfaces analyses were carried out.

The main findings can be summarized as follows:

e The coated samples were shown to reduce the SCC susceptibility of AZ31 alloy.
In particular, TiO> reduced the Iurs and the I: of 6% and 40%, respectively,
while ZrO> of 70% and 76%, respectively. The reduced SCC susceptibility
provided by the coatings was evidenced also by the fracture surface analyses that
showed a transition from a mixed mode fracture where the brittle zone was
predominantly transgranular in the bare samples, to a predominance of
intergranular failures in the TiO> coated samples and to a predominantly ductile
failure for ZrO: coated samples.

e The different SCC susceptibility was attributed to the improved corrosion of the
coated samples. The difference in the corrosion behavior between TiO; and ZrO»
coated samples was related to the four main aspects, i.e. different cohesive
energies, different wettability, different defect densities and sizes and different
mechanical properties. ZrO, coatings have comparably higher cohesive energy
that leads to a more electrochemically stable material. It is thus less prone to
corrosion and has a lower wettability. Moreover, the lower mismatch between
the coefficient of thermal expansion of ZrO, and magnesium with respect to that
between TiO, and magnesium leads to a reduced amount of cracks and thus a
more protective barrier to the fluid. Finally, the higher mechanical properties of
ZrO2 (higher UTS and higher elongation to failure) compared to those of TiO2
increases the stability of the coatings in presence of mechanical stresses, and, in
this way, hinders the fluid’s access to the base material.

It can be concluded that the application of TiO; and ZrO> coatings are both effective
methods to decrease the AZ31 sensitivity to SCC due to the increased corrosion
resistance. In the choice of an appropriate coating, this work shows that cohesive
energy, wettability, thermal expansion and elongation at break of the coating are
important parameters to be optimized in order to provide an effective barrier.
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7.1. Conclusion

Throughout the thesis, the relation between microstructural and surface properties and
the SCC susceptibility have been investigated. The modification of the bulk has been
obtained by means of ECAP, while that of the surface by means of cryogenic machining
and deposition of different coatings. The main goal of the study was to assess how
selected procedures initially studied for improving the corrosion resistance of Mg and
its alloys impact the SCC susceptibility of AZ31 alloys in Simulated Body Fluid (SBF)
at 37 °C and to provide new insight into the development of SCC-resistant implants.
The main contribution of this thesis to the literature are as follows:

e Extensive bibliographical analysis of the different Mg alloys studied as
biomaterials with particular interest in their corrosion, mechanical and biological
properties and their interplay with corrosion-assisted cracking phenomena

e Studying the effect of ECAP, cryogenic machining and ALD coatings on the
SCC susceptibility of an AZ31 alloy.

e Comparable evaluation of the corrosion properties of ALD and sputter on
samples characterized by different roughness and topologies.

e Comparable evaluation of the corrosion and biological properties of three
different coatings produced by means of ALD

The summary of the findings is given below separately for each chapter of the thesis.

Chapter 2 (paper I and book)

In the second chapter, the main mechanisms governing the SCC phenomenon and the
different techniques used to improve the mechanical strength and the corrosion
resistance of Mg and their effect on the biocompatibility have been reviewed. In
particular, to gain a deep understanding of the different Mg alloys so far studied as
biomaterials and the different techniques used to improve their corrosion, mechanical
and biological properties, more than 1200 papers have been reviewed, providing the
following main conclusions:

e SCC of Mg and its alloys is widely attributed to the combination of two
mechanisms, i.e. (1) the anodic dissolution and (2) the cleavage-like fracture due
to hydrogen embrittlement

e The main approaches studied to improve the corrosion resistance of Mg and its
alloys can be divided into two main groups, one characterized by the
modification of the bulk (mainly obtained by means of SPD techniques) and the
other by the modification of the surface (obtained by mechanical processing or
by the deposition of coatings)
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Mg-Zn based alloy are found to be the alloy characterized by the best
compromise between corrosion, mechanical and biological properties

Chapter 3 (Paper II)

The third chapter evaluates the effect of the bulk modification of an AZ31 alloy
obtained by means of ECAP on the SCC susceptibility. Different number of passes of
ECAP passes were applied on AZ31 alloy and SSRT were carried out to assess the SCC
susceptibility of the differently processed alloy. To provide a better understanding of the
different failure mechanisms shown by the different ECAP-treated samples, corrosion
experiments and fracture surface analyses were carried out. The main conclusions of the
paper are as following:

Samples after 1 pass of ECAP were characterized by the lowest SCC
susceptibility, and further ECAP processing led to an increase in the SCC
susceptibility, such that samples after 4 passes of ECAP showed a SCC
susceptibility higher than that of the samples in the as-received conditions.

The enhancement reported in the samples subjected to 1 pass of ECAP was
attributed to its improved corrosion resistance due to the reduced grain size that
allows both a faster formation of the passivating surface oxide and a better
surface coverage provided by this oxide layer as a consequence of a reduced
degree of oxide cracking.

We hypothesize that the deterioration of the SCC resistance observed with 2 and
4 passes of ECAP was due to the modified texture within the material. In fact,
although the grain size is slightly reduced compared to 1 pass of ECAP, the
alignments of basal planes with the shearing direction as a consequence of
ECAP can explain the detrimental effects on the corrosion resistance that led to
the increased SCC susceptibility

Chapter 4 (Paper III)

In the fourth chapter of the thesis the effect of surface treatments obtained by
means of mechanical processing on the SCC susceptibility of AZ31 alloy has
been evaluated. In particular, cryogenic machining has been considered. A full
characterization of the machined surface integrity, including microstructural
observations, residual stress, nano-hardness measurements and surface texture
analyses were carried out together with the assessment of the corrosion
properties to explain the SCC susceptibility obtained carrying out SSRT. The
main conclusions of the paper are as following:

e Cryogenic machined samples were characterized by a slightly lower SCC
susceptibility in SBF at body temperature than dry cut samples
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e This enhancement was attributed to the improved corrosion
performances of the cryogenic machined samples due to the presence of
a wider nanocrystalline layer, resulting in a faster formation of
passivating surface oxides, and to the presence of compressive residual
stresses instead of tensile.

e The reduced SCC susceptibility of cryogenic machined samples was also
attributed to their reduced tendency to pitting and localized corrosion
evidenced by the analyses of both the fracture surface and the gauge
section.

Chapter 5 (Papers IV and V)

The fifth chapter presents the evaluation of the recently developed ALD technique for
biomedical applications. The corrosion and the biological properties of AlDed coatings
were evaluated. Dealing with the former, the corrosion performances of ALD coated
Mg alloys were compared to those of sputter coating films employing samples of
different surface roughness and topologies that shall resemble a more realistic condition
of an implant surface. The biological properties of three different coatings (TiO2, ZrO»
and HfO) obtained by means of ALD were evaluated using MTS assay using L929
cells to complete the evaluation of the applicability of ALD as a coating technique for
biomedical applications. The main conclusions of the papers are as following:

e The ALD technique has been shown to provide a better corrosion protection
than sputter technique both for smooth and rough surfaces as a consequence of
its increased surface integrity. SEM analyses reveals in fact that under the same
conditions sputter coatings are characterized by more and longer cracks than
ALDed coatings.

e In the case of 3D porous structures, the improvements provided by ALD were
even more evident due to the line-of-sight limitation of sputtering, evidenced by
the micro-morphologies of the undercuts and shadowed areas of the sliced 3D
structures.

e The MTS assays reported HfO; coatings to be characterized by the highest cell
viability as a consequence of their highest corrosion resistance that leads to a
lower increase in the pH and in the concentration of Mg?* ions.

e The improved corrosion resistance of HfO» coatings are reasoned by their lower
wettability and their higher electrochemical stability and surface integrity (in

terms of cracks and pores) compared to ZrO> and, above all, TiO> coatings.

e Although the biocompatibility of TiO» remains undisputed when the cells are in
direct contact, biocompatibility issues may arise when TiO; is used as coating

576



material for Mg and its alloys and it is not effective in reducing the corrosion
rate of the magnesium substrate leading to an environment that reveals to be
toxic for the cells due to the increase in the pH and to the high concentration of
Mg?*" ions.

Chapter 6 (paper VI)

In the sixth chapter, the effects of TiO. and ZrO, ALD coatings on the SCC
susceptibility of AZ31 alloy were assessed. Potentiodynamic polarization curves and
hydrogen evolution experiments together with the fracture surface analyses have been
carried out to understand the different SCC susceptibilities obtained by means of SSRT.
The main conclusions of the papers are as following:

The application of coatings was shown to reduce the SCC susceptibility of AZ31
alloy. In particular ZrO» coatings better performed compared to TiO.. The
different SCC susceptibility was evidenced also by the fracture surface analyses
that showed a transition from a mixed mode fracture where the brittle zone was
predominantly transgranular in the bare samples, to a predominance of
intergranular failures in the TiO2 coated samples and to a predominantly ductile
failure for ZrO coated samples.

The different SCC susceptibility was attributed to the improved corrosion of the
coated samples. The difference in the corrosion behavior between TiO, and ZrO»
coated samples was related to the four main aspects, i.e. different cohesive
energies, different wettability, different defect densities and sizes and different
mechanical properties.

7.2. Recommendations

There are several topics that should be considered in the future studies:

The SCC susceptibility of HfO» ALD coating can be assessed.

An optimized ECAP treated AZ31 alloy can be combined with ZrO, coating to
further improve the SCC resistance.

Corrosion Fatigue of cryogenically machined, ECAP treated and ALD coated
AZ31 samples need to be investigated.

Further improvements in the field can be achieved by substituting the AZ31
alloy with a more biocompatible Mg alloy such as ZK60 or WE43.
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