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Abstract:

The equiatomic CrMnFeCoNi high entropy alloy is iégdly manufactured by the
laser engineered net shaping (LENS process, and the solidification conditions,
phase formation, as-deposited microstructures,tamsile behavior are investigated.
The LENSM-deposited CrMnFeCoNi alloy exhibits a single-phaisordered face
centered cubic (FCC) structure, as evidenced byyXdiffraction (XRD), and
rationalized by Scheil's solidification simulatiofurthermore, microstructures at
multiple length scales, i.e. columnar grains, sbddtion substructures, and
dislocation substructures, are formed. The tenddérmation process is mainly
accommodated by dislocation activities with theistaace of deformation twinning.
The tensile yield strength of the LENSdeposited CrMnFeCoNi alloy is comparable
to that of finer-grained wrought-annealed countggpadue to the additional
initial-dislocation strengthening. However, thefonin tensile elongation, by contrast,

is lowered, which is attributed to the increasedatyic dislocation recovery rate and



hence the weakened work hardening capability of tHENS™-deposited
CrMnFeCoNi. This study demonstrates the capabiitthe LENS™ process for
manufacturing the CrMnFeCoNi alloy, with high perfance, for engineering

applications.

Keywords. Additive manufacturing; CrMnFeCoNi high entropyogl] Multi-scale
as-deposited microstructure; Strengthening mechmniBislocation strengthening;

Ductility

1. Introduction

Conventional alloys contain one dominant elemerthasase metal, such as Fe
in steels, with minor addition of alloying elemenétstune the microstructures and
properties. This traditional alloy design philosgpias been challenged since high

entropy alloys (HEAs) were introduced in 2004, cosipg multi-principal elements

with each at a concentration o535 at.% [1, 2]. This new alloy design strategy

vastly expands the range of possible alloy systeamsl therefore increase the
possibilities for discovering improved propertiescls as high strength [3-5] and
excellent fatigue performance [6, 7]. Among a wasiety of possible alloy systems,
the equiatomic CrMnFeCoNi alloy has received mdtenion due to its excellent
ductility and extraordinary damage tolerance, egflgcat cryogenic temperatures
[8-10]. For instance, its fracture toughness valak liquid-nitrogen temperature,
exceeds 200 MPaffi that is superior to most metal alloys [10].

To date, however, the majority of CrMnFeCoNi alloge manufactured by
casting processes and are therefore dominateddrgesgrained (CG, up to hundreds

of micrometers) microstructures that produce lowldsistress [11]. To achieve



fine-grained (FG, 500 nm to a dozen or so micromsgtmicrostructures, complex
cold forging and/or rolling and subsequent anngaprocesses are normally needed
[8, 10]. Some severe plastic deformation (SPD)rigpkes (e.g. high pressure torsion,
HPT) and mechanical alloying have even been usedejoare the bulk CrMnFeCoNi
alloys with ultrafine-grained (UFG, < 500 nm) oreevnanocrystalline (NC, < 100 nm)
microstructures [12-15]. The UFG/NC CrMnFeCoNi wgdlo are strengthened
effectively, possibly due to the nanoscale andriatéal effects, but the uniform
tensile ductility decreases dramatically below & fger cent, or even approaching
zero [14, 15]. Details of the nanoscale and inteafeeffects have been discussed in
[16]. The reduced ductility can be attributed te theakened capacity for sustainable
work hardening, and thus the early formation ofkiveg that terminates the uniform
plastic deformation [16-18]. Overall, a good conabion of the tensile yield strength
and useful uniform elongation is currently achievadthe FG regime. However,
conventional metallurgical routes (e.g. cold-defation and subsequent annealing)
enabling the achievement of FG microstructuregeegively complex. Furthermore,
only simple geometries can be achieved, and noymalt machining is required. All
these disadvantages are intrinsic to these comreltiroutes, and it is therefore
difficult or even impossible to avoid.

Additive manufacturing (AM) increases the designd amanufacturing
flexibilities and therefore has great potential fapplications in the metal
manufacturing industry. Components with complex mgeies can be
near-net-shaped by the AM process and no post maghis required. Furthermore,
dies are not needed for the AM process. In additionthe above-mentioned
advantages, the AM process has the potential teweehuniquely fine as-solidified

microstructures due to the rapid cooling effec&-21]. This enables the AM process



to manufacture complex shaped components and grdp@r microstructures in a
single-step, which are not accessible in conveatiometallurgical processes.
Selective laser melting (SLM), a very popular lapewder-bed-fusion (PBF) AM
process, has been used to print the CrMnFeCoNy,alldh a good combination of
strength and ductility [22-24]. The laser powdesviash AM process has also been
employed to manufacture the CrMnFeCoNi alloys. Soohethe powder-blown
AM-ed CrMnFeCoNi alloys are not strong enough [25%, 26], maybe due to the
inappropriate processing parameters and thus taeseanicrostructures. Recently, a
good combination of strength and ductility has bealso achieved in the
powder-blown AM-ed CrMnFeCoNi alloys [27, 28]. Hove®, a more systematic
investigation is needed to better understand thddifscation conditions,
microstructural formation and tensile behaviorted AM-ed CrMnFeCoNi alloy.

In this study, the CrMnFeCoNi alloy is additivelyanufactured by the laser
engineered net shaping (LENS process, that also adopts the powder feeding
mechanism. The solidification conditions, phase miation, as-deposited
microstructures, and tensile behavior of the LEWSeposited CrMnFeCoNi alloy
are investigated, and its tensile properties arapawed with various CrMnFeCoNi
alloys processed by conventional and alternative pidcesses. The strengthening
mechanisms and the origin of reduced ductilityy, esmpared with the

wrought-annealed counterparts, are discussed.

2. Experimental procedure

2.1. Specimen fabrication by the LENS™ process

The CrMnFeCoNi specimen was manufactured on the S'®NVIR-7 system,

which is schematically shown in Fig. 1 (a). The @R¢CoNi prealloyed powders



with equiatomic compositions were prepared by tlasma rotating electrode process
(PREP) and were loaded in the powder hopper. Theles were injected, with the
aid of the flowing argon gas, into the powder deiwline, then to the powder feed
nozzles and finally to the melt pool that was aedaby a high-powered laser beam
with a focus diameter of approximately 6. The specimen was deposited onto an
austenitic 316L stainless steel substrate. The lzs@m was scanned in a zigzag way
(i.e. the bidirectional scan), and a 90° rotatiohtlee scan direction (i.e. the
cross-hatched scan) was used between consecuyeses,laas shown in Fig. 1 (b).
Before building the tensile specimen, we perforraegries of control experiments by
building small CrMnFeCoNi samples (10 mm by 10 myn8bmm) and based on the
minimum defects criterion, the following optimizegarameters were used for
depositing the specimen for tensile testing: arlasaver of 400 W, a scan speed of 5
mm/s, a linear heat input (i.e. the applied las®vgy divided by the laser scan speed)
of 80 J/mm, and a hatch spacing of 460. During the fabrication, the melt pool was
monitored by the ThermaViz system, which incorpesad two-wavelength imaging
pyrometer as well as image acquisition and analgsitware (Fig. 1 (a)). The
two-color or ratio pyrometer measures in two sm@ctanges simultaneously and
determines the temperature by calculating the tiadiaatio. The imaging pyrometer
was calibrated using a high-temperature tungstamént before use, and can provide
real-time (25 frames/second) and high resolutio2.1(1um/pixel) temperature
measurements over a wide range of temperatures I&¥8 to 3073 K. From these
temperature data, we can calculate the solidibcattonditions, e.g. the thermal
gradient and cooling rate, which are critical fdre tmicrostructural formation.
Moreover, the whole fabrication process was carogdin an enclosed chamber with

the oxygen level below 20 parts per million (ppno) minimize any potential



oxidation.
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Fig. 1. (@) Schematic of the LENS MR-7 System; (b) Schematic of the laser scan
pattern showing the bidirectional and cross-hatctesh strategy. The blue and red
arrows indicate the laser scan direction for odd emen layers, respectively. The

building direction Z is aligned vertically upwards.



2.2. Material characterization

The density of the LENY'-deposited specimen was measured by the
Archimedes method. The internal defects inside tE&NS™-deposited specimen
were examined by the dual-tube micro-focus X-raynpoted tomography (CT)
System YXLON FF35 CT, operating at a tube voltafjgx® kV and a tube current of
60 pA. During CT examination, the specimen was rotdtedh 0° to 360° with an
increment of 0.2°, and a total of 1800 projectiarese generated in a full rotation and
then reconstructed to achieve the 3D informatiothefinternal defects. The current
operating mode enables us to detect the interrfattdedown to 3um. The residual
stress (in-plane stress) in the LENSM-deposited specimen was measured on a
X-ray diffractometer with a Cr & radiation. The diffraction angley2= 128° for the
{220} crystal plane family was used to have higffrdction peak, and the residual
stress value was calculated $y°¢ method.

The tensile test was carried out on a servo-hyar&10 Material Test System
(MTS), at room temperature, with an engineeringistrate of 13 s*. Rectangular
dog-bone shaped specimens, for tensile testing,e warachined from the
LENS™.-deposited specimen, with their longitudinal axes. tensile axis) along the
X direction. The gauge length of the tensile specimvas 10 mm, and the gauge
width and gauge thickness were 3 and 0.9 mm, r&spgg after final polishing.
Microstructural analysis before and after the tensist was performed with the aid of
X-ray diffraction (XRD), optical microscopy (OM),canning electron microscopy
(SEM) equipped with energy dispersive X-ray spettopy (EDS) and electron
backscatter diffraction (EBSD), and electron chéingecontrast imaging (ECCI)
techniques. The XRD examination was performed oRigaku SmartLab X-ray

diffractometer, with a Cu & source scanning from 30° to 100° at a scan rate of



5 °/min. The SEM, EDS, and EBSD investigations wayaducted in a Quanta 650
SEM (Thermo Fisher Scientific Inc., USA) with arcateration voltage of 20 kV, and
the ECCI investigation was done in the same miapsc but with an increased
acceleration voltage of 30 kV. Samples for SEM, EDEBSD, and ECCI
investigations were cut from the LENSdeposited specimen by electrical discharge
machining (EDM), and then successively ground \emiery papers up to 4000 grit
size, and finally polished with diamond suspensama colloidal silica-based slurry
down to 0.05um particle size. The specimen for OM examinatiors ed@ctrolytically
etched, after mechanical grinding and polishingaisolution of 10% HN@ 5%
C,H4O,, and 85% HO. Furthermore, the solidification path and solddifion
segregation of the CrMnFeCoNi alloy were simulabgdScheil’s model with the aid
of Thermo-Calc software and TCHEA v2.0 high entroglfoys thermodynamic
database. The simulated results by Scheil's modetewbased on the basic

assumptions of no diffusion in the solids and imndémiffusion in the liquids.

3. Results

3.1. Densification

The density of the LEN®'-deposited CrMnFeCoNi alloy was measured to be
7.953 glcl by the Archimedes method, leading to a relativasitg of 99.67%
(assuming the theoretical density of the CrMnFeCal\dy is 7.980 g/cr). Fig. 2
(a)-(d) give the X-ray CT 2D and 3D images of tHeNS™-deposited CrMnFeCoNi
alloy, also showing no obvious pores and thus wkyse specimen. Based on the
X-ray CT data, the porosity (i.e. defect volumeaajtvas determined to be 0.25%,
indicating a relative density of 99.75%. This valseslightly higher than the relative

density value determined by the Archimedes metrexhlbise some very small pores



cannot be detected by X-ray CT due to its resatutestriction. Fig. 2 (e) shows the
pore size distribution in the LEN%-deposited CrMnFeCoNi alloy. It can be seen that
the pore size follows a normal distribution, an@ thverage size of the pores is
approximately 6um. Most importantly, no extremely large pores weetected,

which are definitely detrimental to the ductility.
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Fig. 2. X-ray CT characterization of internal pores in th&NS™-deposited



CrMnFeCoNi alloy. (a) Top view; (b) Right view; (€ront view; (d) 3D view; (e)

Pore size distribution.

3.2. Salidification conditions

Fig. 3 (a) gives a typical thermal map of the npelol looking down from the top
during the LENSY processing, with the laser scan direction inditdig the white
arrow. The map was colorized to show the tempezafimr Kelvin) down to the
liquidus temperature, i.e. 1613 K, of the CrMnFeCalNoy [29]. Therefore, the
whole melt pool, i.e. inside the purple outline swasible. The temperature reached a
peak value, approximately in the melt pool cended decreased with the distance
from the melt pool center. Temperature data wetmeted and are plotted along the
white dashed line, i.e. along the laser scan doecind through the hottest (peak
temperature) point in the melt pool, as shown i Bi (b). The zero value on the X
axis indicated the hottest point. The temperaturgecwas divided, using the hottest
point, into two parts, with these two parts expecieg the heating and cooling
processes, respectively. We paid more attentidhdacooling part in this study. The
liquidus temperatur@, of the equiatomic CrMnFeCoNi alloy was indicatedthe
horizontal dashed line in Fig. 3 (b), and the coess point between the cooling part
and the liquidus temperature was the boundary lestwie liquids and the mushy
zone, i.e. the region where liquids and solids xisted, and solidification was
occurring. The solidification conditions in the wity of this crossover point are
important for as-solidified microstructure formati@and were investigated in this
study.

From the cooling part of the temperature curve, tdraperature gradient and

cooling rate curves were calculated accordingly aredplotted in Fig. 3 (c) and (d),



respectively. The temperature gradient curve wasimdd by differentiating the

temperature curve with distance, and the cooling reurve was obtained by
multiplying the temperature gradient by the laseans speed, i.e. 5 mm/s. The
temperature gradient and cooling rate curves etdullihe same trends, both of which
decreased initially and then increased with théade from the hottest point. The
temperature gradienBiquiqus and cooling rateCRiquiqus Values at the crossover point

were calculated to be 347 K/mm and 1732 K/s, raspdy.
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Fig. 3. (a) A typical colorized thermal map of the melt ptmmking from the top; (b)

Temperature curve which was along the laser saattthn and through the hottest
point in the thermal map in (a); (c) Temperatuexd(line) and temperature gradient
(blue line) curves; (d) Temperature (red line) aodling rate (blue line) curves. The

liquidus temperaturé =1613 K is indicated by the black broken line ij-(t).

3.3. Phase formation

Fig. 4 (a) shows the XRD pattern of the LENSleposited CrMnFeCoNi



specimen, with the XY-plane examined. Only a sirdigordered face centered cubic
(FCC) structured phase was detected, which is indgagreement with its

counterparts manufactured by conventional metatatgroutes [9, 10, 30] and

alternative AM processes [11]. The single-phaseatdtaristic was rationalized by the
solidification path simulated by Scheil’s model wihe aid of the high entropy alloys
database, as shown in Fig. 4 (b). According tosthriulated solidification path, only a
single FCC phase solidified from the liquid, i.e>L+FCC—FCC. It should be noted

that, at lower temperatures, the single-phase tsheichas been proven to be
thermodynamically unstable, and multiple precigisamay be formed in the matrix
[31-33]. However, a very long annealing time wag@rarequisite to establish the
thermodynamic equilibria and lead to the precipitiirmation, which could not be

fulfilled in the present case. Therefore, the snghase disordered solid solution
structure in the just solidified state was retaindolwn to room temperature.
Furthermore, we observed that the predicted liquithmperature (i.e. 1596 K) by

Scheil's model was in good agreement with the nrealsvalue of 1613 K [29].
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Fig. 4. (a) XRD pattern of the LEN®-deposited CrMnFeCoNi specimen, with the
XY-plane examined; (b) Solidification path-iL+FCC—-FCC) of the CrMnFeCoNi
alloy calculated by Scheil's model with the aidtbé high entropy alloys database.
Both results confirm the single-phase disordered CFGtructure of the

LENS™-deposited CrMnFeCoNi alloy.
3.4. As-deposited microstructures

Fig. 5 shows the longitudinal cross-sectional, the. XZ plane, microstructures
of the CrMnFeCoNi alloy in the as-deposited stdtke layer-by-layer deposition
patterns are visible, with the melt pool boundaaed layer boundaries indicated, as

shown in Fig. 5 (a). The average layer thickness aetermined to be 154m based



on optical micrographs. The deposition patternschosely related to the laser scan
strategy [34-37]. For the bidirectional and croasched scan strategy used in the
present study, the as-deposited specimen exhilpiesiadic deposition pattern with a
cycle of two layers, i.e. the layers 1, 3, and &espond to the laser scan along the X
direction, and the layers 2, 4 and 6 corresporttiédaser scan along the Y direction.
The distance between two adjacent melt pool bottoongesponds to a hatch spacing
of 460 um. The enlarged optical micrograph shows that tleé pool solidification
was dominated by columnar growth, approximatelynglehe maximum heat flux
direction that was perpendicular to the melt poourdaries (Fig. 5 (b)). As the
LENS™-deposited CrMnFeCoNi alloy exhibited a single-gh&CC solid solution
structure (Fig. 4), each columnar grain could kensas a tiny FCC-structured single
crystal. Fig. 5 (c¢) and (d) give the inverse palgufe (IPF) and kernel average
misorientation (KAM) maps of a same region of @@ by 900um, respectively. The
grains in the IPF map were colorized based on th@ntations with respect to the
building direction (i.e. the Z axis). The high amgyjrain boundaries (HAGBs,
misorientation > 15°) were highlighted in blacktive IPF and KAM maps, and based
on the HAGBS, the average grain size (i.e. theageewidth) of the columnar grains
was estimated to be 18n. Furthermore, a large color variation was obsgmwehin
the individual grains (Fig. 5 (c)), indicating therge local misorientation across the
grains. This was further evidenced in the KAM maks for the large local
misorientation within the grains, we attributeatthe solidification substructures and
high dislocation densities in the as-deposited ispat, as revealed by the ECCI

images in Fig. 6. It can be seen from Fig. 6 (&} thithin columnar grains some

micron sized (2 5 um) solidification substructures were formed asc¢ated by the

white arrows. These substructures were either leellr pillar shaped, which were



view-angle-dependent. High densities of dislocaidne. the white lines) were
observed within these substructures, as shown gn &i(b) and (c). It should be
mentioned that the residual stress in the LEN@eposited CrMnFeCoNi alloy was
measured to be approximately 182 MPa (the averadeevof residual stresses
measured at three points). The existence of resigimass indicates the plastic
deformation inside the specimen, which coincideth whe observed high density of
dislocations. These dense dislocations are deerssociated with the mechanical

behavior in a specific way and are discusseseation 4.2.
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Fig. 5. The longitudinal cross-sectional (i.e. the XZ plameicrostructures of the
CrMnFeCoNi alloy in the as-deposited state. (a) @)dptical micrographs showing
the layer-by-layer deposition patterns and theaggt growth mode, respectively; (c)
and (d) IPF and KAM maps of a region of 90@® by 900um, respectively. The high
angle grain boundaries (HAGBs, misorientation >)¥&8re highlighted in black in (c)

and (d). The reference axis for the IPF map isthikeling direction.
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Fig. 6. ECCI images of the LEN¥-deposited CrMnFeCoNi alloy showing (a)
solidification substructures and (b-c) high diskima densities. Some solidification
substructure boundaries are indicated by the waritews in (a). The dislocations in
(b) and (c) appear bright as compared with the imainder the current diffraction
conditions.

Fig. 7 (a) gives the elemental distribution in aio@ containing several
solidification substructures. It can be seen that Bhd Ni segregated at the

substructure walls, and Co, Cr, and Fe segregatélei substructure interiors. The



elemental concentration in the remaining liquidaasinction of the temperature was
simulated by Scheil's model with the aid of thethgntropy alloys database, and is
shown in Fig. 7 (b). It can be seen that with tleerdase of the temperature, the
concentrations of Mn and Ni in the remaining ligindreased, and the concentrations
of Fe, Cr, and Co showed the opposite trend. Basethe simulated results, the
solidification process of the CrMnFeCoNi alloy che regarded as a process of
rejecting Mn and Ni atoms into the remaining liguehding to the enrichment of Fe,
Cr, and Co atoms in the first solidified region®. isubstructure interiors, and the
enrichment of Mn and Ni atoms in the later solgtifiregions, i.e. substructure walls.

Clearly, the simulated and experimental resulteagvell with each other.
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Fig. 7. Elemental micro-segregation of the CrMnFeCoNialtturing solidification.
(a) EDS elemental mapping of a region of severati§ication substructures; (b)
Compositional evolution of the remaining liquid silated by Scheil's model with the
aid of the high entropy alloys database. All sd¢xdes in (a) are am. Both elemental
mapping and simulated compositional evolution sliog segregation of Co, Cr and
Fe at first solidified regions (i.e. solidificatiosubstructure interiors), and the
segregation of Mn and Ni at later solidified regiofi.e. solidification substructure

walls) during solidification.

3.5. Tensile behavior

The typical engineering tensile stress-strain catvambient temperature of the
LENS™.-deposited CrMnFeCoNi alloy is shown in Fig. 8 (&le engineering yield
strength, i.e. the stress at which 0.2% plastiome&tion occursg,, and the strain to
failure, &, were measured to be 517 MPa and 26%, respectiuatthermore, uniform
tensile elongation was measured to be 17% whicthh@sengineering strain value
corresponding to the maximum point, i.e. the ultendensile stress, on the
engineering stress-strain curve. When the maximomtpvas reached, nonuniform
plastic deformation begins, and geometric instgbili.e. necking phenomenon,
occurs. Clearly, the uniform tensile elongatioamsimportant measure of the ductility
of an alloy. Fig. 8 (b) gives the typical SEM sedary electron image of the tensile
fracture surface. The ductile fracture characterisan be confirmed from a vast
number of fine dimples on the fracture surface.

Fig. 9 shows the microstructure of the LENSleposited CrMnFeCoNi alloy
that was tensile tested to fracture. The deformenlastructures investigated both by

EBSD and by ECCI were approximately 3 mm far frdéma tracture surface to avoid



the necking region, and therefore the investigadgibns experienced uniform plastic
deformation during the tensile test. Twins wereastanally observed in the IPF map
and further confirmed by the misorientation prqgfidéss shown in Fig. 9 (a) and (b).
Due to the absence of twins of any types, i.e. tipwannealing, or

deformation/mechanical, prior to straining, thesen$ are formed during the tensile
process and are classified as deformation twing. &i(c) and (d) give the ECCI
images of these deformation twins at different nifagations. It can be seen that the
thickness of these deformation twins was about 0 Ihis also noted that the step
size 1um for EBSD characterization is larger than the mamo thickness, and

therefore the nanotwins seem not continuous arattind the IPF map (Fig. 9 (a)).
However, since the electron beam size is far bel®wvnm, the crystallographic
information could still be obtained when the beaits the twin region, and thus the
combination of the misorientation profile in Fig(l®) and the ECCI investigations in
Fig. 9 (c) and (d) can confirm the twin relationshin view of the slight degree of the
twinning, the deformation process is reckoned to dmeninated by dislocation

activities which are shown in Fig. 9 (e). The defation mechanisms and their

contributions to the uniform tensile ductility atescussed in detail iSection 4.3.
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4. Discussion

4.1. Formation of the as-deposited microstructures

The as-deposited microstructures at multiple lersgthles, i.e. columnar grains,
solidification substructures, and dislocation sugtires, are formed. Clearly, the
columnar growth, rather than the equiaxed growtbmidates the melt pool
solidification of the CrMnFeCoNi alloy. This is ceistent with the AM-processed
conventional alloys, such as Ni-based superall8g$ 4nd titanium alloys [38], and is
mainly attributed to the intrinsically high thermgtadient, i.e. 347 K/mm in the
present study. Furthermore, the average grain(d&em) in the LENS“-deposited
CrMnFeCoNi alloy is much finer than that reported €rMnFeCoNi alloys (100-300
um grain size [11, 25]) processed by other powdewhl AM processes. This is

largely due to two reasons. First, the linear heptit used in the present study is

much lower than that reported in the literature §&m in this work vs 128850

J/mm in Refs. [11, 25]). The lower linear heat mpormally results in a higher
cooling rate, which facilitates the formation afiér microstructures. Furthermore, the
grain size and the crystallographic orientationtlod substrate are also believed to
play an important role in grain growth and selectauring solidification, and hence
the final grain size [39]. However, this is notalissed in the present paper due to
insufficient microstructural details of the substran addition, a very high density of
dislocations is formed in the LEN'-deposited CrMnFeCoNi alloy, which is also
reported for the AM-processed 316L stainless s{dék42], and Inconel 718
superalloy [43]. The formation of such dense distmns is possibly due to the
development of the internal stress, and hencertfegnial strain, as the parts rapidly

cool down to the ambient temperature after sotidifon. The gradually accumulated



thermal strain in the AM-processed parts has tadsmmmodated, at least partially,
by the dislocations. The effect of the accumulatistbcations on the yield strength is
discussed irSection 4.2. Finally, elemental segregation at the micromatale is

observed, with the cellular interior enriched in, @ and Fe, and the cellular wall
enriched in Mn and Ni. This is consistent with tteserved dendritic segregation in
the as-cast counterparts despite different sat@hion substructures, i.e. celluar for

LENS™, and dendritic for casting [29, 44, 45].

4.2. Strengthening mechanisms

4.2.1. Theyield strength of the LENS™-deposited CrMnFeCoNi alloy

The yield strength of a polycrystalline alloy isdawn to be the critical applied
stress which can activate the dislocation motiothenvast majority of the grains and
thus lead to the onset of the macro plastic defaomaThis critical applied stress
value (i.e. the yield strength) is determined by tmicrostructural features, i.e.
base-metal lattice, interstitial or substitutiosalute atoms, nanotwins, precipitates,
grain boundaries, and initial dislocations. As tHENS™-deposited CrMnFeCoNi
alloy is nanotwin-free, the contribution from thanotwins can be disregarded. It
should be noted, however, that the nano-twinningab®r after yielding point was
observed in this study (Fig. 9), but it does nattabute to the yield strength but to
the work hardening, and is discussedsation 4.3.3. Furthermore,, the precipitation
phases have been found in many alloys, such asadéeballoys and steels, and
several models (e.g. Friedel's shear cutting mddé], and Mohles’ dislocation
dynamics model [47]) have been proposed to evaltgteontribution to the overall
yield strength. However, as indicated by the XREigga and calculated solidification

path (Fig. 4), the LENS'-deposited CrMnFeCoNi alloy exhibits a single-phB&EC



structure, and therefore the precipitation hardgmirechanism doesn't operate in this
alloy, and its corresponding contribution can s®alisregarded.

As for the solute atoms, they are normally discdssedilute solid solution
alloys with a single base metal, i.e. the solveattide, plus a certain amount of
interstitial and substitutional solute atoms. Thegerstitial or substitutional solute
atoms generate a local stress field which hindeegdtslocation motion and therefore
strengthen the alloy. However, in the present céise, CrMnFeCoNi alloy is a
concentrated solid solution system with five eleteen equiatomic ratios. All these
five elements occupy the FCC lattice randomly, anddistinct solvent lattice and
solute atoms exist. Therefore, for the CrMnFeColNbya the resistance from the
solute atoms which is normally discussed in coneeat alloys has to be converted
to the lattice friction stress. Based on the abamalysis, the yield strength of the
LENS™-deposited CrMnFeCoNi alloy can be predicted byirgldhe contributions

from the base-metal lattice friction, grain bounesyand initial dislocations:

0.

y = 0O + AO—GBS + AO_DS (1)

whereg,, Aosss, and Aowsrepresents yield stresses resulting from the @tiction,
grain boundary strengthening, and dislocation gttesning, respectively. But as
discussed eatrlier, thg value here is the resistance from a complex latifcal these
five constituent atoms rather than from the basdamélhe o, value of the
CrMnFeCoNi alloy at 293 K has been experimentaijednined to be 125 MPa, in
Ref. [9] and 194 MPa, in Ref. [48], respectively.this study, their average value of
160 MPa is adopted. In the following, the contribns from grain boundary
strengthening and dislocation strengthening aresaesl based on classical equations

and microstructural details achieved experimeniallsection 3.



Grain boundary strengthening mechanism operatedl ipolycrystalline alloys,
and the grain refinement introduces higher coneéntis of incoherent grain
boundaries which more strongly block the dislogatiaotion and therefore strengthen
the alloy. For microcrystalline alloys, the vyieldress resulting from the grain

boundary strengthening effetiz..s, can be estimated by [9]:
AO—GBS =k- d_O'S (2)

wherek=494 MPapm®® is the Hall-Petch coefficient for slipping at 2B39], andd

is the average grain size. Thesss value is calculated to be 137 MPa for the graze si
of 13um in this study. In addition to the grain boundsimengthening effect, the high
density of initial dislocations in the AM-ed alloys also frequently regarded as an
effective strengthening mechanism [24, 49]. Theldyistress resulting from the
dislocation strengthening effeco.,s, can be estimated according to the Taylor

hardening law [50]:

AO—DS = MaGb\/; (3)

where the Taylor factovl was estimated to be 3.06 [54}0.2 is a constant for FCC
structured alloys, the shear moduttisvas measured to be 80 GPa at 293 K [52, 53],
b is the magnitude of the Burgers vector (<110>Rjhe full dislocation and was
determined to be 0.2539 nm [54], gnds the initial dislocation density, i.e. the total
length of dislocations per unit volume of the materAs indicated by Eq. (3),
increasing the dislocation densipy, increases thés.s value, due to the stronger
interactions between the stress fields of dislocati As shown in Fig. 6, the
CrMnFeCoNi alloy in the as-deposited state exhihbitisigh density of dislocations,

and the dislocation density, can be roughly estimated by following equatioBs,



56]:

p = 2V3e/(Db) 4)

Bcos@ = KA/D + 4esinf (5)

wheree is the micro-strainD is the crystallite size) is again the magnitude of the
Burgers vector (<110>/2) of the full dislocatighis the full width at half maximum
(FWHM) of the analyzed peaks from the XRD profilétea subtracting the
instrumental line broadenind), is the Bragg angle of the analyzed pedksis a
dimensionless shape factor with a value of 0.84, /ars the X-ray wavelength that
equals to 0.154056 nm for Cu;kadiation.

Based on Egs. (4) and (5), the dislocation density the LENS™-deposited
CrMnFeCoNi alloy is estimated to be 3*1@? Putting the estimated value into
Eq. (3), the yield stress resulting from the initizslocations is estimated to be 215
MPa. The calculated yield strength (icg+AceestAcns=512 MPa) resulting from the
lattice friction resistance, fine-grain strengthmni effect, and dislocation
strengthening effect agrees well with the measuedage of 517 MPa. It also indicates
that the vyield strength of the LENSdeposited CrMnFeCoNi alloy originates from

multiple strengthening mechanisms, especially thislochtion strengthening

mechanism whose contribution accounts<¥d2% of the total yield strength. In other

words, the highly dense dislocations of the LENXi@eposited CrMnFeCoNi alloy

contribute to its yield strength significantly.

4.2.2. Compared with conventionally manufactured CrMnFeCoNi alloys

Section 4.2.1 discusses the vyield strength of the LENSleposited



CrMnFeCoNi alloy based on classical equations (Heall-Petch relationship, and
Taylor hardening law) and experimentally achievadrostructural details (i.e. grain
size and dislocation density). The variation of nogtructural details, which can be
achieved by changing the processing route, afedds the yield strength of an alloy.
Fig. 10 shows a summary of the tensile yield stitengersus uniform tensile
elongation of the CrMnFeCoNi alloy manufacturedvayious routes. These include
casting [11, 44], cold deformation, i.e. cold fergiand rolling, followed by annealing
[9, 10, 48], high pressure torsion followed by pdstormation annealing (HPT+PDA)
[15], mechanical alloying followed by spark plasmatering (MA+SPS) [14],
selective laser melting (SLM) [22-24], and varidaser powder-blown AM processes
(i.e. laser metal deposition (LMD) [11], laser a@ddi manufacturing (LAM) [25, 26],
laser aided additive manufacturing (LAAM) [27], é83D printing [28], and LENS',
i.e. the present work). It should be noted thdedt universities, labs or companies
may use different terminologies to denominate #eeil powder-blown AM process,
however, they all build a part by remelting the fsce of previous layers and
simultaneously feeding metal powders into the résdelregion, i.e. melt pool.
Therefore, these processes can be classified het@dame type in essence (i.e. using
the laser as the heat source, and feeding powgterezles), and therefore in Fig. 10
we unify them as laser powder-blown AM process.sEh€rMnFeCoNi alloys are
grouped into three categories, i.e. coarse-grai@&J up to hundreds of micrometers),
fine-grained (FG, 500 nm to a dozen or so micromsgtand ultrafine-grained or even
nanocrystalline (UFG, < 500 nm; NC, < 100 nm), dejpeg upon their grain sizes. It
can be seen from Fig. 10 that the yield strengthtled CrMnFeCoNi alloy
approximately ranges from 170 to 1600 MPa, dependmthe processing route and

the resultant microstructure.



For the as-casted CrMnFeCoNi alloy, besides thedafriction stress, only the
grain boundary strengthening mechanism contributests yield strength. And
considering its coarse grains, the yield strendjttn® as-casted CrMnFeCoNi alloy is
extremely low based on Eq. (2). Until now, mosttké CrMnFeCoNi alloys are
fabricated by cold deformation followed by annegliand this specific kind of the
CrMnFeCoNi alloy is referred to as wrought-anneat&@/inFeCoNi alloy in this
study. For the wrought-annealed CrMnFeCoNi allope tgrain boundary
strengthening mechanism also operates, and itgilootbn to the yield strength is
determined by the grain size. As reported in paklisworks [9, 10, 48], the grain size
of the wrought-annealed CrMnFeCoNi alloy may rafrgen 155 to 0.5um, and the

yield stress resulting from the grain boundaryrggtbening mechanism is therefore

calculated to be from 40 to 865 MPa based on Ef. i Acss=40~865 MPa.

Furthermore, as the high dislocation density intitl during cold deformation is
dramatically decreased during the recrystallizatiannealing treatment, the

dislocation density is extremely low in the as-aaled state [8, 9]. The dislocation

density in the as-annealed alloy is normally of dhaer of 18"~ 10'> m?[57]. Even

when adopting the upper limit of ¥0m?, the calculated\swsis only 12 MPa, which
is much lower than that of the LENSdeposited CrMnFeCoNi alloy. The total yield
stress of the wrought-annealed CrMnFeCoNi alloyultesy from all possible

strengthening mechanisms is therefore calculatedeo212 to 1037 MPa, i.e.
oot AoesstAops=212~ 1037 MPa, which well agrees with the experimengdlies (Fig.
10). For the CrMnFeCoNi alloys fabricated by HPT+#P@ MA+SPS processes [14,

15], the grain size can be further reduced and &adéam into UFG and NC regimes.

For this case, the dependence of the yield stieemdting from the grain boundary



strengthening mechanism on the grain size cann@réasely predicted by Eq. (2)

that well applies to the microcrystalline alloysutBhe strengthening effect is almost

continuously observed when reducing grain sizesndtav~ 10 nm, and the yield

strength of such UFG/NC CrMnFeCoNi alloys reachesva ~ 1000 MPa. Despite

of the excellent yield strength, their uniform témslongation is very low. Overall
speaking, a relatively good combination of the ilengield strength and uniform
tensile elongation is achieved in the FG regimeturately, the LEN3"-deposited
CrMnFeCoNi alloy in this work also exhibits a FGamustructure, i.e. 1@m grain
size, and this is largely attributed to the rapdlmg rate, i.e. 1732 K/s, during melt
pool solidification. Furthermore, it can be cleasien that the high initial dislocation
density activates an additional strengthening measha i.e. dislocation
strengthening, and therefore endows the LEN@eposited CrMnFeCoNi alloy with
a higher tensile yield strength than the wroughtested FG counterparts with similar
grain sizes. By contrast, however, the uniform iteredongation is lowered, which is

discussed irsection 4.3.
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Fig. 10. A summary of tensile yield strength versus unifaensile elongation for



CrMnFeCoNi alloys manufactured via various routesluding casting [11, 44], cold
deformation, i.e. cold forging and rolling, follodéby annealing [9, 10, 48], high
pressure torsion followed by post-deformation ahnga (HPT+PDA) [15],

mechanical alloying followed by spark plasma singr(MA+SPS) [14], selective
laser melting (SLM) [22-24], and various laser pewdlown AM processes [11,
25-28], and LEN$, i.e. the present work). From a microstructurakpective, these

alloys are classified into CG, FG, UFG/NC CrMnFeCaNbys.

4.3. Origin of reduced ductility

4.3.1. Evaluation of work hardening capability

As analyzed inSection 4.2, the vyield strength of the LEN%-deposited
CrMnFeCoNi alloy compares favorably with its wrotigimnealed counterparts with
similar grain sizes. However, its uniform tensilengation is lowered, as can be seen
from Fig. 10. Actually, reduced ductility is alsommonly reported for the laser-based
additively manufactured conventional alloys, e.d.613 stainless steel [58], and
titanium alloys [59, 60]. However, this phenomem®mnot well understood to date. In
this study, we compare the work hardening capéasiliof the LENS-deposited and
wrought-annealed CrMnFeCoNi alloys. Fig. 11 showe ttrue stress versus
logarithmic strain curves that are calculated fribi engineering ones, and the plots
of the true work hardening rate (WHR), i.e. the derivative of the true stress with
respect to the logarithmic strain, as a functionhef logarithmic strain. The data for
the wrought-annealed CrMnFeCoNi alloy (jiih grain size) is extracted from Ref.
[8]. It can be seen from Fig. 11 that the WHR valaee initially high but decrease
with the logarithmic strain for both alloys. Howevehe WHR value of the

LENS™-deposited CrMnFeCoNi alloy, by contrast, drops eneapidly during



straining. This leads to the earlier intersectiom the WHR- and true
stress-logarithmic strain curves at a lower sttauel. The crossover point indicates
that the WHR value equals to the true stress, anthis critical point, the strain
localization, i.e. the necking phenomenon, occursodling to the Considére’s
criterion [61]. In other words, the relatively ireglate work hardening capability of
the LENS™-deposited CrMnFeCoNi alloy leads to its earlieckieg and hence

reduced uniform tensile elongation, i.e. 17% of ENS™-deposited CrMnFeCoNi

alloy vs ~ 35% of the wrought-annealed counterpart.
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Fig. 11. Measured true stress-logarithmic strain curvegkviardening rate (WHR)

curves, and curve fitting results for the LENSdeposited and wrought-annealed

CrMnFeCoNi alloys. The measured true stress-ldgaiiit strain curve and the WHR

curve for the wrought-annealed CrMnFeCoNi alloyaistracted from Ref. [8]. The

true stress-logarithmic strain data for both allays fitted by Eq. (12).

4.3.2. Origin of work hardening



The mechanisms underlying the relatively inadequaiek hardening capability
needs to be clarified in terms of the evolutionhef deformation substructures, i.e. the
dislocation and nanotwin substructures, during irstrg. These deformation
substructures can act as efficient barriers to dringhe gliding dislocations and
therefore harden the alloys. In other words, thelwion of these deformation
substructures governs the work hardening capabfgyreported by Laplanche et al.
[8], the dislocation density of the wrought-anndalerMnFeCoNi alloy increases
dramatically during straining, and these disloaagidend to tangle or even form
dislocation cells (DCs) to minimize the elastic gye per unit length of the
dislocation line. Such highly dense dislocation stuictures effectively block the
dislocation motion and therefore contribute to therk hardening capability. In

addition to the dislocation multiplication, nandgcdeformation twins are reported to

form after ~20% logarithmic strain, corresponding toe 720 MPa true stress [8]. As

deformation progresses further, the volume of #femination twins increases and the
twin spacing decreases. As is well known, the gearents of atoms on both sides of
the twin boundaries are mirror reflections, and fttrenation of the twin boundaries
leads to a continuous grain refinement processtlamsl a reduction in the mean free
path of the dislocations, i.e. the dynamic Halldhetffect [62]. The combined effects
of the dislocation multiplication and nanoscale odefation twinning lead to the
substantial work hardening capability and thusdilgaificant uniform tensile ductility

of the wrought-annealed CrMnFeCoNi alloy.

4.3.3. The onset of twinning

As for the twining behavior, it is not always obssd during the tensile test of

the wrought-annealed CrMnFeCoNi alloy. For instarseformation twins are not



observed in the FG (503 nm grain size, which ne&allg into the UFG regime)
wrought-annealed CrMnFeCoNi alloy which has beerairstd to failure at a
logarithmic strain of nearly 30% [48]. Fortunatelye desirable twinning behavior is
observed during the straining process of our LEN@eposited CrMnFeCoNi alloy.
To determine the onset of the deformation twins, tthinning stress, i.e. the critical
true stress beyond which the twinning behaviorctssated, is estimated in this study.
The twinning stress has been found to be graindgpendent in conventional alloys

[63-66], and a Hall-Petch type relationship is nallsnfollowed [63]:

Otw = Otw,o T kew - d-%> (6)

whereay, is the twinning stresssw,ois the twinning stress for a single crystal, is
the Hall-Petch coefficient for twinning, amids again the average grain size. Bhe

value can be estimated by [66]:

Otw,o = MVSF/bs (7)
whereM is again the Taylor factop. is the stacking fault energy (SFE) that was
determined to be 1827 mJ/nifor the CrMnFeCoNi alloy [67, 68hs=0.1466 nm

[54] is the magnitude of the Burgers vector (<18)>pf the Shockley partial

dislocation. Combining Egs. (6) and (7), we get:

Orw = Mysg/bs + ki - d—o3 (8)

Eq. (8) indicates that the twinning stresg increases with the decrease in the
grain sized. Assuming the twinning stresg,=720 MPa for a grain siz@=17 um [8],

the Hall-Petch coefficient for twinningdi, is determined to be 1164 MRa’* that



is more than two times higher than the Hall-Petobfficient for slipping, i.e. 494

MPayum®®. This trend is consistent with previous studieat tieport the ratio of the

Hall-Petch coefficient for twinning to that for gping ranges from % 4 for

FCC-structured alloys [63, 69]. The much largerl#fatch coefficient for twinning
indicates that the twinning stress is more stromgbin size dependent as compared
with the grain size dependency of the yield strengthe twinning stress for the
CrMnFeCoNi alloy with grain sizes of 13 and 0.508 is calculated to be 761 and
2083 MPa, respectively, according to Eq. (8). Fbe taforementioned FG
wrought-annealed CrMnFeCoNi alloy with grain size 593 nm, the estimated
twinning stress is surprisingly high and is notctead till fracture, and therefore the
nanoscale deformation twins are not observed.

For our LENSM-deposited CrMnFeCoNi alloy, the estimated twinngtigss of

761 MPa is reached at a lower logarithmic strain~0£3%. The earlier activation of

the deformation twins in the LEN®%-deposited CrMnFeCoNi alloy is believed to be
a direct result of two opposite effects. The higlvanning stress and the lower work
hardening rate of the LEN%-deposited CrMnFeCoNi alloy make it more diffictdt
generate twinning. However, this adverse effedully compensated by its higher
yield strength (i.e. 517 MPa of the LENSdeposited CrMnFeCoNi alloy vs 265
MPa of the wrought-annealed counterpart), whichiltesn its earlier reaching of the
twinning stress 761 MPa, at a lower logarithmiaistievel. As discussed earlier, the
formation of these nanoscale deformation twinsoshices additional intragrain
interfaces which act as “strong” obstacles for igliddislocations, and the earlier
activation of these deformation twins is undoubtedesirable. We observe that,

however, the onset of twinning in the LEN'Sdeposited CrMnFeCoNi alloy is



already very close to its necking instability poin¢. 15.7% logarithmic strain, which
implies that its uniform plastic deformation capépihas been almost exhausted
before the onset of twinning. Therefore, the lowlewaiform tensile elongation of our
LENS™-deposited CrMnFeCoNi alloy is believed to resutini the evolution of

dislocations (i.e. another work hardening contmputiuring the course of straining.
4.3.4. Therole of dislocation evolution in uniform tensile ductility

As can be seen by comparing Figs. 6 and 9, theadisbns are only slightly
denser in the as-deformed microstructure of the $ENdeposited CrMnFeCoNi
alloy, which differs with the dramatically increasdislocation density reported for
the wrought-annealed counterpart [8]. In other 8orthe net increase in the
dislocation density during the straining processnimller for the LEN®-deposited
CrMnFeCoNi alloy as compared with the wrought-ame@acounterpart. The
evolution of the dislocation density during theastmg process is concurrently
determined by the accumulation and annihilationthef dislocations. According to a
time-proven approach proposed by Kocks and Meckifg72], the evolution of the

dislocation density with the straidy/de, can be estimated by:

dp/de = M(klx/; — k2p) )

where the dislocation storage rate coefficidat,is associated with the dislocation
accumulation due to the dislocation-dislocationenattions (e.g. the interactions
between the gliding dislocations and forest ones)d the dynamic recovery
coefficient, k;, is associated with the dislocation annihilation several possible
mechanisms (e.g. the climb of edge dislocationg] #we cross-slip of screw

dislocations). These two parametkyandk; are microstructural dependent constants.



The increased dislocation densityvould lead to an increased flow stressas given
by the Taylor equation (Eq. (3)), but the.sin Eq. (3) is substituted by the flow stress

o here [50]:

o = MaGb,/p (10)

Combining Egs. (9) and (10) provides the flow stras a function of the strain in the

plastic regime:
o0 = (aGbMk,/k;) [1 — exp(—k,Me/2)] (11)

Eq. (11) satisfactorily describes a large amountrwd stress-logarithmic strain
experimental data in the plastic regime of conwdl alloys with CG
microstructures [73]. To extend Eq. (11) to FG wereUFG microstructures, the grain
boundary strengthening needs to be consideredt{hamefore a grain size dependent

constant; is suggested and introduced into Eq. (11) asvallfr4]:
o =0, + (aGbMk, /k,) [1 — exp(— k,Me/2)] (12)

Eq. (12) can be used successfully to describe ietyanf alloys over a wide
range of grain sizes [75]. Going one step furthie, plastic instability corresponding
to the onset of the nonuniform plastic deformatienderived by linear stability

analysis [73-75]:
(h/o) (1 —1/m) + [k M/(2m)] (1 —01/0) < 1 (13)

where the parameten is associated with but not exactly the strain sasitivity
introduced by Hart [76]. The parameters the aforementioned work hardening rate

and given by:



h =do/ds = (aGbM?*k,/2) exp(— k,Me/2) (14)

It can be seen from Eq. (14) that both the dislooastorage rate coefficieri,
and the dynamic recovery coefficiekt, affect the work hardening capability of an
alloy. Nevertheless, we want to emphasize thatphemeterk, exhibits a more
pronounced effect because it resides in the expg@ahdunction. Replacing the flow
stressg, and the strain hardening coefficieht,in Ineq. (13) with the expressions in
Egs. (12) and (14), respectively, and substitutimg equality sign for the inequality

sign leads to the necking strain73-75]:

EN &
[2/ (ko M)] - In{[1 + (koM /2)(1 = 2/m)]/[1 + o1k, /(@GbMky) — kM /(2m)}

(15)

For a variety of alloys and testing conditionanX<1, and therefore Eq. (15)

can be reduced to:

en = [2/(kM)] - In{[1 + (k.M/2)]/[1 + 01k, /(aGbMk,)]} (16)

Eq. (16) can be used to estimate the onset of mgakiring the course of the
monotonic tension. It can be again seen from Eg) {iat the dynamic recovery rate
coefficientk; governs the necking phenomenon. By contrast, titeer antrinsic model
variables, i.e.k; and o, are less significant as they affect the neckitigirs
logarithmically. To further highlight the importamble of the parametek, in the

necking strairz,, the lower and the upper bound estimates baséjo(iL6) are given

by:

2/ (kM) < ey < 21In[1 + k,M/2]/(kyM) (17)



This double inequation is valid for any reasonatdenbinations of the model
variables, and it clearly shows that the estimatecking true straim, is in a very
narrow band, with the upper and lower bounds gaeioy thek, value alone. The
non-linear Eq. (12) is fitted to the measured Btress-logarithmic strain curve in the
plastic regime, and very good fitting is achievadddjusting the fitting parameters,
i.e. the intrinsic model variables, as shown in. Rit. The necking true straia,, is
estimated accordingly, based on Eg. (16), to b2%6which agrees well with the
measured value 15.7%. Good fitting is also achief@dthe wrought-annealed
CrMnFeCoNi alloy, and thek, values for the LEN%'-deposited and
wrought-annealed CrMnFeCoNi alloys are 5.4 and ,2té3pectively. The largds,
value of the LEN8"-deposited CrMnFeCoNi alloy indicates a promotedadyic
dislocation recovery process, and hence a lessifisat net increase in the
dislocation density during straining, which is cstent with what we observed
experimentally. As a direct result, the work haidgncapability is somewhat
weakened, which is believed to be the main reasorthie reduced uniform tensile

elongation of the LEN%'-deposited CrMnFeCoNi alloy.

5. Conclusions

The primary goal of this study is to investigate ghotential of the LENS'
process in the manufacture of the equiatomic CrMOdr& high entropy alloy. To
investigate the potential, the CrMnFeCoNi alloyadditively manufactured by the
LENS™ process, and the solidification conditions, ph&senation, as-deposited
microstructures, and tensile behavior are investdjaFurthermore, the tensile yield
strength and uniform tensile elongation are modeded the underlying mechanisms

for the improved vyield strength and lowered dustilias compared with the



wrought-annealed counterparts with similar gragesj are discussed. The following
conclusions could be drawn from our study:

(1) The LENSM-deposited CrMnFeCoNi alloy exhibits a single-phase
disordered face centered cubic structure, as evabby XRD, and rationalized by
Scheil’s solidification simulation with the aid tife high entropy alloys database.

(2) Multi-scale as-deposited microstructures, ec@umnar grains, solidification
and dislocation substructures, are formed. Furtbeemelemental segregation is
observed and rationalized by Scheil’s simulation.

(3) The LENSM-deposited CrMnFeCoNi alloy exhibits a tensile gistrength
that is comparable to that of finer-grained wroughbealed counterparts. This is
largely attributed to the high dislocation densiiy the LENS™-deposited
CrMnFeCoNi alloy, and hence the initial-dislocati@trengthening, which are
insignificant and can be disregarded in the wrotagintealed counterparts.

(4) The tensile deformation process is mainly acoochated by dislocation
activities with the assistance of deformation twmngn The promoted dislocation
recovery process during straining leads to a weatkevork hardening capability, and
hence a reduced uniform tensile elongation, as eoedpwith the wrought-annealed
counterparts. Overall, however, the capabilityref tENS™ process to manufacture
the high-performance CrMnFeCoNi alloy for enginegrapplications is confirmed in

this study.
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