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Abstract:

The susceptibility of the FeAl intermetallic alloy to hydrogen-assisted cracking was
investigated by in situ fracture experiments using notched micrometre-sized specimens using
an Environmental Scanning Electron Microscope (ESEM). The notched beams were loaded
under two different environmental conditions: one in high vacuum (5X10* Pa) to avoid
hydrogen effects and one under a certain water vapor pressure (450 Pa) to promote hydrogen
uptake. The fracture behaviour on a non-ASTM-standard micro-sized specimen was
successfully studied by the experimental approach, and the microstructure of the whole crack
area was analysed by Transmission Kikuchi Diffraction (TKD) and Transmission electron
microscopy (TEM) techniques. Three crack growth stages were observed in all the specimens:
i) elastic regime, ii) notch blunting and micro-crack formation; and iii) stable crack growth. We
observed an accelerated crack propagation rate in specimens under hydrogen exposure. The
hydrogen embrittlement phenomenon was found to occur because of the strong hydrogen-
dislocation interactions. The combined effect of hydrogen-enhanced dislocation nucleation
and hydrogen-restricted dislocation mobility is responsible for the hydrogen-enhanced
cracking behaviour.

Keywords: hydrogen embrittlement, micro-fracture mechanics, Transmission Kikuchi
Diffraction or Transmission EBSD, FeAl intermetallics.
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Fig. 0. The crack propagation stages shown in the load-displacement curves for H-charged al) and H-

free a2) cases; the corresponding crack morphology a2) b2), deformation substructure revealed via t-

ESBD a3) b3) and TEM bright field a4) b4) techniques for H-charged and H-free cases, respectively. All
the scale bars are 500 nm.

1. Introduction:

Mechanical properties of metals and alloys are on some level determined by interstitial atoms.
Hydrogen (H), as one common interstitial element, is often found to degrade the fracture
behaviour and lead to premature or catastrophic failure in a wide range of materials.
Hydrogen embrittlement (HE) has thus been an important issue in hydrogen technology and
has evoked intense scientific studies. However, with all the research efforts, HE is still one of
the controversial questions and is particularly severe in iron-based alloys and steels because
of the low solubility and high diffusibility of H in Fe [1]. For the metallic materials that do not
form hydrides, the HE effects are always described commonly in one or a combination of the
following models: 1) Hydrogen-enhanced decohesion (HEDE); 2) Adsorption-induced
dislocation emission (AIDE); 3) Hydrogen-enhanced localized plasticity (HELP); and 4)
Defactant mechanism.

The HEDE mechanism postulates that the hydrogen atoms attached to the crack tip reduce
the cohesive bond energy between atoms and encourage a cleavage-like failure [2-7].
However, this mechanism can occur only when the stress intensity for the fracture ahead of
the crack tip falls below the value to stimulate dislocation activities, which is not realistic in
bcc alloys at room temperature since the dislocation emission seems still easier even at full
saturation of H [8]. However, the HEDE finds its huge popularity in explaining the intergranular
fracture [9-12], which is rational since the strain constraint near the grain boundaries or phase
boundaries requires multiple slip system activation, which produces opportunities for the
cracking to occur through bond breaking. The AIDE states that hydrogen reduces the
dislocation formation energy at the crack tip, thus promoting the crack propagation with
dislocation emission from the crack tip at relatively lower stresses [13, 14]. The above two
models are obtained mainly from the posterior interpretation of the post-mortem
morphological features obtained from macroscopic tests and lack some supporting evidence
from direct experimental observations, or are supported mostly by simulations and models
with several simplifications that remain to be validated. As an exception, the HELP is basically
built on in situ observations of the dislocation motion in environmental transmission electron
microscopy (ETEM) cells and states that the hydrogen atmosphere attached to the dislocation
effectively shields the stress field in certain directions and thus allows the stress field to move
in such directions at a lower stress level [15-22]. As a descriptive mechanism, the HELP has
found widespread support since its first announcement. However, there are still disagreeing
voices. The accelerated dislocation mobility in HELP via H reduced the degree of interaction
of dislocations with other elastic singularities due to the H shielding effect [23], which is found
not to be realistic in bcc metals since a large amount of H concertation (1.5 X 102 H/Me to
reach the softening effect of 70 MPa) is required [24]. The experimental observation of



“softening and hardening” as a common HE phenomenon in bcc iron was explained based on
atomistic simulation with H-enhanced double-kink formation at high T or low H content, and
H reduced kink-pair mobility at low T or high H content [25, 26]. Song and Curtin [27, 28]
proposed that hydrogen reduces rather than enhances dislocation mobility based on atomic
calculations. Recently, an opposite observation from an ETEM cell that dislocation will be
locked by introducing H, and they argue that the locking effect is introduced by hydrogenated
vacancy rather than atomic H [29], bringing about another hot but yet debated mechanism
about hydrogen and strain-assisted vacancy production [30]. The defactant theory relies on
statistical thermodynamics that predicts a reduction of defect formation energy to improve
the generation rate, which has been observed directly from in situ TEM [31], and indirectly
confirmed by in situ nanoindentation tests [32]. These mechanisms are hydrogen
concentration, loading condition, and material dependence and are not necessarily mutually
exclusive.

One of the major causes of the endless arguments of HE mechanisms roots in the difficulty of
capturing the effect in the different time- and length-scales associated with the phenomenon.
Hydrogen diffusion is considered fast and can vary from the test temperature and stress/strain
state. The nontrivial H atoms-metal atoms, H atoms-defects and/or H atoms-crack interactions
require an analysis under relevant atomic and/or the mesoscopic length scale either by
computational modelling or by advanced experimental characterization. The existing
experimental methods are either macroscopic tests providing only some phenomenal
observations with low resolution, which lack revealing mechanistic understanding, or
nanoscale tests inside ETEM offering chances to see direct H-defect interactions, which cannot
ensure a certain constant strain/stress state or avoid the proximity effect from the sample
surface with the tiny sample size used. Recent studies [33, 34] of the micro-cantilever bending
test with in situ hydrogen charging provide a good compromise by using the micro-sized
sample that is small enough to sensitively capture the H effects while at the same time having
enough volume capacity to avoid the shortages from ETEM tests. Another advantage of using
a micro-sized sample is the possibility of the postmortem analyses of the overall sample rather
than a selected part.

In this paper, the same experimental setup was employed with notched micro-sized
cantilevers, and a simple case of H-induced cracking was investigated in detail, and a
mechanism for crack initiation and propagation is proposed. The pure FeAl intermetallic single
crystalline material was chosen as a model material to achieve a clean H-charging condition
by the chemical reaction of Al with the water molecules (H.0), provided by environmental
scanning electron microscope (ESEM) as a default atmosphere, as well as to avoid the
uncertainties caused by microstructural complications. More details can be viewed in previous
papers [33, 35].

2. Experimental details
2.1. Specimen preparation and testing techniques



The single crystalline FeAl was grown by a modified Bridgeman technique followed by an
annealing process at 673 K for 120 h to eliminate the thermal vacancies [36]. From this
specimen, cantilevers were milled by a focussed ion beam (Helios Nanolab Dual Beam FIB, FEI
Inc., USA) to dimensions of ~“3X3X12 um using 93 pA at 30 kV as the final current to maintain
a good surface quality. A lower current of 28 pA was used to introduce a sharp notch to each
cantilever, 1.0 um away from the cantilever beam support. The pre-notch was aligned to
analyse the (001) [100] crack system, and the depth of the pre-notch was measured prior to
testing from the side view. The notation of the crack system, (hkl) [uvw], gives the
crystallographic plane (hkl) wherein the crack is located and the crack front direction [uvw].
The final geometry and test condition of all the beams are presented in Table 2.1.

Fig. 1. Secondary electron image of a FeAl cantilever with characteristic dimensions

After ex situ electron backscattered diffraction (EBSD) characterization, the beams were
loaded in situ using the PI-85 Pico-indent system (Hysitron Inc., USA) inside the ESEM (Quanta
FEG 650 ESEM, FEI Inc., USA) under two different loading conditions: static loading and low
cyclic loading. The static loading was applied with a 1.0 nm/s loading rate in the displacement-
controlled mode. The dwell time between the loading and final unloading steps was 10 s. The
low cyclic loading was applied by implementing partial unloading sequences after yielding with
equal displacement interval of 400 nm. The loading and partial unloading speed were settled
to be the same. Bending tests were performed under vacuum (~5X10 Pa), i.e., hydrogen free,
and water vapor ESEM (450 Pa, 900 Pa) conditions, i.e., hydrogen charged.

Tab. 2.1. Beam dimensions (in um), test conditions and test methods. The symbols L, B, w, a,
represent the length, width, thickness, and initial notch depth of the beam shown in Fig. 1.

Test Final Depth
Beam No. L B w a . Test Methods
Conditions
V1 11.34 297 3.212 689.0
Vacuum . .
V2 11.31 2.84 3.193 593.6 35 Static loading

El 11.50 291 3.135 6327 ESEM (450 Pa)




E2 1141 3.06 3.168 649.4

E3 11.47 2.88 3.135 580.6 ESEM (900 Pa) 2.0
V3 11.02 3.25 3.00 383.1
Vacuum
V4 11.03 3.209 3.01 410
Cyclic loading
E3 11.05 3.031 3.016 395.0 4.5
ESEM (450 Pa)
E4 11.05 3.157 3.094 392.9
2.2. t-EBSD and TEM characterization

To visualize plastic deformation with relatively high resolution, a novel transmission EBSD (t-
EBSD) was performed on the cracking area after tests. The major difference between t-EBSD
and normal EBSD is that the sample used is electron-transparent and mounted horizontally or
back-tilted away from the EBSD detector. With this geometry, the diffraction patterns are
generated mainly from the bottom surface of the sample with a small source volume, which
improves the spatial resolution from ~20 nm in normal EBSD down to ~2 nm in t-EBSD. As first
introduced by Keller and Geiss [37], t-EBSD has received significant interest and application in
a wide range of fields, especially in nanocrystalline and ultrafine grain materialsAnother
potential application of t-EBSD lies in the analysis of the deformation substructure in highly
deformed materials. Normal EBSD analysis on those highly deformed areas is always
problematic due to the high dislocation density and lattice distortion, which results in a
blurring and even missing of the Kikuchi patterns and leads to a poor indexing accuracy. The
situation becomes less troublesome when t-EBSD is applied due to the smaller interaction
volume, which enables the indexing of areas with severe plastic deformation.

Two of the cantilevers bent in different environmental conditions (vacuum and 450 Pa ESEM)
were gently transferred to a three-post copper grid using a lift-out finger (AutoProbe 200),
and then samples were milled from both sides to the final thickness of approximately 100 nm
using FIB. The same samples were analysed with both t-EBSD and TEM methods. t-EBSD was
performed on an FEI Quanta FEG 650 ESEM with a voltage of 30 kV and current of 6.4 nA. The
sample was tilted to 25° to the electron beam direction. The transmission Kikuchi patterns
were captured using an NORDIF EBSD detector with a 20-nm step size. The Kikuchi band data
obtained was indexed by TSL OIM data Collection 7.1.0 and was analysed with TSL OIM
Analysis 7.1.0 software. Further dislocation analysis was performed with the TEM technique
(JEM-2100, JEOL, Inc.)

3. Results:
3.1. In situ testing and fracture analysis of the notched cantilevers
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Fig. 2. The experimental Load-Displacement curves for beams bent in a vacuum and ESEM (450 Pa, 900 Pa),
respectively a), the converted fracture toughness based on linear elastic fracture mechanics with respect to
displacement b).

Fig. 2(a) shows three different sets of experiments in which cantilevers were tested under
three environmental conditions, i.e., in vacuum, or in ESEM with 450 Pa and 900 Pa water
vapor pressures. For a better comparison, the flow curves tested in two ESEM modes are
shifted by 500 nm on the depth axis, respectively. A good agreement of the elastic stiffness is
found in all beams, which indicates a precise and similar geometry of all the beams tested in
our experiment. The beams tested in the vacuum show a ductile behaviour with a little strain
hardening effect after yielding. A force plateau is followed after reaching the maximum force
(Fmax), which is also characterized by the onset of crack growth. Then, the force drops
continuously due to the propagation of the crack.

The mechanical response of beams bent in ESEM follows the similar behaviour but with lower
Fmax, @ shorter force plateau region, and an accelerated crack-propagating rate. The detailed
crack propagation processes under the two conditions will be discussed in detail in Section 3.4.
Nevertheless, a very similar behaviour is found between the beams bent in the 450 Pa and the
900 Pa water pressure condition, implying that a balance has been reached between two rates:
the rate of producing fresh metal surface under a certain loading strategy (1 nm/s) and the
rate of H generation by chemical reaction of HO molecules with fresh metal, and no more H
will be generated by only increasing the water vapor pressure. Therefore, the following cyclic
loading tests were only performed under two conditions: vacuum and 450 Pa ESEM. In the
further text, they are designated as H-free and H-charged conditions, respectively.

To quantitatively estimate the stress intensity factor near the crack tip, the linear elastic
fracture mechanics (LEFM) approach was first applied. The fracture toughness Kic according
to the LEFM is calculated using the following equation [38]:

FoL
Kig = oz f(@/ W) W



where Fq is the conditional force, which is the load from where the line has 95% of the initial
loading slope according to the ASTM standards. L characterizes the loading span between the
notch and the loading point, a is the notch length, and w represents the thickness and width
of the cantilever, as shown in Fig. 1. f(%) is a dimensionless geometric factor, which was

determined for a rectangular beam geometry with a straight notch by means of finite element
modelling [39]:

f(a/w)=77.608(a/w)3—48.422(a/w)? + 24.184(a/w) + 1.52 (2)

By using Eq. (1), the load showing in Fig. 1a is normalized with respect to the sample geometry.
A plot of the stress intensity factor (Kierm) as a function of the indenter displacement for beams
bent under different environmental conditions is shown in Fig. 1(b). The conditional fracture
toughness Kq, which was obtained following ASTM standards, reaches 2.41 MPavm for the
vacuum condition and 1.99 MPavm for the ESEM 450 Pa condition.

3.2 In situ CMOD measurement
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Fig. 3. Force versus CMOD for two cantilevers bent in H-free and H-charged conditions. The secondary
electron (SE) micrographs showing the characteristic crack propagation stages indicated in the L-
CMOD curves were taken from the videos recorded for these tests. All scale bars are 500 nm.

The Crack Mouth Opening Displacement (CMOD) was determined by in situ SEM analysis for
both H-free and H-charged conditions. Fig. 3 shows the Force-CMOD relationship with the
corresponding SE micrographs at each marked stage. For the H-free case, a little crack opening
was observed after yielding (stage 1) before reaching the end of the force plateau (stage Il),
which is suggested as due to notch blunting. Then, a more pronounced CMOD and hence a
large crack growth is found in company with a little drop in force (stage lll), and then the crack



continues growing with a decreasing force (stage IV). The force plateau is reached in the H-
free case due to two oppositional effects. A pronounced plasticity caused strain-hardening as
well as blunting of the newly created crack tip, which leads to an increasing force for further
deformation, while the crack propagation brings a reduction in beam cross-section, which
results in a decrease in force. For the H-charged case, no obvious force plateau was observed,
and a little CMOD was recorded before reaching the maximum force (stage Il), and a
pronounced crack propagation occurred after passing the maximum force with a continuous
decreasing force. The conditional CMOD can be calculated by use of the equation:

KIZQ(]- - 172) n rpl(W - ao)vpl (3)
oyE (W —ag) + a

8o = 68"+ 85 =d,

where d,, is a dimensionless factor, which depends on the strain-hardening rate and the ratio
of oy / E and was set to 0.5 when assuming the plane strain condition. r,; is the rotation
factor according to the hinge model and was set to 0.44 for our geometry assembly to the
SE(B) geometry. The plastic part of displacement on the force-CMOD curve, vy, is
characterized by constructing a line parallel to the loading line. The calculated conditional
CMODs are 280 nm and 85 nm for H-free and H-charged conditions, respectively.

(4)

E
KQ.(S' = |1 / an'y(l_—vz)6Q

The fracture toughness K; 5 for the two samples was calculated to be 13.92 MPavm and 8.64
MPavm for the H-free and H-charged case, respectively.

3.4. Fracture surface of the beams
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Fig. 4. The side view of beams and fracture surface bent in vacuum a) and in ESEM mode b).
For the H-free case, two static loading procedures plus one quick hit must be applied to open
the crack mouth large enough to observe the fracture surface. All scale bars are 2 um.

Fig. 4 al) and b1) shows the side view of the cantilevers after deformation. A very straight top
surface observed indicates that all the deformation is localized to the crack propagation zone.
A fracture surface is presented in Fig. 4 for two micro-beams bent in vacuum and ESEM 450
Pa modes. For the beam bent in vacuum, two static bending procedures (see Supplementary
Materials) plus one quick hit were applied to open the crack mouth farther, which left a
featureless flat plane located on the lower parts of the fracture surface. The rest fracture
morphology due to the bending is characterized in two regions: one consists of relatively flat
areas and protruding elevations lying along the cracking direction in the central region, and
the other two are slant fractured regions on the edges, divided by yellow dashed lines in Fig.
4. The observed crack morphology is quite similar to a dimple fracture formed with micro-
holes coarsening ahead of the crack tip, in which case an isolated crack front will form ahead
of the main crack front. This was not the case in our observation. Therefore, these pyramid-
like enclaves are supposed to be left behind by the crack tip and are necking down in an ideal
ductile manner after the crack front has already passed.

The two slant areas are formed due to the low triaxiality stress state near the edges. The high
stress triaxiality on the central part of the beam facilitates the crack growth within the plane
strain condition with higher constraint, while the lower triaxiality on the edges of the beam



resembles the plane stress condition with lower constraint. A typical crack “tunneling” effect,
where the crack grows faster at the centre of the beam due to the higher stress triaxiality, is
observed in the H-free sample (see Fig. 4a).

Assuming the central part of the beam is under a pure plane strain condition while the edge
surface is under a pure plane stress condition, applying the von Mises yielding criterion:

oys (plane stress condition)

ayy (at yield) = {2.50,,5 (plane strain condition)

the edge surface will experience lower crack-tip stress with more crack-tip yielding than the
central region. With a further increase in the displacement, the oyy in the central region will
continue increasing until 2.5 oyy is reached. Meanwhile, the plastic zone on the edge surface
starts to expand. The result for this case is a larger plastic zone after deformation on the edge
surface than in the central region. As the K reaches the critical value in the central region, a
tiny crack starts to nucleate and to propagate along the notch plane in the central region due
to the high global constraints, with a 45° angle towards the free surface controlled by the
maximum principal stress direction.

( K%
o
| K
\3ro?

(plane stress condition)

Uplastic zone = J

(plane strain condition)

The beam deformed in the ESEM mode, however, shows a totally different type of fracture
surface morphology with a quite flat surface throughout the whole beam, indicating crack
growing in a more brittle manner. We also observed some crack propagation trails inclined
from beam interior to the edge surface, however, with a more limited region compared to the
H-free case, which indicates a similar cracking behaviour as described above with less
difference in the plastic zone size between the beam centre and beam edges. This diffeence,
in our view, is caused by the different hydrostatic stress states and the corresponding
difference in H content [40]. During the bending test, as long as the thin oxide layer is
destroyed and H is produced, the high degree of hydrostatic stress state near the beam edges
will increase the H uptake locally, while the centre part of the beam with lower hydrostatic
stress will attract fewer H atoms. A reduction in the plastic zone size will appear in both areas
due to the presence of H but with different reduction degrees according to the H
concentrations. A higher H concentration causes higher shrinkage of the plastic zone size and
vice versa. In this manner, a remission in the plastic zone size difference is observed, which in
return is shown on the fracture surface, as the difference between the centre and edges is
softened with the presence of H, as seen in Fig. 3b2.

3.5. J-integral



When the plastic zone size is large with respect to the sample dimensions, LEFM is no longer
applicable, and the Elastic-Plastic Fracture Mechanics (EPFM) has to be applied to evaluate
the fracture toughness. To evaluate the fracture toughness by the J-integral, a precise
knowledge of crack propagation is required. This requirement can be realized by performing
several unloading segments to obtain the corresponding compliances. In general, a growing
crack leads to an increasing a/W ratio and a decreasing bending stiffness. To understand the
correlation between the compliance and the a/W ratio, anisotropic linear elastic FEM
simulation was performed with elastic stiffness inputs: C11=171 GPa, C1,=117 GPa and Ca1=121
GPa [41].
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Fig. 5. Load-displacement curve of the low cyclic loading for beams with H-Charged and H-Free conditions a);
the corresponding crack length determined by use of the compliance method, FEM simulation b). Three different
crack propagation stages with different propagation rates were found for the H-charged condition, and two
stages for the H-free condition; the location corresponding to the change between each stage is marked with
triangles in a).

The load-depth curves from the low-frequency cyclic loading tests are shown in Fig. 5a, which
demonstrates the behaviour similar to the static loading tests. The crack length of each
unloading segment was calculated by the FE simulations, and the results are depicted in Fig.
5b. Three distinct regions can be recognized, possessing different crack propagation rates for
the H-charged case, while for the H-free case, two regions can be found. The i part marked
with the blue line shows a slower crack propagation rate (~80 nm/step for H-charged
specimens and 39 nm/step for H-free specimens), while a remarkable increase in cracking rate
is observed in the ii part (~¥225 nm/step and ~75 nm/step). The change occurred around the
6™ unloading step for H-charged samples, while for H-free samples, the change delays to the
11t unloading step, which marks the end of the force plateau and the start of decreasing force
for both cases while referring to the load-depth curves (see the A markers in Fig. 5a). The force
plateau is maintained because of competition of two opposite effects: the local strain
hardening caused by plasticity brings about increasing force with further bending, while the
reduced ligament by crack propagation reduces the total force. Despite a higher crack growth
rate in the | stage, the H-charged sample can still maintain a similar (or even higher) total
hardening, as seen in the curves in Fig. 5a, which indicates the strain hardening near the crack
tip in the H-charged sample is larger than in the H-free case. The higher strain hardening effect
for the H-charged sample can be caused by either higher dislocation density by the H-
enhanced dislocation nucleation/multiplication, or the H-induced dislocation pinning effect,
or a combination of both effects. In addition to the common two stages revealed in both cases,
iii stage is observed only in H-charged samples with a slightly reduced crack growth rate (~105



nm/step) after the crack length reaches approximately 2 um. The change occurred at
approximately the 11* unloading step, which also shows a decrease in the force-descending
rate. This occurred when the crack approached the free bottom surface, which shed a
retarding force on the crack tip and tried to block further crack propagation.
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Fig. 6. Crack resistance curves J-Aa for H-Charged a) and H-Free b) conditions shown in Fig. 4; the final fractured
beams of the two cases with magnified cracking regions to determine the blunting via the crack tip opening
displacement c) and d). All scale bars are 500 nm.

To obtain the crack resistance curve, the J-integral was calculated for each case according to
the following equation:

KEA=v)) [ A7 - A7) “ Qo)

_ gel pl _
R [ | L + |/
Je=Jo+; E St o —a | T w—an,

Ko = (6)

where Kiz is determined by Eq. (1) and (2), n is a constant factor equal to 2 and v is the Poisson
ratio set to 0.3. Afl defines the area beneath the force-displacement curve excluding the
elastic part. The results are shown in Fig. 6. In standard tests, the notch blunting effect is
associated with a construction line showing the initial slope of the J-Aa curve. Then, a parallel
shift of the construction line by 0.2 mm can be drawn as an offset line. The parallel shift
distance A is associated with crack opening displacement & due to a blunting effect with
A~§/2. With the crack opening angle measured directly from the crack front (10° for the H-
charged case and 22° for the H-free case), the crack opening displacements 6 are 0.07 um and
0.16 um for each case. Consequently, the offset lines are drawn by shifting the construction
lines by 35 nm and 80 nm for each case.



Excluding the initial notch blunting part, the rest of the J- Aa curve should be fitted using the
power law of the form:

Aay©2

J(Aa) = C, (T) (7)

where k is a constant equal to 1.0 mm, and C1 and C2 are determined by a regression
procedure. In our calculation, k was set to 1.0 um, and the corresponding fitting parameters
are C1=1543.05, C2=0.355, and C1=4717.63, C2=0.483 for each case. These fitting values meet
the requirement of C2< 1.0 from E1820 [42]. As discussed previously, the latter few points for
the H-charged cases are due to the crack blockage from the bottom surface; those points were
not considered into the regression procedure.

The intersection of the regression line and the blunting offset line results in crack resistance
Jo of 1350 N/m for the H-charged case and 3850 N/m for the H-free case and the
corresponding crack propagation Aa is 0.66 pum and 0.64 um for each case. With equation (6),
the fracture toughness is calculated as: Kq ;= 15.5 MPavm and Kq_=26.3 MPaVvm for each case.

4. Discussion:
4.1. Evaluation of fracture toughness

The fracture toughness results from the different fracture mechanics approach of this work,

together with data from LEFM of the macroscopic sample and atomic simulation with the {100}
<001>-crack system, are summarized in Table 4.1. As expected, LEFM does not provide a

correct fracture toughness values rather a lower bound for the critical stress intensities. The

underestimation from LEFM can be attributed to the small sample size that fails to fulfil the

requirement from the testing standards defining the small-scale yielding prerequisite.

However, these values, marked as the first deviations from the ideal elastic behaviour, can

deliver good approximations of the stress intensities for deformation activity and dislocation

motion.

A very good agreement is observed between the fracture toughness from the ASTM standard
sample and the one obtained from the J-integral analysis for the H-charged case, while for the
vacuum case, a certain underestimation is found. This discrepancy may result from small
sample size or the pre-existence of H within the cantilever.

Table 4.1. Experimentally determined fracture toughness from micro-cantilever specimens based on
three analysis methods (LEFM, CTOM, and J-integral) and from ASTM standard specimens. The same
FeAl single crystalline alloy with {100} <001>-crack system was analysed both in microscopic and
macroscopic specimens.

Test Conditions Kaq, LEFM Kaq, ctop Kq, ;-integral ~ ASTM E-399  Ab initio [43]
H-Free 241 13.92 23.6 >40*
H-Charged 1.99 8.64 15.5 16.6

1.4




For a valid evaluation of the fracture toughness calculation based on Eq. (6), the sample
dimensions should be larger than a defined characteristic size (t), as illustrated in the following:
BW—a >t=10 ]—Q

Oy

To estimate, the precise yield strength of the material is needed. Considering a macroscopic
yield stress of 400 MPa for the FeAl (100) single-crystal [44], the characteristic size is in the
range of 96.25 um for the H-free case and 33.75 um for the H-charged condition, which lie
more than one order of magnitude higher than the sample size used in this work. This
mismatch will arise from the typical size effect, namely, the material strength rises with a
decreasing sample size, which has been observed in many material systems and was also
shown for micro-cantilevers as yield strength increasing with decreasing sample size [45].
Moreover, Igbal et al. argued that the size effect caused by the strain gradients around the
pre-notch with a small radius would also contribute to the mismatch [39] and proposed
extracting the microscale yield strength from nanoindentation experiments, where the size
effect shows as the hardness increases with decreasing indentation depth. Here, we proposed
a new method of using the L-D data from the bending tests of an un-notched beam of the
same geometry and with the same loading rate (see Strain-Stress curve for un-notched beam
in the Supplementary Materials). The bending strength at the yielding point was measured to
be 1600 MPa.

Table 4.2. Minimum critical thickness for prediction of plane-stress, plane-strain state

Environmental oy (MPa) oy (MPa)
o E (GPa) ) t2 ] . 12
Conditions Macroscopic [44] Microscopic
H-Free 163 400 96.25 1600 24.06
H-Charged 163 400 33.75 1600 8.44

By considering the yielding strength measured from the micro-cantilever bending test, the
characteristic size for the H-charged case is comparable to the size dimension, while it falls
roughly one magnitude larger for the H-free case. The constructed specimen size may explain
the underestimation of the fracture toughness for H-free case. Another possible reason for
the reduced fracture toughness measured in the H-free case is the pre-existing H within the
beam matrix. As long as the beams are taken out from the FIB chamber, the chemical
interaction with moisture in the air can produce H in the material. This process will continue
until a thin alumina layer covers the whole beam surface. The same chemical reaction will also
occur for the macroscopic ASTM specimen. However, the much smaller surface-to-bulk ratio
in the macroscopic specimen will introduce much less H/metal concentration, and thus the HE
effect due to the pre-existing H content is so faint that it can be considered negligible. For the
microscopic specimen, the higher surface-to-bulk ratio results in a higher H/metal
concentration, which gives rise to the HE effect and lower fracture toughness measured in the
micro-size specimen.



4.2. Cracking behaviour based on microstructure evolution

Fig. 7. SE images from the cross-section of the lift-out beams tested in two cases: H-charged al) and H-free b1)
cases with enlarged crack morphology images a2) and b2); t-EBSD characterization of the cracking regions are
shown in Kernel Average Misorientation (KAM) maps a3) and b3). All the scale bars are 500 nm.

To further understand the cracking behaviour, the deformed beams were lifted out and
mounted individually on a three-port grid. The side of the beam was further milled with FIB to
reach roughly the centre part of the beam, as shown in Fig. 7 al) and a2). High-resolution
images were taken close to the cracking area (see Fig. 7 a2) and b2)), showing clearly the
different crack propagation paths under two sets of environmental conditions. Cracking
behaviour with the H-charging condition shows a long crack with a sharp tip, and the initial
crack blunting leaves a crack mouth opening angle of approximately 15°. For the H-free
condition, a much shorter crack was observed with a crack mouth opening angle of 28°
resulting from the initial crack blunting. The values are quite consistent with the previous
measurements from the side of the beams (see Fig. 6). To visualize plastic deformation with
relatively high resolution, t-EBSD is one of the novel tools allowing the correlation of local
lattice rotations to the deformation in crystalline materials. Fig. 7 a3) and b3) shows the t-
EBSD results from the same cracking areas. For the H-charged case, a very confined plastic
zone is observed along the crack propagation with high localized geometrically necessary
dislocation (GND) density found in front of the crack tip. For the H-free case, in addition to the
similar highly GND zone around the crack tip, the plasticity can be resolved far ahead of the
crack tip. Two slip systems (marked with red dot lines) are found to have approximately a 90°
angle with each other, indicating the slip planes are (110), (11-2) or (112) near the beam side
and (1-10), (1-1-2) or (1-12) near the base side. As predicted from slip line theory, the crack
opening angle during ideal ductile crack growth should be equal to or larger than the angle



between two activated slip planes [46]. The observed smaller crack opening angle here
indicates that other fracture mechanisms, such as microvoid formation or micro-cleavage,
accompany the crack propagation.
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Fig. 8. The crack propagation stages showing on the L-D curves for H-charged al) and H-free b1)
cases, together with the final crack passageway with the dislocation substructure within the
corresponding crack propagation stages shown with TEM bright field (BF) (g= <-110>) images a2) and
b2). All the scale bars represent 500 nm.

As discussed in Section 3.4, the load-displacement exhibits four distinct regimes with different
crack-propagating processes for the H-charged case, while for the H-free case only three are
present. The 1% regime corresponds to the elastic loading with no plastic deformation or
cracking behaviour taking place. The 2™ part includes a force plateau and ends with the point
of force descending. The force plateau is reached because of two competing effects: the
plastic deformation ahead of the notch tip and a reduced ligament due to the notch extending
and micro-crack initiation and propagation. The crack passageway segments corresponding to
this stage are shown in Fig. 8 a2) and 8 b2) for the H-charged case and the H-free case,
respectively. A somewhat extended plastic zone is found to be produced just below the notch
and seems to be left behind as a crack propagating farther ahead for the H-charged case. For
the H-free case, a larger plastic zone can be found ahead of the crack, and it seems to move
with the crack. Moreover, the crack margin is found to be surrounded by a region with less



dislocation density, indicating that dislocations are driven out by the high stress field at the
crack tip, which is commonly observed as a dislocation free zone in some in situ TEM studies
[47]. However, this is not the case in the H-charged sample, and a large dislocation density is
found in the vicinity of the crack brims, implying that dislocations emitted from the crack tip
are somehow blocked and cannot move away from the crack tip area. Further bending of the
cantilever leads to an enhanced crack propagation in Stage 3 and a slight suppression in Stage
4. From the microstructure viewpoint, a very confined plastic zone along the cracking
passageway is found at this stage, which is reasonable since the crack tip is now supposed to
be sharper than the initial notch, and thus the highly concentrated stress field ahead of it will
attract more H. The large amount of H present locally will further block the emission of
dislocations, resulting in a stepped-up propagation with a more confined plastic zone. Aslight
suppression of the cracking rate in Stage 4 is observed when the crack steps into the
compression zone near the bottom free surface, which shows a retarding effect for further
propagation.
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Fig. 9. Schematic representation of the crack tip deformation during propagation for H-charged and
H-free cases.

Based on our experimental observation, we conclude a three-stage cracking process: the
rupture of the oxide layer occurred on the elastic loading region (Stage |); the notch tip
blunting and micro-crack nucleation (Stage Il); and the stable crack propagation (Stage Ill).



In Stage |, the outermost oxide layer, which is considered to behave in a brittle manner, breaks
up under the applied local strain near the notch tip. After the rupture of the oxide layer, the
chemical reaction of H,O with fresh FeAl metal occurs locally near the notch tip, where the H-
uptake occurs simultaneously. The rupture of the oxide layer can start before the yielding of
the material, like the H-uptake. The introduced H then facilitates the dislocation nucleation
via reducing nucleation energy [48-50], so a reduced yielding force (~735 uN for H-free case
and ~615 uN for H-charged case) or stress intensity for dislocation nucleation (2.41 MPavm
vs. 1.99 MPavm) is observed.

In Stage I, dislocations are continuously generated from the notch tip and contribute to the
notch tip blunting. The local stress field is then shielded with dislocations moving away from
the notch tip. With further application of the external force, a gradual weakening of the
shielding effect occurs due to increasing mutual interaction of dislocations via elastic stress
field and/or reaction of dislocations from different slip planes to create dislocation locks. All
of them will allow repulsive stress to hinder further dislocation movement. Thus, the stress
intensity starts to grow locally, and some isolated micro-cracks will then be initiated along the
notch front where K reaches the critical value for cracking. When nucleated, the micro-cracks
will start to propagate both in the transverse direction by necking down the enclaves and in
the vertical direction to travel farther ahead, leaving arrows of pyramid-like enclaves along
the fracture surface (see Fig. 4 a2). The whole procedure will be accelerated when a high
amount of H is present ahead of the notch tip. In addition to the two dislocation-blocking
mechanisms mentioned above, the dislocation motion is further hindered by the presence of
H, so both the micro-crack nucleation and micro-crack propagation processes are accelerated.
The enclaves between the micro-cracks are observed to be much smaller and only appear very
near to the notch end, as shown in Fig. 4 b2). The enclaves appear to resemble steps between
each of the micro-cracks.

In Stage Ill, an accelerated crack propagation rate with a reduced bending force were found
at this stage for both H-free and H-charged cases. The enhanced cracking rate is associated
with the much sharper crack tip after stage Il compared to the initial FIB induced notch and/or
the propagation of the crack out of the FIB-damaged area (with Ga+ implantation). In this
stage, the crack propagation is free of the notch radius and the Ga+ implantation influence
and shows as much as possible the pure metal cracking behaviour. The fracture toughness
values obtained with the J-integral from this stage by excluding the stage Il (see Fig. 4) are
notch geometry-independent and can be counted as pure material properties (15.5 MPavm
for the H-charged case and 23.6 MPavm for the H-free case).

In bce structure alloys, plastic deformation is carried mainly by the % <111> screw dislocations
via the kink-pair nucleation and expansion. The enhanced kink-pair nucleation when exposed
to H atmosphere has been reported via in situ electrochemical nanoindentation tests [48] and
has been predicted by the thermodynamic defactant mechanism [51, 52]. The double-kink
activation energy was found to decrease by the transition of H from a weaker binding site to
a stronger one via the nudged elastic band method [25]. However, the H-reduced dislocation



mobility is quite the opposite to the HELP mechanism, which proposed an enhanced
dislocation mobility result from a reduced degree of dislocation interaction with other elastic
singularities due to the H shielding effect. This mechanism found popularity with the vast
number of FCC alloys with very high H solubility, while for bcc alloys, the required H amount
was estimated to be too high to be achievable in experiments [24]. Among the massive
research into HE in bcc alloys, a few of them tried to correlate the phenomenon with
dislocation mobility. Wen et al. [25] proposed that the sideward motion of the kink-pair is
impeded by H through the nudged elastic band method. Song and Curtin [27] reported an
increased critical Kl for dislocation emission from crack tip with increasing H content, which
indicates that the dislocation motion is blocked by the H. Recently, an in situ nano-pillar
compression test was conducted in ETEM showing that mobile dislocations can lose mobility
with activating stress more than double in Al when exposed to H gas. Together with atomistic
simulation, the dislocation locking effect was associated with the superabundant
hydrogenated vacancies [29]. This may also be the case in FeAl because of the large amount
of structural vacancies present in the materials. The effect of vacancy content on the HE effect
needs further analysis.

5. Conclusions

The hydrogen-assisted cracking phenomenon in FeAl intermetallic alloys was investigated by
in situ fracture experiments using notched micrometre-sized specimens under in situ
hydrogen charging and in situ imaging within ESEM.

1. A stable crack growth was obtained in all tested specimens under the current
experimental settings. The whole cracking process was sped up when H is present.
Three stages of crack growth were found: i) Elastic regime; ii) Notch blunting and
micro-crack formation; and iii) Stable crack propagation. An additional 4" regime:
crack suppression by the bottom surface, was found only in H-charged specimens due
to the high crack growth velocity.

2. The hydrogen embrittlement phenomenon occurred by the strong hydrogen-
dislocation interactions. The stress intensity for dislocation nucleation was found to be
reduced by the presence of hydrogen in the 1%t elastic regime (2.41 MPavm in the H-
free case and 1.99 MPavm in the H-charged case). The micro-cracks in the 2" regime,
which are formed due to the suppression of dislocation mobility, were found to be
easier in the H-charged specimens, indicating dislocation emission from the crack tip
was inhibited under H exposure. Moreover, a very confined plastic zone near the crack
brims observed from both t-EBSD and TEM BF analysis further verifies the restricted
dislocation movement in the presence of highly concentrated hydrogen.

3. The combination of hydrogen-enhanced dislocation nucleation and hydrogen-reduced
dislocation mobility results in an accelerated crack growth process and a reduced
fracture toughness (23.6 MPavm in the H-free case and 15.5 MPavm in the H-charged
case).
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8. Supplementary Materials:
8.1. The loading procedure for cantilever shown in Fig. 3a
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Fig. 10. The loading processes of cantilever V2 a): the side view after 1° loading b) and after 2™
loading c). Beyond the two normal loading procedures, an additional quick hit was applied to
open the crack mouth far enough to observe the fracture surface. The side view and fracture

surface of V2 after the quick hit are shown in Fig. 3a1 and a2. All the scale bars are 2 um.

8.2. t-EBSD vs normal EBSD

Fig. 11



