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1 SUMMARY

Perovskite ceramics based on the first row transition metal oxides have
recently received considerable attention due to the combination of high
oxygen ionic conductivity and electronic conductivity. These materials have
a potential application as dense oxygen permeable membranes for partial
oxidation of natural gas or for separation of oxygen from air. The membrane
must be gas tight in order to separate gases with high selectivity, and dense
ceramics without open porosity are therefore required. The microstructure of
the dense ceramics is detrimental for the mechanical properties and is also
expected to influence the functional properties. The aim of the present work
was to synthesize ceramic powders and prepare dense ceramics based on
LaCoOs.s and SrFeOs.. Furthermore, mechanical characterization of
LaCo0s.s materials and the creep performance of SrFeO;_s were explored.

1.1 Densification behavior (Paper I and I1).

The sintering properties of La; (MyCoOss (M=Ca, Sr; x=0, 0.2) and
SrFe; xCox0s.5 (x=0, 0.33) have been investigated by means of dilatometry
and isothermal heat treatment, and microstructure and phase composition
have been characterized by SEM and X-ray diffraction. Substitution of Ca or
Sr in LaCoO;s and Co in SrFeOs;; increased the sintering rate. Dense
materials with small grain size were obtained in a narrow temperature
interval in both material systems. Formation of secondary phases due to
variations in the A/B-ratio proved to have a strong effect on the
microstructure and sinterability of these materials.

For the LaCoOs._s5 system, dense materials with grain size in the order of 3-5
um were obtained at 1200°C for near stoichiometric compositions.
Considerable grain growth was observed at higher sintering temperatures.
The presence of secondary crystalline phases due cation non-stoichiometry
acts as grain growth inhibitors by grain boundary pinning. The volume
fraction of secondary phases is particularly large in the case of Co-deficient
LaCo0Os5 due to the formation of LasCo030;9. In non-stoichiometric
Lay3Cap,C00s5, a liquid phase consisting mainly of CaO and CoO was
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observed at 1400°C causing exaggerated grain growth. Considerable pore
coarsening was observed in Co-excess LagsCay,Co0Os.5 at 1350°C.

For SrFeOs;, the initiation temperature for sintering was lowered by Sr-
deficiency, probably due to enhanced diffusion of Sr. However, for Sr-
deficient samples SrsFesO,3 is formed above ~775°C causing a significant
decrease in the sintering rate. It is therefore necessary to avoid Sr-deficiency
in order to obtain dense SrFeOs.s ceramics. The densification rate was
significantly increased by Co-substitution. Dense ceramics (>95% of
theoretical density) of Sr-excess and Co-substituted SrFeO;_s were obtained
by sintering in the temperature region 1000-1200°C. The grain size increases
by increasing temperature, decreasing partial pressure of oxygen and Co-
substitution. Exaggerated grain growth in the Co-substituted material occured
at high temperatures. Sintering above 1200°C caused all materials, apart from
Co-substituted SrFeOss in oxygen, to swell and develop a porous
microstructure. The swelling mechanism was related to heterogenous phase
equilibria, which are reductive in nature and lead to evolution of oxygen gas.
The phase equilibria are governed by the cation non-stoichiometry of the
materials.

The present findings demonstrate the importance of controlling the A/B ratio
of ternary transition metal perovskite oxides in order to achieve ceramics
with the desired homogenous microstructure. The mixed valence state of the
transition metal may lead to swelling at high temperatures due to redox phase
equilibria involving secondary phases. Oxidation during cooling and
reduction during heating may also introduce cracking due to the considerable
volume change caused by the change in the valence state
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1.2 Mechanical properties (Paper 111 and 1V)

Compressive creep performance of Sr-deficient and Sr-excess SrFeOs.s
materials have been investigated in the temperature range 800-1000°C and in
the stress range 2.5-25 MPa. The density of the materials was 4.99 g/cm’ and
5.25 g/em’, respectively, which correspond to a porosity of about 2 and 5%.
Both materials contained secondary phases due to the cation non-
stoichiometry. The creep rate was faster for the Sr-deficient material than the
Sr-excess material. The stress exponent was close to unity and the activation
energy was 260130 kJ/mole for both materials. The results can be explained
by a cation diffusion mechanism as the activation energy for oxygen
diffusion is significantly lower.

The mechanical properties of phase pure LaCoOs.s and Lag sCap,Co00O3.5 have
been investigated in the temperature interval 25-800°C by 4-point bending
and SENB/SEVNB methods. Both materials show a non-elastic stress-strain
behavior during 4-point bending experiments, and during loading-unloading
cycles hysteresis loops are observed. Residual strain is stored in the material
after unloading, and a mechanism related to ferroelastic domain switching in
the rombohedral perovskite is proposed. The bending strength for 98% dense
LagsCag2Co005.s5 1s measured to be 111+18 MPa at RT and decreases with
increasing temperature. Bending strength for 93% dense LaCoOs is in the
range of 65 MPa at RT. Large pores/defects are decisive for the strength for
both materials. Fracture toughness of LajgCap2Co0O;s measured by the
SENB and SEVNB method coincide and are equal to 2.2 MPa-m'? at RT and
decreases to around 1 MPa-m'? at 300-800°C. A decrease in fracture
toughness is consistent with a ferroelastic behavior as the rhombohedral
distortion decreases with increasing temperature. For LaCoOj;_s the measured
value at RT is 1.3 MPa-m"?.
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1.3 Slip casting (Paper V)

Different non-aqueous solvents and dispersing agents have been investigated
in order to prepare a stable dispersion of LaCoOs_s powder for slip casting.
Initially, several dispersion agents were tested by observing the
sedimentation rate in different organic solvents. 4-hydroxy benzoic acid
(PHBA) in ethanol provided a stable suspension and the highest sediment
density for LaCoOs.s powder, and this system was therefore further studied.
The change in rheological properties with respect to dispersant level and
solid loading was measured by a rotational viscometer consisting of two
concentric cylinders. The suspension showed pseudo plastic behavior, and
the deviation from Newtonian behavior was larger at high solid loading and
low contents of PHBA. The viscosity of the suspension decreased by PHBA
addition, but increasing the amount above 1 wt% had only a negligible effect.
The relation between viscosity and solid loading was shown to be described
by the Mooney equation. Greenbodies formed as end-closed tubes were
prepared by slip casting of a suspension of 25 vol% LaCoO;._s in ethanol and
1 wt% PHBA (with respect to solid). The tube walls were 1 mm after a
casting time of 10 min, and approximately 40% of theoretical density was
obtained. A slow drying rate was required in order to minimize cracking.
Coating of the plaster mould by alginate made the releasing of the dry
greenbody easy. Sintering of the green tube resulted in a density of 98.7% of
theoretical.
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2 INTRODUCTION

2.1 Background

The natural mineral Perovskite (CaTiOs) has given name to a large group of
ternary compounds with closely related crystal structures. The various
electrical and magnetic properties of ABO; perovskites make them
interesting for several applications, and the functional properties are tailored
by substitution at the A and/or B site. The first perovskite in commercial use
was the ferroelectric BaTiOs for capacitor applications. In the development of
solid oxide fuel cells (SOFC) perovskites are some of the most promising
candidate materials [1, 2]. For instance, (La,Sr)MnQO; has been intensively
studied for the application as cathode in SOFC [3, 4], and LaCrOs; for the use
as an interconnect material [5, 6]. For these applications a high electronic
conductivity is desired. Only pure ionic conductors are interesting for use as
electrolyte. Traditionally YSZ has been the best choice as electrolyte in
SOFC, but recently Sr and Mg substituted LaGaO; has been shown to have
higher oxygen conductivity, and is therefore a candidate material for the
electrolyte [7, 8].

Several perovskite oxides containing transition metals exhibit a high catalytic
activity in various processes such as oxidation of CO and CHy, and reduction
of NOx [9, 10]. For instance, LaBO; (B=V, Cr, Mn, Fe, Co, Ni) catalyzes
the oxidation of CO, and LaCoOs; has been shown to have the highest
catalytic activity in this series [11, 12]. It was shown to be a strong relation
between catalytic activity and the preparation process of the perovskite. This
is related to thermal treatment affecting the oxygen non-stoichiometry and
valence state of the transition metal which influence the adsorption and
reaction at the surface. Structural phase transitions governed by substitution
have also been shown to have an effect on the catalytic activity of
perovskites. The catalytic activity is at maximum around the transition
because of a high structural disorder and high density of surface defects. For
Lag 7Sr3Co14Fex0s.s5, the maximum rate of CO oxidation is for x=0.05 due
to the hexagonal to cubic phase transition [13].

Recently, perovskites exhibiting both high ionic and electronic conductivity
(mixed conductivity) have been given much attention. One possible
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application for mixed conductors are oxygen sensors [8, 14]. The change in
oxygen stoichiometry governed by a change in oxygen partial pressure is
associated with a change in physical properties such as electrical
conductivity. If there is a linear dependency between conductivity and partial
pressure of oxygen in a sufficient range of partial pressures, the partial
pressure of oxygen can be decided based on conductivity measurement.

Mixed conductors are most interesting in relation to the development of
oxygen permeable membranes (OPM) [15, 16, 17]. The advantage of mixed
conductors compared to ionic conductors such as YSZ for this purpose is that
there is no need for an external circuit or electrodes to allow transport of
electrons. When the mixed conductor is placed in a gradient of oxygen partial
pressure, oxygen will spontaneously be transported through the membrane
from the high pressure to the low pressure side, as shown in Fig. 2.1. This
kind of membranes have a future use for production of pure oxygen gas by
separating it form air, and in conversion of natural gas to Hy(g) and CO(g).
There will be a considerable cost reduction by using OPM in the production
of syngas (CO/H;). Apart from having high electronic and ionic conductivity,
the membrane material must be stable under both oxidizing and reducing
conditions. The material must of course be gas-tight which require a high
density, usually more than 92% of theoretical density. The membrane needs
to have a certain mechanical strength in order to avoid failure during
operation and installation. The resistance to creep at the operation
temperature is decisive for the lifetime of the membrane.

P02I > POZ”

O(g ) » > O )

Figure 2.1: The mode of operation for an oxygen permeable membrane in a gradient of
oxygen partial pressure (Po,' > Po,") .
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(La,Sr)(Fe,Co)Os based ceramics have been shown to have very high ionic
and electronic conductivity in addition to having a wide stability range and
they are therefore promising for OPM. The electrical and structural properties
of these compositions have been studied thoroughly [18, 19, 20], but detailed
studies of material preparation and mechanical properties are rare.

One of the main challenges in the development of SOFC and oxygen
permeable membranes (OPM) is the ability to prepare materials with the
desired density and microstructure. For OPM dense materials are required in
order to selectively separate gas. High density is also required for the
electrolyte and interconnect in SOFC while the cathode and anode must be
porous to allow gas transport [1]. The control of density and microstructure
of ceramic materials start with powder preparation. The sintering behavior is
dependent on particle size, particle distribution and phase composition.
Different powder preparation techniques exist. Traditionally the solid state
method have been used, but lately several wet chemical methods have been
introduced which allow mixing of the constituents at an atomic level. Smaller
particle size and thereby lower sintering temperature is achieved by wet
chemical routes [21]. Control of chemical composition by these methods is
however demanding, especially when substitution at the A and/or B site is
required. An A/B ratio deviating from unity can be difficult to avoid, and it
strongly affects the phase composition, sinterability and final microstructure
of the material. Often either an A-site excess or a B-site excess is more
favorable, and it may be advantageous to consciously prepare non-
stoichiometric materials in order to take advantage of some properties or to
avoid formation of specific secondary phases.

The shape-forming process of the powder into a greenbody is the next step. A
homogeneous density of the green body is essential because any defects or
density gradients will affect the final microstructure [22]. A number of
shaping techniques are available for ceramic powders. Examples are tape
casting for films, slip casting for complex shapes, and uniaxial or isostatic
pressing for simple shapes. Different additions such as stabilizers, plasticizers
and binders are used depending on the forming technique [23].

The temperature program and atmosphere for sintering is then optimized to
prepare a ceramic material with the desired microstructure. The phase
equilibria in the material system must be considered in relation to the firing
procedure. High density and small grain size increase the strength and
fracture toughness, but a small grain size also decreases the resistance to
creep to some extent. Secondary phases can affect the mechanical properties
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depending on composition and morphology. Defects such as large pores or
flaws are decisive for the strength of a ceramic material and should therefore
be avoided [24]. Functional properties are mainly depending on chemical
composition, and the microstructure such as grain size is expected to be of
less influence. However, porosity, average grain size, and phase composition
may be important parameters also for the functional properties. This work
have concentrated on preparing homogeneous ceramic microstructures that
have the best mechanical properties, and the effect on functional properties
have not been investigated.

2.2 Aim of the work

The motivation for the present work was the recent interest to develop dense
oxygen permeable ceramic membranes for partial oxidation of natural gas, or
for separation of oxygen gas from air. The project has been carried out as a
part of a collaboration between research groups at Department of Chemistry
at NTNU and The University of Oslo and research groups from the two
major Norwegian oil companies Statoil and Norsk Hydro. The research group
at NTNU was given a particular responsibility to study the preparation of
dense ceramic materials.

The first goal of the present work was to establish methods to prepare sub
micron powders with the desired chemical composition. Wet chemical routes
were chosen as both the particle size and the chemical composition of the
powder is tailored by modifying the chemistry. Furthermore the ceramic
powders obtained in these synthesis were applied in the investigations of the
sintering properties of the materials. Unfortunately it was early experienced
that the control of the chemical composition was demanding, particularly in
chemically substituted materials. It turned out that the presence of secondary
phases due to improper control of chemistry was one of the most important
parameters regarding the sinterability and the development of the
microstructure during heat treatment. The effect of cation non-stoichiometry
on the sintering behavior was therefore systematically studied. LaCoQOs.5 and
SrFeOs.s based materials were chosen as appropriate for the synthesis and
sintering studies. LaCoOs.s was chosen as good model system as it is an
important component in mixed oxide conductors. This material achieves
considerable ionic conductivity by substitution of La by Sr or Ca. SrFeOs_s
and Co substituted SrFeOs;.s was chosen as the main material in the
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collaboration project described above. Pure SrFeO;;s materials has a
relatively high permeability for oxygen.

The knowledge of phase equilibria in oxide systems was pointed out to be
important for the sintering behavior. A review of pseudo binary phase
diagrams of the first row transition metal oxides in combination with La,03,
SrO or CaO was done to get a better knowledge of the phase relations and
possible effects on sintering properties. The literature on sintering of selected
perovskites was also reviewed. The aim of the work was to achieve a
fundamental understanding of the sintering mechanisms of these perovskite
materials and to prepare dense and homogeneous materials in order to
optimize the mechanical properties. For several of the materials it was early
discovered that dense ceramics expanded at high temperature. Special effort
was given to understand the nature of this particular interesting phenomenon.

Proper mechanical properties of these mixed conductors are also necessary in
order to realize the membrane applications. High strength and fracture
toughness are essential to avoid cracking due to temperature fluctuations.
Failure is particular critical in relation to thermomechanical stresses due to
mismatch of thermal expansion with joining of the membrane material to the
support. So far only a limited number of data have been published on the
mechanical properties of perovskites. The research group at the Department
aimed to obtain the first data on the bending strength and fracture toughness
of LaCoOj;_s ceramics. The work would benefit from the experience with the
sintering studies of these materials. The initial work™™! discovered the
unusual non-elastic behavior of these ceramic materials. In order to obtain
more information on the non-elastic nature of the materials, further
measurements by 4-point bending and x-ray diffraction were carried out.

The observation of the post sintering swelling and relative fast deformation at
high temperatures indicated high creep rates of these materials. It was
therefore initiated an investigation of the creep behavior of the SrFeOs.s
based ceramics. The composition of the materials, which were tested, was
chosen based on the previous sintering studies. Creep performance is also
very important in relation to the geometrical stability and the lifetime of
membranes operating at high temperature. Creep is very critical in cases there
a pressure gradient is applied over the membrane in order to increase the
driving force for oxygen transport.

The last goal of the project was related to the shape-forming process of
ceramic membranes. The most probable design of an oxygen permeable
membrane is a tube in which the gas feed on the inside and outside can easily
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be controlled. Here, the possibility to prepare ceramic tubes of LaCoOj3.5 by
slip casting was explored. Particular emphasis was given to the optimization
of the rheological properties of the slip in order to achieve homogeneous
green bodies and dense tubes.

2.3 The perovskite structure

Quite a few ternary oxides crystallize in the perovskite structure, ABO;. A is
a large cation, usually a rare earth metal, an alkali metal or an alkaline earth
metal. B is a smaller cation, often a transition metal. Several combinations of
oxidation states are possible, such as A'BY0;, ATBVO; and A"B™O;, where
the sum of valences of the A and B cation is six. A simple calculation based
on ionic radii of the component ions may predict whether the ternary oxide
will obtain the perovskite structure or not. The ratio is known as the
Goldschmidt factor [25], and is given in Eq. 2.1.

t = —2—2
V2(15 + 1)

where r, rg and rp are ionic radii of the A cation, B cation and oxygen ion,
respectively. For the ideal perovskite t=1, but perovskite structures are
formed for t values as low as 0.75. The ideal perovskite structure is shown in
Fig. 2.2 a. The B-cation is octahedral coordinated by oxygen-ions, and the A-
cation is 12-coordinated by oxygen-ions. The ideal perovskite has the cubic
symmetry. However, in reality few perovskites obtain the ideal cubic crystal
structure. In many cases either a tilting or a deformation of the oxygen
octahedra results in lower crystal symmetries and thereby larger unit cells

[26].

t<1 (2.1)
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(@) (b)

Figure 2.2. a) The ideal perovskite structure [27] and b) the brownmillerite structure
[28]. A-cations are not shown in b).

Another important parameter regarding the crystal symmetry is the oxygen
content, or the oxygen stoichiometry. The sum of valences of the cations will
determine the oxygen stoichiometry, and again affect the crystal structure.
The oxygen non-stoichiometry is indicated by & in ABOs.5. Oxygen deficient
perovskites are the far most common non-stoichiometric compounds, but
oxygen excess materials like LaMnQOs 14 are also known. Often A and/or B
cations are substituted by lower valent cations in order to increase & and
enhance oxygen ion conduction. When transition metals are involved, the
valence state of the transition metal will depend on temperature and partial
pressure of oxygen. A change in valence state of the transition metal will be
followed by a change in oxygen stoichiometry. When 6=0.5 a new crystal
structure called the brownmillerite structure named after the mineral
CayFe;0Os5 can be formed, Fig. 2.2 b. The oxygen vacancies are ordered in
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such a way that alternating layers of octahedral and tetrahedral coordinated
B-cations are formed [28]. Other structures related to the brownmillerite
structure where the oxygen vacancies are ordered in a different way giving
square pyramidal coordinated B-cations also excist [29]. Structures with all
these three different coordinations of the B-cation have been characterized
[30]. Other ordered structures may also be formed between 6=0 and 6=0.5
depending on the chemical composition. One example of the complexity of
different structures is SrFeOs;.5 shown in Fig 2.3. Below 400°C the crystal
structure change from the cubic perovskite (6=3.0) via tetragonal (6=0.125)
and orthorombic (8~0.25) perovskites to the orthorombic brownmillerite
structure (0=~0.5). Two-phase mixtures are formed between these d-values.
The oxygen stoichiometry of the ordered phases can be expressed by the
formula SrFeOs._(1/m) where n=o, 8, 4, 2[18].

& in SrFeQJ_é
¢.5 0.4 0.3 0.2 2.1 ¢
1200 T T T T

— e

\
1
1
!
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2001 (BrsgP) [(OP) | (OP+TP) (| (TP-cR @©F]

0 Il | 1 !
2.5 2.6 2.7 2.8 2.9 3.0
‘ ¥ in SrFeOY

Figure. 2.3 : Phase diagram for SrFeQO;., as a function of x and temperature [18, 19].
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Most of the non-cubic perovskites go through a phase transition to the cubic
perovskite structure by increasing the temperature. The tilting or deformation
of the oxygen octahedra becomes unstable because of lattice vibrations at
high temperature resulting in a cubic structure. For instance, LaCoO; has a
rhombohedral crystal structure (R3c) at room temperature [31]. The
rhombohedral distortion indicated by the rhombohedral angle (o) decreases
with increasing temperature, and has a significant distortion from cubic
structure at 1000°C. Extrapolating the data for the rhombohedral angle,
LaCoOj; becomes cubic at 1400°C when a,=60° [32]. When La is substituted
by Sr at room temperature the rhombohedral angle decreases linearly with
increasing Sr content (x), and the structure becomes cubic at x=0.55 [33].

For SrFeOs;s, the phase relations are much more complicated than for
LaCoOs. Different crystal structures are formed depending on the oxygen
stoichiometry, and their transition temperature to cubic symmetry are
different as shown in Fig. 2.3. For the brownmillerite structure SrFeO, s the
transition to a disordered cubic perovskite structure occurs at ~850°C [34].
This phase transition represents an order-disorder transition where the
oxygen vacancies become randomly distributed at the oxygen sites. However,
there has been indications of a partially ordered phase also above this
temperature [34, 35]. The brownmillerite-perovskite transition temperature
decreases with decreasing oxygen partial pressure [19]. By substituting Fe by
Co the cubic perovskite structure is stabilized at lower temperatures [36].

There are several other structures related to the perovskite structure. By
changing the cation ratio a variety of different phases can be formed. A well
known series where A/B>1 is the Ruddlesden-Popper phases of the general
formula A;+1BnOsne; (n=1, 2, 3 ...) [37]. These phases consist of stacks of n
two-dimensional perovskite layers of corner shearing BOg-octahedra
[ABOs),] separated by a single rock-salt AO-layer. Many of these phases are
only stable at elevated temperatures or under reduced conditions. For
instance in the La-Co-O system, La,CoO4 [38] and LasCo0304¢ [39] can be
prepared at low oxygen partial pressures.
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2.4 Functional properties of perovskites

The material properties that make perovskites such interesting materials are
mainly the electrical and magnetic properties. Ferroelectric perovskites such
as BaTiOs; are well known, and superconducting perovskites have been
characterized, however these properties have not been considered in the
following discussion. By playing with the composition of ABO3 perovskites
one can design materials with almost any electrical or magnetic property. The
magnetic properties vary between ferro-, antiferro-, and paramagetism, and
the electronic properties between insulating, semi-conducting and metallic.
For instance, LaNiOj is a metallic conductor and Pauli paramagnetic at room
temperature [40]. LaCoO; is paramagnetic and semi-conducting at room
temperature with a transition to metallic conduction at high temperature [41,
42]. LaFeOs is an antiferromagnetic insulator [43, 44]. The spin state of the
d-electrons of the B-cation and the B-O distance are decisive for magnetic
properties and electronic conduction [45]. This is because of the possibility
of cation-anion-cation interaction between the d-orbitals of the B-atoms and
the p-orbitals of oxygen atoms along the cube edge of the unit cell. When
there is little or no overlap between oxygen p- and metal d-orbitals another
mechanism related to the mixed valence state of the B-cation can occur. At
low temperatures the electrons are localized at the B-cation favored by
phonon-electron interactions. This means that the electron has to move along
with a polarization which results in a low mobility and low electronic
conductivity. The diffusion of electrons is termed polaron hopping, and it is a
thermally activated process. Increasing temperature will increase the
conductivity. This polaron hopping model is only valid in compounds with
mixed valence cations [27].

Several perovskites are oxygen ion conductors. The ionic conductivity is due
to the presence of oxygen vacancies in the structure. The oxygen vacancy
concentration is dependent on the sum of valences of the A and B cations. By
substituting A and/or B in ABO3 by lower valent cations the oxygen vacancy
concentration and the ionic conductivity can be increased. For instance,
La;_SryGa;.yMg,O3 is a pure ionic conductor with conductivity even higher
than YSZ [7].
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Both ionic and electronic conductivity (mixed conductivity) is common for
perovskites, and substitution on A and/or B site is often necessary in order to
increase the conductivity to the desired level. Both LaCoO;_s and SrFeOs.s
are mixed conductors, and the conductivity is increased by substituting by
lower valent cations. La; xSryCoO; has a transition from semi conducting to
metallic at x~0.25 as shown in Fig. 2.4 [32, 46].

3000 1 ¥ x T s T
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Figure 2.4: Electrical conductivity versus temperature for La; ,SryCoO; (0.0<x<0.7) in

air [46].

The type of conductivity is changing with oxygen partial pressure as shown
for SroFe,Os in Fig. 2.5. At lower partial pressures of oxygen the
conductivity is of n-type and at higher partial pressures of oxygen p-type
conductivity is dominating [47]. If the oxygen vacancy concentration is
independent of oxygen partial pressure the conductivity will be proportional
to Po,* in the p-type region and Po, ™ in the n-type region due to the defect
equilibria given in Eq. 2.2 and 2.3. The minima of the curves are flat because
of the contribution from ionic conductivity shown in Fig. 2.6.
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Electrical conductivity versus partial pressure of oxygen for Sr,Fe,O5 [47].
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Figure 2.6: Ionic conductivity of SrFe,Os compared to the conductivity of other

oxygen conductors [34].

The ionic conductivity is strongly related to defect chemistry since it is
depending on the concentration of oxygen vacancies. The variation in oxygen
non-stoichiometry with oxygen partial pressure for La;«SryBO;s (B = Cr,
Mn, Fe, Co) is shown in Fig. 2.7 [48]. A plateau at 6=0 is observed for all
compositions corresponding to stoichiometry where all oxygen sites are
occupied. For La;4SryCrO;s and La;4SryFeOss a plateau at 6=x/2 is
observed corresponding to electronic stoichiometry where the average
valence of B is 3+. This means that the electrons are localized at the B atom.
La;«SrxCo03.5 and La; SrxMnOj_s are metallic and the d=x/2 plateau is not
observed since electrons are delocalized. It is obvious from this figure that
La; xSrxCrOs.s is a much poorer ionic conductor compared to La; xSrxCoO;_5
at Po, <1 atm.
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Ionic conductivity is closely related to the ordering of oxygen vacancies in
the structure. This has been investigated by Kruidhof el al. [49]. They

showed that

there is a large increase in ionic conductivity at the order-

disorder transition temperature for SrCogsB¢,0s.5 (B=Cr, Fe, Co, Cu). The
same has been observed in many other systems. Several materials obtaining
the ordered brownmillerite structure at low temperature transform to a
disordered structure at high temperature followed by a large increase in
conductivity [50].
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2.5 Sintering of perovskites

A literature study on the sintering of the lanthanum transition metal oxides is
presented. The compositions have been restricted to the first row transition
metals, La;«x(Ca, Sr)xBO; (B = Cr, Mn, Fe, Co). SrTiO; and BaTiO; have
also been included.

Titanates

Sintering of BaTiO; ceramics added a number of different sintering aids have
been investigated. Anderson [51] showed that the initial sintering rate of
BaTiO; was very dependent on the Ba/Ti ratio. Exceeding the solid solubility
limit on the TiO, rich side decreased the initial sintering rate due to
precipitation of TiO,. For BaO rich samples the sintering rate was highly
dependent on the calcination temperature of the powder suggested to be due
to secondary phases. The eutectic temperature at 1312°C in the TiO; rich
region of the BaO-TiO, system [52] has been used to improve the
densification by liquid phase sintering. Demartin et al. [53] observed two
sintering steps, the first attributed to solid state sintering at 1240-1280°C and
the second to liquid phase sintering at 1300-1310°C. 94-98% of theoretical
density (%TD) was obtained in the temperature interval 1320-1350°C.

Abnormal grain growth has been a problem during preparation of dense
BaTiOs ceramics, especially since the dielectric properties is very dependent
on the microstructure. Demartin [53] found that the microstructure depended
on the heating rate. Long time during heating in the temperature interval
1220-1300°C initiates solid state grain growth, and the liquid phase above
1300°C also enhance grain growth. Several different additions have been
used to inhibit abnormal grain growth. Among others, Dy,03;, NiO, Sb,0s,
ZrO,. have been shown to work successfully by introducing secondary
phases at the grain boundaries and thereby inhibit abnormal grain growth.

Also for SrTiO; ceramics, liquid phases are usually formed to enhance
densification. Fujimoto et al. [54] prepared dense SrTiO; ceramics by adding
excess TiO, in addition to Al,O; and SiO,. This lead to formation of a
wetting liquid phase due to the eutectic in the SrO-TiO, system at 1440°C,
and dense materials were obtained at 1450°C. In order to decrease the
sintering temperature further Cheng et al. [55] added Li,COj; to SrTiO;. They
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found an increasing density when up to 3 wt% Li,CO; was added, and a
decrease by further addition. Dense materials were achieved at temperatures
as low as 960°C. The enhanced densification was due to a liquid phase. The
effect of Li;COs; addition was less at higher temperatures because of
evaporation of excess liquid. The decrease in density above 3 wt% addition
was attributed to evaporation.

Chen et al. [56] investigated sintering of SrTiOs added V,0Os as a sintering
aid in the temperature interval 1100-1350°C. They obtained increased density
with addition of V,0s, and 93%TD at 1250°C (4-6 wt% V,0s) was achieved
due to formation of a liquid phase. However, precipitation of TiO, lead to
formation of large pores. Higher sintering temperatures and lower V;Os
content lead to abnormal grain growth. Addition of excess SrO surpressed the
precipitation of TiO,, and a dense small grained microstructure could be
formed at 1250°C when a small amount of V,05 was added.

Chromites

Sintering of pure LaCrOs requires a very high sintering temperature, but at
high temperatures the evaporation of Cr species makes it difficult to achieve
a dense material. Yokokawa et al. [57] discuss a possible mechanism
involving CrOs;(g) to condense as a Cr,O; layer at the interparticle neck
during the initial stage of sintering in air and thereby inhibiting further
densification. Mori [58] investigated the sintering of LaCrOs with variable
La/Cr ratio, and found that Cr-deficient materials obtained a higher density
than the Cr-excess materials, though not more than 67%TD. This difference
was explained by a lower vapor pressure of Cr at Cr-deficiency. However,
the Cr-deficient materials cracked due to formation of La(OH);.

Substitution of La by an alkali earth metal such as Sr or Ca has been shown
by many authors to increase the sinterability of LaCrO;. The increased
sintering rates are mainly due to formation of transient liquid phases. Liquid
phase sintering and phase transitions in Ca substituted LaCrO; have been
investigated by Chick et al. [59]. The compositions were varied between A-
site excess and A-site deficient compositions by changing the Ca content in
Lay7CaxCrOs (0.25>x>0.35). Higher densities were obtained for Ca-enriched
materials (>90%TD) compared to Ca-deficient materials (<60%TD). For
x>0.3 the sintering curve had two rapid shrinkage events. The first and
second event were caused by melting of the transient secondary phases
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CaCrO4 and Casz(CrOy),, respectively. The total Ca/Cr ratio in the secondary
phases changes when the temperature increases as the solubility of Ca in the
perovskite increases. The phase transitions during heating can be fairly well
described by the binary CaO-Cr,0s phase diagram [60]. A decreasing onset
temperature for the sintering steps by increased Ca-content was explained by
melting point depletion due to increased La content in the secondary phases.
At x<0.3 the amount of liquid phase is much smaller as can be seen from the
binary CaO-Cr,O3; phase diagram, and the second shrinkage event does not
occur since the Ca3(CrOy), phase never forms. These phase relations explain
the lower density.

Also during sintering of Sr substituted LaCrOs, evaporation of Cr containing
species is a problem. In order to decrease the evaporation rate of Cr, Groupp
et al. [61] decreased the partial pressure of oxygen and obtained high
densities (>95%TD) at Poy<10'? atm in the temperature interval 1720-
1740°C. Bansal et al. [62] added SrCO; as a sintering aid and obtained
~92%TD at 1600°C. Bates et al. [63] investigated the sintering behavior at
various degrees of substitution and found that sintering started at around
1100°C when x>0.12. Several sintering stages were observed, and a stage at
around 1200°C was attributed to the melting of SrCrO4. The reason for the
other two stages, one around 1100°C and the other above 1400°C, was
suggested to be due to formation and disappearance and unidentified
secondary phases. The cation stoichiometry was also shown to have a large
influence on the sintering behavior. Maximum densities were obtained at
slight A-site excess and A-site deficiency with a minimum in between at
A/B=1.0.

Substitution at the B-site in LaCrOs; has also been investigated by many
workers. Hayashi et al. [64] found that substitution of Cu or Zn at the B-site
improved the sinterability and >95%TD was obtained at 1600°C. Jin et al.
[65] tried to substitute on the B-site by Mg, Ni, Cu or Zn, and they found that
Cu or Zn substitution improved the sintering properties, while Ni and Mg
substitution had a small or no effect. Sintering of the Zn substituted LaCrO3
was very dependent on temperature, and severe grain growth and inter
granular fracture was observed in dense samples. This behavior indicates
formation of a liquid phase during sintering. However, this was not discussed
by the authors.

Substitution at both A- and B-site by Ca and Co, respectively, was
investigated by Koc et al. [66]. They found that Ca and Co substitution
lowered the sintering temperature, and dense materials (>94%TD) were
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obtained at 1400°C. The improved sintering was attributed to a transient
liquid phase due to melting of Ca and Co rich particles arising from a non-
uniform composition of the starting powders.

Manganites

LaMnOs,s is an oxygen excess perovskite, which is rather unusual. This
makes the sintering properties somewhat different from the oxygen deficient
perovskites. The oxygen excess leads to formation of cation vacancies. By
heating, o decreases, and followed by this the cation vacancy concentration
decreases. Cation vacancies can also be formed by varying the La/Mn ratio.
The phase diagram of Mn,0s-La,O; shows that there is a relatively large
region for solid solution [67]. Van Roosmalen et al. [68] investigated the
effect of cation ratio on the sintering behavior of LaMnO;;s. Enhanced
sintering by La-deficiency was observed, showing that increased
concentration of La-vacancies increases the densification rate. The
densification was much slower when Mn-vacancies were introduced. They
concluded that diffusion of La is the rate-limiting step during sintering of
LaMn03_5.

When La is substituted by Sr, the defect chemistry changes. The number of
cation vacancies are determined by the oxygen content, and by substituting
La’" by Sr*" the oxygen content is lowered, and thereby the A-vacancy
concentration. The sintering temperature is therefore increased by Sr-
substitution, which also is what have been observed. In the case of Sr-
substitution the ionic radius does not play an important role since La*" and
Sr*" is more or less equal in size. However, if La is substituted by Ca or Ba
the ionic radius will be an important parameter. (La, Ba)MnOs.5 sinters at
higher temperature than (La, Sr)MnOs_s, and (La, Ca)MnOs_s sinter at lower
temperature. This is because r(Ca’") < r(Sr )< r(Ba*"), and a smaller ionic
radius will enhance diffusion of A-cation, leading to faster sintering. This is
more or less what Chacraborty et al. [69] did when Bi,03; was added to (La,
Sr)MnO; in order to improve the sintering properties. It was shown that the
small Bi*™-ions enter the La-lattice sites, and by that enhanced the diffusivity
of A-cations. The sintering rate was thereby increased.

Stevenson et al. [70] investigated the sintering of A-site excess/deficient Sr
and Ca substituted LaMnOs:s. The same behavior as for non-substituted
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LaMnOs;.s was observed, and A-site deficient compositions obtained the
highest density.

The effect of sintering atmosphere on the densification of (La, Sr)MnO; have
been investigated by Poirson et al. [71]. Sintering was performed in nitrogen,
air and oxygen. The sintering temperature was shifted towards lower
temperature in nitrogen and towards higher temperature in oxygen. These
observations shows that the picture is not as clear concerning the rate
determining species during sintering. Increasing partial pressure of oxygen
should increase the concentration of cation-vacancies and increase the
sintering rate based on previous results, however the opposite is observed
here.

Studies on the densification behavior of La; \AxMnOs.5 (A=Ca, Sr) have also
been conducted by Evju [72] and Watterud [73]. It was confirmed that A site
deficient manganites sintered at lower temperature ralative to stoichiometric
materials. A site excess was observed to inhibit sintering. Cation non-
stoichiometry was observed to cause swelling at high temperature.

Ferrites

Sagdahl et al. [74] investigated sintering of Fe-excess and Fe-deficient
LaFeO; in the temperature interval 1100-1600°C. Secondary phases played
an important role on the sinterability and microstructure. Fe-excess lead to
formation of a liquid phase for T>1430°C, resulting in exaggerated grain
growth and swelling. The swelling was explained by heterogeneous phase
equilibria that were reductive in nature and lead to evolution of oxygen gas.
For Fe-deficient LaFeO; the presence of La;Os inhibited densification and
grain growth. High density (~95%TD) and small grains (d<10 pm) were
obtained for materials with a slight Fe-excess sintered at ~1200°C. Swelling
of Sr substituted LaFeO; has also been observed by Sagdahl et al. [75].
Preliminary investigations suggest that this is related to non-stoichiometry
and secondary phases observed in this work.

Tsai et al. [76] prepared ceramics of composition La; yAxFepsCop20;3 (A=Ca,
Sr or Ba) and densities below 87%TD were reported for x=0.6 at 1200°C. By
increasing the Ba content to x=0.8 the density increased to 98%TD.
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The densification behavior of SrFe;(Co,Cu)cO35 ceramics has previously
been studied by several groups. Densities higher than 96% have not been
obtained, and swelling at high temperature has been reported. Kokhanovski et
al. [36] prepared gas-tight ceramics of the composition SrFe;.«CoxOs.5 (x=0,
0.25, 0.5, 0.75) where a maximum density of 96% was obtained for x=0.25 in
the temperature interval 1240-1300°C. The compositions x=0 and x=0.25
were found to swell at high temperature prior to melting, and this was
explained by extensive oxygen evolution near the melting point. The
evolution of gas is probably related to cation non-stoichiometry and
decomposition of secondary phases as observed in this work.”™* " Some
results on the density of SrCoj,FeCuyOs;s ceramics have also been
reported by Kharton et al. [77, 78] They obtained a density of 75-95% when
X, y=0-0.5, and a density of 89-91% for x=0.25 and y=0.15. The sintering
temperature was reported to decrease when Co was substituted with Cu.

Cobaltites

Sintering of cobaltites has not been investigated thoroughly, however some
results on density of LaCoOj; based ceramics has been reported. Koc et al.
[66] investigated the sintering behavior of La; Ca,Cr;.,Co,O;, and they
obtained a maximum density of 95%TD for both LaCoO3 and Lag7Ca3Co0s3
at 1400°C and 1200°C, respectively. Decreased sintering temperature by
substitution of Ca, and increased sintering temperature by substitution of Cr
were reported. Melting was observed between 1200-1300°C in
Lay 7Ca3C003 which is considerably lower than for LaCoOs (1740°C) [79].
The low temperature melting phase is most probably related to the eutectic
point at 1350°C at the Co-rich side of the CaO-CoO phase diagram [80].
Denos et al. [81] investigated the relationship between green and fired
densities for LaCoOj; and Lag sSrp sC0oOs;. Higher fired densities were reported
for LaCoO; than for the strontium substituted LaCoOj;, but the higher
porosity was explained by residual unreacted products from the synthesis
method. van Doorn et al. [82] reported decreased sintering temperature by
increased Sr-substitution, and materials of Lag;7Sry3Co0O3 with 96%TD and a
uniform grain size of about 3um at 1150°C was obtained. The diverging
results reported shows that further investigations are needed to understand the
sintering of cobaltites.
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Concluding remark

The overview of results reported on sintering shows that further
investigations are necessary in many of these systems in order to fully
understand the sintering mechanisms. It is clear that secondary phases, either
added as sintering aids or formed by deviations from cation stoichiometry
play a very important role during sintering of perovskites. The secondary
phases are often formed on purpose, but also improper control of composition
have in many cases resulted in unwanted effects. Careful control of
composition, sintering temperature and amount of sintering aids is necessary
to avoid unwanted effects such as abnormal grain growth, evaporation and/or
swelling.

2.6 Mechanical properties

Mechanical properties such as Young’s modulus, bending strength and
fracture toughness have only been studied for a few perovskite materials,
even though many applications require knowledge of these properties.
Several applications involve joining of different materials which have to
sustain the stresses induced by mismatch in thermal expansion during heating
and cooling. Also if any machining is needed the strength of the material will
have to be considered. OPM and SOFC are high temperature devices, and the
creep resistance at the operation temperature is decisive for the lifetime of the
device. Also measurements of creep have been done in order to get
information of defect chemistry and diffusion coefficients in the system.

Strength and fracture toughness

Blamey et al. [83] investigated strength and fracture toughness of BaTiOs
ceramics containing different sintering aids. They reported a maximum
strength of 93 MPa and fracture toughness of 0.8-0.95 MPa-m'? at
atmospheric conditions for materials of ~3% porosity. Cheng et al. [84]
measured Young’s modulus of undopet BaTiO; (d~40 um) by the vibrational
resonace method. They reported a Young’s modulus of 110 GPa at 25°C and
an increased value of ~180 GPa above the tetragonal to cubic phase transition
at 132°C. Smaller grain size (d~1 um) decreased the values by ~ 30 GPa.
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A few studies on strength and fracture toughness of LaCrO; based ceramics
have been done. Sammes et al. [85] investigated the three point bending
strength as a function of sintering temperature for (La,Sr,Ca)CrOs;. They
reported a maximum RT strength of 234 MPa and 256 MPa for
Lag 7Srp3CrOs and Layg 7Sro3CrOs, respectively, both sintered at 1700°C. The
same authors investigated high temperature strength in reducing environment
of Lag 781 3CryCo,03 (y=0-0.2) [86]. They observed degradation and loss of
mechanical strength for the Co-substituted samples at 1000°C in H, or
H,/3%H,0 atmosphere. For y=0.05 the degradation time was 55-75 min, and
the degradation was much faster at higher Co contents. The undoped material
was stable and maintained the strength under reducing environments.

Paulik et al. [87] investigated the mechanical properties of La;(Ca,
Sr)xCrO3 (x=0.15-0.30) as a function of temperature and partial pressure of
oxygen. The variation in strength was due to difference in density and
microstructure. Increasing temperature decreased the 4-point bending
strength for Lag75Cag25CrO; from ~120 MPa at room temperature to ~60
MPa above 600°C due to the orthorombic to rhombohedral phase transition at
250-300°C. For Sr substituted LaCrOs, the strength was independent of
temperature (50-80 MPa). By decreasing the partial pressure of oxygen
below some critical value the strength decreased for all compositions. The
diverging results from Sammes et al. [85] is probably because they reported
3-point bending strengths. The fracture toughness was measured to ~1.1
MPa'm"? and ~2.1 MPa-m"? for Ca and Sr substituted LaCrOs, respectively.
Decreasing the partial pressure of oxygen below ~10"° atm decreased the
fracture toughness. The decreased strength and fracture toughness at low
partial pressure of oxygen was explained by structural changes in the lattice.

Montross et al. [88] measured strength of LaCry9Mg ;03. The strength had a
maximum value just below the orthorombic-rhombohedral phase transition
temperature and decreased by further increase in temperature. Under
reducing conditions, the RT strength was around 140 MPa and decreased to
around 100 MPa at 600-1000°C. A maximum strength of 250 MPa was
measured at 125°C. The fracture toughness showed the same temperature
dependency, and a maximum value of 4 MPa-m"? that decreased to around 2
MPa'm"* at 1000°C was measured. The mechanism for toughening was
hypothesized to be due to retained high-temperature rhombohedral phase
below the transition temperature.

D’Souza and Sammes [89] investigated mechanical properties of
Lag 875S19.12sMn0Os,45. They observed a decease in strength from 164 MPa at
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RT to 109 MPa at 400°C, and attributed the decrease to the orthorombic-
rhombohedral phase transition in the temperature range 150-250°C. Above
400°C the strength increased again to 150 MPa at 800°C and 222 MPa at
1000°C. The increase in strength was explained by change in oxygen
stoichiometry and increased crystal symmetry with increasing temperature.

Mechanical properties of La;(Ca, Sr)yCoO; (x = 0, 0.2) was investigated in
the temperature interval 25-850°C by Orlovskaya et al.*?™! 4-point bending
strength at 25°C of LaCoOs; (83%TD), Lag,Srp2CoO3; (90%TD), and
Lay,Cap2Co03 (99%TD) was measured to 53 MPa, 76 MPa, and 150 MPa,
respectively. The bending strength was relatively independent of temperature
for the two first compositions, while Laj,Cay,CoO; decreased linearly to ~70
MPa at 850°C. The difference in strength was related to porosity. Fracture
toughness of Lag,Sry,Co0O3 and Lay,Cap,Co0O3; was ~0.7 MPam'? and ~1.0
MPam'?, respectively, and Young’s modulus was reported to be ~112 GPa
for Lag,Cap,Co0s. Hardness in the range 7-11 GPa was also reported for
Lao,g(Ca, Sr)0.2COO3.

Mechanical properties of (La,Sr)(Ga,Mg)O; have been investigated because
the possible application as electrode in SOFC requires a certain mechanical
strength. A decreasing strength with increasing temperature from 162 MPa at
RT to 55 MPa at 900°C has been observed for Lag¢Sry;GagsMgp.0s3 [90].
The same trend have been observed for LagsSro.GagsMgp20s where the
strength decreased from ~150 MPa at RT to ~100 MPa in the range 600-
1000°C. The fracture toughness showed the same decreasing trend with
increasing temperature and 2.2-2 MPa'm'? was measured at RT and ~I
MPa'm"? in the temperature range 400-600°C. Young’s modulus decreased
from 190 GPa at RT to ~120 GPa at 500°C. The loss in mechanical
properties was attributed to the phase transition from monoclinic to
rhombohedral structure at ~500°C. Ca and Ba substituted materials were also
investigated, but these compositions had poorer mechanical properties
compared to the Sr substituted materials [91]. The change in mechanical
properties by increasing Mg content for have been investigated for
Lag gSrp2Ga; xMgxO3 [92]. A decreasing strength with increasing Mg content
was observed. By increasing x from 0.1 to 0.2 at RT the strength decreased
from 139 MPa to 113 MPa and the fracture toughness from 1.6 MPa-m"? to
1.3 MPa-m"?.
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Creep

Studies on creep of perovskite ceramics have been restricted to a few material
systems so far. The mechanism for creep have mostly been determined to be
diffusion controlled by cations either through lattice or grain boundaries.
Often the motivation for creep measurements have been to gain information
on diffusion coefficients or defect chemistry within the system.

Creep of CaTiOs has been studied because it is an analog of (Mg,Fe)SiOs
perovskite which makes up most of the Earth’s lower mantle (670-2900 km),
and therefore has been interesting for geological reasons. Karato and Li [93]
investigated creep of CaTiOs in the temperature interval 1180-1300°C and
found that deformation was controlled by diffusion. They also observed
enhanced creep when the structure transforms from orthorombic to tetragonal
around 1240°C.

Superplastic creep have been observed for fine-grained BaTiO; between
1150-1250°C[94]. The stress exponent was between 2 and 3 and the
activation energy between 800-1200 kJ/mole. Larger grained BaTiO; deform
by a diffusion mechanism with stress exponent close to unity and activation
energy ~720 kJ/mole [95].

Creep was measured for (La,Sr)MnOs as a function of Sr content and oxygen
partial pressure at 1300°C by Cook et al. [96]. They found that the rate
controlling specie changed from oxygen to cation vacancies as the degree of
substitution increased and the oxygen partial pressure decreased. The
mechanism for creep was grain boundary sliding and lattice diffusion.
Wolfestine et al. [97] studied creep of LagoSro;MnOs in the temperature
range 1150-1300°C in air. They found a stress exponent close to unity and
suggested a Nabarro-Herring diffusional creep mechanism where the creep
rate is limited by cation lattice diffusion.

The creep behavior of SrCogsFep,03.x was studied by Majkic et al. [98] in
the temperature interval 850-975°C. They concluded that creep was
controlled by diffusion of cations, but they could not determine whether it
was lattice or grain boundary diffusion. They found an activation energy of
268 kJ/mole below 925°C and 457 kJ/mole above 925°C. The change was
attributed to a shift between A and B cation as the rate controlling specie. An
alternative explanation could be that the shift in mechanism is related to
phase transitions in the material similar to the decomposition of SrCoOj; to
SrsCo50;5 and Co3;04 below 800-900°C [99, 100].



37

Several studies have been done on the superconducting system YBa,CuzO7.«
since deformation can improve the electrical properties. Deformation maps
were developed by Jimenez-Melendo et al. [101]. The mechanism for creep
was dependent on temperature, stress, and grain size. Superplastic flow have
been observed for small grain sizes. Intermediate grain size leads to a grain
boundary diffusion controlled mechanism, and larger grains leads to a lattice
diffusion controlled mechanism. By increasing the temperature the
controlling mechanism changes from grain boundary to lattice diffusion. Y is
most probably the rate controlling specie in this system [102].

Also for BaCe| Y03, a diffusion controlled creep mechanism was proposed
in the temperature range 1200-1450°C [103]. The rate controlling species
were Ba or Ce interstitials. The activation energy was around 350 kJ/mole.

2.7 Phase relations

During sintering of ABO; perovskites, different secondary phases can appear
if the A/B ratio is deviating from unity. It can be demanding to prepare
compositions of exact 1:1 ratio between A and B, especially when more
elements are introduced by substitution at the A and/or B site. By knowing
the phase relations it can be favorable to consciously make compositions with
a slight A or B site excess either to avoid formation of specific secondary
phases or to take advantage of some properties. The temperature range for
sintering might be goverened by the phase relations. With this in mind, an
overview of the available pseudo binary phase diagrams of A,O3-B,03; (A =
La, Sr, Ca; B = transition metal) will give important knowledge of what
effect A or B site excess will have on the phase composition.

If only binary oxides are formed a small deviation from A/B=1 will result in
only small amounts of secondary phase. However, in many systems ternary
oxides with A/B ratio different from unity are stable. A small deviation from
stoichiometry in the overall composition can lead to formation of relatively
large amounts of secondary phases. This will obviously have an effect on the
sintering properties, the microstructure and the functional properties. The
introduction of secondary phases can in many cases also be an aid for
sintering. In most systems a eutectic melt can be formed giving liquid phase
sintering. The liquid phase enhances diffusion and increases the sintering
rate. However, the liquid phase may also cause exaggerated grain growth
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because it increases the grain boundary mobility. Formation of solid
secondary phases also have an effect on sintering. Often precipitation of a
secondary phase during sintering decreases the densification rate. However, a
small amount of solid secondary phase at the grain boundaries can be
favorable because it inhibits grain growth due to decreased grain boundary
mobility.

The formation of secondary phases, either solid or liquid, often involves
reduction of the transition metal, and oxygen gas may be formed. The effect
of oxygen gas evolution on sintering will depend on whether the porosity is
open or closed when this process occurs. In the case of closed porosity the
evolution of gas will create a pressure inside the pores, and this may lead to
swelling. Especially if a liquid phase is present swelling will be fast because
of enhanced diffusion and viscous flow. In the case of open porosity the gas
evolution will have a smaller effect, but it still may retard densification.

Very few systems exhibit a large region for solid solubility of either A,O3 or
B,0; in ABOs. Within the LaBO; (B = Ti, V, Cr, Mn, Fe, Co, Ni, Cu) series
it is only in the LaMnOs system there has been reported a relatively large
tolerance for cation nonstoichiometry without precipitation of secondary
phases [67]. Around 900°C in air, the solid solubility limits are at a La/Mn
ratio of 0.9 and 1.2. At higher temperatures the range become more
symmetrical, and above 1100°C the La/Mn ratio range is between 0.9 and
1.1. Also in the SrFeQs system solid solubility has been observed.”*" "' The
solid solubility region becomes more narrow with increasing temperature,
however the exact limits have not been investigated

On the B-rich side of the La;03-B,O; phase diagram, ternary phases are
reported only in the La-Ti-O and La-Fe-O systems. LaFe;,0,9 is stable in the
temperature range 1380-1420°C. Above 1420°C LaFe ;09 decomposes to
Fe;O4 and the perovskite phase [108]. In the La-Ti-O system, LasTi9Oy4 is
formed in air, but decompose at 1455°C to a liquid phase and the perovskite
[112]. At reduced oxygen partial pressure, La,TizO;, crystallizing in the
cubic perovskite structure can be prepared.

It is mostly at the La-rich side of the La,03-B,0O3; phase diagram that phases
differing from the binary oxides are formed. A large family of oxides termed
the Ruddlesden—Popper (RP) type phases are possible compositions with
structure closely related to the perovskite structure [37]. The general formula
1S Lan+1Bn03n+1 (l’l=1, 2, 3, ceees OO) LazBO4, La3B207 and La4B3010
respectively corresponding to n= 1, 2 and 3 are stable compounds in some of
these systems. The stability of the Ruddleden-Popper phases are related to the
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oxidation state of the B-cation. The valence state of the transition metal in the
ternary oxides La,:+1B,Osn11 increases by increasing value of n. In the ABO;
perovskite (n=o0) the valence state is B3+, for LasB30,¢ and La3;B,07 (n=3, 2)
there is a mixed valence of B*" and B**, and in the last member of the series
La;,BO4 (n=1) the valence state is B,

In the La-Cu-O system the only stable ternary phase below 1000°C is the RP
type phase La,CuO4 (n=1). High pressure synthesis must be applied in order
to stabilize the perovskite phase LaCuOs;. Two intermediate phases are
formed above 1000°C. La,Cu,Os is stable in the temperature region 1002-
1035°C, and LagCu;0;9 is stable in the region 1012-1027°C. La,CuOy is
stable up to 1375°C where it decomposes to La,O3 and a liquid phase [104].

LaNiO; decomposes above 1094°C in air and form LasNi3;O;p and NiO
occurs. By further increasing the temperature to around 1196°C lead to
decomposition of LasNizO;p into La)NiOs and NiO [105]. The
decomposition temperature is higher in oxygen. The existence of the
LasNi,O; phase has also been reported by Seo et al.[106]. This proves the
existence of RP type phases with n=1, 2 and 3 in the La-Ni-O system.

In the La-Co-O system LasCo030 is formed around 1450°C in air.P® T This
phase is also formed at lower temperatures by reducing the partial pressure of
oxygen. La,CoOj4 is not coexistent with LaCoOs. At low oxygen partial
pressure LaCoOs3; decomposes to La,CoO4 and CoO [107]. Both of these
compounds are RP type phases with n=1 and 3. The stability of the RP-type
phases in the La-Co-O, La-Ni-O, and La-Cu-O systems reflects the relatively
high stability of divalent Co, Ni, and Cu compared to the rest of the first row
transition metals.

On the La-rich side of the La-Fe-O system only La;0O3 is formed in air [108].
The absence of RP-type phases reflects the high stability of Fe’" compared to
Fe’". This is related to the d° electron configuration in Fe'™ which is
energetically favorable. Like in the La-Fe-O system only La;Os is stable in
the La-Mn-O system at the La-rich side of the phase diagram [67]. However,
by decreasing the partial pressure of oxygen La,MnQO, 5 (n=1) is formed at
high temperature (above 1380°C in argon).

Further to the left in the row of transition metals the La-rich side of the phase
diagram consists of phases obtaining other structures than the RP-type
phases. In the La-Cr-O system, three different La-rich phases can form
depending on temperature and partial pressure of O,. Berjoan [109]
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investigated the system at 0.83 bar O»(g) and found that La,CrOg is stable up
to 960°C. In the temperature range 870-1080°C La;¢Cr;O44 is stable, and
La;Cr,0y5 is stable in the range 980-1240°C. The stability of these phases is
again related to the oxidation state of the transition metal. All three phases
contain Cr’" and /or Cr’* which both are stable valence states for Cr.
Especially, the Cr®" state is stable due to the d” electron configuration. Above
1240°C, only the perovskite phase and La,0Oj; are stable. In argon atmosphere,
the system only consists of La,O; and the perovskite.

Below 1800°C in vacuum only V,03; and La,0O3 are stable phases in addition
to the perovskite phase in the La-V-O system. At 1800°C a new phase,
LasV;,0y, is formed which melts at 2190°C [110]. In the La-Ti-O system both
La,TiOs and LasTi30;, are stable in air. La,TiOs melts at 1760°C and
LasTi30;, decomposes to La,TiOs and LaTiO; at 1450°C. None of these
compounds are RP type phases. The structure of LasTi30,; is related to the
perovskite structure while the structure of La,TiOs is not. The oxidation state

of titanium is Ti*" in both phases and the electron configuration is d° [111,
112].

In most systems, a eutectic melt is formed on both sides of the La/B ratio of
unity. Generally, the eutectic temperatures are higher at the La-rich side than
the B-rich side except for the La-Cr-O system. However, the eutectics are
above 1400°C in all systems except for the La-Cu-O system where
T=1025°C at the B-rich side. This implies that it should be possible to avoid
formation of liquid phase by keeping the sintering temperature below
1400°C. To obtain high density materials below this temperature, a powder
with small grain size is often demanded. By modern powder preparation
techniques this is possible to achieve.

In most systems, substitution at the A and/or B site is required to obtain the
desired functional properties. Often Sr or Ca is substituted on the A site for
La. In case of a deviation from exact cation stoichiometry, the phase relations
in the SrO/Ca0-B,0; systems will be important. Quite a few phases are
formed in these systems, and only the cobalt and iron systems will be
discussed here.

In the SrO-Fe,O; system, Sr3Fe,O is formed at the Sr-rich side of the phase
diagram [113]. There is a eutectic point at ~1500°C. At the Fe-rich side,
Sr4FesO13 1s stable from ~775°C up to ~1295°C where it decomposes to the
perovskite SrFeOs.s and a liquid phase. SrFe;;0;9 is formed at higher Fe-
contents and it is stable up to ~1435°C. A eutectic melt is formed between
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these compositions at ~1195°C. Only CaO and CaFeOs.5 are stable on the Ca-
rich side of the CaO-Fe,O3 phase diagram. At the Fe-rich side, CaFe,O; is
stable up to 1216°C where it decomposes to a melt and CaFeO;. CaFe 07 is
stable in the temperature interval 1155-1226°C. A eutectic melt is formed
between these compositions at 1205°C [114].

The Ca0-Co,05 system is different [80]. The 1:1 perovskite phase is not
stable in this system, and ternary oxides are only stable below 1026°C.
Ca3Co0,06 and Caz;Co409 are stable up to 1026°C and 926°C, respectively.
Above 1026°C only CaO and CoO are present. At 1350°C a eutectic melt is
formed at ~70 wt% CoO. In the SrO-Co0,03 system the brownmillerite phase
SrCo0; 545 1s stable above ~900°C while the perovskite structure is stabilized
at higher oxygen partial pressures. Below 900°C SrCo0O; s:5 decomposes to
SrsCo6015 and CoO [99, 100]. Sr3Co,07 is also a stable compound at the Sr-
rich side of the system [115]. Melting temperatures have not been reported in
this system.

Generally, when Sr or Ca are introduced into the iron or cobalt system melts
can be formed at lower temperatures than in the corresponding La;03-C0,03
and La;03-Fe,O3 systems. The lowest melting phase is formed at the Fe or
Co-rich side of the phase diagrams as low as ~1195°C. Also in the SrO/CaO-
B>O; (B = Mn, Cr, Ti) eutectic melts are formed at lower temperatures
compared to in the La,03-B,0s systems. If the perovskite is substituted both
at the A and B site the phase relations become even more complicated, and
melts may be formed at even lower temperatures due to melting point
depletion.
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Abstract

The densification, microstructure and phase evolution of near stoichiometric, Co-excess and Co-deficient perovskite
La;_ M ,CoOs;_s (M=Ca, Sr; x=0, 0.2) powders have been investigated by electron microscopy and powder X-ray diffraction.
Sub-micron powders were prepared from nitrate precursors using the glycin-nitrate and the EDTA methods. The sintering tem-
perature was observed to decrease with Ca or Sr substitution. Dense materials with grain size in the order of 3-5 pm have been
obtained at 1200°C for near stoichiometric powders. Considerable grain growth was observed at higher sintering temperatures. The
presence of other crystalline phases in addition to the perovskite due to Co-excess/-deficiency considerably affects the micro-
structure and acts as grain growth inhibitors by grain boundary pinning. The volume fraction of secondary phases is particularly
large in the case of Co-deficient LaCoOj3 due to the formation of LasCo301. In non-stoichiometric Lag gCay,Co0Os3, a liquid phase
consisting mainly of CaO and CoO was observed at 1400°C causing exaggerated grain growth. Considerable pore coarsening was
observed in Co-excess LaggCay,CoO5 at 1350°C. The present investigation demonstrates the importance of controlling the stoi-
chiometry of LaCoOj3 based ceramics in order to obtain dense materials with well defined microstructure. © 2000 Elsevier Science

Ltd. All rights reserved.

Keywords: Grain growth; LaCoOs; Microstructure-final; Perovskites; Sintering

1. Introduction

Mixed ionic and electronic conducting perovskites
La,_ .M ,CoO5_s (M=Ca, Sr) have potential application
as materials for oxygen permeable membranes, electro-
des, oxidation catalysts and oxygen sensors.'® In order
to achieve the functional properties required for an
oxygen permeable membrane, dense materials with well
defined microstructure is desired. In most cases the pre-
sence of secondary phases will decline the functional
properties of the membrane, and therefore single phase
materials are preferred. The mechanical properties
might also be critical if oxygen is produced by applying
a pressure gradient over the membrane or if thin mem-
branes are desired in order to achieve sufficient oxygen
flux. The purpose of this study was to investigate the
sintering behaviour of LaCoO; based ceramics. The
effect of substitution and cation stoichiometry on the
sintering properties has been investigated in the tem-
perature interval 1050-1450°C.

* Corresponding author.
E-mail addresses: tor.grande@chembio.ntnu.no (T. Grande).

Sintering of LaCoO; based ceramics has not been
investigated thoroughly. Koc et al.” investigated the
sintering behaviour of La;..Ca,Cr.,Co,O3, and they
obtained a maximum density of 95% of theoretical
density for both LaCoOs; and Lag;Cay3C00s.
Decreased sintering temperature by substitution of Ca
was reported. Denos et al.? investigated the relationship
between green and fired densities for LaCoO; and
Lag 5SrgsC0o03. Higher densities were reported for
LaCoOj; than for the strontium substituted LaCoOs.

Phase equilibrium in the La—Co—O system in the
temperature interval 800-1200°C has been studied by
several authors.””!3 Stable ternary oxides observed in
the system are LaCoO;, La,CoO, and LasCo30.
LaCoO3; decomposes to CoO and LasCo30;y at low
oxygen partial pressures. There are conflicting reports
on the solid solution of La,Osz; or CoO in LaCoOs;.
Morin et al.'* report the presence of secondary phases
at more than 0.3% deviation from the A/B ratio in the
ideal perovskite (ABQOs3). Seppénen et al.'? claim a sta-
bility range for LaCoO;_; within +1%. Munakata et
al.!> have however reported preparation of single phase
Lay9Co0Oj3. Since a small tolerance in A/B ratio is

0955-2219/00/$ - see front matter © 2000 Elsevier Science Ltd. All rights reserved.

PII: S0955-2219(99)00141-7
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reported in most cases, secondary phases might be diffi-
cult to avoid in the preparation of LaCoO;3 based cera-
mics. In this paper the cation stoichiometry has been
varied between Co-excess and Co-deficiency in order to
investigate the effect of secondary phases on the sintering
behaviour.

2. Experimental

Pure LaCoO3z and Sr or Ca substituted LaCoOs
powders, La;_\M.Co0O55; (M=Ca, Sr; x=0, 0.2), were
prepared by the glycine nitrate method (G/N) described
by Chick et al.'® and the EDTA-method described here.
Samples prepared from the two methods are termed G/
N-samples and EDTA-samples, respectively. In addition
to the near stoichiometric powders, 5 mol% Co-excess
and 10 mol% Co-deficient powders were prepared. For
convenience, in the following the compositions
Lag sCag,Co0O5 and Lag gSry,CoOs5 are termed 20%Ca
and 20%Sr, respectively.

Approximately 1 M solutions of the nitrate salts were
used and the concentration of the solutions was measured
by an Atom Scan 16 1CP-AES Spectrometer (ICP)
(Thermo Jarrell Ash Corp.). In case of the G/N-method
approximately 25 ml of the glycine-nitrate solution was
transferred to a quartz container and then heated on a
hot plate until ignition. The EDTA-powders were pre-
pared by mixing either 1 M nitrate solutions or weighted
amounts of nitrate salts, EDTA and water to a total
volume of about 400 ml. The stoichiometry of the
nitrate salts was determined by thermogravimetrical
analysis. pH was adjusted to 9-10 with NH4,OH solu-
tion to prevent precipitation. The solution was trans-
ferred to a beaker on a hot plate, and heated at 80°C
until gel formation. The gel was dried in air at 200-
240°C for 24 h, and organic residue was burnt off at
600°C for 24 h.

The powders were ball milled (SizNy-balls) for 4 h in
100% ethanol. The milled powders were further cal-
cined at 900-1000°C for 8-72 h in flowing synthetic air
and further ball milled for 24 h. Powder pellets (0.7 g)
were uniaxially pressed (double action) at 230 MPa for
GLN-powders and 70-100 MPa for EDTA-powders.
The relative green density obtained was 50-55% of
theoretical density.

The chemical composition of the powders was mea-
sured by ICP and is given in Table 1. X-ray powder
diffraction (XRD) of powders and crushed sintered
samples was performed on a Siemens DS5005 dif-
fractometer (CukK, radiation and a secondary mono-
chromator) in the 20 range 20—65° with step 0.040° and
step time 9.0 s. Cell parameters and crystallographic
densities were calculated using the programs Profile,
Winlndex and Metric. Si (20 wt%) was added the powders
as an internal standard.

Table 1
Cation stoichiometry (£ 2%) relative to Co of the different powders

Sample composition La Sr Ca Co

EDTA-samples

Stoichiometric

LaCoO; 1.02 1.00

20%Sr 0.80 0.204 1.00

20%Ca 0.80 0.213 1.00
Co-deficient

LaCoO; 1.12 1.00

20%Sr 0.88 0.223 1.00

20%Ca 0.87 0.205 1.00
Co-excess

LaCoO; 0.95 1.00

G/N-samples

Stoichiometric

LaCoO; 1.01 1.00
20%Sr 0.79 0.198 1.00
20%Ca 0.80 0.207 1.00

The surface area of the powders was measured by the
BET method (ASAP 2000, Micromeritics). The surface
area of the G/N-powders was in the range 1.6-2.2 m?/g,
and the corresponding calculated particle size is 0.4-0.5
um assuming spherical particles. SEM analysis shows a
particle size below 2 pm, where 20%Ca has slighty larger
particles than the two other compositions. The particle
size for the EDTA-powders was below 1 um determined
by SEM. Surface areas were 2.9-5.0 m?/g, and the esti-
mated particle size assuming spherical particles was 0.2—
0.3 um.

The uniaxially pressed pellets were sintered in air at
1050-1450°C for 2-96 h. The samples were heated at
300 K/h up to the maximum temperature and cooled
down to 400°C at 1000 K/h.

Dilatometry (Netch Dilatometer 420E) was per-
formed on uniaxially pressed pellets (115 MPa). The
green dimensions of the pellets were 1.0 cm diameter
and height 0.7 cm. The dilatometry was performed in
ambient air at a heating rate of 120 K/h.

Fractured, polished and etched cross-sections of sin-
tered pellets were investigated by SEM (Zeiss DSM 940)
and Energy Dispersive Spectroscopy (EDS) (Noran
Instruments, Tracor Series 11). The polished surfaces
were prepared by grinding with SiC-papers followed by
polishing with diamond particles down to 1 pm. In
order to visualize the grain boundaries, the polished
samples were either etched in 6 M HCI for 1-4 min or
thermally etched at 1050°C for 10 min. An estimate for
the grain size was obtained by measuring the maximum
2-dimensional diameter of 20-50 grains on SEM ima-
ges, and the mean values were reported as average
grain size.
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The density of G/N-samples was calculated from the
weight and geometric volume of the sintered pellets
while the density of EDTA-samples was measured by
the “Archimedes” method in iso-propanol.

3. Results and discussion
3.1. Phase composition

Phases observed in addition to the perovskite phase in
calcined powders and sintered ceramics are given in
Table 2.

3.1.1. LaCoOj3;

The phase compositions of near stoichiometric and
non-stoichiometric LaCoO; powders were in accord
with the equilibrium phase diagram of the La—Co-O
system.!? Co30, and La(OH); were observed in,
respectively, Co-excess and Co-deficient powders. Due
to the high reactivity with moisture La(OH); was prob-
ably formed from La,O; during cooling or at ambient
temperature. La,O3 in Co-deficient LaCoQOj sintered at
1350°C is also clearly evident as lighter grains in Fig. la.

At Co-deficiency the phase composition during sinter-
ing was observed to change due to the redox-reaction:

1/2 La,0s3(s) +3 LaCoOs(s)

= La4Co0301(s) + 1/4 O,(g) (1)

Table 2

At 1450°C close to one third of the Co-deficient sample
consists of rod-shaped grains of La,Co30;g as shown in
Fig. 1b. However, equilibrium has not been reached and
minor amounts of La,05 are still present even after 2 h at
1450°C. 10 mol% Co-deficiency corresponds to 34 vol%
La;Co50;o which is in good agreement with the obser-
vation. The coexistence of LasCo30;y and LaCoOs in
air at 1450°C is in agreement with an extrapolation of
the phase diagram reported by Petrov et al.!3 and Sep-
pénen et al.'?

In Co-excess LaCoOj;, Co304 was observed to
decompose to CoO during sintering above 900°C in
accordance with the Co~O phase diagram.!” CoO was
observed to oxidize in the powders during cooling to
room temperature, but oxidation during cooling did not
take place in dense LaCoQO5 ceramics.

3.1.2. 20%Sr

The phase composition of the calcined near stoichio-
metric and Co-deficient 20% Sr powders are also included
in Table 2. The near stoichiometric powders contained
only the perovskite phase according to the XRD analysis.
At Co-deficiency minor amounts of (La,Sr),CoO,4 was
observed in addition to the perovskite. The chemical
composition of the K,NiF, type phase was (Lag ¢Srg.4)>
Co0y, according to the EDS analysis of sintered bodies.
Hence, the Sr content in the LaCoO5 phase is probably
lower than 20 mol%. Pure La,CoQ, is not stable in
air,'? but the substitution of La by Sr probably results in
replacement of Co(Il) by Co(IlI), and the K,NiF,-type
phase is therefore stabilized in air. The phase composition

Phases observed in addition to the main perovskite phase in the calcined powders and sintered samples

Sample composition ~ Phases observed®®

Calcined powder 1200°C 1350°C 1400°C 1450°C
900-1000°C
EDTA-samples
Stoichiometric
LaCoO; (none) (Lay03, La—Si-0) (La,03, La-Si-0) - -
20%Sr (none) (Sr-s) (Sr=S) - -
20%Ca (none) (Co0O) (Co0) - -
Co-deficient
LaCoO3 La(OH)3 La203 La203 - La4CO3010, La203
20%Sr (La,Sr)>,Co0O4 (La,Sr),CoOy4 (La,Sr),Co04 - (La,Sr),Co0Oy4
20%Ca (Ca3Co0,0¢) CaO (La,Ca),Co0Oy4 (La,Ca),CoO0y, ‘lig. Ca—Co-O*  —
Co-excess
LaCoO; Co0304 Co0, La-Si-0O CoO, La-Si-0O - -
G/N-samples
Stoichiometric
LaCoO; (none) (Co0, La—Si-0) (CoO, La—Si-0) - -
20%Sr (none) (CoO) (CoO) - -
20%Ca (Co304) (CoO) (CoO, ‘lig. Ca—Co-0") - -

4 Minor secondary phases are given in brackets.
b Phases written in italics are identified by EDS, and others are identified by XRD.



188 K. Kleveland et al. | Journal of the European Ceramic Society 20 (2000) 185-193

(@)

(b)

(c)

(d)

Fig. 1. SEM images of polished surfaces or fracture surface of Co-deficient samples sintered for 2 h. (a) LaCoO; at 1350°C, (b) LaCoOs at 1450°C,

(c) 20%Ca at 1350°C and (d) 20%Ca at 1400°C.

of Co-deficient 20%Sr (Table 2) is not significantly
altered during sintering of the calcined powders. CoO
was observed in sintered 20%Sr G/N-samples indicating
that this material is Co-excess relative to the perovskite
stoichiometry.

3.1.3. 20%Ca

The Co-deficient 20%Ca powder contained the phase
Ca3Co0,0g in addition to the perovskite after calcination
(Table 2). The Ca-content in the perovskite phase is
lower than 20 mol% according to the chemical analysis
and the presence of Ca3;Co,0O¢. The phase composition
of Co-deficient 20%Ca was observed to change with
increasing sintering temperature. After sintering at

1200°C, CaO with some solid solution of CoO was
observed in addition to the major perovskite phase. This
is probably due to the phase equilibrium:

yCa;C0,04(s) + LaCoOs(s) = yCaO(s)
(2
+ LaCayyCoy42yO345¢(s)

Only Co(IIl) is assumed in perovskite, and the initial
content of Ca in LaCoOs; and solid solution of CoO in
CaO'® are neglected here. The driving force of reaction
(Eq. 2) is probably the decomposition of Ca3;Co0,0s,
reported at 1026°C in air.'® A new phase with composi-
tion (Lag ¢Cag 4),CoQy4 (Table 2) with unknown structure
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was observed after sintering at 1350°C, shown in Fig.
1(c). The observed XRD pattern cannot be interpreted
to any known phase. However, the chemical composi-
tion found by EDS indicates that the phase is of K,NiF,
type. The chemical reaction taking place during heating
to 1350°C is proposed to be

CaO(s) + LaCoOs;(s) = LaCaCoOq(s) 3)

Here, the solid solution of CoO in CaO and the Ca-
content in LaCoO; are neglected. The change in the
phase composition is probably due to a reduction of the
mean valance state of Co with increasing temperature,
which is neglected in reaction (Eq. 3).

A liquid phase has probably been formed in Co-defi-
cient 20%Ca during sintering at 1400°C as shown in
Fig. 1(d). The only relevant stable liquid reported in the
literature is the eutectic at 1350°C and 65 mol% CoO in
the pseudo binary phase diagram CaO-CoO.'"® A melt
with approximate composition Cog ¢5;Cag 350 is there-
fore proposed formed by a reaction between the per-
ovskite and the K,NiF,-type phase. This is a reasonable
explanation of the observed liquid phase in the sintered
Co-deficient 20%Ca sample at 1400°C [see Fig. 1(d)].

In the Co-excess 20%Ca G/N-sample CoO was
observed at 1200°C (see Table 2) and a liquid phase was
observed after sintering at 1350°C. The precursor for
the liquid phase is probably CoO(ss), which melts
incongruently at a temperature near 1350°C depending
on the Ca content.'® The formation of a melt with
approximate composition Cog¢5Cag350'® would result
in evolution of oxygen gas due to the reduction of the
valance state of cobalt. This may explain the formation
of the large pores observed after sintering at 1350°C.
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Impurities of sulfur and silicon were observed in some
of the sintered samples (Table 2). Sulfur originates from
the EDTA used in the preparation of the powders. Sili-
con was mostly observed in pure LaCoOj3 and in larger
amounts in the Co-excess composition.

The composition of the silicon containing phase mea-
sured by EDS was Laj ;Si» 4Co; O,, but the observed
XRD pattern could not be interpreted to any known
phase. The silicon is most probably pollution from the
mullite-tube in the furnace used during calcination of
the powders. A reducing atmosphere may occur during
calcination due to residual carbon from the synthesis,
and this will result in formation of SiO(g) which may
react with the perovskite powders.

3.2. Densification behaviour

Linear shrinkage and differential linear shrinkage
during sintering at a constant heating rate of the three
near stoichiometric G/N-samples are shown in Fig. 2.
The densities after sintering were 79.4, 99.7 and 89.5%
for LaCoO3, 20%Sr and 20%Ca, respectively. LaCoO;
sinters in a broader temperature interval than the Ca/Sr-
substituted LaCo0O3. LaCoO; has only a single broad
shrinkage event, while two sintering mechanisms are
evident for the two other compositions (Fig. 2). The
event observed at about 900°C for 20%Sr might be due
to a solid state phase transition, while the second event
observed at 1300-1350°C for 20%Ca is probably due to
formation of the liquid CoO-CaO phase leading to
liquid phase sintering.

The densification of LaCoOs3 based ceramics is shifted
to lower temperatures when LaCoQOs is substituted by
Sr or Ca. It is unlikely that diffusion of oxygen is rate
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Fig. 2. (a) Linear shrinkage and (b) differential linear shrinkage during sintering of near stoichiometric G/N-powders; LaCoO3, 20%Ca and 20%Sr.

The heating rate is 120 K/h.
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limiting during sintering since the materials are oxygen
conductors even though the oxygen vacancy concentra-
tion increases with Ca/Sr-substitution. It is more prob-
able that diffusion of the large A-cations are rate
determining. By substitution of Sr and Ca the symmetry
changes from hexagonal towards a more cubic structure

7.5
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Fig. 3. Density after 2 h sintering at different temperatures for near
stoichiometric (filled symbols), Co-deficient (open symbols) and Co-
excess (crossed symbols) LaCoOs, 20%Ca and 20%Sr. The powders
were prepared by the EDTA-method. Crystallographic density is
indicated by broken lines (LaCoOs3>20%Sr>20%Ca). Crystal-
lographic density was calculated from the hexagonal unit cell para-
meters a and ¢ (A) (LaCoOs3: 5.444 and 13.097, 20%Sr: 5.448 and
13.179 and 20%¢Ca: 5.432 and 13.101).

shown by the decreasing rhombohedral angle (Rhom-
bohedral angles obtained from the X-ray diffraction
patterns are 60.79°, 60.55° and 60.68° for LaCoOs;,
20%Sr and 20%Ca, respectively). One could speculate
that diffusion of cations increases with increasing sym-
metry since the average coordination number of the
A-cations is highest in the cubic perovskite structure.

The densification of the G/N-powders was further
investigated at isothermal conditions at 1050, 1200 and
1350°C based on the results in Fig. 2. Densification of
EDTA-powders was investigated in the temperature
interval 1200-1450°C. The density as a function of
temperature for near stoichiometric, Co-excess and Co-
deficient EDTA-samples is given in Fig. 3. The corre-
sponding density of G/N-samples is given in Fig. 4. The
crystallographic densities for stoichiometric samples,
indicated by broken lines, were calculated from lattice
parameters refined from XRD patterns of stoichio-
metric samples sintered at 1200°C.

Near 100% of theoretical density was obtained for near
stoichiometric LaCoOj after sintering at 1350°C (Fig. 3),
while lower densities are obtained for the non-stoichio-
metric samples. The theoretical density of the Co-deficient
material is lower due to the lower low crystallographic
density of the secondary phases La,O3; and LayCo301.
The evolution of O,(g) in Eq. (1) does not lead to
increased porosity, probably due to slow reaction or
due to enhanced grain boundary diffusion of oxygen. At
Co-excess a higher porosity is observed. The presence of
CoO inhibits sintering of the material. The melting point
for CoO is considerably higher than for LaCoQ3, and the
sintering temperature will be higher for the two-phase mix-
ture than for single phase LaCoOs;. The corresponding
explanation holds for Co-deficient LaCoO; at 1200°C
where La,Oj; is present. The LaCoO; G/N sample also
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- S7” 20%sr
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Fig. 4. Density after 2 h sintering at different temperatures for
LaCoOs;, 20%Ca and 20%Sr. The powders were prepared by the G/
N-method. Crystallographic densities are indicated by broken lines
(LaCo03)>20%Sr >20%Ca).
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Fig. 5. Fracture surface of 20%€Ca ceramic sintered at 1350°C for 2 h.
The powder used was prepared by the G/N-method.
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Fig. 6. Density after isothermal sintering for 2-96 h at 1200°C for
near stoichiometric LaCoOQ3, 20%Ca and 20%Sr. Powders were pre-
pared by the EDTA-method. Crystallographic densities are indicated
by broken lines (LaCoO3;>20%Sr > 20%Ca).

obtains a lower density than the near stoichiometric
EDTA-sample. This is either due to a small Co-excess
or larger initial particle size in the G/N-powder.

Both near stoichiometric and Co-deficient 20%Sr
obtain high density in the whole temperature interval
1200-1450°C as can be seen from Figs. 3 and 4. The G/
N-sample has slightly lower density, which is due to the
small Co-excess or larger initial particle size.

Near stoichiometric and Co-deficient 20%Ca samples
are nearly 100% dense after sintering at 1200°C, but the
density slightly decreases with increasing sintering tem-
perature (Fig. 3). The G/N-sample shows a more dis-
tinct trend (Fig. 4), and obtains a high porosity after
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Fig. 7. Average grain size after sintering for 2 h at 1200-1450°C for
near stoichiometric (filled symbols), Co-deficient (open symbols) and
Co-excess (crossed symbols) LaCoOj3, 20%Ca and 20%Sr. Powders
were prepared by the EDTA-method.

sintering at 1350°C as shown in Fig. 5. The difference in
porosity might be due to Co-excess indicated by the pre-
sence of Co30y in the calcined G/N powder. A reduction
of cobalt takes place during the formation of the CaO—
CoO eutectic melt and O,(g) is formed. The evolution of
the gas after pore closure might explain the high porosity
observed at 1350°C. Evolution of gas due to volatile con-
taminates cannot be excluded as an alternative explana-
tion of the high porosity.
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Fig. 8. Average grain size after isothermal sintering for 2-96 h at
1200°C for near stoichiometric LaCoOj3, 20%Sr and 20%Ca. The
powders were prepared by the EDTA-method.

Prolonged isothermal sintering at 1200°C for near
stoichiometric materials increase the density for
LaCoOj3 as shown in Fig. 6. 20%Sr and 20%Ca are
already dense after 2 h.

3.3. Microstructure

The average grain size for EDTA-samples after sin-
tering for 2 h in the temperature range 1200-1450°C is
presented in Fig. 7. A larger extent of grain growth
above 1200°C is observed in the substituted materials
compared to LaCoOs.

Smaller average grain size is observed in Co-excess
and Co-deficient LaCoO3; compared to near stoichio-
metric samples. The smaller grain size at non-stoichio-
metry is due to the presence of La,O3 or CoO acting as
grain growth inhibitors by pinning the grain boundaries.
At Co-excess micro cracking is observed, probably due
to differences in thermal expansion of the two phases
during cooling.

In 20%Sr samples the phase (La,Sr),CoQy, is pinning
the grain boundaries at Co deficiency, and therefore
smaller grains are observed at Co-deficiency compared
to the near stoichiometric samples (Fig. 7).

20%Ca shows the opposite behavior, and larger
extent of grain growth has occurred at Co-deficiency
compared to at near stoichiometry (Fig. 7). A change in
sintering temperature and stoichiometry also has a
stronger effect on the microstructure for 20%Ca than
for the other compositions. This difference can be
explained by the changes in phase composition during
heating. The abrupt increase in grain size between 1350
and 1400°C at Co-deficiency is due to the presence of
the liquid Ca,_,Co,O phase described earlier. The liquid
phase located at the grain boundaries can be seen in
Fig. 1(d). Presence of a liquid phase enhances the mass

Fig. 9. SEM image of a thermally etched polished section of near
stoichiometric LaCoOs sintered at 1200°C for 96 h. The powder was
prepared by the EDTA-method.

transport leading to exaggerated grain growth in this
case. The larger grains in the Co-deficient sample com-
pared to the near stoichiometric sample sintered at
1350°C might be due to the reaction taking place
between 1200 and 1350°C at Co-deficiency [Eq. (3)]
leading to formation of relatively large amounts of
(La,Ca),Co0Oy (Fig. 1c). This chemical reaction during
sintering explains the opposite trends observed between
Co-deficiency and near stoichiometry at 1350°C in Sr
and Ca substituted compositions.

The microstructure of near stoichiometric LaCoOs3
and 20%Sr is qualitatively equal for the G/N-samples
and EDTA-samples, however for 20%Ca at 1350°C the
G/N-sample has twice as large grains (20 pm) compared
to the near stoichiometric EDTA-sample. Additionally
large pores are formed as was shown in Fig. 5. As dis-
cussed earlier this might be due to evolution of gas
during the formation of a molten phase.

Fig. 8 shows how the grain size develops with time at
1200°C for near stoichiometric EDTA-samples. After
approximately 24 h the grain growth has ceased, and the
resulting grain size after 96 h is in the range 3-5 pm.
Pores are mainly located at the grain boundaries, (Fig.
9). A qualitatively similar microstructure was observed
for the three G/N samples sintered at 1200°C.

4. Conclusions

Substitution of La with Sr or Ca in LaCoO; decreases
the sintering temperature. Near 100% dense materials
are obtained for all compositions apart from the Co-
excess LaCoQO;, though at different temperatures. The
phase relations in the La—Co—O and Ca-Co-O systems
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make it important to control the cation stoichiometry in
order to avoid formation of secondary phases. In Ca
substituted samples a small deviation from stoichiometry
leads to formation of a liquid phase and exaggerated
grain growth at high temperature. Presence of secondary
phases may lead to cracking of the material and decline
the functional properties. Preparation of dense and
phase pure LaCoO; based ceramics is a demanding task,
and dense single phased materials with small grains are
obtained in a narrow temperature interval and a highly
controlled cation stoichiometry is required.
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Abstract

SrFe;xCox03.5 (x=0, 0.33) ceramics have been prepared in the temperature
interval 900-1350°C in air, nitrogen and oxygen atmosphere. The effect of cation
non-stoichiometry on densification behaviour, microstructure and phase
composition has been investigated. Densification of Sr-deficient SrFeOs.s
initiates at a lower temperature than near stoichiometric SrFeQO3 s probably due to
enhanced diffusion of Sr. However, for Sr-deficient samples Sr4FesO13 is formed
above ~775°C causing a significant decrease in the sintering rate. It is therefore
necessary to avoid Sr-deficiency in order to obtain dense SrFeQOs.5 ceramics. The
densification rate was significantly increased by Co-substitution. Dense ceramics
(>95% of theoretical density) of Sr-excess and Co-substituted SrFeOs.s were
obtained by sintering in the temperature region 1000-1200°C. The grain size
increases by increasing temperature, decreasing partial pressure of oxygen and
Co-substitution. Exaggerated grain growth in the Co-substituted material
occured at high temperatures. Sintering above 1200°C caused all materials, apart
from Co-substituted SrFeOs.; in oxygen, to swell and develop a porous
microstructure. The swelling mechanism was related to heterogenous phase
equilibria, which is reductive in nature and leads to evolution of oxygen gas. The
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phase equilibria are governed by the cation non-stoichiometry of the materials.
The present findings demonstrate the importance of controlling the cation
stoichiometry of ternary transition metal oxides in order to achieve ceramics with
the desired homogenous microstructure. The mixed valence state of the transition
metal may lead to both swelling during sintering and cracking during cooling
due to reduction/oxidation during heating/cooling.

I. Introduction

SrFe;.xCoxO3.5 ceramics are technologically interesting materials because of their
high electronic and ionic conductivity at high temperature.* Possible applications
are as oxygen sensors, batteries and electrodes in solid-oxide fuel cells. Of
particular interest is the application as oxygen permeable membranes, which
either can be used for oxygen production from air, or in the production of syngas
(CO+H,) by direct conversion of methane.> Oxygen permeable membranes
require that the ceramic is stable in a wide oxygen partial pressure gradient, and
mechanical properties (strength and creep rate) are important, especially if a
pressure gradient is applied in addition to the chemical gradient. The objective of
this study was to obtain dense SrFeOs.s based ceramics with the desired material
properties for an oxygen permeable membrane. The effect of cation (Sr/Fe)
stoichiometry, Co substitution and atmosphere on the sintering behaviour,
microstructure and phase composition is considered.

The densification behaviour of SrFe; «(Co,Cu)xOs.5 ceramics has previously been
studied by several groups. Densities higher than 96% have not been obtained,
and swelling at high temperature has been reported. Kokhanovski et al.® prepared
gas-tight ceramics of the composition SrFe;4CoxOss (x=0, 0.25, 0.5, 0.75)
where a maximum density of 96% was obtained for x=0.25 in the temperature
interval 1240-1300°C. The compositions x=0 and x=0.25 were found to swell at
high temperature prior to melting, and this was explained by extensive oxygen
evolution near the melting point. Some results on the density of SrCoj..
yFexCu,Os 5 ceramics have also been reported by Kharton et al." * They obtained
a density of 75-95% when x, y=0-0.5, and a density of 89-91% for x=0.25 and
y=0.15. The sintering temperature was reported to decrease when Co was
substituted with Cu.
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High oxygen permeability of these materials is caused by the high oxygen
deficiency at elevated temperatures.? The oxygen stoichiometry of SrFeOs.s has
been studied by several authors.>® For SrFeOs.; the oxygen non-stoichiometry
(8) can vary from 0 - 0.5 as the valence state of iron varies from Fe** to Fe**
from partial pressure of oxygen of several hundred bars down to 10 bar. The
crystal structure of SrFeOs.s changes with the oxygen non-stoichiometry and
varies from cubic, tetragonal, orthorombic perovskite to orthorombic
brownmillerite as & goes from 0 to 0.5.°> At high temperature a cubic phase is
stable for all 5.2 ° These transformations will have an impact on the mechanical
properties of dense membranes. SrCoOss has a wide range of oxygen
stoichiometry since the valence state of cobalt can vary from Co*" to Co®*
depending on oxygen partial pressure.” The structure corresponds either to a
cubic perovskite or an orthorombic brownmillerite. However, SrCoOs;s is
entropy stabilized and decomposes to the low temperature form, SrsCos0;5, and
Cos04, around 800-900°C depending on oxygen partial pressure.*"*
Substitution of Fe with Co in SrFeOs.; stabilizes the cubic perovskite structure at
low temperature. The oxygen stoichiometry of SrFe;.xCoxO3.s (x=0, 0.25, 0.5,
0.75) has been measured by Kokhanovski et al.® and they showed that at constant
temperature & increases with increasing Co content.

The phase equilibria in the Sr-Fe-O system in oxygen have been studied by Batti
et al.'® in the temperature interval 1000-1600°C. Ternary oxides in the system
were SrsFe;O7.5, SrFe;2019 and SrsFe0O2 in addition to SrFeOs.s, but the
stoichiometry of the Sr;Fe;q02 phase was later shown to be SrFegOys.™
_Sr4F_e61(7)13 has been shown to decompose to SrFeOs.s and SrFe;2019 below 775°C
in air.

I1. Experimental

SrFeOs.; powders with variable cation stoichiometry and SrFe;3C01/303.5
powders were prepared by spray pyrolysis from nitrate solutions (Norsk Hydro,
Research Centre, Porsgrunn) and spray drying (Mini Spray Dryer B-191, Biichi)
of a solution of nitrates and acetates. The concentration of the solutions was
approximately 0.5 M. The spray dried powders were slowly heated to 250°C,
kept there for 24 h and further heated to around 600°C where organic residues
were burnt off during 24 h. The powders were ball milled (SisNs-balls) for 24 h
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in iso-propanol. The milled powders were calcined at 750-800°C for 8-80 h in
flowing synthetic air and further ball milled for 24-48 h. Powder pellets (0.5 g)
were uniaxially pressed (double action) at 40 MPa. The relative green density
obtained was 40-45% of theoretical. The chemical composition of the spray
pyrolysed powders was confirmed by atomic absorption spectroscopy (+ 1 at%).
The chemical composition (+ 1 at%) of the spray dried powders was determined
by thermogravimetrical analysis of the chemicals used. The chemical
compositions of the powders are given in Table 1.

Table 1: Chemical composition, surface area and the corresponding estimated particle size
assuming spherical particles. The estimated accuracy of chemical composition is +1%.

Sample Preparation Chemical composition Surface Particle
method area diameter
[m?g] [wm]
SF-0.95 Spray drying Sro.05F€03.5 7.11 0.15
SF-1.00 Spray drying SrFeOs; 5.87 0.19
SF-1.05 Spray pyrolysis Sr1.05Fe03.5 5.33 0.21
SFC Spl’ay perlySiS Srl.OlFe0.63COO.37O3-5 681 016

X-ray powder diffraction (XRD) of powders and crushed sintered samples was
performed on a Siemens D5005 diffractometer (CuKa radiation and a secondary
monochromator) in the 26 range 10-90° with step 0.040° and step time 9.0 s.

The surface area of the powders was measured by nitrogen adsorption (ASAP
2000, Micromeritics) and was in the range 5.3 — 7.1 m“/g corresponding to a

particle size of ~ 0.2 um assuming spherical particles.

Uniaxially pressed pellets were sintered in air, nitrogen (Po,<10®atm) and
oxygen at 900-1350°C for 6 h. The samples were heated at 200 K/h up to the
maximum temperature and cooled down to room temperature at 50 K/h in air and
in oxygen, and at 200 K/h in nitrogen. The density of the sintered pellets was
measured by Archimedes” method in iso-propanol.

Dilatometry (Netch Dilatometer 420E) was performed on cold isostatically
pressed pellets (200 MPa). The green dimensions of the pellets were 9 mm
diameter and height 5 mm and the green density was 55% of theoretical.
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Dilatometry was performed in air and nitrogen at a heating and cooling rate of
120 K/h. Thermal expansion of the dense materials was measured in air and
nitrogen.

Fractured, polished and thermally etched cross-sections of the sintered pellets
were investigated by SEM (Zeiss DSM 940) and Energy Dispersive
Spectroscopy (EDS) (Noran Instruments, Tracor Series I1). The polished surfaces
were prepared by grinding with SiC-papers followed by polishing with diamond
particles down to 1 um. In order to reveal the grain boundaries, the polished
samples were thermally etched at 950°C for 10 min. An estimate for the grain
size was obtained by measuring the maximum 2-dimensional diameter of 20-50
grains on SEM images, and the mean values were reported as average grain size.

Thermal gravimetrical analysis was performed by a Perkin ElImer TGS-2 up to
700°C (accuracy +1°C, +0.2 ug) and a thermobalance in a tube furnace up to
1280°C (accuracy +1°C, +0.1 mg).

I11. Results and discussion

(1) Densification

Linear shrinkage during sintering in air at a constant heating rate of near
stoichiometric, Sr-excess and Sr-deficient SF is shown in Fig. 1. In this section,
the densification behaviour prior to swelling (evident in Fig. 1 by the decreasing
density with increasing temperature or time) will be discussed. The small
difference in average grain size for the different powder compositions were
assumed to play minor roles on the densification kinetics shown in Fig. 1. The
near stoichiometric composition SF-1.00 is slightly Sr-deficient (table 2) and the
densification of Sr-deficient (SF-0.95) and near stoichiometric (SF-1.00)
materials initiates at a significantly lower temperature (700°C) than the Sr-excess
material (750°C). SF-1.05 was also calcined at higher temperature (800°C) in
order to achieve the same particle size as the Sr-deficient compositions (calcined
at 750°C). The shift in initiation of the densification is more easily seen in Fig. 2
where the differential linear shrinkage with respect to temperature is shown. In
these materials, cation diffusion is expected to be rate limiting due to the
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extended anion deficiency. Thermogravimetry shows that SF-1.05 easily
oxidizes down to around 350°C, which demonstrates a high diffusion rate of
oxygen in the material. Diffusion of Sr or Fe must then be rate limiting, and the
possible densification mechanisms are grain boundary and bulk diffusion.'® Sr-
deficiency is expected to form Sr-vacancies in the perovskite structure, and this
will enhance diffusion of Sr. We therefore believe that the lower initiation
temperature for sintering in SF-0.95 and SF-1.00 is due to enhanced diffusion of
Sr because of Sr-deficiency in these materials. Based on ionic size of Sr (1.44 A)
and Fe (0.645 A)*® we would also expect diffusion of Sr to be rate limiting which
IS in agreement with the experimental data.

20 [rrrrprr T e
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Figure 1: Linear shrinkage of SF-0.95, SF-1.00 and SF-1.05 during sintering at constant

heating rate 120 K/h up to 1320°C and further at isothermal conditions at
1320°C. Note that the materials did not swell isotropically and the linear
swelling is not reflecting the true change in density during swelling.
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Figure 2: Differential linear shrinkage of SF-0.95, SF-1.00 and SF-1.05 in air. The
heating rate was 120 K/h.

The differential linear shrinkage of SF-1.05 demonstrates only one peak, which
indicates a single dominant sintering mechanism. Only the perovskite phase was
observed for this composition up to 1200°C (table 2). For the two other
compositions the densification rate is observed to decrease above 850°C before
the rate increases again above 1000-1050°C. Due to the Sr-deficiency of SF-1.00
and SF-0.95, Sr,Fes015™ is formed during heating above ~775°C. The presence
of Sr,FegO,3 was confirmed by XRD and/or SEM in sintered samples (table 2). It
is therefore reasonable that the densification rate for these two compositions are
suppressed. The effect of the secondary phase on sintering is reduced at high
temperatures where the sintering rate is observed to increase again (Fig. 2). The
formation of Sr4Fe¢O,3 is described by the solid state reaction

SrFe14x03.5 = X/2 SryFegO13 + (1-2X) SrFeOs.s 1)

For simplicity the perovskite is assumed to become stoichiometric, and the
reduction of the valence state of Fe due to the reaction is neglected. Sr;FegOq3
has been shown to be entropy stabilized and is only stable above 775 + 25°C in
accordance with the present observations.” At Sr-deficiency relative to
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stoichiometric SrFeOs.5, the single phase region becomes more narrow with
increasing temperature, and SrsFesO.; will appear at a given temperature
dependent on the overall composition of the perovskite and the kinetics of the
nucleation and growth of the new phase. SryFesO.3 will therefore appear at a
lower temperature and in a larger amount in SF-0.95 compared to SF-1.00. This
explains that SF-0.95 has the slowest sintering rate and that the first maximum in
sintering rate is reached at a lower temperature than SF-1.00.

Table 2: Secondary phases observed by XRD in samples sintered/heated in air and nitrogen.
Phases observed by SEM are given in brackets.

Temperature SF-0.95 SF-1.00 SF-1.05 SFC
[°C]
Air Air Air N, Air N,

750-800 none none none - none -
1000 none none - - - -
1100 [SrsFegO1345] none - none none [CoO]
1200 SryFesO13+5 none none none none [CoO]
1300 - [Sr4FeOs3+5] | SraFe,Or5 - [CoO (lig)] [CoO (lig)]
1320 SraFeg01345 [SrsFesO13:5] none - - -

The density of the three SF materials after isothermal sintering in air for 6 h in
the temperature range 1000-1300°C is presented in Fig. 3. The theoretical
density of these materials, which is not known accurately, is expected to depend
on both the cation stoichiometry and oxygen content, and we have therefore
given the absolute density. The only theoretical densities known in the literature
are the density of the compositions SrFeO,gq (5.46 g/cm®)®, SrFeO, 3 (5.38

g/cm3)5 and SrFeO,s, (4.99 g/cm®)? corresponding to crystals with ordered

anion vacancies. The density of the non-stoichimetric materials is expected to be
close to the density of the stoichiometric materials. The oxygen content of the
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dense SF-1.05 was determined by thermal gravimetrical analysis to be
SrFeo.950279 assuming that only three valent Fe was present in Ny(g) at high
temperature.

SF-1.05 obtained a high density (> 95%) already at 1000°C, while the two other
compositions were only partly densified at 1000°C. This is in agreement with the
densification rate obtained from Fig. 2. The density of SF-1.00 increases with the
sintering temperature up to 1200°C, while the density of SF-0.95 increases from
1000 to 1100°C. The densification of SF-1.00 and SF.0.95 is suppressed due to
the formation of SrsFesO13 as discussed above. We can therefore conclude that
Sr-excess is a necessary prerequisite in order to avoid formation of Sr;FesO13
and to obtain dense materials.
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Figure 3: Density of SF ceramics after sintering in air for 6 h at different temperatures.

Theoretical density of SrFeO, g5 is shown by the broken line.
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Substitution of Fe with Co increases the sintering rate as can be seen in Fig. 4,
where the differential linear shrinkage of SF-1.05 and SFC at constant heating
rate is shown. The densification is initiated in the same temperature region for
both materials, but the sintering rate is significantly higher with Co substitution.
When Fe is substituted by Co, it has been shown that the anion vacancy
concentration is increasing.® It is also known that the molar volume of the
perovskite unit cell is increasing with decreasing average valance state of the
transition metal (increasing oxygen vacancy concentration).! We propose that the
increased molar volume by Co substitution enhance diffusion of cations
(possibly due to change from cation vacancy to cation interstitial mechanism)
and thereby increasing the sintering rate.

0.20 5L B B
t — — -SF-1.05inN ) ""'"SFCinN2

[ ——— SF-1.05 in air —----SFC in air
0.15 .

0.10

0.05

0.00 fee2sE”

DIFFERENTIAL LINEAR SHRINKAGE [%/K]

700 800 900 1000 1100

TEMPERATURE[ °C]

Figure 4: Differential linear shrinkage of SF-1.05 and SFC in air and nitrogen. The
heating rate was 120 K/h.



11

The effect of the anion vacancy concentration on the densification properties of
SF-1.05 and SFC was further studied by sintering of the materials in nitrogen
where the anion vacancy concentration is significantly higher compared to in air.
The differential linear shrinkage in nitrogen is qualitatively the same as in air
(see Fig 4), but the sintering is initiated at a lower temperature and the sintering
event is more narrow. We therefore propose that the solid state sintering is
enhanced with increasing oxygen vacancy concentration due to a lower valence
state of the transition metal and thereby a higher molar volume of the unit cell.

The densities of SF-1.05 and SFC obtained after isothermal sintering for 6 h in
the temperature range 1000-1350°C in air, nitrogen and oxygen are given in Fig.
5. Note that the theoretical density of the materials is very dependent on the
oxygen partial pressure. The higher absolute densities obtained in pure oxygen,
relative to the density obtained in air, are mainly due to higher valence state of
the transition metal and thereby a higher theoretical density (the samples oxidize
during cooling, and the oxygen content depends on the partial pressure of
oxygen). The density of SrFeOygs (5.46 g/cm®)® and SroFe,0s (4.99 g/cm®)® are
the most appropriate theoretical densities in respectively air and nitrogen. The
crystallographic density at constant oxygen content is expected to increase
somewhat by Co-substitution. The relative densities of SF-1.05 and SFC
between 1000-1200°C are therefore > 95 % independent of the sintering
atmosphere.
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Figure 5: Density of SF-1.05 and SFC ceramics after sintering in nitrogen, air and
oxygen for 6 h at different temperatures. Theoretical densities of SrFeO, g5 and
SrFe0, 54 is shown by the broken lines.

The average grain size of the samples discussed in Fig. 5, is presented in Fig. 6.
The microstructure of the SFC sintered at 1000°C and 1100°C in air are shown
in Fig. 7. At 1000°C the microstructure is homogeneous, and the average grain
size is ~3 um. Sintering at 1100-1200°C leads to exaggerated grain growth, Fig.
7b. The microstructure is inhomogeneous with large grains up to 100 um and
small grains in the order of 5-10 um. Mean values are plotted in Fig. 6. Pores are
small relative to the grain size and they are distributed evenly inside the grains
and at the grain boundaries. The exaggerated grain growth is shifted towards
higher temperature (above 1100°C) in oxygen, where the largest grains are in the
order of 60 and 90 um at respectively 1200 and 1300°C. Exaggerated grain
growth is not observed in SFC sintered in nitrogen at 1000-1200°C. A secondary
solid phase rich in cobalt was observed in the SFC ceramics sintered at 1100°C
and 1200°C in nitrogen (table 2). Secondary phases have previously been
observed to act as grain growth inhibitors in perovskites?* and this might explain
the difference between the grain boundary mobility in nitrogen compared to in
air and oxygen where secondary phases could not be detected below 1300°C.
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Figure 6: Average grain size of SF-1.05 and SFC ceramics after sintering in nitrogen, air
and oxygen for 6 h at different temperatures.

The grain growth in SF-1.05 is less pronounced, and the average grain size of all
the SF-1.05 samples sintered between 900-1200°C is small (1-5 um) relative to
the grain size in SFC. The grain size seems to increase with decreasing oxygen
partial pressure. Generally, increased oxygen vacancy concentration, either as a
result of decreased oxygen partial pressure or by substitution of Fe by Co, seems
to increase the grain boundary mobility and the sintering rate in single phase
materials.



Figure 7: SEM image of a polished and thermally etched cross section of SFC sintered in
air for 6 h at a)1000°C and b)1100°C.

(2) Swelling

All the three SF materials were observed to swell considerably above 1200°C
(Fig. 1 and 5). The microstructure of the three materials after heating and
isothermal holding at 1320°C for 6 h in the dilatometer is shown in Fig. 8. All
three microstructures are porous, and density measurements by Archimedes’
method showed that the majority of the final porosity is open. The porosity has
probably transformed from closed to open when the total porosity has
approached large values (30-50%). Note the significant difference of the pore
size of SF-1.05 (5-10 um) relative to the two other materials with pores in the
order of 100 um (SF-0.95) and 20-60 um (SF-1.00).

Initially, we were afraid that the swelling was due to decomposition of small
amounts of SrCOj3; or SrSO, resulting in evolution of gas. We observed traces of
these impurities in the raw powders from spray pyrolysis and EDTA synthesis.
However, IR-spectroscopy of the materials below and above the temperature of
the swelling gave no evidence for IR-absorption due to carbonates or sulfates.
We therefore concluded that the swelling is indeed an intrinsic property of these
materials.
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Figure 8: SEM fractographs of a) SF-0.95 b) SF-1.00 and ¢) SF-1.05 after dilatometry at
1320°C in air.

Grain growth and pore coalescence will contribute to the observed swelling.
When two closed pores on neighboring grain boundaries intersect each other by
grain growth, they will form one larger pore with a larger volume at equilibrium
compared to the volume of the two initial pores at equilibrium. However, this
mechanism can only account for a few percent volume expansion® and it can not
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explain the amount of swelling observed here. This suggest that the swelling
observed in these systems will have to be explained by an additional mechanism.

The swelling of both SF-0.95 and SF-1.00 initiates at 1220°C as shown in Fig. 1.
The swelling is already terminated at about 1260°C or after 15 min. The
temperature of the swelling coincides with a peritectic point at 1243+10°C (in
O4(g)) reported by Batti et al.’®> where Sr,Fes013 decomposes to SrFeO;.5 and a
liquid phase. The swelling observed indicates gas evolution, and a tentative
reaction is:

SraFes013 = SroFe 05 + 2 SrFe;O3 (lig) + 02(9) )

The oxidation state of iron is assumed to be Fe** in the solid phases and Fe** in
the liquid phase. The Sr/Fe ratio in the liquid phase is based on the peritectic
composition reported by Batti et al."> Even small amounts of Sr,FeO3 will
produce a relatively large volume of oxygen gas relative to the sample volume.
The rapid expansion of these two materials is driven by the evolution of gas, and
the mass transport mechanism for the swelling is most probably viscous flow due
to the formation of the liquid phase. Thermal gravimetric analysis of SF-0.95
was performed during sintering in air in order to confirm the oxygen evolution in
Eq. 2. During 30 min at isothermal conditions at 1240°C a weight loss of about
0.13 wt% was observed. The two materials continue to sinter after the driving
force for swelling has diminished either because the gas evolution due to Eq. 2
has ceased or all the pores have been opened.

During cooling, SrsFeqOq3 will reappear when the melt solidify, which was
observed in SF-0.95 by XRD (Table 2). The Sr,FesO13 phase is also clearly
observed by microscopy in SF-0.95 (Fig. 8a) because the morphology of
Sr,FegOq3 is different from the main perovskite phase. The grains which are
elongated are mainly located at the grain boundaries of the perovskite. Also in
SF-1.00 small amounts of elongated grains are observed on the inner surface of
the pores (Fig. 8b), but the amount is not detectable by XRD. However, the
sintering and swelling behaviour demonstrate that Sr,FegOq5 is also formed in

this sample.

The nature of the swelling of SF-1.05 is different from the two other SF-
materials. SF-1.05 starts to swell slowly at about 1250°C and continues to swell
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at isothermal conditions at 1320°C for about 4 h. Only solid phases are present
below 1500°C when Sr/Fe > 1."° The mechanism of the swelling is therefore
different as inferred from the microstructure (Fig. 8c). We propose that the
swelling is related to the temperature dependence of the solid solubility of SrO in
SrFeOs;5. If the solid solution of SrO in SrFeOs;s becomes narrower with
increasing temperature, SrsFe,O;.5 will precipitate at some temperature during
heating. A tentative reaction is:

SryxFes05+5 = (l-X) SroFe,05 + X SraFe,Og + (8-X)/2 Oz(g) (3)

where the oxidation state of iron in the product phases is assumed to be Fe**. We
expect that this reaction also is reductive in nature with increasing temperature
implying that oxygen is evolved (6>x). This is the case if the excess SrO in
Sr,Fe,O5 stabilizes a higher oxidation state of iron (Fe‘“). Generally a basic
oxide as SrO will stabilize higher oxidation states of iron as shown by the
presence of Fe** in SrFeOs.s at lower temperatures. The microstructure of this
material is homogeneous with grains and pores in the order of 5-10 um (Fig. 8c).
The proposed secondary phase SrzFe,Og could not be detected by XRD or SEM
in the sample after dilatometry, but a secondary phase was observed by
microscopy in a sample sintered at 1300°C. The secondary phase is visible in
Fig. 9a as elongated grains in the pores. XRD on the corresponding sample
indicates that the phase is Sr;Fe,O.5 as expected from the phase diagram (Table

2).15 Thermal gravimetrical analysis during heat treatment in air was performed
in order to detect any weight loss due to oxygen evolution as proposed from Eq.
3. A 0.02 wt% weight loss was observed during 6 h at 1280°C. The density was
84% of theoretical but most of the porosity was still closed which might explain
the low weight loss. Unfortunately, we were not able to perform
thermogravimetry above 1280°C due to experimental limitations. We would
expect the weight loss to be more pronounced at higher temperature.

The reaction in Eq. 3 is expected to be slower than the peritectic decomposition
at Sr-deficiency (Eq. 2) because only solid phases are involved at Sr-excess. A
slow reaction might explain the slow swelling observed (Fig. 1). However, it is a
question why the oxygen produced in the reaction does not diffuse out of the
material instead of increasing the porosity, since anion diffusion is expected to
be faster than cation diffusion. The swelling due to Eq. 3 ceases after 3.5 h at
1350°C (Fig. 1). This is probably due to an increasing amount of open porosity
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and termination of Eq. 3. The material continues to slowly densify after the
swelling period.

A porous microstructure was also observed for the SF-1.05 sample sintered at
1300°C in air (Fig. 6). The microstructure was however less homogenous and
pores up to 30 um and and grains sized around 10 um was evident in the
majority of the sample (Fig. 9a). Regions with smaller pores in the range 3-5 um
were also present. It is important to note that the dilatometer sample was formed
by CIP, while the other was uniaxially pressed. In addition the heating rate was
120°C/h for the first and 200°C/h for the second. The evolution of the porosity of
SF-1.05 ceramics sintered at 1300°C was observed to depend on the oxygen
partial pressure as predicted from Eqg. 3 (Fig. 5).

Figure 9: SEM fractographs of a) SF-1.05 and b) SFC after sintering in air for 6 h at
1300°C.

Swelling above 1200°C was also observed for the Co-substituted material when
heated in air or nitrogen. However, materials with high density was obtained up
to 1350°C in oxygen. The microstructure of desintered SFC in both air and
nitrogen revealed the presence of a secondary phase at the grain boundaries as
shown in Fig. 9b. The morphology is typical for liquid phase sintered materials,
and the secondary phase was probably molten at the sintering temperature. The
molten phase is rich in Co according to EDS analysis. The phase relations in the
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Sr-Co-Fe-O system is not known to our knowledge. We propose that the
formation of the liquid phase is related to cation non-stoichiometry relative to the
ideal perovskite stoichiometry. Since the secondary phase is rich in Co, it is
likely to believe that the total composition is slightly Sr-deficient. The cobolt
rich liquid phase contains mainly divalent Co according to the Co-O phase
diagram.? The formation of CoO is therefore reductive in nature and oxygen gas
will be involved. The absence of swelling and secondary phases in pure oxygen,
and the presence of the Co-rich secondary phase above 1000°C in nitrogen (table
2) shows that the solid solubility of excess CoO in the perovskite is clearly
dependent on the partial pressure of oxygen.

The formation of the liquid phase enhances grain growth as shown in Fig. 6. SFC
sintered at 1300°C in air consists of grains in the order of 100 um and very large
pores, some with diameter larger than 300 um. A large share of the porosity is
open. The corresponding swelling and grain growth is also observed in SFC
sintered in nitrogen at 1300°C. The grains are about 30-40 um, and pores are up
to 100 um. A large share of the porosity is open also for this sample.

(3) Cracking

We observed that several of the samples that were prepared had developed
cracks during sintering or cooling. The cracks typically were initiated at the
surface and had propagated towards the center of the discs, parallel to the
cylindrical axis. This kind of cracking is probably not caused by pressing defects
during green body preparation because pressing defects are normally end-
capping, ring-capping or lamination. The cracking was most evident in oxygen,
and almost no cracking was observed after sintering in nitrogen. Microscopy of
the fracture surface revealed considerable etching of the grain boundaries. Mass
transport is initiated around 750°C according to the dilatometry (Fig. 1 and 2).
The cracks have therefore developed during cooling down to about 750°C.

We propose that cracking is due to oxidation of the perovskite during cooling.
The oxidation of Fe** to Fe*" leads to a significant contraction of the unit cell
(density of SrFeO,5 and SrFeO, s are respectively 4.99 and 5.46 g/cm®). In the
following we will use the term chemical contraction/expansion to describe the
effect of oxidation/reduction of the transition metal.
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Thermal expansion of SF-1.05 in air and in nitrogen is shown in Fig. 10. Below
600°C the thermal expansion coefficient is around 10-10° K. There is a large
increase in thermal expansion coefficient in air around 600°C, and a maximum
value of around 50-10°° K™ is reached around 800°C. This is due to the chemical
expansion described previously. In nitrogen the thermal expansion coefficient is
constant up to 750°C because the oxygen stoichiometry is constant (6=0.5)
during heating. There is a shift around 750°C due to the transition from the
orthorombic brownmillerite to the cubic perovskite.> The value is around 15-10°°
K™ below 750°C, and around 10-10° K™ above 750°C. The thermal expansion of
SFC is qualitatively the same as for SF-1.05. Kharton et al.* reported a thermal
expansion coefficient of 18-10° K™ for SrFep5C0050s.5 in the temperature
interval 300-750 K, and 33-10° K™ in the temperature interval 800-1100 K
which is in fairly good agreement with what we have observed.
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Figure 10: Thermal expansion coefficient of SF-1.05 in air and nitrogen. The heating rate
was 120 K/h.

The bulk diffusivity of oxygen in these perovskites is decreasing with decreasing
temperature. The decreasing temperature also gives a rise in the equilibrium
oxygen content (3 in SrFeOs.;s decreases). At a particular temperature during
cooling the diffusivity of oxygen is too low to maintain the equilibrium oxygen
content, and a chemical gradient in the oxygen vacancy concentration will build
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up. The surface will then be more oxidized relative to the bulk and tensile
stresses will appear at the surface. The cracking would therefore be less
pronounced at lower partial pressure of oxygen in accordance with the results
obtained in nitrogen. This would also imply that the specimen size will affect the
probability of cracking.

A simple calculation can be done on a model system of two parallel plates stuck
to each other. If one assumes Young’s modulus of 100 GPa and a
thermal/chemical expansion coefficient of 50-10° K™ at 800°C a temperature
difference of 10°C between the plates will cause a stress of 50 MPa. This is near
the strength of the material at this temperature, and cracks will form. Surface
defects will seriously decrease the strength of the material because cracks initiate
more easily on defects.

1VV. Conclusions

The sintering behaviour of SrFeOs;;s based ceramics is shown to be very
dependent on the Sr/Fe stoichiometry. The initiation temperature for sintering is
decreased by Sr-deficiency probably due to enhanced diffusion of Sr. However,

at Sr-deficency SrsFegO13 is formed at temperatures above ~775°C causing the
sintering rate to decrease. It is therefore necessary to avoid Sr-deficiency in order
to obtain dense SrFeOs.s ceramics. The densification rate of SrFeOass is
significantly increased by Co-substitution.

Exaggerated grain growth of Co-substituted SrFeOs.; occur at high temperatures
in air and oxygen. At intermediate temperatures the grain growth was inhibited
in nitrogen due to formation of a solid secondary phase. Generally in single
phase SrFe;.xCoxOs.5, the grain size increases by decreased oxygen partial
pressure and by Co-substitution.

Heating at higher temperatures resulted in significant swelling of the ceramics.
The expansion mechanism was related to heterogenous phase equilibria which
leads to the evolution of oxygen gas. The secondary phases involved in these
phase equilibria are determined by the cation stoichiometry of the materials. In
the case of Sr-deficiency molten secondary phases are formed and the materials
expands rapidly probably due to viscous flow.
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The present findings illustrate the importance of controlling the cation
stoichiometry of ternary transition metal oxides in order to achieve the desired
homogenous microstructure with grains in the range of microns.
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Abstract

Compressive creep performance of Sr-deficient and Sr-excess SrFeO;_s materials
has been investigated in the temperature range of 800-1000°C and in the stress
range of 2.5-25 MPa in air. The absolute density of the materials was 4.99 g/cm’
and 5.25 g/em’, respectively, which corresponds to a porosity of about 2 and 5%.
Both materials contained secondary phases due to the cation non-stoichiometry.
It was found that the creep rate is faster for the Sr-deficient material than the Sr-
excess material. The stress exponent is close to unity and the activation energy is
26030 kJ/mole for both materials. The results can be explained by a cation
diffusion mechanism. These results are discussed in relation to previous sintering
data and the possible application of these materials as oxygen permeable
membranes.



Introduction

Perovskite materials (ABOs), like SrFeOss based ceramics, are promising
materials for oxygen permeable membranes because of high electronic and ionic
conductivity at high temperature.! Such membranes can either be used for
oxygen production from air, or in the production of syngas (CO+H,) by direct
conversion of methane.” When a gradient in oxygen partial pressure is applied
across the membrane, oxygen will spontaneously flow from the high partial
pressure to the low partial pressure side. In order to increase the driving force, a
pressure gradient can also be applied in addition to the chemical gradient. A self
supported membrane, operating at high temperatures for long periods of time,
must have a high resistance to creep in order to be interesting for industrial
applications. An earlier study on sintering of SrFeO;;s based ceramics has
indicated high creep rates at high temperature (T>1200°C).” After densification
large expansion of the materials was observed. The expansion was due to
chemical equilibria producing oxygen gas building up a gas pressure inside the
pores. These observations were the motivation for investigating creep behavior
of SrFeOs_s5 based ceramics. Sr-deficient and a Sr-excess SrFeOs;.5 materials were
chosen for this study in order to relate the results to the observations in the
previous sintering experiments.

Few studies on creep behavior on related perovskites have been reported. Majkic
et al.® investigated the compressive creep behavior of SrCogsFep20s35 in the
temperature range 850-975°C and found that the creep mechanism was
dependent on both stress and temperature. In the low stress range they reported a
stress exponent of 1.1-1.3, while at higher stresses the exponents were higher
(2.2-2.9) and temperature dependent. The activation energy was 457 kJ/mole
below 925°C and 268 kJ/mole above 925°C. The difference in activation energy
was attributed to a shift between diffusion of A and B cations as the rate
controlling specie. An alternative explanation could be that the shift in
mechanism is related to phase transitions in the material similar to the
decomposition of SrCoO3;_s to Sr¢Cos0,5 and Co304 below 800-900°C.>®



Cook et al.” measured creep of (La;«Sry)1yMnO3.5 as a function of oxygen
partial pressure and Sr-concentration at 1250°C. They found that the material
deformed by grain boundary sliding and lattice diffusion. Depending on oxygen
partial pressure and Sr concentration either diffusion of oxygen ions or cations
was rate controlling for creep. Only for A-site deficiency and high oxygen partial
pressure did the oxygen vacancies control creep, otherwise the cations were rate
controlling.

Experimental
Materials

Two SrFeOs.s materials with two different Sr/Fe ratios were tested, a Sr-excess
material (Str/Fe=1.05) and a Sr-deficient material (St/Fe=0.95). In the following
the two compositions are referred to as SF-1.05 and SF-0.95, respectively.

The materials tested in this study were prepared by sintering of submicron
powders of SrFeOs.s. The powders were prepared by spray drying (Mini Spray
Dryer B-191, Biichi) of a solution of nitrates and acetates. The chemical
composition (+1 at%) of the powders was determined by thermogravimetrical
analysis of the chemicals used. The total cation concentration of the solutions
was approximately 0.5 M. The spray dried powders were slowly heated to
250°C, kept there for 24 h and further heated to around 600°C where organic
residues were burnt off during 24 h. The powders were further ball milled
(Si3Ny-balls) for 24 h in iso-propanol. The milled powders were calcined at 750-
800°C for 8 h in flowing synthetic air and further ball milled for 24 h. In order to
improve the flow properties the powders were sieved (150 um) before pressing.
The powders were single phase according to X-ray diffraction, consistent with
the considerable solid solubility reported for SrFeOs.s.

Cylinders (4 g) were first uniaxially pressed (double action) at ~10 MPa and
canned in latex membranes subjected to vacuum before they were cold
isostatically pressed at 200 MPa. The relative green density obtained was ~55%
of theoretical. The cylinders were sintered at 1100°C in air for 6 h (SF-1.05) or
24 h (SF-0.95) with a heating rate of 200 °C/h and a cooling rate of 50 °C/h.



X-ray powder diffraction (XRD) of powders and crushed sintered samples were
performed on a Siemens D5005 diffractometer (CuKa radiation) in the 20 range
20-90° with a 0.040° step and step time 6.0 s. Microstructural analysis was
performed using an optical microscope (Reichert-Jung, MeF3-metallograph)
coupled to a digital camera (Sony DKC-5000).

Prior to the creep measurements the specimens were adjusted by grinding the
end surfaces of the cylinders to obtain parallel ends. Specimen dimensions were
16 mm in length and 7.5 mm in diameter. A length/diameter ratio of around 2
was chosen as a compromise in order to minimize the likelihood of buckling and
barreling during creep tests.”

Mechanical testing

The setup for the compression creep tests is shown in Fig. 1. The load train
consisted of two fully dense high purity alumina push-rods attached to water
cooled grips in a servo-hydraulic test machine (Instron 1380). The cylindrical
test specimen was compressed between the free, axially-aligned, flat and parallel
ends of the alumina push-rods. The specimen and the alumina push-rods were
heated to the set point temperature with a short resistance-heated furnace (50 mm
vertical hot zone). Two thermocouples positioned close to the specimen
controlled the temperature to +3°C. A high temperature capacitive extensometer
(25 mm gage length) was used to measure the displacement of the push-rods to a
resolution of £0.2 um during static loading creep tests. Test temperatures were
800, 850, 900, and 1000°C, and static compressive stresses varied from 2.5 to 25
MPa. The stress was increased in steps of 2.5 or 5.0 MPa up to 20-25 MPa, or
until the strain reached 10%. At each step the specimens were kept at constant
stress for 25-40 h depending on the creep rate. The creep rate was calculated
from data points between 30 and 40 h (T<900°C) or between 15 to 25 h
(T=1000°C) for every stress level. True stresses and strains were used in
calculations because the strain exceeded 5% in several experiments, and then the
true and engineering strain/stress are no longer equivalent.
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Results

XRD analysis showed that the SF-0.95 material, as expected, contained
considerable amounts of the secondary phase SrsFecO;3 due to the Sr-deficiency.
The morphology of the secondary phase is plate-like grains as shown in Fig. 2a.
The SF-1.05 samples contained a smaller amount of secondary phase, which
could not be detected by XRD. However, optical microscopy revealed thin plates
of a secondary phase assumed to be Sr3Fe,O7 due to the Sr—excess9, Fig. 2b. The
densities of the cylinders, calculated from geometrical dimensions, were 5.25
g/cm3 (SF-1.05) and 4.99 g/cm3 (SF-0.95). The porosity calculated by computer
image analysis of optical microscope images was 2% for SF-1.05 and 5% for SF-
0.95. The apparent grain size estimated from Fig.2 was in the order of 5 um. We
could not observe any significant change in microstructure after the creep tests.

Figure 2: Optical microscope image of a) SF-1.05 and b) SF-0.95 before testing. The
darker areas are secondary phase and the black spots are pores.

Typical creep curves are shown in Fig. 3, where the engineering strain versus
time at 5-10 MPa is plotted for SF-1.05 at 900°C. During the initial loading the
specimen deforms faster than for the following steps. The minimum creep rate
was calculated from the linear region between 30 and 40 h. The power-law
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Norton-Baley-Arrhenius'® (NBA) model was used for calculating the stress
exponent and the activation energy:

Lo enpl L) 0

where A,y 1s a constant, G is stress, n is stress exponent, Q is activation energy, R
is the gas constant and T is absolute temperature. This model assumes that the
rate limiting mechanism for creep is independent of temperature.

Strain [10
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Figure 3: Engineering strain versus time for SF-1.05 at 900°C.
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Table 1: Minimum creep rate as a function of temperature and true stress.

Composition | Temperature n Stress Minimum creep rate
[°C] [MPa] [x 10" s
Sr; 0sFeO3 800 0.6 5.2 26
(SF-1.05) 10.0 36
15.0 50
19.9 56
900 1.2 5.1 185
7.5 256
9.9 354
12.2 456
14.6 582
17.0 727
19.2 875
1000 0.9 2.6 1150
3.6 1270
4.6 1670
5.6 1990
6.6 2470
SI'OA95FCO3 800 0.8 5.1 42
(SF-0.95) 10.2 76
15.2 89
20.1 112
24.8 150
850 1.3 5.0 77
7.5 118
9.9 160
12.3 213
14.7 264
17.0 334
19.3 409
900 1.4 5.2 359
7.6 515
9.9 756
12.1 983
14.2 1360
15.9 1710
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A summary of the minimum creep rate as a function of temperature and stress,
and the stress exponent for each temperature, is given in Table 1. The results
show that the SF-0.95 material creeps about twice as fast as the SF-1.05 material
at the same temperature. A log-log representation of minimum creep rate versus
stress is shown for SF-1.05 and SF-0.95 in Fig. 4. The linear fit gives the stress
exponent, n, in Eq. 1. The n-values are close to unity for all series. The activation
energy was calculated by multi-linear regression of Eq. 1. The calculated
activation energy is 255+15 kJ/mole for SF-1.05 and 266432 kJ/mole for SF-
0.95. (95% confidence interval).

Qsk.0.95 =266 kJ/mole

Qsk-1.05 =255 kJ/mole Stress (MPa)
2 4 6 8 10 30
-15 - - —— -
L n=0.9 = T
L A 714 i
— 16 | b ’ -
< r n=1.2 1
” L ]
B L il
T 17 F n=1.3 —
o C ]
@
g - -
5 L i
£ -18 1
5 L i
E | —A— SF-0.95-900 °C n=0.8
£ [ —©— SF-0.95-850 0C i
£ 19 | —8— SF-0.95-800 °C ]
£ - —@— SF-1.05-1000 °C n=0.6 .
[ —&— SF-1.05-900 °C ' ]
| —#— SF-1.05-800 OC i
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0.50 1.0 15 2.0 25 3.0
In(stress/MPa)
Figure 4: Log-log representation of minimum creep rate versus stress of SF-1.05 and SF-

0.95 in the temperature range 800-1000°C. The slope of the linear fit gives the
stress exponent, n.
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The temperature compensated creep rate (TCCR) is plotted as a function of
stress in Fig. 5. The TCCR was calculated by dividing both sides of Eq. 1 by the
exponential temperature term {exp(-Q/RT)}. The slope of the linear fit gives the
mean n-value for each composition over the whole temperature and stress range.
For SF-1.05 the n-value is 0.9+0.2, and for SF-0.95 the value is 1.1£0.3 (95%
confidence interval). The A,p-value was 1292 and 1487 for SF-1.05 and SF-0.95,
respectively.

Stress (MPa)

2 4 6 8 10 30
13.0 ; : —_——
SF-0.95
3 A=4187 .
12.0 | Q=266 kJ/mole N
[ n=1.1 A/éj/‘:' ]
110 | 3 N
o .
3 100 [ .
= L o ‘ i
£ Al
9.0 -_ -
_ SF-1.05
80 [ o« A=1292
a Q=255 kJ/mole
n=0.9
a3 T T T S B
0.5 1.0 15 2.0 25 3.0 35
In(stress/MPa)
Figure 5: Temperature compensated creep rate as a function of stress for SF-1.05 and SF-

0.95. The broken lines show the 95% confidence interval.
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Discussion

The amount of secondary phase in the materials can be calculated from the
overall cation stoichiometry. Assuming no solid solution of SrO or Fe,O; in
SrFeO;.5, the amount of secondary phase is around 13 vol% for both SF-0.95 and
SF-1.05. However, it is clear from Fig. 2 that the amount of secondary phase is
larger in SF-0.95 than in SF-1.05. The difference might be related to the phase
boundary for solid solution. Earlier experiments indicates that the solid solubility
region for SrFeO;_s is wider at the Sr-rich side than at the Sr-deficient side of the
phase diagram.3 Since Sr4FecO,3 and Sr3Fe,O7 have perovskite related structures,
intergrowth between the SrFeOs; and the secondary phase is probable. For
instance, intergrowth has been reported in the SrO-TiO, system between
different members of the Srp+1T1,03n+1 family.11 Intergrowth has also been
observed between SrsFeqO13 and SrFeO3.12 This effect might give an improper
image of the amounts of secondary phase through the optical microscope. The
secondary phases are also expected to affect the creep behavior of the material.
The complex microstructure of the materials makes it more difficult to interpret
the creep behavior, and single phase materials with varying grain size would
have been better for the determination of mechanism. It should be noted that the
materials were chosen for comparison with previous sintering studies.

The theoretical densities of the materials are unknown because of the secondary
phases, solid solution, and an unknown oxygen stoichiometry. The oxygen
content in both the primary and secondary phases is dependent on both
temperature and diffusion of oxygen, and thereby on the cooling rate. The
perovskite phase SrFeO, 73 has a density of 5.38 g/cm’, and the secondary phases
Sr3Fe,0g 75 and SrsFesO;3 have densities of 5.32 and 5.07 g/cm3 , respectively.
Assuming 13 vol% of secondary phase present in both compositions an estimate
for the density is 97.8% for SF-1.05 and 93.4% for SF-0.95. This is in fairly
good agreement with a porosity of 2% for SF-1.05 and 5% for SF-0.95
calculated by computer image analysis.

Sintering experiments show that the sintering rate for SF-0.95 is slower than for
SF-1.05, and based on these results the expected creep rate would also be slower
for SF-0.95 than for SF-1.05. However, the opposite is observed in Fig. 4. The
slower sintering rate of SF-0.95 is related to formation of the secondary phase
during sintering, but when a dense two-phase material is achieved the mass
transport is faster. The faster creep rate for SF-0.95 material is probably related



12

to the large amount of SrsFecO;3 in this material. The secondary phase has a
melting point ~350°C lower than the perovskite phase, and it is therefore
expected to have a higher creep rate compared to SrFeO; at the same
temperature. The Sr;Fe,O; phase melts less than 100°C below the perovskite,
and the effect of this phase is therefore expected to be less.’

During the initial loading of the creep tests the specimen deforms faster than for
the following steps, Fig. 3, which might reflect that the primary creep is larger
for the first increment than for the following. Another contribution to this effect
can be that the ends of the cylinder were not completely parallel before
measurement. This would make the loaded area smaller than the calculated area,
and thereby the applied stress larger than the calculated stress. As the specimen
creeps the loaded area will approach the calculated area, and the stress will be
true after some time depending on the deviation from parallelism and the creep
rate. This effect is stronger at lower temperatures since the creep rate is slower
which is also in agreement with this argument.

The major part of the creep is determined by the perovskite phase. The n values
calculated in Fig. 4 are close to 1 for all experiments, which indicates a diffusion
controlled creep mechanism. It is not possible to conclude whether the fastest
diffusion path of the slowest moving ion is through the lattice (Nabarro-Herring
mechanism'?) or through the grain boundaries (Coble mechanism'*). In order to
distinguish between the two mechanisms the grain size must be varied in order to
determine the grain size exponent. It is possible that the mechanism is a
combination between lattice and grain boundary diffusion. The activation energy
for diffusion of oxygen in SrFeOs.;5 has been measured to be 54 kJ/mole." It is
therefore unlikely that diffusion of oxygen is rate limiting for creep. It is
therefore concluded that diffusion of cations is controlling the creep rate.

A stress exponent close to unity is common for perovskite ceramics.'® However,
the reported activation energies are usually higher than what we have measured.
For instance, 720 kJ/mole has been reported for BaTi03.17 For SrCogFeo,03,
two different values are reported; 457 kJ/mole below 925°C and 268 kJ/mole
above 925°C. The lower value is close to what we have measured for SrFeOs.s.
We believe that the low activation energy for SrFeOss is related to the defect
chemistry of this material. The oxygen vacancy concentration is very dependent
on temperature, and the & value approaches 0.5 around 1400°C. The change in
oxygen stoichiometry versus temperature is especially large in the temperature
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range 600-900°C."® By increasing the oxygen non-stoichiometry (8) the molar
volume of the material increases. This leads to a temperature dependent molar
volume, and especially in the temperature range where these creep measurements
were done. An increased molar volume with increasing temperature enhances
diffusion of cations which is controlling the creep rate, and we propose that the
low activation energy is related to the chemical expansion due to the reduction of
the valence state of Fe.

From the results obtained here it is possible to estimate the deformation rate for a
membrane in a given pressure gradient and at a certain temperature. For a SF-
1.05 material at 900°C under 10 bar pressure the membrane will deform ~6% per
year, and at 100 bar pressure it will deform ~45% per year according to these
results. Decreasing the temperature to 800°C would have a strong effect on
reducing creep, and the estimated deformation per year is only ~0.4% at 10 bar
and ~3% at 100 bar.

In previous sintering experiments swelling was observed at high temperature for
both SF-0.95 and SF-1.05.? For the SF-0.95 material swelling started at ~1220°C
during heating and terminated after ~15 min. The fast swelling was related to
decomposition of SrsFesO;3; involving a liquid phase and evolution of oxygen
gas creating a gas pressure inside the pores. For SF-1.05 the swelling started at
~1250°C and continued slowly at isothermal conditions at 1320°C for ~4 h.
Here, swelling was also related to the secondary phase and evolution of oxygen
gas inside the pores. However, only solid phases were present in this material.
The expansion observed during sintering is in accordance with an extrapolated
creep rate at high temperature calculated from Fig. 4. A linear expansion of
~10% during 3 h was observed at 1320°C for SF-1.05. This would correspond to
a pore pressure of oxygen of ~20 bar which is realistic taking into account the
proposed phase equilibrium. For SF-0.95 the expansion was much faster due to
the formation of a liquid phase and thereby fast viscous flow, making the mass
transport much faster.
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Conclusion

Compressive creep performance of Sr-deficient (SF-0.95) and Sr-excess (SF-
1.05) SrFeOs.s was investigated in the temperature range 800-1000°C and stress
range 2.5-25 MPa. The creep rate for SF-0.95 is about twice as fast as for SF-
1.05 at the same temperature and stress. The high creep rate for SF-0.95 is
probably due to the large amount of SrsFesO;3 present in this composition. The
secondary phase is expected to have a higher creep rate than the perovskite phase
due to a lower melting point. The stress exponent for both compositions is close
to unity suggesting a diffusion controlled mechanism. The activation energy for
creep is 260230 kJ/mole for both materials. Creep is assumed to be controlled by
cation diffusion since the activation energy for diffusion of oxygen in SrFeOs.5 is
much lower than the measured activation energy.
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Abstract

The mechanical properties of phase pure LaCoOs and Lag sCag,CoO; have been
investigated in the temperature interval 25-800°C. Both compositions show a
non-elastic stress-strain behavior during 4-point bending experiments, and
during loading-unloading cycles hysteresis loops are observed. Residual strain is
stored in the material after loading, and a mechanism related to ferroelastic
domain switching in the rhombohedral perovskite is proposed. Fracture
toughness of LaysCa,Co0O3; measured by SENB and SEVNB methods coincide
and are equal to 2.2 MPa-m'"? at RT and decreases to around 1 MPa-m"? at 300-
800°C. A decrease in fracture toughness is consistent with a ferroelastic behavior
as the rhombohedral distortion decreases with increasing temperature.



l. Introduction

Monolithic ceramic materials are usually brittle and deform elastically under
stress. However, a particular type of ceramics, which shows non-elastic
behavior, has been termed ferroelastic by analogy with the stress-strain
relationship with the polarisation of ferroelectric materials in an electrical field
or the magnetization of ferromagnetic materials in magnetic fields." Such non-
elastic behavior has been related to domain switching under loading. Ferroelastic
behavior has been observed for several ceramic materials such as tetragonal
zirconia, zirconates and titanates.”* Spontaneous ferroelastic strain in
rhombohedral perovskites, such as LaAlOs, has previously been reported by
Miiller et al.® Rhombohedral perovskites should undergo a paraelastic to
ferroelastic transition when transforming from cubic to rhombohedral structures
during cooling.! Pure LaCoO; has a rhombohedral structure at room temperature
and has a significant distortion from cubic structure also at 1000°C.
Extrapolating the data for rhombohedral angle, LaCoOs remains rhombohedral
up to temperatures close to the melting point.®® At 50 mol% substitution of Sr
for La, the crystal structure becomes cubic.”'® At moderate substitution levels of
Ca or Sr (x = 0.2), the rhombohedral distortion is still significant at room
temperature. The rhombohedral to cubic phase transition is observed near 950°C
for the substituted materials."'

So far the mechanical properties of lanthanum transition metal oxide perovskites
have not received much attention, in spite of the fact that the application of this
type of materials in high temperature devices demands certain mechanical
properties such as mechanical strength and high creep resistance. Only a few
characteristics, such as bending strength and Young’s modulus can be found in
the literature for some selected perovskites.'>"® The reported data on the bending
strength are limited to LagoSro1GagsMgo20s5, Lags7sSre.12sMnOs4s  and
La7S193Cr1yCoy05.'"® In our recent work,"” selected mechanical properties of
LaCo0O;, LaggSry>Co0O; and LaggCag,CoO3; materials with some amount of
secondary phases were investigated. We have also observed a non-linear stress-
strain relation for these materials at room temperature. The motivation for this
work was therefore to further study the non-linear stress-strain behavior
observed and possibly relate this behavior to ferroelasticity. Furthermore we
wanted to determine the bending strength and fracture toughness of phase pure
LaCo0Os and Lag gCap,Co0Os.



I1. Experimental Procedure

Powders with the stoichiometry LaCoOs; and LagsCa2CoOs; were prepared
through a wet chemical route using metal nitrates and ethylendiamine tetra acetic
acid (EDTA) as a complexing agent. Stoichiometric amounts of metal nitrates
were dissolved in deionized destilled water and added EDTA. The complexation
took place at 80°C with a pH between 8 and 10. After drying and removal of
organic residue, the powders were ball milled with Si3Ny4 balls and calcined for
15 h at 950°C for LaCoO3 and 900°C for LaysCay,Co0Os. The cooling rate was
200 K/h. The powders were further ball milled and pressed into bars (6x10x55
mm”) at a uniaxial pressure of 30 MPa followed by cold isostatic pressing at 300
MPa. LaCoO3 were sintered at 1200°C for 24 h, and LagygCag,CoOs3 for 10 h or
65 h at the same temperature. The cooling rate was 25 K/h to 600°C followed by
100 K/h to room temperature.

The samples were characterized by powder x-ray diffraction (XRD) (Siemens
D5005 diffractometer with Cu Ka-radiation and a secondary monochromator)
and SEM (Zeiss DSM 940). Three types of ceramic surfaces were investigated:
Polished surface (0.25 um diamond), machined surface (ASTM C1161), Land the

same machined surface after annealing at 1100°C for 4 h. No secondary phases
were observed in the powders or sintered samples. The bulk density of the
ceramics was determined by Archimedes’ method using isopropanol. Some
characteristics of the samples are given in Table 1. The grain size for LaCoO;
was somewhat larger than for LaysCa,CoO3 and the porosity was significantly
higher for LaCoOj5 than for the Ca-substituted samples.

-1 Merknad [YG1]: Is this grain
size or surface quality???




Table 1: Sintering time, grain size, density and porosity of the samples used for mechanical

testing.
Sample Sintering time | Grain size Density Porosity
at 1200°C (um) (gem’)  |(%)
LaCoO; 24 h 4-6 6.75 7.4
Lao.gcao,2COO3 65 h* 3-5 6.62 1.6
Laoigcao_z(jOOg 10h 1-2 6.59 2.0

* Used for high-temperature strength measurements, SEVNB method and for XRD
measurements.

Stress-strain relationships and four-point bending strength (ASTM C1161) were
measured for both compositions at room temperature. In addition, the bending
strength of the Ca-substituted samples was measured at 600°C and 800°C.
Testing at room temperature was performed in 4-point flexure 40/20 mm span in
an Instron 1126 with Instron 880 control panel. The load cell was 5 kN.
Displacement was measured by displacement gauge of the Tesa type, placed in
contact with the specimen in the center of the span using the test fixture in Fig. 1.
The displacement gauge was fixed such that it measured the displacement
relative to the load points. Loading point and supports were free to roll, diameter
of these were 4.9 mm. Cycling was performed by subsequently loading and
unloading of the sample either up to the same maximum load or by increasing
the maximum load for each cycle. The cycling was performed automatically
using the control panel to avoid holding times at either zero or maximum load.
All measurements were performed in displacement control, with displacement of
crosshead controlled from the machine (no feed-back from the displacement
gauge). The crosshead rate was normally 0.5 mm/min however, measurements
were performed in the range 0.5 to 0.005 mm/min. All specimens were

nominally 3x4x45 mm’.



Displacement
gauge

Figure 1: Sample holder for measurement of deflection during 4-point bending
experiments.

Fracture toughness was determined by the Single Edge V-Notched Beam
(SEVNB) method.**** Rectangular bars (nominally 3x4x45 mm’) were
prenotched using a diamond blade followed by forming the V-notch by filling
the preliminary notch with a diamond paste (2-7 um grain size) and using a razor
blade (100-300 pum in thickness). The notch length and radius were measured
with an optical microscope and SEM. The fracture toughness measurements
were performed using a 4-point bending fixture (20/40 mm geometry) using the
bench "Ceramtest"?’ The crosshead speed was 0.5 mm/min. Normally two
samples were recorded for each temperature.



I11. Results and Discussion

Non-elastic behavior

Both the porous LaCoO; and the dense LajsCag,CoO; ceramics show a non-
elastic stress-strain behavior during the 4-point bending experiments as can be
seen in Fig. 2. Loading/unloading cycling to subsequently higher loads during 4-
point bending of LagsCaj,CoOs reveals reproducible hysteresis loops as shown
in Fig. 3a. The stress-strain hysteresis curves did not depend on the loading rate
within the range 0.5 to 0.005 mm/min; however, the width of the loop increases
with increasing maximum load as shown in Fig. 3a. Fig. 3a shows that some
residual strain is stored in the material after loading. Compared to the finite-
element calculations performed by Steinkopff™ the present results point to a
ferroelastic behavior caused by domain switching of this perovskite. The rigidity
of the setup was checked using a dense sintered SiC specimen and this sample
showed completely elastic behavior during loading/unloading.
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Figure 2: Stress strain relationship during 4-point bending of LaCoOs and Lag gCay,Co0s

at room temperature.



The characteristic for a ferroelastic material is an elastic hysteresis in stress-
strain relation and that a permanent strain is present in the materials after
unloading.'** Fig. 3a shows only a part of a elastic hysteresis loop for a
ferroelastic material. In order to study the complete elastic hysteresis loop caused
by ferroelasticity, the material has to be subjected to pure compressive stresses
followed by tensile stresses (or shear stress which allows easy reversion of the
direction of loading). For the present investigation, a 4-point bending set up was
used, hence the sample bar was both in tension and under compression on either
side of the bar. The part of the hysteresis curves in Fig. 3a obtained during
loading, will constitute a part of the complete elastic hysteresis loop for this
material. However, due to the low flexure strength of these samples caused by
large voids/pores we measured only the low stress part of the elastic hysteresis
loop before fracture. A saturation point is expected at higher stresses. This was
however, observed during loading/unloading at 600°C. At this temperature a
smaller deviation from cubic structure is reported,'’ and hence the energy of
domain switching is lower and the hysteresis loops are narrower.

The loading/unloading behavior was further studied by turning the sample bar
upside down in the sample holder after stress-strain cycling, Fig. 3b. The surface,
previously under compression, was now in tension and vice versa for the first
loading/unloading cycle. As seen in Fig. 3b, the strains generated on the
compressive side in the first cycle have to be overcome in the first cycle after the
turning and a permanent strain is observed after the end of the first cycling.
Consecutive cycles measured on the same side followed the same course as
before turning the sample bar. The slope of the stress-strain curve representing
the Young’s modulus is smaller for the first cycle after turning compared to the
following cycles, and the calculated Young’s modulus for the first and second
loop was 105 GPa and 115 GPa, respectively. It might be argued that the
permanent strain after the first cycle might be due to microcracking, but a higher
slope of the stress-strain curve for the second cycle is not consistent with such a
mechanism. We therefore conclude that the permanent strain observed is due to
ferroelasticity. Fett et al.”> have previously observed a non-linear and non-
symmetric stress distribution around the neutral axis in PZT ceramics during
beam bending and that the tensile strains are larger than the compressive strains
for the same stress level. Such behavior has also been modeled for ferroelastic
materials using finite-element method.” The data in Fig. 3b also infer that the
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stress-strain relationship is different under compression and in tension. A
possible explanation for the permanent strain observed is that the domain
reorientation in certain direction is facilitated under compression compared to
tension. However, our observation calls for further investigations in order to
completely understand the behavior.
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Figure 3: Cyclic 4-point bending test below the fracture stress of Lag sCag2,CoO; at room

temperature. a) Six cycles up to consequtively higher loads. Sample not taken
to fracture. b) A bar turned upside down after a previous test; hence the tensile
surface was in compression and vice versa during the first cycle. Four cycles
are shown.



XRD of ceramic surfaces with different mechanical and thermal history was
carried out in order to gain additional evidence for ferroelastic behavior and
domain switching. The (110) and (104) reflections of LaCoO; and
LagpgCap,Co0Os from calcined powders, polished, machined and machined
surface after annealing at 1100°C for 4 h are shown in Fig. 4. The intensity ratio
L110/T104 and full width at half maximum (FWHM) for all the diffractograms are
summarized in Table 2. The lattice parameters and the peak intensities observed
for LaCoO; powders are in good agreement with literature data.”'® The X-ray
patterns of the powders correspond to a random orientation of domains and
thereby reflect the true structure factors of the two peaks for both compositions.

The intensity ratio I;;¢/l104 for f[he ‘polished surfaces of the materials is nearly - | Merknad [YG2]: Sce

equal to the corresponding value obtained for the powders, only small texture comment YG2.

due to preferred orientation of domains appears on the polished surfaces. The
intensity ratio I;;¢/I;04 of the machined surfaces is however significantly higher
than that of the powders and polished surfaces (Table 2). The diffraction patterns
clearly demonstrate that the (104) reflection decreased substantially after the
mechanical treatment. The implication is that the stresses induced during
machining must be in excess of the coercive stress necessary for the reorientation
of the ferroelastic domains. The majority of the domains have therefore
reoriented in such a way that their (001) axes are nearly parallel to the surface.
As a result, the intensity of the (104) reflection decreases while the (110)
intensity remains unchanged within the uncertainty. Similar effects were also
observed for other reflections resulting in weakening of reflections with non-zero
I-indexes. Significant broadening of peaks was observed for the surfaces after
machining compared to polishing. The broadening is probably partly due to
residual stresses and strains introduced by machining. More careful studies are
necessary in order to understand the nature of the broadening of the XRD
reflections.

The diffraction patterns of the machined surfaces after annealing at 1100°C are
also shown in Fig. 4. The intensity ratio Ij;o/ljo4 of LaggCag,CoOs after the
thermal treatment resulted in a transformation back to nearly random orientation
of the domains. We therefore conclude that the ferroelastic to paraelastic
transition of LaggCag,Co00; occurs below 1100°C which is consistent with the
reported change from rhombohedral to cubic structure at approximately 950°C."!
The intensity ratio I;;0/I104 of LaCoOs did not change significantly due to the
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thermal treatment at 1100°C as shown in Fig. 4a. From crystallographic data,”®
the rhombohedral to cubic transition of pure LaCoOs is expected to occur far
above 1100°C which corresponds well with the present observation.

Machined surface
annealed at 1100°C
Machined surface
annealed at 1100°C
Machined
’;— surface Machined
< surface
2
g Polished Polished
= surface surface
Calcined Calcined
powder powder
MR I PR P Buree i B BN B B .
325 33.0 335 33.0 33.5 34.0
26 () 20 ()
(a) (b)
Figure 4: X-ray diffraction trace of a) LaCoO; and b) LaggCag,Co0; polycrystalline

ceramics and powders. The two reflections shown correspond to the (110) (left)
and (104) (right) reflections, respectivelyL

- Merknad [YG3]: Mark exact

peak positions (at least for the
lowest curve). Also, see next
comment.
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maximum of the (110) and (104) reflections of LaCoO; and LaysCay,CoO3; measured
by XRD.

14)? The text and Table two show
different reflections.

Sample LaC003 La, _gcao_2C003

T10y(104) FWHM T10yc104) FWHM

(110) [ (104) (110) [ (104)

Calcined powder 1.01 0.1288 | 0.1315 1.03 0.2242 | 0.2154

Polished surface 1.12 0.0843 | 0.0869 1.21 0.1048 | 0.0954

Machined surface 1.88 0.1135 ] 0.1691 4.39 0.1389 | 0.1961

Machined surface 1.83 0.0923 | 0.1150 0.93 0.1222 | 0.1333
after annealing at
1100°C

The microstructure of LaCoQO3 based materials was recently investigated in TEM
by Walmsley et al.? They found that the most prominent microstructural feature
of LaggCap,Co0O3; material is the presence of twinning on {012} pseudo cube
planes. On either side of twin boundaries the crystal has rhombohedral <001>
axes lying in different directions. The four variants have rhombohedral axes
lying parallel to the <l111> directions of the high temperature cubic cell. The
twin lamellas reflect the increasing rhombohedral distortion from cubic
symmetry during cooling after sintering. Similar twin domains have been
observed in other ferroelastic materials.'
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Bending strength and fracture toughness

Four point bending strength of LagsCag,CoO; was measured to be 111£18 MPa
at RT. The strength decreased with increasing temperature in accordance with
our previous results.'” The RT strength of LaCoOs was about 64+8 MPa. The
fracture origin was large voids or pores for all the samples, however, the size of
the voids was significantly larger for the LaCoOs samples and the porosity was
also higher. The theoretical strength of LaCoO3 and LagsCay2CoOs is expected
to be relatively equal, however, Lag3Cap,Co0O3 to some extent stronger due to
higher valance of Co. The low strength of LaCoOs is therefore reflecting the
higher level of porosity and larger fracture origin size. The fracture mode was
mostly transgranular for both compositions at room temperature, while mostly an
intergranular mode was observed for the LajgCag,CoO3; samples tested at
elevated temperatures. The change in fracture mode with temperature indicates a
weakening of the grain boundaries at elevated temperatures.

Fracture toughness of LaggCap,CoO3; measured by the SEVNB method as a
function of temperature is shown in Fig. 5. For comparison the fracture
toughness of LaCoO; (SEVNB) and Lay3Ca,Co0O; (SENB) measured at room
temperature is included in Fig. 5. Fracture toughness of LagsCay2CoQs3 is about
two times higher than the fracture toughness of pure LaCoOs; (2.2 and 1.3
MPa-m'?, consequently). Due to the relatively high fracture toughness of
Lay3Cap,Co0; at room temperature, we propose that a toughening caused by
domain reorientation is occurring as has also been reported for t'-ZrO,.>” The
decrease in fracture toughness with increasing temperature is consistent with the
decrease in rhombohedral angle for this material, however, the fracture
toughness shows a faster decrease with temperature than the rhombohedral
angle. The reason for the faster drop in fracture toughness needs further
investigations. The fracture toughness of pure LaCoO; is significantly smaller
than for LagsCap2Co0Os. The energy for domain switching is expected to be
higher for LaCoOs due to a larger deviation from cubic symmetry which should
increase the possibility for toughening.”'' The low fracture toughness for
LaCoO:s is therefore probably due to the high porosity in this sample.
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Figure 5: Fracture toughness of LaggCag,CoO; (v) measured by the SEVNB as a
function of temperature. The fracture toughness of LaCoO; (A) (SEVNB) and
LaggCag,Co0; (0) (SENB) measured at room temperature are shown.

IV. Conclusions

Both LaCoO; and LapgCayp,CoOs; show a non-elastic stress-strain behavior
during 4-point bending experiments, and hysteresis loops are formed during
cycling. Residual strain is stored in the material after loading, and a mechanism
related to ferroelastic domain switching in the rombohedral perovskite is
proposed. XRD shows that the intensity ratio between the (110) and (104)
reflections changes when the ceramic surface is machined. The implication is
that the stresses induced during machining must be in excess of the coercive
stress necessary for the reorientation of ferroelastic domains. The intensity ratio
Li10/1104 of LaggCag,Co0O; after the thermal treatment at 1100°C resulted in a
transformation back to nearly random orientation of the domains because of
crossing the ferroelastic to paraelastic transition. The bending strength for 98%
dense LagsCap,Co0Os is 111£18 MPa at RT and decreases with increasing
temperature. Large pores/defects are decisive for the strength. Fracture toughness
of LapsCap,Co0; measured by both the SENB and SEVNB methods at RT
coincide and are equal to 2.2 MPa-m"?. The fracture toughness measured by the
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SEVNB method decreased to around 1 MPa-m'” at temperatures above 300°C.
The decrease in fracture toughness is consistent with the proposed ferroelastic
domain switching mechanism.
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Abstract

Mechanical characteristics of LaCoOj3 based ceramics have been measured over the temperature range from room temperature
(RT) to 850°C. The bending strength is in the range of 53 MPa for 83% dense LaCoO3, 76 MPa for 90% dense Lag gSry,CoO3, and
150 MPa for 99% dense Lag gCay,CoO; ceramics at RT. The strength of LaCoOj3 and Lag gSrg,CoO3 was relatively independent of
temperature up to 850°C. The strength of the dense LajgCay,CoO5; material decreased linearly to 850°C, where the strength at
850°C is only about 50% of the strength at RT. The fracture mode of this material is changed from fully transgranular at RT to
mixed trans- and intergranular at 850°C. Hardness in the range of 7-9 GPa for 90% dense Laj gSrg,Co03 and 9-11 GPa for fully
dense Lag ¢Cag»CoO; ceramics have been observed. The fracture toughness is calculated to be 0.73+0.08 MPa m'/? for 90% dense
Lag gSry »Co03, and 0.98 =0.09 MPa m'/? for fully dense Lag sCag>CoQOj5 ceramics. Young’s modulus for dense Lag sCag-CoQO3 was
measured to be 112+ 3 GPa. © 1999 Published by Elsevier Science Ltd. All rights reserved.

Keywords: LaCoQOs; Hardness; Mechanical properties; Strength; Toughness

1. Introduction

In recent years there has been considerable interest in
perovskite oxides for application in solid oxide fuel cells
(SOFC), exhaust gas sensors in automobiles, mem-
branes for separation processes and as catalysts.!
Important requirements for the materials for the above
applications in addition to high electronic and/or ionic
conductivity are stability in the temperature range and
the environment of operation, as well as satisfactory
mechanical properties. LaCoO; based materials are
interesting for these applications due to their high elec-
tronic and ionic conductivity when La is substituted by
divalent cations. LaCoO3; has a perovskite-type struc-
ture with La on A-site and Co on B-site, and the oxygen
stoichiometry varies with O, pressure and temperature.
Substituting on the A-site of LaCoOj; with either Sr or
Ca increases the oxygen deficiency and hence increases
particularly the ionic conductivity. No first order tran-
sition of pure LaCoO; has been reported. The rhombo-
hedral distortion from cubic symmetry is linearly
decreasing with increasing temperature.> A second order

* Corresponding author. Tel.: +47-73-594002; fax: +47-73-590860.
E-mail address: mari-ann.einarsrud@chembio.ntnu.no
(M.-A. Einarsrud).

like transition related to a semiconductor to metallic “like”
transition is reported at 450-650 K.3 Sr-substituted
LaCoOj; becomes cubic at about 50 at% Sr.* The semi-
conductor to metallic transition temperature is decreas-
ing with increasing Sr content.* A similar effect of Ca-
substitution up to 20 at% has been reported by Sehlin et al.>

Other properties of LaCoO; based materials such as
oxygen non-stoichiometry, catalytic behavior, stability
and diffusion are also fairly well described.®® Com-
paratively little research has been carried out on the
mechanical properties of LaCoO; based ceramics.
However, for the industrial applications of LaCoOj;
based materials, i.e. as oxygen separating membranes
operating at 800-1000°C, knowledge of mechanical
properties is necessary. The aim of the present study
was therefore to prepare LaCoOs, LaggSry,CoO3 and
LaygCag-,CoO3 ceramics and to measure the mechan-
ical properties such as bending strength, hardness, frac-
ture toughness and Young’s modulus at RT and at
temperatures to 850°C.

2. Experimental procedure

Powders with expected stoichiometry LaCoOs;,
Lag ¢Srg,Co0O;5 and Laj gCag,CoO5 were prepared by a

0955-2219/99/$ - see front matter © 1999 Published by Elsevier Science Ltd. All rights reserved.
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Table 1

Chemical composition, density, porosity, average grain size and secondary phases present in the densified ceramics

Sample code Sample composition Density (g/cm?) Porosity® (%) Grain size (um) Secondary phases
L'dC003 L'd] _077C003 6.077 £0.02 16.6 2-3 L'dzO}
Lao,gCaU,2C003 LaU'922C30_221COO3 6.695+0.03 0.15 12 CaO-CoO
Lao_gST_QCOO3 La0_37gSr0_|99C003 6.274 +0.005 9.5 2-3 Laz_XSr,\.COO4

@ Calculated from the theoretical densities of the pure compounds without secondary phases.

wet chemical route using ethylenediamine tetra acetate
acid (EDTA) as a complexing agent. The cations were
provided from nitrate solutions and the gel formation
took place at 80°C in the solution with adjusted pH (10
for La and Co and 7 when Ca and Sr were present). The
concentration of the nitrate solutions used during
synthesis and the stoichiometry of the synthesized pow-
ders were measured by an Atom Scan 16 ICP-AES
Spectrometer (Thermo Jarrell Ash Corp.). After drying
and removal of organic residue at 600°C, the powders
were ball milled with Siz;N,4 balls and calcined at 850°C
(Lao_gcao'2C003) or 900°C (LaCoO3, Lao'gsr()QCOOg)
for 24 h in flowing air. After calcination, the powders
were further dry ball milled for 3 h and pressed into bars
(7x10x55 mm?) at uniaxial pressure of 30 MPa fol-
lowed by cold isostatic pressing at 300 MPa. The bars
were sintered at 1200°C for 3 h in a powder bed of
LaCoOs;. The heating and cooling rate was set to 300 K/h
and a dwell time of 2 h at 500°C during heating was
included in the sintering program. The real heating rate
might have been lower than the set value due to the
insulating effect of the powder bed.

The bulk density of the ceramics was measured by
the liquid immersion method using isopropanol. Powder
X-ray diffraction (XRD) of the powders and ground
ceramics was performed on a Siemens D5005 dif-
fractometer with Cu K,-radiation and a secondary
monochromator. Microstructure of the samples was
studied by SEM (Zeiss DSM 940). Grain size was mea-
sured from SEM micrographs of polished and thermally
etched surfaces. After polishing to 1 pm diamonds,
Vickers hardness was measured at loads up to 500 g
(Digital Micro Hardness tester MX T70, Matsuzawa).
Fracture toughness of LaggSrg,CoO; and LajgCag»-
CoO; was calculated after indentation tests at 300 g
force, when cracks appeared at the impression cor-
ners.'? Four-point bending strength of the machined
(Mil STD 1942B) specimens was determined at RT, 650
and 850°C using an inner span of 20 mm and an outer
span of 40 mm and a heating rate of 15-25 K/min.
Specimen dimensions were approximately 4x5.5x43
mm? and normally 4 to 5 bars were tested for each
composition and temperature. Young’s modulus was
determined at room temperature by measuring the
deflection of samples during 4-point bending tests

according to the ASTM 855-90 standard. All the mea-
surements were performed in air.

3. Results and discussion
3.1. Characterization of LaCoQj3 based ceramics

The chemical analysis of the calcined powders inclu-
ded in Table 1 showed a deviation in the stoichiometry
from the expected value due to an error introduced
during the standardization of the nitrate solutions. For
simplicity we will hereafter refer to the samples as
LaCo0O3, LaggSrg,Co05; and LaggCay,CoO;5 despite
the known non-stoichiometry. The grain size of all the
three powders was in the same range (0.2-0.5 um) after
calcination and all the three powders appeared single
phase by XRD. From XRD patterns, the Sr-substituted
sintered ceramics contained some La,_,Sr,CoQ, as sec-
ondary phase, the Ca-substituted ceramics contained
small amounts of CaO—CoO(ss) secondary phase while
La,O; was observed in LaCoO;. The density of the

—&—LaCoO,
—*—La Sr Co0,
—&—La C aDZCooa‘
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Fig. 1. Bending strength of LaCoOs3, LaggSrg,CoO5; and LajgCag -
CoO; ceramics as a function of temperature. The error bars shows the
maximum and minimum in strength obtained for each composition
and temperature.
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ceramics after sintering at 1200°C for 3 h as well as the
average grain size of materials are included in Table 1.

3.2. Strength

The bending strength of the three different materials
as a function of temperature is shown in Fig. 1. Dense
LaggCap,CoO3 has a bending strength of 150 MPa
whereas the more porous Lag gSrg,CoO3 and LaCoO;
have lower values of 76 and 53 MPa, respectively.
Balachandran et al.'' reported a flexural strength of
120.4+ 6.8 MPa for a sample with 7% porosity and
stoichiometry close to Lag,5SrggFeg¢Cog40,, which is
comparable to our strength data. For LaCoO; and
LaggSrg,CoO3 which are both quite porous, the
strength shows only a small decrease with increasing
temperature up to 850°C. However, a linear decrease in
bending strength to about 50% was observed for
LaygCap,CoO; when increasing the temperature to
850°C. The fracture surface of LaygCag-,CoO5 ceramics
shows a transgranular fracture mode at RT [Fig. 2(a)],

while at high temperature the character of the fracture
changes and both inter- and transgranular fracture exist
[Fig. 2(b) and (c¢)]. In the two porous samples (LaCoOj3
and Lag gSry,Co003), both inter- and transgranular frac-
ture modes were observed independent of temperature.
The observed decrease in strength for LaggCap,CoOs3
with increasing temperature is probably due to a reaction
between the perovskite and secondary CaO-CoO(ss)
(Table 2) during the reheating of the samples during
testing. LaggCag,CoO; and CaO are not co-existing
phases below 1026°C.%!3 The formation of a secondary
phase was observed on some parts of the fracture sur-
face after high temperature testing and this phase is
most probably Ca;Co0,04 which is a stable phase in the
CaO-CoO system in air.'? Interfacial segregation to the
grain boundaries might be another reason for the
observed decrease in strength and change in fracture
mode for Lag 3Cay-»CoQO5.'* Fracture origin in most of
the samples were large pores (voids) (20 to 200 pm)
located near the surface of the specimens or large grains
of secondary phases, i.e. CaO for Ca-substituted material

Fig. 2. Fracture surfaces of LaggCag,CoO; ceramics at (a) RT; (b) 600°C and (c) 850°C.
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(Fig. 3). The large pores were originating from the green
body preparation. A decrease in strength is also
observed for phase pure La based chromites heated
above 500°C by Mori et al.!> and Montross et al.'® The
knowledge of the noticeable decrease in strength at
temperatures interesting for applications is important,
i.e. for the design of membranes for oxygen separation.

3.3. Hardness and fracture toughness

The hardness as function of applied load for
Lag §Srg,Co0O3 and LaggCay,CoO;3 ceramics is shown
in Fig. 4. Some softening effect can be seen for the
hardness values at low loads for Lag gSrg,CoO3. How-
ever, due to high scattering of hardness data at low
load, it is difficult to obtain the exact number. It should
be noticed that the hardness value is dependent on the
porosity of the materials,!” and is equal to 7-9 GPa for
Lag gSrg,CoO3 with 10% porosity and 9-11 GPa for
dense Lag3Cay,Co0Os material. The first cracks after
indentation appeared at 300 g loading which is an
indirect indication of the very brittle nature of LaCoO;
based ceramics. The fracture toughness for LaggSrg»-
Co05 and LaggCag-,CoO5; was calculated from inden-

Table 2

tation measurement.'® A value of 0.73+0.08 MPa m'/?
was obtained for LaggSry,CoO3; and 0.98+£0.09 MPa
m'”? for LaygCag-CoO; which is in good agreement
with the fracture toughness of BaTiO5 of 1.0 MPa m!/2.!8
The typical Vickers impression of LaggSrg,CoO;
ceramics is shown in Fig. 5. As can be seen, the ratio
c¢/a>2.0, where c is the crack length and « is the inden-
tation half diagonal, suggesting that the type of cracks
after indentation is a median or a half-penny type.

3.4. Young’s modulus

The Young’s moduli of the tested specimens are
shown in Table 2 which also includes calculated
Young’s moduli of 100% dense samples assuming the
same relative E-modulus to porosity behavior of these
samples as CaTiO; ceramics previously reported in the
literature.!® This relative Young’s modulus to porosity
behavior fits well with a theoretical model published by
Boccaccini and Fan,?® where a porous material can be
treated as a special case of a two-phase composite with
the Young’s modulus of one phase (pore) is equal to
zero. The Young’s moduli of 100% dense samples
calculated using the model presented by Selcuk and

The measured E-modulus of the tested specimens at room temperature and the E-modulus calculated for 100% dense materials using the theory of

Boccacini and Fan'® and Seluk and Atkinson!”

Composition Measured Young’s Estimated Young’s modulus Estimated Young’s modulus
modulus (GPa) 100% density'® (Gpa) 100% density!” (GPa)

LaCoO; 47.8+7.8 78+3 83+3

Lag sCag ,CoOs5 111.5+2.8 11243 11243

La0'85r0.2C003 64.4+9.4 87+13 86+13

Fig. 3. Fracture origins of LaygCag,CoO; ceramics: (a) void and (b) CaO crystal.
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Atkinson?! assuming a Poisson’s ratio of 0.3 is also
given in Table 2. There is an excellent fit between the
two methods for calculating Young’s moduli for dense
samples. To our knowledge these are the first published
Young’s modulus data for LaCoOs-based ceramics.
However, Balachandran et al.!> have reported a
Young’s modulus of 124+3 GPa for a sample with

a) 10 4

H,, GPa
~

0 100 200 300 400 500 600
Load, g

b) 131

H,, GPa
>

0 100 200 300 400 500 600
Load, g

Fig. 4. Hardness of (a) LaggSrg,CoO; and (b) LajgCag,CoO;
ceramics as a function of load.

Fig. 5. Vickers impression on Lag gSry,CoOj3 ceramics.

stoichiometry close to Lag»SrygFeqCog40,. Cheng et
al.? have recently published the modulus of elasticity of
BaTiOj; as a function of temperature and structure. Our
data for the LaCoOs-based materials are in the same
range as the E-modulus for BaTiO;. However, it seems
that the calculated values for the porous materials are
somewhat underestimated. This underestimation might
be due to a non-linear stress—strain behavior observed
for these materials (Orlovskaya, Einarsrud, Gogotsi,
Gogotsi, Grande and Moe, unpublished results) and
hence the approximations used in the estimations are
not completely valid. The Ca-substituted sample shows
a higher Young’s modulus value than the other two
samples. Sr-doping of LaCoO; has been shown to
reduce the rhombohedral distortion with increasing
amount of Sr doping up to Lag 45Sry ssCoO5 for which
the structure becomes cubic.* For BaTiO; there is an
increase in Young’s modulus with increase in symmetry
of the crystal system interrupted by a decrease close to
the phase transition temperature.?> The explanation for
the increased Young’s modulus for especially the Ca-
substituted sample might therefore be a reduced distor-
tion of the crystal symmetry compared to LaCoOs;.
Also, an increase in Young’s modulus is expected with
increasing oxidation state of Co. Other factors like grain
size?® might also influence the Young’s moduli, how-
ever, in our study the grain size of the samples was quite
similar.

4. Conclusions

The bending strength is in the range of 53 MPa for
83% dense LaCoO5, 76 MPa for 90% dense Lag gSry 5.
Co00s3, and 151 MPa for fully dense LaggCap,CoOs3
ceramics. For LaCoO; and Lag gSrg,CoOs3, the strength
shows only a small decrease with increasing temperature
up to 850°C. The strength of the dense Lag gCay,Co005
ceramics linearly decreased to only approximately 50%
of the strength at RT. For Lag gCag,CoOj3 ceramics the
fracture mode changes from fully transgranular for
fracture at RT to mixed trans- and intergranular frac-
ture after high temperature testing. Vickers microhard-
ness is in the range of 7-9 GPa for 90% dense
LaggSrg»,Co0Os3;, and 9-11 GPa for fully dense
Lag 3Cay,CoOj3 ceramics. The fracture toughness is cal-
culated to be 0.73£0.08 MPa m!”?> for 90% dense
Lag §Srp»Co0Os5, and 0.98+0.09 MPa m!? for fully
dense LagygCag,CoO;5 ceramics. Young’s modulus for
dense Lag 3Cay-,CoO3 was measured to be 112+ 3 GPa.
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Abstract

Transmission Electron Microscopy has been conducted on rhombohedral
perovskite oxides with composition LaCoO,, LaygSr,,Co0,, and
La,gCa,,Co0;. Thin foils prepared within the first weeks of sintering showed
macroscopic strain and a very high defect density, which included fault-
related superlattice structures. Samples prepared several months after
sintering, showed no significant macroscopic strain and the main defect was
found to be domains due to reflection twinning in the pseudo-cube plane.
The behaviour is likely to be related to accomodation of spontaneous strain
arising upon cooling of the material from the sintering temperature. The
presence of twin domains illustrates the lowering of lattice symmetry as
compared to the ideal cubic perovskite structure, and is relevant for
explaining recent observations of ferroelastic behaviour of these materials.
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1. Introduction

Lanthanum cobaltites are ABO, perovskites in which a proportion of the A-
site La cations may commonly be substituted by divalent atoms like Sr or Ca.
Lanthanum cobaltites are of considerable industrial interest. They have high
electrical and ionic (O%) conductivities and are considered for use as cathode
materials in solid oxide fuel cells, oxygen permeable membranes and are
active catalysts for oxidation of CO. Physical properties of these materials
have been studied extensively [1-6]. Less attention has been paid to
characterisation of the microstructure and studies have focussed on epitaxial
films with a relatively high degree of substitution [7,8].

At room temperature the lanthanum cobaltites considered here belong to the
rhombohedral space group R3c . A tilting of the cobalt-oxygen octahedra
yields a slight distortion of the ideal cubic perovskite structure along one
body diagonal. Some structural data on these compounds can be found in the
literature [1,4]. An effect of Sr or Ca substitution is to reduce the
rhombohedral distortion. At room temperature (RT) the rhombohedral angle
for La, ,Sr,CoO, falls as x increases from zero, and the structure becomes
cubic for x = 0.5. Mineshige et al. [4] report lattice parameters of a = 5.38A
and o = 60.8° at RT for LaCoO,, changing to 5.40 A and 0=60.55° for a Sr
substitution level of 20 %. Detailed structural data on the Ca-substituted
system is not available in the literature. LaCoO, is rhombohedral up to at
least 1000°C [9,10], whereas studies by Orlovskaya et al. [11] indicate that
the transition to cubic symmetry is above 1100°C. The transition
temperatures for LaggCa,,Co0, and La,Sty,C00;are about 950°C and
900°C, respectively [10].

The initial objective of our study was to characterise the microstructure of

sintered non-substituted, Sr-substituted and Ca-substituted material in the -

Transmission Electron Microscope (TEM), with a focus on possible
segregation and cation ordering effects. However, we made rather unexpected
observations of highly defective microstructures, which are presented here
and discussed in the context of the basic crystallography of the material and
spontaneous strain arising from thermal stress introduced during cooling
from the sintering temperature. The observations are relevant to recent
observations of ferroelastic behaviour of similar materials [1 i
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2. Materials and methods

The powders were prepared by a wet chemical route using ethylenediamine
tetra acetate acid (EDTA) as a complexing agent, and calcined at 900-1000°C
for 8-72 h as described by Kleveland et al. [12]. The powders were ba]
milled before and after calcination. Material was sintered as cylindrical
pellets, ~8 mm in diameter and 5 mm deep, at 1200°C for 24 h, After
sintering the cooling rate was ~1000°C / h. One of the pellets was later
annealed at 900°C for 120 h with a subsequent cooling rate of 10 °C/h. Three
compositions were prepared, LaCoO,, La,, Sry,C00,, and Lay g Cay,CoO0,.

After sintering, the densities of the materials were 98.6 % (LaCoO;) and 98.8
% (substituted materials).

Because of the observations that have been made, the TEM sample
preparation procedure and séquence is described precisely. The pellets were
attached to a cylindrical steel mount and slices ~0.5 mm thick were cut using
a diamond-impregnated cutting wheel. The first slice cut was put to one side
and a second slice was cut which Wwas expected to be more representative of
the bulk material. One of the undoped pellets was damaged during initial
cutting and some cracks were introduced. 3 mm diameter discs were cut from
each slice using an ultrasonic disc cutter. Each slice was approximately 300
um thick. Up to four complete discs were obtained from each slice,
depending of the presence of pre-existing cracks. The discs were
mechanically ground to 100-200 Mm thickness using wet silicon carbide
paper of #1200 grade. Discs were “dimpled” on one side using a Gatan
model 656 Dimple Grinder and 4-8 Mm diamond paste to a central thickness
of ~35 um. Mechanically thinned discs were ion-beam-thinned using a
Gatan duo-mill operating at 3.5-4 kV and a thinning angle of ~11.5°, X-ray

diffraction (XRD) was performed with a Siemens D5005 diffractometer
using CuKo radiation and 2 secondary monochromator, in the 20 range of
20-65° with a step time of 9.0 seconds. TEM was performed with a Philips
CM30 microscope. Examination was conducted at a beam voltage of 300 kV.




3. Results

Powder XRD was done shortly after sintering and after crushing the sintered
pellets. The diffractograms were consistent with single-phase LaCoO; and
reported powder diffraction data, i.e. space group R3cand lattice
parameters as shown in Table I. Levels of secondary phase were sufficiently
low that no additional diffraction peaks were detected. SEM observations of
etched surfaces also suggested low levels of secondary phases, Fig. 1,
although secondary phases could have been etched away. Average grain sizes
were measured as 4.8 pm for the non-substituted material, 4.0 pm for the Sr-
substituted material and 2.9 pm for the Ca-substituted material.

Table 1: Summary of preparation and TEM observations

Material and measured  Prepared <1 month of Prepared >5 months

lattice parameters (RT) sintering. after sintering.
LaCoQO, Residual stress and No residuals stress.

a=5379 A, a=60.79° cracking of sample. No superlattice.
La, ;Ca, ,Co0; Deformation superlattice ~Low defect density.

a=5377 A, a=60.68° and high defect density.
Superlattice and defect Reflection twinning

e 5.%8 Efo(';c:%_sso structure stable w.r.t on {100}..
time.
LaCoO, Similar to above Similar to above
Annealed 900°C /120 h
LaCoO;, Not observed No residual stress.
Cracks introduced Limited deformation
<1 month after sintering superstructure in some

grains.

TEM samples prepared < 1 month after sintering revealed significant residual
stresses in the materials. These samples exhibited unexpected, highly
defective micro-structures and diffraction patterns revealed superlattice
reflections. TEM samples prepared 5 months later from the same materials
showed no evidence of residual stress, and exhibited microstructures one
might well have anticipated before starting the investigations. For clarity, we
will first describe the “well-behaved” microstructures of the unstrained
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Fig.2:  Bright-field TEM image showing twin domains in most grains. The foil was
prepared 5 months after sintering and exhbited "well-behaved” microstructures.

The R3¢ LaCoO, structure is commonly described on the basis of
rhombohedral axes, defining a primitive rhombohedral cell with a
rhombohedral angle o close to 60°, or equivalently on a hexagonal basis. In
addition, while interpreting TEM observations, it is convenient to describe
the structure as primitive pseudo-cubic. The angle between the pseudo-cube
<101> directions (exactly 60° in the cubic case) then corresponds to the a
angle in the rthombohedral description. In this way defects and diffraction
patterns can easily be visualised in relation to both the phase transformation
and the ideal, perovskite structure. Here we adapt to two indexing
conventions, the psendo-cubic (index c) and the hexagonal description of the
thombohedral cell using the Miller 3-index notation.

Twin domains were commonly observed in all three materials and they are
the most obvious features evident in Fig. 2. The twin habit planes are parallel
to the pseudo-cube {010}, planes. The twin domain boundaries are also
nearly parallel to {100}, but exhibit some curvature. This is illustrated
clearly in Fig. 3(a), where a grain is viewed along a direction near [001], and
two intersecting twin orientations are viewed edge-on. The orientation is
shown in the corresponding diffraction pattern, Fig. 3(b). Some twins have a
needle shaped morphology, with variable needle sharpness. The density of
twin boundaries is often higher around grain edges where the intersection
pattern of twin orientations can be quite complicated. Most of the twins
visible in Fig. 3 lie on (100) and (010), twinning may also occur on (001),
close to the plane of the foil.
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The crystallography of the twins is confirmed by closer examination of
diffraction patterns obtained with the selected area aperture positioned to
include material on either side of one or more boundaries, Fig 3(c). While
the (012) / (010), systematic row is common to both sides of the boundary, it
can be seen that positions of the (112) / (100), reflections are separated by a
small displacement along [012]. This is consistent with performing a
reflection operation in the (012) twin plane. The relationship between the
alignment of planes on either side of the twin plane and the diffraction
pattern is illustrated schematically in Fig. 3(d). The splitting of the (1 12)
reflections arising from the crystals below and above the twin boundary

reflects the lowering of Symmetry during the cubic to rhombohedral phase
transition. The measured angle between the (1 12) and (112), g-vectors (1.4%,
and the measured difference between the length of the (104) and (120) g-

vectors ( 2(gl-g2)/(gl+g2) = 1.2 % ) are both consistent with the XRD
observations (o = 60.79°, d,,=2.688 A, dy=2.719 A).
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Fig.3:  Details of reflection twin domains. (a) Bright-field image showing two sets of twin
orientations. (b) Selected-Area Diffraction (SAD) pattern from centre of a, with
horizontal twin boundaries. (c) Larger magnification of SAD pattern showing
coincidence of (0 1 2) and splitting of (1 1 2) reflections (d) Schematic drawing of
crystal orientation at reflection twin boundary, with indication of some major crystal
planes (dotted). The angular distortion from 90° is exaggerated in the drawing.
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Fig.4: Characteristic, but less frequently encountered planar defects, with contrast
characteristic of (a) stacking-fault and (b) anti-phase boundary.

Other planar faults were observed in a small proportion of the grains
examined in all three of the materials, These either had distinct {100} habit

planes or irregular habit planes. Both types of morphology are illustrated in
Fig. 4, having the morphological characteristics of stacking-faults and anti-
phase boundaries respectively. Most of the stacking faults formed closed
circuits and they often displayed a stepped morphology. Figure 4(a) shows a
grain that was found to contain several closed stacking fault circuits, viewed
close to a [001], zone axis direction. It can be seen that the faults lie on ( 100),
and (010),, that the corners at changes of orientation are sharp and that a fine
scale step structure is present at some positions. At least one section of
stacking fault is not closed

and must, therefore, be bounded by partial
dislocations. While the stackin

g faults were not analysed thoroughly, contrast

in images obtained under several diffraction conditions were consistent with
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earlier work where a displacement vector of 1/4 [011], was found in
Lay, s51,5C00; (cubic) grown from the vapour phase [8]. The boundary
crossing the grain in Fig. 4(b) is probably an anti-phase boundary, for which
the most obvious displacement vector to be proposed is 1/2 [111], , but again
no detailed analysis of the contrast was carried out. The density of perfect
lattice dislocations in the materials was very low and only a few isolated
examples of dislocations were observed.

3.2. Samples with “ill-behaved” microstructures-prepared few weeks after
sintering

All the TEM foils prepared within about one month of sintering showed
qualitatively similar thinning behaviour and microstructure. After
perforation, the thin region for each material condition showed evidence of
considerable residual strain. The thin central part of the sample deformed,
was no longer parallel to the original plane of the sample and tended to crack.
TEM analysis was made difficult by the fact that materials were found to be
quite friable, small cracks were present and electron transparent grains were
easily lost from the foil. The defect density of each material was found to be
extremely high, Fig. 5. Diffraction patterns from all three compositions
showed a superlattice structure. In the pattern of Fig. 5 the weaker
superlattice reflections correspond to a tripling of the (200), and (020),
pseudo-cube spacing of the thombohedral structure. The pattern corresponds
to the presence of two sets of domains, within the area defined by the
selected area aperture, superlattice reflections being present along the two
directions separately. The bright-field/dark-field image pair of Fig. 6 shows
planar defects lying within twin domains in a single grain. The high planar-
defect density produced streaking of reciprocal points and deliberate
alignment of the foil to chosen diffraction conditions was difficult.
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Figure 7 shows diffraction patterns obtained from major zone axes in non-
substituted LaCoO,, in both the “well-behaved” and “ill-behaved” states. In
the “well-behaved” state (Figs. 7(a-c)) all <100>, and all <1 10>, zone axes
are symmetrically equivalent, while [111], is the 3-fold axis and other <11 -3
zones axes are not equivalent to it. Diffraction patterns are indexed both in
pseudo cubic and hexagonal notations. In Fig. 7(b), we notice {111}
reflections that violate extinction rules for R3c. In the depicted zone axis
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the reflections can easily have arisen by double diffraction, e.g. {123} +
{012}. We have, however, also observed the {111} reflections under
systematic-row conditions, under which they cannot be explained by double
diffraction. The {123} reflections are a consequence of the rhombohedral
distortion, and cannot be indexed (using integers) on the primitive cubic
basis. The reflections disappear as the rhombohedral distortion approaches
zero. The diffraction patterns from the ill-behaved material (Figs. 7(d-e))
show a superstructure along (012) /(010),. The dominant superstructure
periodicity is a tripling of the (010), spacing. Weak reflections having a
different periodicity, i.e. a doubling of the (010) spacing, are also
superimposed in the pattern. The superposition of a strong tripling
superstructure and a weak doubling superstructure is a common situation
encountered in the "ill-behaved” materials. The angle between the (100) and
(010) g-vectors in Fig. 7(d) is very close to 90° (equal within a measurement
accuracy of = 0.1°), showing that the rhombohedral distortion is much
reduced in the ill-behaved materials with superstructures (the corresponding
angle in Fig. 7(a) is 89.3°). The presence in Fig. 7(e) of a systematic row of
weak reflections along [012] (including {123}), suggests that there is still a
slight rthombohedral distortion in the structure with the superlattice
reflections.

In one of the Sr-doped material foils, it proved possible to remove the high
general defect density and the superlattice reflections by focussing the
electron beam onto a single grain for several minutes. In the image of Fig.
8(a), the contrast of most of the grain shows a uniform density of defects with
approximately planar alignment and such a high density that individual faults
are difficult to distinguish individually. Figure 8(b) shows the [011]
diffraction pattern recorded from the central part of the grain. Figure 8(c)
shows the same grain after exposure to an intense electron beam. The
orientation of the foil is the same as that of Fig. 8(a). Here, the complicated
defect contrast of Fig. 8a has been replaced by mostly defect free clean
single-domain contrast. The contrast that is present is mostly due to bend
contours arising from bending of the foil due to low levels of strain. Several
irregular planar faults with curved interfaces are visible. These were not
analysed in detail but probably correspond to antiphase boundaries between
regions where defect-free islands nucleated independently during annealing.
The superlattice reflections have disappeared from the diffraction pattern,
Fig. 8(d), leaving a regular [001] diffraction pattern. The grain of Fig. 8 did
not have continuous contact with the rest of the sample and would probably
have been heated significantly by the electron beam. Other grains, in better
thermal contact with the bulk of the sample, retained the defect structure
under a focused beam and probably did not reach such a high temperature.
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This suggests that the change in the microstructure is due to localised heating
of the sample rather than radiation damage.

b d

Fig. 8: Material before (a,b) and after (c,d) beam heating experiment. (a) The bright-field
image shows high density of defects before heating. (b) The corresponding SAD
shows superstructure reflections (arrowed). (c) The bright-field image taken after i
beam heating shows that the high defect density has disappeared. No twin domains |
are present, but there is weak contrast from curved anti-phase like boundaries. (d) In ‘
the corresponding SAD pattern, superstructure reflections have disappeared _:!

There was one exception from the rule that “ill-behaved” microstructures
were always found in samples from the first preparation campaign, and
“well-behaved” microstructures in samples from the second campaign.
Superlattice reflections were observed in diffraction patterns obtained from a
single thin foil prepared from the very edge of the outer surface of an |
unannealed pellet of LaCoO,, Fig. 9. The pellet was cracked by rough |
handling during the first sample preparation campaign, i.e. less than 1 month
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after sintering. The foil was prepared from a small, irregular, fragment (~2.5
mm x 2 mm) of material that remained after the sample slice was cut. The
thin part of the foil was very close to the original crack and plastic
deformation, due to stress relief, could easily have occurred in this part of the
sample around the same time that thin foils showing a superlattice were
prepared. An important feature evident in Fig. 9 is that, while the superlattice
defect structure is present in most of the grain, some parts of the same grain
are defect-free single crystal. Some twin domains can also be seen. The
spherical feature at the centre of the field is either an inclusion of impurity or
a region of misoriented cobaltite. The inclusion appears to have acted as a
focus for strain in the material and the pattern of the deformation structure is
centred upon it.

Fig.9: Grain in pre-cracked material prepared after > 5 months. (a) Bright-field image
showing defect-free regions within grain, as well as regions with high defect
density. (b) Corresponding SAD pattern from two superimposed sets of domains
showing tripling superstructure along both <200>, directions.

As a result of the observation of a high defect density in the material, one of
the pellets of LaCoO, was annealed, Table I, and then prepared for TEM with
a fairly large perforation. One foil of LaCoO, was further ion-thinned to
enlarge the original perforation, to expose material where the sample showed
less significant levels of macroscopic strain. In these foils, superlattice
reflections were still present in diffraction patterns. The thin foils that
originally showed the superlattice and deformation microstructure were re-
examined at this stage (i.e. after five months) and were found to be
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We investigated the possibility that compositional inhomogeneity in the
material may be responsible for the contrasting observations made between
samples prepared shortly after sintering, and five months later. The samples
prepared after five months were taken from different postions in the pellets,
close to the surface and far from the surface, including equivalent positions to
the samples that showed residual stresses after the first sample preparation
campaign. A total of 7 TEM samples were prepared during the second
preparation campaign, and a total of 4 samples during the first campaign.
None of the foils prepared from the latter campaign showed residual stress
during thinning and no deformation superlattice reflections were present in
diffraction patterns. The microstructure in all foils from the second
preparation campaign was similar, i.e the defect content was low and the
microstructure was dominated by {001} twinning.

4. Discussion

It appears that the microstructure of these materials is dominated by the
influence of spontaneous strain introduced possibly by the cubic to
rhombohedral phase transition, and certainly by thermal stresses arising upon
cooling through the rhombohedral phase region (rhombohedral distortion
and anisotropy increase with deceasing temperature).

Within weeks of sintering, long-scale residual strain is released when the
material is thinned. This produced cracked TEM foils with significant
macroscopic deformation. A high defect density is observed in the material
and a deformation superlattice is observed. Once the deformation
microstructure is formed, it is stable with respect to time at room
temperature. Beam heating experiments showed that the metastable defect
structure can be annealed and that this involves nanometre scale reordering
of the structure but no reorientation of the basic crystal structure. Because the
Superstructures were observed in the non-substituted material, they cannot be
attributed to ordering of different cations on the A sites. The commonly
observed superstructure consisted in a tripling of the {100}, periodicity. A
different superstructure, with a doubling of the {100}, periodicity, could also
be observed. And in some diffraction patterns, a superposition of these
situations could be observed. Close inspection of the diffraction patterns (e.g.
Figs. 5, 7(a)) showed that the rotation of the axes due to the rhombohedral
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distortion of the lattice is reduced by the presence of the tripling (or
doubling) superlattice. Care must be taken in making such measurements
from highly faulted crystals because the intersection of the Ewald sphere
with streaked reciprocal lattice points can change the position of reflections
in the diffraction pattern. However, examination of several <100>,
diffraction patterns seems consistent with the conclusions drawn from
examination of Figs. 5 and 7.

Samples prepared 5 months or more after the pellets were fabricated did not
generally show the behaviour described above. The thinned region of the
sample remained flat, suggesting no residual strain remained in the material.
No superlattice reflections were generally observed in diffraction patterns.
For undeformed material, the main defects observed in the grains are {100}
twin domains. These twins reflect the reduction of symmetry during the
cubic to rhombohedral phase transition during cooling, and provide a
response in the material to spontaneous strain. Such strain can be produced
by the change of shape of the unit cell in the phase transition [14]. It can also
be produced by thermal stresses upon cooling through the rhombohedral
phase region, owing to the anisotropic coefficient of thermal expansion of the
rhombohedral phase. The geometry of the small number of stacking faults
that we observed is consistent with the pseudo cube plane being the habit
plane for defects in the thombohedral perovskite structure. The density of
perfect lattice dislocations is very low. Comparison of samples from
symmetrically equivalent positions from either end of the original LaCoO,
pellet, at different times, suggests that the variations observed in
microstructure do not depend on variations in composition through the pellet.

The residual strain, high defect density and superlattice observations reported
were unexpected. Wang and Zhang [7,8] reported a superlattice in cubic
LaysS1,;C0o0,; which produced a doubling of the periodicity in the {200}
planes. However, this was attributed to ordering of La and Sr cations in
tetragonal domains with sizes of 30-200 nm. The superlattice observed here
appears to be due to periodically spaced faults rather than being related to
composition modulations. The most widely observed superlattice structure
appears to be associated with periodic faults that combine to produce a defect
structure that gives a tetragonal distortion of the rhombohedral structure of
the material. The overall periodicity is three times that of the “ideal”
perovskite cell and may be produced by repeating three distinct short
displacement vectors in the faults. High resolution TEM imaging would be
needed to provide more detail about the displacement vector associated with
the faulting that produces the superlattice structures.
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For some phase transformations, structural relaxation can be slow. Salje [14]
discusses the example of the C/2m-C1 phase transition in Na-feldspar, where
the Al, Si ordering component of the phase transition may not be observable
on a laboratory time-scale below a temperature of 700K. For the materials
considered here, it seems important to consider the microscopic details of the
cubic-to-thombohedral phase transformation and the accommodation of the
variation in rhombohedral angle below the transition temperature, A full

emphasizing, however, that the observed microstructures are very similar for
all compositions, even though the structural transition occurs at different
temperatures for the different compositions. Our observations furthermore
suggest that the kinetics of thermal-strain accomodation proceed on a
laboratory timescale, i.e. within months,

Up to the present time, no heating stage experiments have been performed. It
would be useful to measure the temperature at which the defect structure was
annealed from the specimens and observe the transformation in a more

clearly modified by deformation during thinning. It would be desirable to
use a non-destructive method for characterising the microstructure that is
sensitive to defects present in the bulk material. The standard XRD

scale over which subsequent changes appear to have taken place,

Examination of similar material with differing post-sintering cooling rated
might be considered.

It is interesting to relate our microstructural observations to recent
observations of ferroelastic behaviour in Ca-substituted LaCoO,, as
witnessed by mechanical hysteresis and characteristic change in XRD
patterns after surface machining [11]. The generally suggested
micromechanism of ferroelastic behaviour is that of domain switching upon
applied stress that exceeds the material’s coercive stress [13]. The




18

mechanism is between the different variants of rhombohedral distortion.
Such a mechanism would involve a re-bending of Co-O-Co bonds and a
rotation of octahedra and would result in a stretching of the originally
compressed <111> direction and a compression of one of the previously
stretched <111> directions. The domains observed by TEM (e.g. Fig. 3) can
be considered as orientation variants corresponding to compression along
different <111>, axes. It appears that the domain switching proposed as an
underlying mechanism for the observed mechanical hysteresis [11], is not
simply that of switching domains like the ones seen in Fig. 3 into the
orientation of their neighbours. XRD after surface machining exhibits a
significant line broadening, which doesn’t disappear upon annealing, and
which is indicative of a decrease in domain size. It is yet unclear whether or
how the introduction of a fine domain structure upon mechanical loading is
related to our observed heavily deformed microstructures.

Understanding the differences in behaviour and defect content of different
TEM foils may also be relevant to industrial applications. Applications of
these materials, as described in the introduction, for permeable membranes or
as cathode materials, require stable physical and mechanical properties. For
example, the development of cracks in a thin permeable membrane during
use would be unacceptable. Particular attention should be given to
applications where the materials are thermally cycled, either within the
rhombohedral phase region or through the rhombohedral-to-cubic transition
temperature. An understanding of the microstructural mechanisms of
accomodation of spontaneous strain under such conditions will be important.

o s e T S U P S
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5. Conclusions

TEM observations from LaCoO,, Lay ¢St, ,C00,, and Lay4Ca,,Co0, revealed
microstructures that were strongly influenced by the time of thin foil
preparation. Thin foils prepared within the first weeks of sintering showed
macroscopic strain and a very high defect density, which included fault-
related superlattice structures, Samples prepared several months after
sintering, showed no significant macroscopic strain and the main defect was
found to be domain boundaries due to reflection twinning in the pseudo-cube

plane. The observations revealed no obvious composition-related
microstructural differences.

The pattern of behaviour is likely to be related to accomodation of
Spontaneous strain arising upon cooling of the material from the sintering

lattice Symmetry as compared to the ideal cubjc perovskite structure, and is

relevant for explaining recent observations of ferroelastic behaviour of these
materials.
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