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Abstract 

 

The effects of quench rate after solution heat treatment in combination with 1% pre-deformation 

on precipitation hardening in three Al-Mg-Si alloys have been investigated by transmission 

electron microscopy and hardness measurements during an isothermal heat treatment. The alloys 

contain different Cu amounts (up to 0.1 wt%) and the same amounts of other solute elements. 

While a Cu amount below 0.01wt% does not affect precipitation hardening, an addition of 

0.1wt% Cu increases hardness due to formation of a fine microstructure having a high number 

density of short precipitates. A double peak hardness evolution was observed during isothermal 

heat treatment. This effect was most pronounced for alloys with low quench rate, and less 

pronounced for alloys with 1% pre-deformation and 0.1wt% Cu addition. The low quench rate 

also led to wider precipitation free zones. This effect was also less pronounced by 1% pre-

deformation and addition of 0.1wt% Cu. 
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1. Introduction 

 

     The 6xxx series of Al alloys (i.e. Al-Mg-Si alloys) are predominant heat-treatable materials 

used in a wide range of industrial applications. A commercial interest in the 6xxx series has 

strongly been attracted on the basis of their characteristic properties: high strength-to-weight 

ratio, good formability and high corrosion resistance. Their main specific feature is a significant 

increase in hardness due to formation of a large number of nano-sized, (semi-)coherent, 

metastable precipitates during isothermal heat treatment, which yield interfacial strain into the Al 

matrix. The interfacial strain eventually makes dislocations shearing and/or looping on 

precipitates to prevent their movements (the latter is known as the Orowan mechanism [1]), 

depending on size and distribution of precipitates. Hence, mechanical properties of the alloys 

depend highly on the microstructure. The precipitates form in alloys with relatively low amounts 

of solute elements (typically up to a total of 2 wt% of Mg and Si) which become supersaturated 

in the Al lattice after solution heat treatment. Quenching (rapid cooling) from the solution heat 

treatment creates quenched-in vacancies which promote diffusion of solute elements into clusters 

and their growth into metastable precipitates during the following isothermal heat treatment.  

 

The precipitation sequence in the Al-Mg-Si alloys is as follows [2-10]:  

 

SSSS → atomic clusters → GP zones (pre-β”) → β”→ β’, U1 (Type-A), U2 (Type-B), B’ (Type-

C) → β, Si 

 

where SSSS stands for super saturated solid solution. The main hardening precipitates are the 

highly-coherent, needle-shaped GP zones and β” which form the finest microstructure at peak 

hardness. The post-β” phases are semi-coherent rods/laths and produce coarser precipitate 

microstructures with a lower strength contribution. All needles/rods/laths have their main growth 

direction along <001>Al. The precipitate microstructure and types are determined by alloy 

composition and thermo-mechanical treatment.  

 

     It was previously demonstrated [11] that a low Cu addition (~0.1 wt%) does not alter the 

precipitation sequence in the Al-Mg-Si alloy system, although this level of Cu leads to higher 

strength by means of forming a higher number density of shorter precipitates having a partially 

disordered structure [11, 12]. Aluminum recycling is increasing. Since Cu is one of the trace 

elements that can be accumulated in the scrap base during recycling, it is relevant to investigate 

the effects of low Cu additions. 

 

     The SSSS is reached when the alloy is solution heat treated and subsequently cooled or 

quenched to room temperature at a rate fast enough to avoid significant precipitation. It has 

previously been reported that slow quench rates influence the formation of grain boundary 

precipitates [13] and cause an increase in the width of precipitate free zone (PFZ), leading to 

intergranular fracture [14] in some Al-Mg-Si alloys. Slower quench rates also lead to lower 

strength [15] because of loss of quenched-in vacancies [16] which are essential for the atomic 

diffusion during precipitation and their concentration decides the precipitation hardening 

behavior [17-20]. It was recently demonstrated [21] that quenching into temperatures ~160°C 

(interrupted quenching) enhances precipitation kinetics and increases overall hardness due to an 

increase in mobile vacancies which promotes clusters transforming to β”. Another report [22] 



showed that slow cooling leads to less precipitate number densities because of loss of quenched-

in vacancies. Although natural aging (room temperature storage before the isothermal heat 

treatment) time generally influences the type of atomic clusters and consequently mechanical 

properties after precipitation [23, 24], the slow cooling leads to lower influences on the effects of 

natural aging [22]. Investigations of effects of quench rates are important since a fast quenching 

is not always possible in industrial processes because of e.g. limitations of the production 

equipment, or restrictions on shape changes that may be introduced by residual stress if the 

materials are quenched. 

 

     It is known that deformation between solution heat treatment and artificial aging affects 

precipitation. Since the deformation is conducted before further isothermal heat treatment, it is 

called “pre-deformation”. Nucleation rates and precipitation kinetics are enhanced since the pre-

deformation decreases activation energy of the growth of precipitates [25, 26]. It has been 

reported [27-31] that 10%-15% pre-deformation leads to formation of heterogeneous nucleation 

along dislocation lines. After artificial aging, different types of precipitates (except for β”) form: 

a continuous decoration of the dislocation lines (“string-like” precipitates) together with discrete 

precipitation consisting mainly of B’ [27-30], and together with (often disordered) Q’ [11, 12, 31, 

32] if Cu is present in the Al-Mg-Si alloys. In the case of 0.5%-5% pre-deformation, β” is 

dominant at peak hardness condition, and this level of pre-deformation accelerates formation of 

β” due to decreased activation energy [33-36]. This can be attributed to the fact that formation of 

atomic clusters transforming to β” is enhanced during natural aging due to the pre-deformation 

[37]. Investigation of ~1% pre-deformation is relevant in industrial practice where the pre-

deformation is applied to straighten the workpiece, e.g. after extrusion. 

 

     The effects of low Cu additions, quench rates and pre-deformation on precipitation hardening 

in Al-Mg-Si alloys must be due to modified atomic diffusion rates and quenched-in vacancy 

concentrations during thermo-mechanical treatment. The objective of the present work is hence 

how these factors influence the precipitation hardening. In this study, the effects of low Cu 

additions (up to 0.1 wt%), quench rates and 1% pre-deformation on precipitation hardening in 

Al-Mg-Si alloys have been systematically investigated by hardness measurements and 

transmission electron microscopy (TEM). 

 

2. Experimental procedure 

 

     Three alloys with different amounts of Cu (0.001, 0.01 and 0.1 wt%), but with fixed levels of 

Mg and Si, were used. The alloy compositions were measured by inductively coupled plasma 

optical emission spectroscopy and are shown in Table 1. Hereafter the alloys with different 

increasing amounts of Cu will be referred to as LC1, LC2 and LC3, respectively, as shown in 

Table 1. Although the three alloys contain Fe, the level (~0.07 wt%) was considered to be 

representative for the lowest practical Fe-level to be expected in industrial alloys. The alloys 

were cast as Ø95mm cylindrical ingots, from which extrusion billets were cut. The billets were 

homogenized at 575°C for 2.5 hours and cooled. The billets were subsequently extruded to 

Ø20mm round profiles. The extrusion was conducted using a direct press and a single hole die. 

The billet preheating temperature was 500~510°C which was well above the solvus temperature 

for the alloys, and the extruded profiles were water-quenched approximately 5 seconds after the 

die exit. The extruded profiles were cut into lengths of 50 cm. Hence, all the samples were round 



bars with Ø20mm in length of 50 cm. The samples were solution heat treated at 540°C for 1 hour 

in an air circulation oven. There were four different thermo-mechanical treatments conducted 

after the solution heat treatment: (a) water quenching (b) slow cooling (the cooling rate was 

85°C/min until 200°C was reached, and then the sample was quenched), (c) water quenching and 

then 1% pre-deformation after 30 minutes and (d) slow cooling and 1% pre-deformation after 30 

minutes. Hereafter these conditions will be referred to as conditions (a), (b), (c) and (d), 

respectively, as shown in Figure 1. The cooling rate in conditions (b) and (d) were measured by a 

K-type thermo couple in the middle of the samples. The alloys were then exposed to room 

temperature (i.e. natural aging) for a total of 4 hours after the solution heat treatment. 

Subsequently the alloys were heat treated isothermally (i.e. artificial aging) at 185°C in an air 

circulation oven. The thermo-mechanical treatments for all the conditions are shown in Figure 1. 

Only the middle part of the samples (where the 1% pre-deformation was expected to be 

homogeneous) was used for further characterization for conditions (c) and (d).  

     Vickers hardness measurements were carried out on the cross-sectional surface of slices cut 

transversal to the extrusion direction. A Struers Durascan-70 machine was used for the hardness 

measurement. The hardness indenter was used with 5 kg load and a loading time for 15 seconds. 

Each data point corresponds to the average of ten hardness indentations, with the corresponding 

standard error. 

     TEM specimens were prepared by electro polishing with a Tenupol 5 machine (Struers, 

Denmark), on the transversal slices used for the hardness measurements. The electrolyte 

consisted of 1/3 HNO3 in methanol and the solution was kept at temperatures between -20°C and 

-35°C. 

     Investigations of precipitate microstructure were performed by TEM in bright field mode 

using a Philips CM30 operating at 150 kV. A Gatan parallel electron energy loss spectroscopy 

(PEELS) was used to measure thickness of the specimens, i.e. in the center of the area used in 

each image. All the TEM and PEELS analyses were performed with the incident electron beam 

along the <001>Al directions where approximately 1/3 of the needles can be viewed in cross-

section and 2/3 can be imaged perpendicular to the precipitate needle lengths. A combination of 

the bright-field TEM images with corresponding thicknesses enabled average precipitate needle-

lengths, cross-sections, number densities and volume fractions to be quantified. A full 

description of the methodology has been given elsewhere [5, 38]. The total number of precipitate 

lengths and cross-sections measured were roughly 2000 and 700 respectively, for the statistical 

analysis in each thermo-mechanical condition. Widths of precipitate free zone (PFZ) adjacent to 

grain boundaries were measured from the TEM bright-field images.  

 

3. Results 

 

3.1 Hardness curves 

 

     Figure 2 shows hardness curves as a result of isothermal heat treatment at 185°C for different 

times up to 24 hours for the LC1, LC2 and LC3 alloys for the different thermo-mechanical 

treatments described above. The following are observations from Figure 2.  

 

- The overall hardness of the LC3 alloys is consistently higher than that of the LC1 and LC2 

alloys in all conditions. This suggests that a 0.1 wt% Cu addition significantly increases the 

hardness, which is in good agreement with previous results [11]. This strength increase is more 



pronounced when peak hardness is reached as compared to the early stages of precipitation. The 

main reason for this difference must be the different hardness contributions: mainly solute 

hardening at early stages, while a gradual precipitation hardening increase towards the peak 

hardness. 

- During the early stages of clustering/precipitation (before 2 hours of isothermal heat treatment), 

the hardness increases faster in the LC3 alloy in all conditions as compared to the LC1 and LC2 

alloys, which indicates an accelerated precipitation kinetics due to 0.1 wt% Cu. 

- Hardness curves for the LC1 and LC2 alloys are similar for all conditions. This suggests that a 

level of Cu additions of 0.01 wt% and below does not affect the precipitation hardening. 

- The maximum hardness reached for each alloy is almost similar regardless of the quench rate 

and the 1% pre-deformation, although it was slightly lower in conditions (c) and (d). Faster 

hardness evolution was observed in the early stage for the conditions (c) and (d), which indicates 

accelerated precipitation kinetics in the 1% pre-deformed conditions. 

- A tendency to double peak hardness evolution is observed in the LC1 and LC2 alloys in all 

conditions, being most pronounced in the condition (b). This effect is weaker in the LC3 alloy. 

- The onset of the first hardness peak seems to be delayed for the LC1 and LC2 alloys in the 

conditions (c) and (d), and its value is higher than that of the second peak. 

- In the condition (b), hardness starts to decrease after about 9 hours of aging for all alloys as 

compared to the other conditions, which indicates a faster over-aging. 

 

3.2 Precipitate microstructure and precipitate free zone (PFZ) 

 

     The microstructure of the LC1 and LC3 alloys for 2 and 12 hours of isothermal heat treatment 

was investigated by bright-field TEM (the respective isothermal heat treatment times are 

indicated by vertical dashed lines in the hardness curves in Figure 2). Representative examples of 

bright-field TEM images are shown in Figure 3. Precipitates are present in form of needle-

shaped with the main growth direction along <001>Al. The precipitates were identified to be 

mostly β” in the LC1 alloy and to be in coexistence with β” with a partially disordered structure 

in the same precipitate needle in the LC3 alloy at peak hardness condition [11]. The 

corresponding precipitate statistics (needle lengths, number densities, cross sections and volume 

fractions) are summarized in Figures 4 and 5. In all conditions, the LC3 alloy has finer 

precipitate microstructure characterized by higher number densities of shorter precipitates and 

consequently higher volume fractions as compared to the LC1 alloy. Apart from this observation, 

tendencies of the differences in the precipitate statistics depend on each thermo-mechanical 

condition – but are qualitatively the same, irrespective of the amount of Cu, see red dashed lines 

for the corresponding conditions in Figures 4 and 5. Increases in needle lengths and cross 

sections between 2 and 12 hours of isothermal heat treatment were most pronounced in the 

condition (b) as compared to the other conditions. As a consequence, increases in volume 

fractions were also most pronounced in the condition (b), since volume fraction is related to 

needle length, cross section and number density. Here, a very slight increase in number densities 

for the LC1 alloy and a decrease for the LC3 alloy can be observed between 2 and 12 hours of 

isothermal heat treatment. These observations indicate faster over-aging in the condition (b). 

This is in good agreement with the observations from the hardness curves shown in Figure 2. 

Needle lengths and cross-sections in the conditions (c) and (d) were longer and larger, 

respectively, than those in the condition (a) and (b) for both alloys. This shows that the 1% pre-

deformation leads to faster growth of the precipitates.  



     Widths of PFZs adjacent to grain boundaries were measured from bright-field TEM images 

for each alloy and each condition. Examples of the PFZs on the TEM images are shown in 

Figure 6 and measurements of the widths of the PFZs are summarized in Figure 7. The PFZ 

widths in the LC3 alloys were narrower than those in the LC1 alloys for all conditions. This 

indicates that the Cu addition (~0.1wt%) leads to a reduction of the PFZs. In the conditions (b) 

and (d), wider PFZs were observed as compared to the conditions (a) and (c). This is a typical 

effect of the slow cooling on the PFZs [14]. However, the widths in the condition (d) were 

slightly narrower than those in the condition (b), which may be attributed to the 1% pre-

deformation applied in the condition (d). 

 

4. Discussion 

 

     It is demonstrated that influence of a Cu content of 0.01 wt% and below on hardness is 

negligible; the hardness curves for the LC1 and LC2 alloys were similar even including a distinct 

double peak hardness evolution in the condition (b). However a Cu content of ~0.1 wt% 

significantly affects the hardness in all the thermo-mechanical treatments. The addition of ~0.1 

wt% Cu leads to higher hardness corresponding to higher number densities of shorter precipitates, 

which is in good agreement with our previous study [11]. Interestingly, these observations were 

made not only for the quenched condition (the condition (a)) but also for the slow cooling, the 

1% pre-deformation and combination of these conditions (the conditions (b), (c) and (d)).  

     The exact cause of the double peak hardness evolution could not be determined with the 

experimental data acquired in this work. However, a similar double peak has previously been 

reported [5, 39, 40], although it was in a denser alloying element, a Si-rich alloy in a quenched 

condition, which was related to the formation of an earlier phase, called pre-β”. Namely, the 

double peak corresponds to a transition of pre-β” to β” precipitates. The observed double peak 

hardness evolution in the present study could also be due to the same transition. It is noteworthy 

that it was observed in leaner, more Mg-rich alloys in slow cooling condition in the present study. 

The slow cooling, which generally leads to a lower quenched-in vacancy concentration, made 

this peak pronounced (the condition (b)). It may be speculated that formation of β” precipitates 

could be delayed because of lower vacancy concentrations creating a low nucleation rate for β” 

precipitates. As a consequence, a distinct double peak and corresponding increase in needle 

lengths and cross sections could be observed in the condition (b). The slow cooling rate also 

makes over-aging faster, which could be explained by lower vacancy concentrations (less atomic 

diffusion) to grow β” precipitates for long aging time because of a lack of available solute 

elements. These explanations can be supported by the fact that quench-in vacancies are required 

the formation of β”, i.e. they form clusters transforming to β” [21]. Interestingly, a combination 

of slow cooling rate and 1% pre-deformation (the condition (d)) makes the double peak hardness 

evolution less pronounced. This may indicate that the formation of β” precipitates in the 

condition (d) is faster than that in the condition (b). It has been reported [33-36] that pre-

deformation leads to acceleration of the formation of β” precipitates, which is due to reduced 

activation energy. It is plausible to suggest that the 1% pre-deformation leads to faster atomic 

diffusion and growth of β” precipitates, which can also be supported from the observation of the 

faster hardness evolutions in the conditions (c) and (d), see Figures 2. These observations 

indicate that the double peak is less pronounced when more energy is added to the system: either 

in the form of more quenched-in vacancies, pre-deformation or a combination of both which 



promote atomic diffusion leading to formation of β”. These explanations are illustrated in Figure 

8. 

     Cu makes the effect of the double peak hardness less pronounced. This might be related to the 

observation that Cu is not entering the β” phase, but rather forms its own disordered structures 

[11, 12] which are less coherent with lower bulk energies. In addition, Cu makes higher number 

density of precipitates. These might make them less susceptible to the available vacancy amounts. 

It is suggested that Cu could make a compensation of low vacancy concentrations to make the 

double peak hardness less pronounced. 

     1% pre-deformation did not lead to a significant increase in hardness, as compared to e.g. 

10%-15% pre-deformation [11, 27, 28]. It is suggested that the level of pre-deformation (~1%) 

does not give any notable work-hardening effect because of the relatively low dislocation 

densities, consistent also with the fact that the hardness in the as quenched stage is almost the 

same in all conditions. However, these dislocations affect atomic nucleation and precipitation, 

which is probably because they promote faster atomic diffusion in the 1% pre-deformed 

conditions. The 1% pre-deformation could potentially compensate the negative effects of slow 

cooling rate on the alloy properties. For example it reduced the effect of over-aging and of wider 

PFZs due to the slow cooling rate, as shown in the present study.  

      As mentioned, it is worth noting that Cu addition (~0.1 wt%) made PFZs narrower. A similar 

observation was reported in an alloy having ~0.5 wt% Cu [41], and also Ag in Al-Zn-Mg alloys 

[42]. This was because Ag has strong interaction with other alloying elements, which prevents 

solute depletion adjacent to grain boundaries, i.e. the critical vacancy concentrations for 

nucleation decreases [42]. It can be suggested that the ~0.1 wt% Cu addition also leads to 

decreasing the critical vacancy concentrations for nucleation in the region adjacent to grain 

boundaries since Cu can make high number densities of precipitates [11] due to own preferential 

atomic configuration [12]. These observations suggest that Cu additions could also compensate 

the effects of slow cooling rate on the alloy properties. 

 

5. Conclusion 

 

     The influences of Cu additions (up to 0.1 wt%), quench rate and 1% pre-deformation on 

precipitation hardening in Al-Mg-Si alloys have been investigated. The highest Cu addition 

increases hardness of alloys with higher number densities of shorter precipitates, and reduces the 

width of PFZs. The effects of Cu were independent of the quench rate and the 1% pre-

deformation. A double hardness peak observed during isothermal heat treatment is most 

probably due to the transition of pre-β” to β” precipitates, which was most pronounced in the 

slow cooling condition and less pronounced in the alloy with 0.1wt% Cu. 1% pre-deformation 

also made this effect less pronounced. These observations may be due to lower vacancy 

concentration in the slow cooling condition leading to a delayed formation of β” precipitates. 

Moreover the Cu addition and the 1% pre-deformation compensate for the delay due to faster 

atomic diffusion. Maximum hardness is affected by 0.1wt% Cu addition, but it is independent of 

thermo-mechanical treatments: slow cooing, the 1% pre-deformation and the combination of 

these. Although the slow cooling led to wider PFZs, this effect was less pronounced by the 1% 

pre-deformation and the 0.1wt% Cu addition. These observations can also be explained by faster 

atomic diffusion due to the 1% pre-deformation and the 0.1wt% Cu addition. 
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Figure 1 Thermo-mechanical histories for (i) Condition (a): quenching, (ii) condition (b): slow 

cooling, (iii) condition (c): 1% pre-deformation and (iv) condition (d): combination with the slow 

cooling and the 1% pre-deformation after solution heat treatment. The alphabetic designations 

correspond to Figures 2, 4, 5 and 8. 

 

 



 
Figure 2 Hardness curves as a function of isothermal heat treatment times for the LC1, LC2 and 

LC3 alloys for (i) condition (a), (ii) condition (b), (iii) condition (c) and (iv) condition (d). The 

alphabetic designations for the thermo-mechanical treatments correspond to Figure 1. The alloy 

designations correspond to Table 1. 

 

 



 
Figure 3 Examples of bright-field TEM images, which were used for taking precipitate statistics 

shown in Figures 4 and 5. The images shown were taken along <001>Al for (i) the LC1 and (ii) 

the LC3 alloys after isothermal heat treatment for 2 hours in the condition (a). The images are 

recorded in areas with similar thickness (50-70 nm) and with the same scale. Dark spots 

represent cross sections of the needle-shaped precipitates in the viewing direction. 

 

 



 
Figure 4 Precipitate statistics for the LC1 alloy after isothermal heat treatment for 2 and 12 hours 

in all conditions, calculated from a combination of bright-field TEM images and thickness 

measured by EELS. (i) Needle lengths, (ii) number densities, (iii) cross sections and (iv) volume 

fractions. The alphabetic designations for the thermo-mechanical treatments correspond to 

Figure 1. The alloy designations correspond to Table 1. Black solid lines connect each condition 

for 2 and 12 hours of isothermal heat treatment. Red dashed lines represent tendencies of 

differences in each condition. 



 
Figure 5 Precipitate statistics for the LC3 alloy after isothermal heat treatment for 2 and 12 hours 

in all conditions, calculated from a combination of bright-field TEM images and thickness 

measured by EELS. (i) Needle lengths, (ii) number densities, (iii) cross sections and (iv) volume 

fractions. The alphabetic designations for the thermo-mechanical treatments correspond to 

Figure 1. The alloy designations correspond to Table 1. Black solid lines connect each condition 

for 2 and 12 hours of isothermal heat treatment. Red dashed lines represent tendencies of 

differences in each condition. 

 



 
Figure 6 Examples of PFZs adjacent to a grain boundary taken by bright-field TEM images. The 

images shown were taken for (i) the LC1 alloy and (ii) the LC3 alloy after isothermal heat 

treatment for 12 hours in the condition (a). Precipitate needles and a grain boundary precipitate 

can be seen on grains and on the grain boundary, respectively. The images were recorded at the 

same scale. 

 

 
Figure 7 Widths of PFZ for (i) the LC1 and (ii) the LC3 alloys after isothermal heat treatment for 

2 and 12 hours in all conditions. The alphabetic designations for the thermo-mechanical 

treatments correspond to Figure 1. The alloy designations correspond to Table 1. 



 
Figure 8 Schematic images of hardness curves corresponding to formation of pre-β” and β” 

precipitates for different thermo-mechanical treatments: (i) condition (a), (ii) condition (b), (iii) 

condition (c) and (iv) condition (d). The alphabetic designations correspond to Figure 1. Dashed 

triangles and lines represent gradient of hardness evolutions at early stages of precipitation and 

number of pre-β” and β” precipitates, respectively. An increase in hardness is related to number 

densities of the precipitates. 


