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Abstract

The oxygen non-stoichiometry was determined by coulometric titration for the per-
ovskite oxides La0.2Sr0.8FeO3−δ and La0.2Sr0.8Fe0.8B0.2O3−δ (B = Al3+, Ti4+ and
Ta5+) in the temperature range 600 ◦C ≤ T ≤ 900 ◦C and the oxygen partial pres-
sure range: 1 · 10−15 ≤ pO2 ≤ 0.209 atm. The non-stoichiometry (δ) is observed to
decrease with B-site substitution of Fe. The data can be well fitted with simple
defect chemistry models. At low oxygen non-stoichiometry all compositions show a
deviation from a localized electrons defect model. The standard and partial molar
thermodynamic quantities were obtained and a gradual transition from localized
to itinerant electrons with decreasing non-stoichiometry is proposed from the δ-
dependency of the configurational entropy. The absolute value of the enthalpy of
oxidation decreases upon B-site substitution of Fe proposing a decreased thermody-
namic stability for the substituted materials. The electrical conductivity was mea-
sured at T = 900 ◦C in the oxygen partial pressure range: 1 · 10−17 ≤ pO2 ≤ 0.209
atm. The electrical conductivity and charge carrier mobility decrease upon 20%
substitution of Fe roughly by a factor of 2, but do not show a significant dependence
on the nature of the B-site dopant.

1 Introduction

Mixed ionic and electronic conducting (MIEC) materials have attracted significant
attention due to their potential use in applications such as oxygen gas separation
membranes, electrodes for SOFC fuel cells and oxygen sensors [1]. These applications
are characterized by ”harsh” conditions such as high temperature, high pressure and
both highly reducing and oxidising atmospheres. A key challenge, still to overcome,
is the development of material systems showing sufficient stability at high tempera-
tures and reducing conditions combined with adequate oxygen transport properties.
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Materials with the perovskite structure, ABO3, can withstand a high degree of oxy-
gen vacancies yielding good oxygen transport properties as well as having a high
electrical conductivity. They are therefore considered as a candidate material sys-
tem for MIEC membranes [1, 2, 3]. The perovskite-type oxides La1−xSrxCoO3−δ,
La1−xSrxFeO3−δ and La1−xSrxFe1−yCoyO3−δ have all been shown to be promising
materials for oxygen membranes [4, 5]. However, the chemical stability at reducing
conditions is limited. The Co-containing materials have been shown to exhibit lim-
ited stability at low pO2 [6, 7, 8] and La1−xSrxFeO3−δ is known to form the oxygen
ordered brownmillerite structure at high strontium content and low pO2 [9]. Partial
substitution of iron in La0.2Sr0.8FeO3−δ has shown to depress this ordering, main-
taining the perovskite phase even at very reducing conditions [10]. By altering the
composition with A and/or B-site substitution, both oxygen transport properties
and chemical stability may be enhanced [8, 10, 11, 12].

In the research towards new and better MIEC materials, both electronic and oxygen
transport, as well as thermodynamic, data are essential to properly understand the
mechanisms governing the material properties and the effect of chemical composi-
tion. A wide range of studies have investigated the thermodynamic and electronic
properties of the La1−xSrxFeO3−δ system, including systematic studies on the effect
of strontium content [4, 13, 14, 15, 16, 17]. A few studies exist on effects of partial
substitution of iron with Cr [18], Ga [19, 20] and Ti [21]. Systematic studies on the
partial substitution of iron and the effect of the B-site dopant is however limited. In
this study we investigate the system La0.2Sr0.8Fe0.8B0.2O3−δ where B = Fe3+, Al3+,
Ti4+ and Ta5+. Iron is here substituted with B-site cations of increasing charge and
ionic size. Coulometric titration was performed to determine the oxygen stoichiom-
etry as function of partial pressure of oxygen and temperature. Thermodynamics of
the point defect equilibria used to model the data were used to assess the thermo-
dynamic stability of the solid solutions. The electronic transport properties of the
materials were also investigated by conductivity measurements.

2 Experimental

LSFB powders were prepared by spray pyrolysis of aqueous precursors [10]. The
powders were uniaxially pressed into cylindrical pellets and sintered at 1300 ◦C
before crushed to dp ≤ 10 µm powder by a Retsch MM 2000 mixer mill. The
crushed powders were re-annealed at 900 ◦C for 1 h and cooled at 50 K/h to obtain
a homogeneous powder.

A schematic of the setup used for coulometric titration is shown in Fig. 1. Cylindrical
samples of Y0.16Zr0.84O1.92 (YSZ) were made by uni-axial pressing of powder in a
48 mm diameter die followed by cold isostatic pressing at p = 325 MPa. The green
bodies were then machined to a disc and a cup before being sintered at 1550 ◦C.
Typical dimensions of the sintered YSZ cups were (D×H) 22×12 mm outside and
(d×h) 14×8 mm inside, giving a typical cell volume of 1.2 cm3. On both the inner
and outer surfaces of the cup, a ≈20 µm layer of YSZ/(La,Sr)MnO3 was spray-
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Fig. 1. A schematic of the coulometric titration setup.

painted on, serving as working electrodes after sintering at 1080 ◦C. Porous Pt was
used as reference electrodes as well as current collector for the working electrodes.
The porous Pt was hand-painted on the layers and sintered at 1000 ◦C. An alumina
tube with outer diameter of 12.5 mm was placed on the YSZ disc to serve as a sam-
ple holder. To minimize the vacant volume of the cell, the height of the alumina
tube was only marginally smaller than the height of the YSZ cup. Perovskite pow-
der, typically 0.75-1 g was placed inside the alumina sample holder as illustrated
in Fig. 1 and the YSZ cup was subsequently sealed with a glass paste (composi-
tion reported elsewhere [22]). The coulometric titration experiments were carried
out in two parts. Part 1 was performed as stepwize changes in pO2 in the region
10−16 ≤ pO2 [atm] ≤ 0.21 at 700 ◦C and 900 ◦C. The ∆δ values were calculated
by integrating the pumping current between two pO2 steps and correcting for gas
leakage. The magnitude of the leakage was determined as the current required to
maintain a stable pO2 inside the cup. The current used for the calculations of oxy-
gen stoichiometry in the sample was obtained by subtracting the calculated leakage
current from the measured current. Part 2 of the experiment was performed as a
sequence of temperature cycles in the region 500 ≤ T [◦C] ≤ 900 where the potential
of the reference electrode was continuously recorded. The temperature cycles were
performed at open circuit conditions to ensure no transport of oxygen in or out of
the cell. The volume of gas inside the cell is very small (≈ 0.3 cm3) so the oxygen
content in the sample material is much greater than the oxygen content of the gas in
the cell volume. This allows δ to be considered constant during a temperature cycle.
To ensure cell equilibrium at all times the cooling and heating rate were chosen as
15 K/h and 30 K/h, respectively, and the results were carefully examined for any
hysteresis. The measurements were carried out simultaneously on up to four cells
connected in parallel. At the end of the measurement, the samples were pumped
down to pO2 ≈ 10−16 atm for 24 h and cooled to room temperature.

Thermogravimetric analysis (TGA) was performed on powder samples to check the
mass change as a function of temperature. The measurements were performed with
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a Netsch STA 449C Jupiter simultaneous TG/DSC. The samples were heated up to
1000 ◦C at 50 K/h and cooled to room temperature at the same rate.

X-ray diffraction (XRD) measurements were performed to check phase purity before
and after the coulometric titration using a Bruker D8 Focus.

Electrical conductivity was measured with a four-point DC method [23] on rect-
angular dense sintered samples of typical dimensions 1× 3× 20 mm. The partial
pressure of oxygen was controlled by a O2/N2 gas mixture for pO2 ≥ 10−3 atm and
a CO/CO2 gas mixture for pO2 ≤ 10−7 atm. The pO2 was accurately determined by
a YSZ oxygen sensor placed downstream of the sample chamber.

3 Theory

3.1 Coulometric titration

A coulometric titration setup consists of an electrochemical cell with an electron-
ically insulating and oxygen ion conducting electrolyte. Yttria-stabilized Zirconia
(YSZ) is often used as electrolyte and when a potential is applied over the cell, oxy-
gen will be pumped through the electrolyte and in or out of the central compartment
of the cell according to the reaction:

O2(g) + 4 e− 
 2 O2−(YSZ) (1)

The difference in the oxygen chemical potential between the two electrodes of the
cell is related to the applied voltage by the Nernst equation:

µinO2
− µoutO2

= RT ln

(
pinO2

poutO2

)
= zFVref (2)

where µinO2
and µoutO2

are the chemical potentials of oxygen in [J/mol] ”inside”, in the
central glosed compartment (cf. Fig. 1), and outside the cell, respectively, R is the
universal gas constant in [J/K ·mol], T is the temperature in [K], pinO2

and poutO2
are

the partial pressures of oxygen in [atm] inside and outside the cell respectively, z
is the number of electrons transferred in the cell reaction (z = 4 for Eq. (1)), F
is the Faraday constant in [C/mol] and Vref is the voltage across the cell in [V].
The chemical potential of oxygen outside the cell can be expressed by the chemical
potential of oxygen at the temperature T and standard pressure p0

O2
= p0

tot = 1 atm:

µoutO2
= µ0

O2
(T, p0

O2
) +RT ln poutO2

(3)

Hence Eq. (2) can be rewritten as:

µinO2
= µ0

O2
(T, p0

O2
) +RT ln poutO2

+ 4FVref (4)

For poutO2
= 0.209 atm, the quantity µ0

O2
(T, p0

O2
) + RT ln poutO2

can be approximated
with 23442 J/mol− T · 257.2 J/mol K. The partial pressure and chemical potential
of oxygen inside the cell can then be calculated by Eq. (2) and (4), respectively.
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According to Eq. (1), four electrons pumped through the external circuit correspond
to one oxygen molecule pumped in or out of the central cell compartment. The flux
of the oxygen can be expressed by the pumping current through Faraday’s equation:

JO2 =
I

4F
(5)

When oxygen is pumped to or from the central cell compartment the chemical
potential of oxygen inside the cell, µinO2

, will change and the powder sample will
absorb or release oxygen to attain a new equilibrium with the current chemical
potential (µsampleO2

= µinO2
). The relative molar change in non-stoichiometry, ∆δ,

from time t1 to t2 can then be expressed by:

∆δ =
2M

m

∫ t2

t1

JO2(t)dt =
M

2Fm
Q (6)

where M is the molar mass of the sample in [g/mol], m is the mass of the powder
sample in [g] and Q is the total amount of charge in [C] pumped to or from the
cell. The potential change during a pumping session is monitored by the reference
electrodes while the pumping current is measured over the external work circuit.

3.2 Defect model 1

The pO2-dependance of the oxygen non-stoichiometry for the La1−xSrxFeO3−δ system
can be described with a simple point defect model [16]. The considered point defects
are given in Table 1, using Kröger–Vink notation [24]. Here, the electronic defects

Table 1. Lattice host ions and point defects in Kröger-Vink notation considered in
modelling the La1−xSrxFeO3−δ system.

A-site B-site O-site
Lax

La (La3+) Fex
Fe (Fe3+) Ox

O (O2−)
Sr′La (Sr2+) Fe′Fe (Fe2+) V••O

Fe•Fe (Fe4+)

are assumed to be localized on iron sites as a change in oxidation state of iron
from Fe3+ to Fe4+ and Fe2+ for holes and electrons, respectively. For the materials
with partial substitution of iron, La1−xSrxFe1−yByO3−δ, an additional point defect
is introduced, Ti′Fe or Ta′′Fe for partial substitution by Ti4+ or Ta5+, respectively.
The B-site dopants are assumed to have fixed valency and the point defect model
is established by assuming ideal solution of random non-interacting defects. The
oxygen content in the sample depends on the partial pressure of oxygen in the
surrounding gas. The incorporation of oxygen in the lattice can be described by the
oxidation reaction:

1
2

O2(g) + V••O + 2 Fex
Fe = Ox

O + 2 Fe•Fe (7)
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The equilibrium constant for the oxidation reaction is given by:

Kox =
[Ox

O][Fe•Fe]
2

p
1/2
O2

[V••O ][Fex
Fe]

2
=

(3− δ)[Fe•Fe]
2

p
1/2
O2
δ[Fex

Fe]
2

(8)

An additional reaction might also occur as Fe3+ ions can undergo a charge-disproportionation
into Fe2+ and Fe4+ ions, given by the reaction:

2 Fex
Fe = Fe′Fe + Fe•Fe (9)

The equilibrium constant for the disproportionation reaction is given by:

KD =
[Fe•Fe][Fe′Fe]

[Fex
Fe]

2 (10)

Mass conservation on the B-site and O-site can be expressed as:

[Fex
Fe] + [Fe′Fe] + [Fe•Fe] = 1− y (11)

[V••O ] + [Ox
O] = 3 (12)

where y corresponds to the concentration of the B-site dopant. Additionally, the
electroneutrality condition provides the following equation:

[Sr′La] + [Fe′Fe] =


2 [V••O ] + [Fe•Fe] (LSF)

2 [V••O ] + [Fe•Fe] + [Ti•Fe] (LSFTi)

2 [V••O ] + [Fe•Fe] + 2 [Ta••Fe] (LSFTa)

(13)

where [Sr′La] = x = 0.8 and [Ti•Fe] = [Ta••Fe] = y = 0.2. For simplicity, the following
abbreviations will be used; [FexFe] = a, [Fe•Fe] = p, [Fe′Fe] = n and [V••O ] = δ. Under
highly oxidising conditions (high pO2) we have a � n and p � n, hence Eq. (11)
and Eq. (13) can be rewritten as

a+ p = 1− y (14)

p =


0.8− 2δ (LSF)

0.6− 2δ (LSFTi)

0.4− 2δ (LSFTa)

(15)

The equilibrium constant for the oxidation reaction, Eq. (8), can then be rewritten
and simplified to include only the measurable parameters δ and pO2 :

Kox =
(3− δ)p2

p
1/2
O2
δa2

=


(3−δ)(0.8−2δ)2

p
1/2
O2

δ(0.2+2δ)2
(LSF)

(3−δ)(0.6−2δ)2

p
1/2
O2

δ(0.2+2δ)2
(LSFTi)

(3−δ)(0.4−2δ)2

p
1/2
O2

δ(0.4+2δ)2
(LSFTa)

(16)
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From the electroneutrality condition, Eq. (13), we have when n = p:

δn=p =


1
2
[Sr′La] = 0.4 (LSF)

1
2
([Sr′La]− [Ti•Fe]) = 0.3 (LSFTi)

1
2
([Sr′La]− 2[Ta••Fe]) = 0.2 (LSFTa)

(17)

which corresponds to the average oxidation state of iron being equal to 3. From
this, the equilibrium constant for the disproportionation reaction (KD), Eq. (10),
can be rewritten and simplified:

KD =
[Fe•Fe][Fe′Fe]

[Fex
Fe]

2 =
np

a2
=
p2

a2
=
Koxp

1/2
O2
δ

3− δ
(18)

3.3 Defect model 2

The defect model presented in section 3.2 have been reported to be insufficient to
describe the defect chemistry for the material system La1−xSrxFe1−yByO3−δ for low
values of δ [19]. A different model has been used to explain the defect chemistry
of the material where the previous model fails. This model, presented in this sec-
tion, differs from the one presented in section 3.2 by assuming delocalized electronic
defects. The incorporation of oxygen in the lattice can then be described by the
oxidation reaction:

1
2

O2(g) + V••O = Ox
O + 2 h• (19)

The equilibrium constant for this equation is given by:

K ′ox =
[Ox

O][h•]2

p
1/2
O2

[V••O ]
(20)

The annihilation or formation of electronic charge carriers can be considered by the
reaction:

0 = e′ + h• (21)

with the equilibrium constant given by:

Ke = [e′][h•] (22)

The electroneutrality condition provides the following equation:

[Sr′La] + [e′] =


2 [V••O ] + [h•] (LSF)

2 [V••O ] + [h•] + [Ti•Fe] (LSFTi)

2 [V••O ] + [h•] + 2 [Ta••Fe] (LSFTa)

(23)

where [Sr′La] = x = 0.8 and [Ti•Fe] = [Ta••Fe] = y = 0.2. Note that Model 1 simplifies
to Model 2 if one sets a = 1.
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3.4 Thermodynamics

For an ideal solution approach where all intrinsic defects and disorder are disre-
garded, the oxidation of a perovskite can be expressed by the general reaction [25]:

2 ABO2.5(Perovskite) + 1
2

O2(g) = 2 ABO3(Perovskite) (24)

The standard Gibb’s energy of oxidation corresponding to this reaction is given by:

∆oxG
0 ≡ 2∆fG

0(ABO3)− 2∆fG
0(ABO2.5)

= ∆oxH
0 − T∆oxS

0 = RT lnK
(25)

where ∆fG
0 is the standard Gibb’s energy of formation, ∆oxH

0 and ∆oxS
0 are the

standard enthalpy and entropy of oxidation, respectively, and K is the equilibrium
constant for the oxidation reaction. The configurational contribution of the oxi-
dation of a perovskite can be included to obtain the partial molar thermodynamic
quantities. For a localized electron model, the oxidation reaction is given in Eq. (7)
and the partial molar Gibb’s energy of oxidation is given by:

µLSFBO ≡ ∆oxG = ∆oxH − T∆oxS = RT ln

(
(3− δ)[Fe•Fe]

2

p
1/2
O2
δ[Fex

Fe]
2

)
(26)

where ∆oxH and ∆oxS are the partial molar enthalpy and entropy of oxidation,
respectively. To avoid confusion it should be noted that the partial molar quantities
are here defined with respect to per mol O(g) reacted, which correspond to per
1/2 mol O2(g) reacted. By combining equation (2), (4), (8) and (25) and assuming
equilibrium between the sample and the cell, µLSFBO = 1

2
µinO2

, we have:

µLSFBO =
1

2
µ0
O2

+RT ln

(
(3− δ)[Fe•Fe]

2

δ[Fex
Fe]

2

)
−∆oxH

0 + T∆oxS
0 (27)

An expression for the partial molar entropy of oxidation at a given value of δ can
then be obtained from Eq. (26)–(27):

∆oxS = −
[
∂µLSFBO

∂T

]
δ

= −1

2

∂µ0
O2

∂T
−R ln

(
(3− δ)[Fe•Fe]

2

δ[FexFe]
2

)
︸ ︷︷ ︸

configurational entropy

−∆oxS
0 (28)

where the δ dependent term is labelled configurational entropy as introduced by
Mizusaki et al. [26]. By combining Eqs. (26)–(28) the partial molar enthalpy of
oxidation can be written:

∆oxH =
1

2
µ0
O2

(T, PA)− T 1

2

∂µ0
O2

∂T
−∆oxH

0 (29)
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The configurational entropy term in Eq. (28) includes both the oxygen non-stoichiometry
and the concentrations of Fe3+ and Fe4+, hence for a localized electron model the
configurational entropy is dependent on both the oxygen and iron sublattice.

For a delocalized electron model, the oxidation reaction is given in Eq. (19) and the
partial molar Gibb’s energy of oxidation is given by:

∆oxG
′ = ∆oxH

′ − T∆oxS
′ = RT ln

(
3− δ
p

1/2
O2
δ

)
(30)

where the quantities are labelled with a prime to distinguish them from the quan-
tities in Eqs. (26)–(29). The concentration of holes is here neglected from the con-
figurational term as they are itinerant and thus the configuration of the lattice is
independent on the concentration of holes. Following the same steps as above, the
partial molar entropy of oxidation then becomes:

∆oxS
′ = −1

2

∂µ0
O2

∂T
− R ln

(
3− δ
δ

)
︸ ︷︷ ︸

configurational entropy

−∆oxS
0

(31)

The electrons and holes are now itinerant and thus do not have a configurational
contribution to the lattice. Hence, the configurational term is only determined by
the oxygen sublattice.

4 Results and discussion

4.1 X-ray diffraction

The X-ray diffractograms recorded at room temperature of the powder samples
before and after coulometric titration measurements are shown in Fig. 2. All the
materials were shown to be single phase cubic perovskites before the coulometric
titration measurements. The LSF sample did not show any trace of a decomposed
perovskite phase after the coulometric titration but was identified as an orthorombic
brownmillerite phase. LSF is known to transform into an ordered brownmillerite
phase at low pO2 and this has also been shown in a previous report [10]. LSFTi
and LSFTa remained a single phase cubic perovskites after the coulometric titration
experiment, hence all the materials are found to be stable down to the lowest partial
pressure of oxygen during the measurement, pO2 ≈ 10−16 atm at 900 ◦C. The molar
volume and lattice parameters determined by refinement of the XRD measurements
are summarized in Table 2.
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Fig. 2. X-ray diffracograms of the materials before and after coulometric titration.

Table 2. Crystal structure parameters at 298 K before and after coulometric titration
measurements and ionic radii (IR) for different cations [27].

Sample Structure a [Å] b [Å] c [Å] Bn+ IR [Å]

LSF pre CT Cub. 3.867 - - Fe4+ 0.585
LSFAl pre CT Cub. 3.874 - - Al3+ 0.535
LSFTi pre CT Cub. 3.883 - - Ti4+ 0.605
LSFTa pre CT Cub. 3.919 - - Ta5+ 0.64
LSF post CT Orth. 5.500 11.89 5.566 Fe3+(HS) 0.645
LSFTi post CT Cub. 3.913 - -
LSFTa post CT Cub. 3.941 - -
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4.2 Coulometric titration and TGA

The recorded Vref as a function of temperature for LSF, obtained from the temper-
ature sweep cycles (see section 2, is presented in Fig. 3. The data obtained at low
temperatures and pO2 are not reproduced in Fig. 3 due to some hysteresis and a non-
linear Vref vs. temperature curve. The hysteresis and non-linearity is attributed to
a poor performing reference electrode at low pO2 and temperature. The hysteresis
between heating and cooling runs for the presented data is very low (≤ 1 mV). This
clearly shows that the cell is gas tight and the sample is in equilibrium with the gas
inside the cell at all times. The change in δ during a temperature cycle was less than
0.01 % and the amount of oxygen exchanged with the sample is therefore negligible
and δ is regarded as constant throughout the temperature cycle. Values of δ vs.
pO2 at different temperatures were obtained by interpolating data points from the
data presented in Fig. 3. The measured oxygen non-stoichiometries for LSF, LSFTi
and LSFTa as a function of log(pO2) at different temperatures are shown in Fig. 4,
where the data points obtained from the temperature cycles are shown as open sym-
bols. The data obtained by performing stepwise changes in pO2 are shown as solid
symbols. Very good agreement between the two measurement methods is observed.
The leakage current was found to be typically Ileak ≈ 5 · 10−6 × log(pO2) + 5 · 10−6 A
at 900 ◦C. To obtain the absolute values for the non-stoichiometry, we assume the
situation where n = p to correspond to the inflection point of δ vs. pO2 at 900 ◦C in
Fig. 4. The absolute value of the oxygen non-stoichiometry have then been deter-
mined by letting Eq. (17) be valid at d2δ

d(log pO2
)2

= 0 of a 3-degree polynomial fit to the

data. The solid lines in Fig. 4 correspond to the best results of a least-square-fit of

Fig. 3. Vref as a function of temperature for LSF recorded during temperature
cycles. The numbers show the constant δ value for each cycle.
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Fig. 4. Oxygen non-stoichiometry as a function of pO2 at different temperatures.
Open symbols are data points obtained from temperature cycles and closed symbols
are obtained from pO2 steps at constant temperature. The solid lines are fits to the
point defect model 1 described in section 3.2.
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the data to the defect model described in section 3.2 (model 1). The fits for data at
900 ◦C were obtained by simultaneously solving for Eq. (8) and Eq. (10) where the
equilibrium constants, Kox and KD, calculated from Eq. (16) and Eq. (18), respec-
tively, have been used as initial values for the fitting. The data at T 6= 900 ◦C are
limited to pO2 higher than the inflection point and the fits were obtained using the
simplified Eq. (16). The modelled non-stoichiometry fit well with the experimental
data for LSF and LSFTi while there is a small deviation for LSFTa at low δ values
suggesting some deviation from ideality. This will be treated further in section 4.3.

The oxygen non-stoichometry as a function of temperature was also measured by
TGA. The data are shown in Fig. 5 where they are also compared with the val-
ues obtained from coulometric titration. The coulometric titration data at 900 ◦C
have been used as reference points. The TGA curves fit well with the coulometric
titration data points in the measured temperature range. The apparent hyperstoi-
chiometry at room temperature for LSFTa is assigned to an experimental deviation
as oxygen interstitials are highly unlikely to form at these low temperatures. LSFTa
is therefore regarded as stoichiometric (δ ≈ 0) at room temperature. The oxygen
non-stoichiometry (3− δ) for LSF and LSFTi at room temperature is 2.96 and 2.97,
respectively. The equilibrium constants obtained from the fitting of the coulometric
titration data shown in Fig. 4 are presented in Table 3. Mizusaki et al. [4] have
reported Kox and KD for La1−xSrxFeO3−δ (0.1 ≤ x ≤ 0.6) which are presented in

Fig. 5. Oxygen non-stoichiometry as a function of temperature obtained from
coulometric titration (CT) and thermogravimetric analysis (TGA) in air. The CT
data points at 900 ◦C have been used as reference points to calculate the non-
stoichiometry from the TGA measurement.
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Fig. 6 together with data from this study. The data from Mizusaki et al. show a
linear logKox and logKD relationship with the strontium content, x. Following this
relationship, predicted values for Kox and KD for x = 0.8 at 900 ◦C are 2.8 and
2.4 · 10−5, respectively. The data for La0.2Sr0.8FeO3−δ in this study fit very well into
this linear relationship.

Table 3. Equilibrium constants at different temperatures.

Kox [atm−1] KD

900 ◦C 800 ◦C 700 ◦C 600 ◦C 900 ◦C

LSF 3.1 8.0 ± 0.3 27 ± 1 115 ± 6 1.7e-5
LSFTi 4.1 10.0 ± 0.4 32.9 ± 0.7 135.1 ± 0.9 1.7e-5
LSFTa 7.5 15 ± 2 51 ± 4 210 ± 14 1.2e-5

Fig. 6. Kox (closed symbols) and KD (open symbols) at 900 ◦C for La1−xSrxFeO3−δ
as a function of strontium content, x. Circle symbols taken from Mizusaki et al. [4]
and triangle symbols from this study. The solid line is a linear fit to Kox for x ≤ 0.6
and the broken line is a linear fit to KD for x ≤ 0.4.

The difference in Kox between compositions (cf. Table 3) is quite large due to the
large difference in δ-value between the compositions. However, the B-site substitu-
tion does not significantly influence the disproportionation reaction, determined by
KD. A similar result has also been shown for Ga-doped LSF by Yoo et al. [20].
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When partially substituting iron with an aliovalent cation, the extra charge intro-
duced in the material must be compensated to fulfil the electroneutrality condition,
Eq. (13), either by a change in concentration of oxygen vacancies, by a change in the
concentration of Fe2+ and/or Fe3+ or a combination of the two. This is referred to as
ionic or electronic compensation, respectively. At low temperatures the difference in
oxygen non-stoichiometry is small, as shown in Fig. 5, and electronic compensation
is the main mechanism. At high temperatures, the shape of the δ versus pO2 curves
(see Fig. 7 (a)), is quite similar for all the samples investigated, hence there is a
large difference in the concentration of oxygen vacancies, δ, throughout the whole
measurement range. This suggests that ionic compensation is the dominating charge
compensation mechanism for B-site substituted LSF at high temperatures. The av-
erage iron oxidation state is shown as a function of pO2 at 900 ◦C in Fig. 7 (b).
One can see that the average oxidation state of iron is found to be independent
of the nature of the B-site dopant. The insert in Fig. 7 (b) shows the calculated
concentrations of Fe2+ (n), Fe3+ (a) and Fe4+ (p) as a function of pO2 . Only small
differences in a and n are apparent while p is close to equal between the composi-
tions. This suggests that electronic compensation is negligible at high temperatures
for the B-site substituted LSF compositions investigated here.

4.3 Thermodynamics

The temperature dependency of the chemical potential of oxygen in the sample,
µLSFBO2

, at constant δ was calculated from the cell voltage, Vref , obtained from the
temperature cycles shown in Fig. 3, assuming µLSFBO = 1

2
µinO2

. The partial molar
enthalpy and entropy of oxidation was then obtained by the coefficients of a linear
fit to µLSFBO vs. 1/T according to Eq. (26). The obtained values of ∆oxS and ∆oxH
are shown in Fig. 8 (a) and (b), respectively. The data for δ ≥ 0.26/0.19/0.09 for
LSF/LSFTi/LSFTa have been obtained from temperature cycles starting at 900 ◦C,
while the data for lower δ have been obtained from temperature cycles starting at
800, 700 and 600 ◦C, respectively. The data for LSFAl have been obtained from
temperature cycles starting at 900 ◦C. The glass seal of the LSFAl sample broke
during measurements and additional measurements were not obtained for this com-
position. Hence, the absolute non-stoichiometry of LSFAl is unknown and the data
in Fig. 8 are presented assuming the average oxidation state of LSFAl at 900 ◦C be-
ing close to equal with the three other compositions according to the data presented
in Fig. 7 (b). The solid lines in Fig. 8 (a) are calculated from Eq. (28) (model 1),
using the relations given in Eq. (14) and (15), and represents the ∆oxS dependency
on δ arising from the configurational entropy term in Eq. (28). At high oxygen non-
stoichiometries this dependency fits well with the experimental data, while at lower
values of δ there is a misfit between the calculated ∆oxS and the experimentally
obtained values.

The calculated partial molar enthalpy of oxidation (∆oxH), shown in Fig. 8 (b), is
nearly constant at high oxygen non-stoichiometry, which supports the ideal solution
approximation used in the point defect model. At lower δ values the enthalpy is
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(a)

(b)

Fig. 7. (a) Oxygen non-stoichiometry and (b) average oxidation state of iron as
a function of pO2 at 900 ◦C. The solid lines are fits to the point defect model 1
described in section 3.2. The insert in (b) shows the concentration of Fe2+ (n), Fe3+

(a) and Fe4+ (p).
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(a)

(b)

Fig. 8. (a) Partial molar entropy of oxidation as a function of oxygen non-
stoichiometry. Lines are the calculated partial molar entropy according to Eq. (28)
(solid) and Eq. (31) (dashed). (b) Partial molar enthalpy of oxidation as a func-
tion of oxygen non-stoichiometry. The insert show the partial molar entropy and
enthalpy of oxidation as a function of average Fe oxidation number. Dotted lines
are a guide to the eye.
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showing a deviation from the ideal behaviour in the same region as for the partial
molar entropy. The effect of this deviation on the non-stoichiometry can be seen by
calculating δ and pO2 from the partial molar enthalpy and entropy of oxidation using
Eq. (26). This is shown for LSFTa in Fig. 9, where measured non-stoichiometry data
(symbols) is presented together with calculated values from ∆oxS and ∆oxH (lines).
The solid blue line represents values calculated from the measured partial molar
enthalpy and entropy of oxidation (cf. Fig. 8). The broken red line is obtained by
using the configurational entropy of the ideal point defect model (cf. solid line in
Fig. 8 (a)) and a constant ∆oxH, corresponding to an average of the two values
at δ > 0.16 in Fig. 8 (b). A clear deviation from the ideal point defect model
can be observed with the slope of the measured δ versus pO2 being significantly
steeper at high oxygen partial pressures compared to the predicted values from the
ideal solution model. A similar deviation in ∆oxH and ∆oxS have been reported by
Patrakeev et al. for La0.3Sr0.7Fe1−xGaxO3−δ and was attributed to a transition from
localized to itinerant electrons [19]. The dashed lines in Fig. 8 (a) correspond to
the partial molar entropy of oxidation calculated from Eq. (31) (model 2). This fits
quite well with the experimentally obtained values for all the compositions at lower
δ. Hence, the deviation from the point defect model of localized electrons at lower
oxygen non-stoichiometry is attributed to a transition to itinerant electrons for all
materials as δ decreases.

Fig. 9. Oxygen non-stoichiometry as a function of log pO2 for LSFTa at 900 ◦C.
Broken red line represents data calculated from ∆oxH and ∆oxS assuming ideal
solution model. Solid blue line represents data calculated from measured values of
∆oxH and ∆oxS.
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The reciprocal temperature dependence of lnKox is shown in Fig. 10. A linear
fit to the data was performed where the y-axis intersection and the slope define
−∆oxH

0/R and ∆oxS
0/R, respectively, according to Eq. (25). The δ(pO2) points

used to fit Kox for T 6= 900 ◦C were obtained from interpolated data points of
temperature cycles at constant δ. The obtained standard enthalpy and entropy
of oxidation is given in Table 4 together with reported data for similar composi-
tions. There is a small difference in the value for the standard and partial molar
entropy of oxidation, Table 4 and Fig. 8 (a), from LSF to the B-site substituted
LSFAl, LSFTi and LSFTa, while the differences between the values of the three
B-site substituted compositions are less significant. The calculated partial molar
enthalpy of oxidation, insert in Fig. 8 (b), show a decrease in absolute value from
LSF to the B-site substituted compositions when plotted against the average oxi-
dation state of iron. The standard enthalpy of oxidation, Table 4, shows the same
trend for the materials in this work as deduced by comparing to the ∆oxH

0 for
La0.2Sr0.8Fe0.55Ti0.45O3−δ reported by Park et al. [21], i.e. the absolute value de-
creases with substitution. A lowering of ∆oxH with B-site substitution was also
shown for La0.3Sr0.7Fe1−xGaxO3−δ by Patrakeev et al. [19]. The decrease in abso-
lute value of the oxidation enthalpy with B-site substitution might suggest a lowering
of the iron-oxygen bonding strength and hence a thermodynamic destabilisation of
the perovskite phase. By partially substituting iron with a cation of higher valence
the increased coulombic attraction forces between the substituted cation and the

Fig. 10. Inverse temperature dependence of lnKox. Standard error bars are smaller
than the symbol size. Lines are linear fits to the data.
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Table 4. Standard entropy and enthalpy of oxidation for different com-
positions. The standard error of the fit is given as the value of uncer-
tainty.

∆oxS
0 ∆oxH

0

Composition [J mol−1 K−1] [kJ mol−1] Ref.

La0.2Sr0.8FeO3−δ -80.1 ± 0.4 -104.5 ± 0.4 This work
La0.2Sr0.8Fe0.8Ti0.2O3−δ -74.8 ± 0.4 -100.9 ± 0.4 This work
La0.2Sr0.8Fe0.8Ta0.2O3−δ -71.9 ± 0.6 -101.6 ± 0.6 This work
La0.2Sr0.8Fe0.55Ti0.45O3−δ -60.0* -77.4 [21]
La0.4Sr0.6FeO3−δ -81 ± 8 -108 ± 12 [4]
La0.5Sr0.5Fe0.8Ga0.2O3−δ -66 -92 [20]

* This value is not specifically presented in the cited paper but has been
calculated by extracting datapoints from a presented Kox vs. 1/T plot

oxygen anions are expected to increase the bonding strength and hence the stability
of the material. Regarding the ionic size in terms of bonding strength, substituting
iron with a cation of smaller size will be expected to lead to a contraction of the unit
cell yielding a shorter bond length with an increased overlap of the B-O-B bonds and
hence increase the bonding strength and vice versa for substitution with a cation of
larger size. The ionic radii of the different cations in this study are given in Table 2
together with the lattice constants calculated from X-ray diffraction data for the
different compositions. Al3+ is very small and following the reasoning above, partial
substitution with Al3+ could be expected to lead to unit cell contraction. However,
this is not the case in this study as the molar volume is larger for LSFAl compared to
LSF, moreover the oxidation enthalpy lower (cf. Fig. 8 (b)). Additionally, regarding
the Goldschmidt tolerance factor, τ [28], which approaches unity (ideal perovskite)
as the Fe on the B-site is substituted with a smaller cation, partial substitution with
Al3+ could be expected to increase the stability of the perovskite phase. The net de-
crease in oxidation enthalpy with partial substitution in LSF measured in this study
is therefore assigned to be mainly a lattice strain effect due to the B-site dopant’s
size mismatch with the substituted iron ions.

4.4 Electrical conductivity and carrier mobility

If we assume polaron hopping to be the main mechanism for electrical conductivity,
Fe4+ and Fe2+ will be the majority charge carrier for p-type and n-type conductivity,
respectively. By rearranging Eq. (8) and assuming that the electrical conductivity
is directly proportional to the number of charge carriers in the material, we then
have for a p-type conductor:

σ ∝ [Fe•Fe] ∝ p
1/4
O2

(32)

Similarly we will have for an n-type conductor:

σ ∝ [Fe′Fe] ∝ p
−1/4
O2

(33)
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The electrical conductivity as a function of pO2 measured at different temperatures
is shown in Fig. 11 (a). The conductivity for all compositions show a pO2 dependence
according to Eq. (32) at 900 ◦C and high pO2 values, which supports the assump-
tion of p-type polaron hopping. For LSFTa the pO2 power-dependence is closer to a
power of 1/5 at lower temperatures, Fig. 11 (b), indicating a change in the conduc-
tion mechanism of the material. Since the total concentration of iron is greater for
the unsubstituted LSF, the high conductivity may be interpreted as due to a higher
concentration of charge carriers. However, as described in section 4.2, the concen-
tration of Fe4+ is close to equal between the compositions and the conductivity must
therefore not only be governed by the number of charge carriers alone but also by
the nature of the B-site cations. The total conductivity in [S/cm] can be written as

σ =
F (pµp + nµn + 2δµV )

Vm
(34)

where F is the Faraday constant in [C/mol], Vm the molar volume in [cm3/mol] and
µp, µn and µV the mobilities in [cm2/V · s] of p-type (holes), n-type (electrons) and
ionic (oxygen vacancies) charge carriers, respectively. The solid lines in Fig. 11 (a)
correspond to the best fit of the conductivity data to Eq. (34) at pO2 ≤ 10−6 atm
assuming constant mobilities. When including the data at high pO2 , where p and
µp are dominating, the data could not be fitted under the assumption of constant
mobilities. Thus, only the data at low pO2 were included to decrease the effect
of p and µp on the fitting and the data for mobility of holes, µp, will be treated
more thoroughly later in this section. The obtained mobilities of electrons and
oxygen vacancies for LSFTi and LSFTa at 900 ◦C is given in Table 5.The values
from this study compares well with the data for La0.2Sr0.8Fe0.55Ti0.45O3−δ reported
by Park et al. [21], but with the oxygen vacancy mobility being slightly higher. The
electron and oxygen vacancy mobilities presented in Table 5 was calculated assuming
constant mobilities. Later in this section the hole-mobility is shown to vary with
δ and the electron and oxygen vacancy mobilities might also be dependent on the
non-stoichiometry. However, with the limited amount of data in the n-type region
it is difficult to investigate this further. Hence, the mobility given in Table 5 should
be regarded as approximate values.

Table 5. Mobility of electrons and oxygen vacancies at 900 ◦C.

µn µV Ref.
[cm2 V−1 s−1] [cm2 V−1 s−1]

La0.2Sr0.8Fe0.8Ti0.2O3−δ (9.6± 0.2) · 10−4 (1.01± 0.02) · 10−4 This work
La0.2Sr0.8Fe0.8Ta0.2O3−δ (1.22± 0.03) · 10−3 (9.7± 0.2) · 10−5 This work
La0.2Sr0.8Fe0.55Ti0.45O3−δ 1.8 · 10−3 3.9 · 10−5 [21]
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(a)

(b)

Fig. 11. (a) The total conductivity of LSFB. Data for LSF and LSFAl taken from

[29]. p
1/4
O2

and p
−1/4
O2

guide lines are added for reference. Solid lines are least square
fits of the data to Eq. (34) (b) The conductivity as a function of pO2 at different

temperatures for LSFTa. Lines are linear fits to the data. p
1/4
O2

and p
1/5
O2

guide lines
are added for reference.
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The partial conductivity and self-diffusion coefficient of a species i can be calculated
from the mobility of the species, viz [30]:

σi =
ciziF

Vm
µi (35)

Di =
RTVm
ci(ziF )2

σi (36)

where ci is the concentration of the species [mol/mol] and zi is the charge of the
species i. The ionic conductivity, σO2− , vacancy self diffusion coefficient, DV and
oxygen self-diffusion coefficient, DO, have been calculated by using Eq. (35) and (36)
and are summarized in Table 6. DV obtained by electrical conductivity relax-
ation for LSFTi and LSFTa at 900 ◦C have been reported as 7.02 · 10−6 cm2/s and
9.08 · 10−6 cm2/s, respectively [31], which compare quite well with those calculated
from the coulometric titration and conductivity measurements in this study. A more
thorough discussion on ionic conductivity and diffusion coefficients for the materials
in this study can be found elsewhere [31]. Also the values found here is close to the
value reported for La0.6Sr0.4FeO3−δ in [14].

Table 6. Ionic conductivity and vacancy self-diffusion coefficients at 900 ◦C.

σO2− DV DO Ref.
[S cm−1] [cm2 s−1] [cm2 s−1]

8% YSZ 9.42 · 10−1 - - [32]
La0.2Sr0.8Fe0.8Ti0.2O3−δ 1.57 · 10−1 5.11 · 10−6 5.67 · 10−7 This work
La0.2Sr0.8Fe0.8Ta0.2O3−δ 9.86 · 10−2 4.90 · 10−6 3.50 · 10−7 This work
La0.2Sr0.8Fe0.55Ti0.45O3−δ 3.5 · 10−2 - - [21]
La0.6Sr0.4FeO3−δ - 4.4 · 10−6 - [14]

At high pO2 we have p� n and by assuming µp � µV ••
O

Eq. (34) can be simplified
to

σ =
F

Vm
pµp (37)

and p can be calculated according to Eq. (15). The hole mobility calculated from
Eq. (37) as a function of δ is shown in Fig. 12 (a). There is a clear difference in the
mobility between LSF and the B-site substituted compositions LSFTi and LSFTa
which reflects the differences in conductivity. However, the difference in mobility
between LSFTi and LSFTa is rather insignificant. The hole mobility is not indepen-
dent of δ, but increase with the oxygen content, or in terms of electronic defects with
increasing amounts of Fe4+. It can clearly be seen in the case of LSFTa that the δ
dependence is stronger at lower temperatures. The effect of the variable mobility on
the conductivity can be seen in Fig. 12 (b) where the conductivity at 900 ◦C is pre-
sented as a function of the concentration of Fe4+. The solid lines represent a model
introduced by Søgaard et al. [14], corresponding to the best fit to Eq. (37) with
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(a)

(b)

Fig. 12. (a) Hole mobility as a function of δ. Dotted lines are guide to the eye. (b)
Conductivity as a function of concentration of Fe4+ at 900 ◦C. Solid lines are best
fit to the model presented in section 4.4 with the corresponding fitting parameter,
n, given for each plot.
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µp assumed proportional to ([Fex
Fe]− nδ) · [O

x
O], where n is a fitting parameter. The

fitting parameter, n, equals 2.38, 2.51 and 2.95 for LSF, LSFTi and LSFTa, respec-
tively, and the model fit very well with the experimental data. A variable µp with the
oxygen content have also been reported for La0.3Sr0.7Fe1−xGaxO3−δ (0 ≤ x ≤ 0.4)
[15, 19] and La0.4Sr0.6FeO3−δ [14]. Patrakeev et al. proposed the mobility depen-
dency on δ to possibly be due to the change in concentration of Fe–O–Fe bonds.
This is the responsible pathway for the polaron conduction in perovskites and will
yield a linear δ-dependency of µp. However, the mobilities presented in Fig. 12 (a)
show a small non-linearity, especially for LSFTa, and do also not show a direct pro-
portionality with the concentration of δ (i.e. concentration of Fe–O–Fe bonds). In
addition, the magnitude of the decrease in mobility with B-site substitution is not
consistent with the change in non-stoichiometry, and thus the magnitude of decrease
in Fe–O–Fe bonds. Consequently, the differences and relationships in mobility can
not be solely explained by the concentration of polaron pathways. A non-linear
relationship between mobility and δ may arise from an increased overlap of iron and
oxygen orbitals as the unit cell contracts for decreasing δ. This is suggested to be
a significant reason for the mobility dependency on δ observed for LSF, LSFTi and
LSFTa. The difference in hole mobility between the compositions might also partly
be an effect of a decreased orbital overlap accompanied by the molar volume increase
with B-site substitution (cf. Table 2). An increased overlap of the oxygen and iron
orbitals at decreasing δ, yielding a more delocalized behaviour [33], fits well with
the proposed scheme for the oxygen thermodynamics as discussed in section 4.3.

5 Conclusions

The oxygen non-stoichiometry of the materials La0.2Sr0.8Fe0.8B0.2O3−δ, B = Fe, Al,
Ti, Ta, as a function of temperature and oxygen partial pressure was determined by
coulometric titration and thermogravimetric analysis. A large difference in the non-
stoichiometry between the different compositions was shown and the main mech-
anism for charge compensation with B-site substitution at high temperature was
shown to be ionic compensation. Thermodynamic quantities were extracted from
the coulometric titration data and showed the configurational entropy to deviate
from the localized electron model with decreasing oxygen non-stoichiometry. The
deviation could be explained by a transition to itinerant electrons with decreas-
ing non-stoichiometry. The oxidation enthalpy showed a decrease in absolute value
with B-site substitution, suggesting a lowering of the B-O-B bonding strength and
thermodynamic destabilization. This was assigned to an effect of increased lattice
strain due to size mismatch between the substituted iron ions and the B-site dopants.
Thus the effect of lattice strain on the thermodynamic stability is larger than the
expected increase in stability from increased coulombic interaction forces by B-site
substitution with a high valent cation.

The electrical conductivity as a function of temperature and partial pressure of
oxygen was determined by a four-probe DC method. The p-type conductivity was
shown to decrease with B-site substitution due to a decrease in charge carrier mobil-
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ity. The hole mobility was shown to increase with δ, presumably due to an increase
in the concentration of Fe-O-Fe bonds and a larger overlap between iron and oxygen
ion orbitals at decreasing δ. The hole mobility was also shown to decrease with
B-site substitution due to a combined effect of coulombic interaction forces and
an increased molar volume yielding lower overlap between the iron and oxygen ion
orbitals.
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