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Preface

This thesis describes the work conducted to fulfil the requirements for the degree of
Philosophiae Doctor (Ph.D) at The Norwegian University of Science and Technology
(NTNU). The research was mainly conducted at The Department of Mechanical and
Industrial Engineering at NTNU from October 2018 to December 2021. Experiments
were also conducted at The Institute for Energy Technology (IFE) where the candidate
worked for three weeks in June and August 2020. Professor Roy Johnsen was the main
supervisor and Dr. Arne Dugstad was co-supervisor.

The work was part of the project ”Environmental Cracking of Flexible Pipe Armour
Wires”, Research Council of Norway project no. 280760 within the PETROMAKS 2
program. The project participants were The Research Council of Norway, Equinor, Shell,
Chevron, Petrobras, OKEA, TechnipFMC, NOV, Baker Hughes and 4Subsea.
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Abstract

Flexible pipes are widely used in oil and gas applications. They consist of several metallic
and polymeric layers, including a layer of tensile armour wires made from high-strength
carbon steels. The armour wires are closely packed and the environment in the annulus
contains gases that have permeated from the bore such as CO2, CH4, H2S and H2O.
This creates a corrosive environment in the flexible pipes, but the large surface area
of steel compared to the free volume of the annulus promotes formation of protective
films of iron carbonate or sulphides. Corrosion may however cause damage if there are
actively corroding areas in the steels or if the annulus is flooded with seawater due to
outer sheath damage. The retrieval of damaged pipes have shown features consistent
with hydrogen damage, and hydrogen embrittlement is therefore considered a possible
failure mechanism, either by cathodic polarization from a corrosion protection system
when the outer sheath is breached, or from hydrogen produced in the corrosion processes.

In this PhD project the environmentally assisted cracking of tensile steel armour wires
was investigated by measuring hydrogen uptake in six flexible pipe steel armour wires
with different microstructures in simulated environments and by mechanical tests on
smooth and notched samples exposed to air and simulated environments. The wires
were characterized to link the hydrogen uptakes and effect of hydrogen on mechanical
properties to microstructural properties. The wires had pearlitic-ferritic microstructures
with carbon contents from 0.28 to 0.83 wt% and were plastically deformed to different
degrees. Two of the materials with higher carbon contents had almost completely
pearlitic microstructures, with lamellar pearlite, while the other materials had globular
or partly globular carbides. The shape and distribution of carbide affects the tortuosity
of the hydrogen diffusion path, and a tortuosity factor was estimated to distinguish
this effect on the effective diffusion coefficients from the effect of hydrogen trapping
on the effective diffusion coefficients. The interface between cementite and ferrite is a
well-known hydrogen trap, and to investigate whether this is a significant factor on the
hydrogen uptake and diffusion, the interfacial area between ferrite and cementite was
also estimated for each material.

Electrochemical permeation tests were conducted under cathodic polarization to -12
mA cm−2 while exposed to deaerated NaOH. The permeability to hydrogen was highest
for the materials with finest grain size and lowest for the materials with largest grains,
which is an indication of enhanced permeability of hydrogen on grain boundaries. The
diffusion coefficients showed a tendency to decrease with the increase of ferrite-cementite
interfacial area, thus confirming the occurence of trapping on the ferrite-cementite
interfaces. The overall uptake of hydrogen in lattice and reversible traps was calculated
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using the permeation flux of hydrogen and the diffusion coefficients, but the hydrogen
uptakes did not show a strong correlation with the grain size nor ferrite-cementite
interfacial area. A clear difference in hydrogen uptake was observed between the two less
deformed materials compared to the materials with a more deformed microstructure.

Electrochemical permeation tests were also conducted in a simulated flexible pipe annulus
environment, where the wire materials were exposed to artificial seawater with H2S and
CO2 on the hydrogen entry side of the permeation cell. The hydrogen permeability did
not increase with finer grain size in these conditions. Protective film formation was
prevented by continuous pumping of electrolyte in and out of the corrosion compartment,
which kept the iron content low (< 10 ppmw). Ferrite dissolved preferentially, leaving
retained carbides on the surface. As the retained carbide area increased, the corrosion
rates increased while the hydrogen uptake decreased. The proposed mechanism for the
decreasing hydrogen uptakes with increasing carbide area is that the hydrogen adsorbed
far from ferrite will be prevented from absorbing in ferrite due to the low solubility
and diffusivity of hydrogen in cementite. The material with the lowest carbon content
and very fine carbide distribution had relatively stable corrosion rate and relatively
high hydrogen uptake. For the other materials, the rank of hydrogen uptake followed
the rank in corrosion rate and carbon contents. Whether the hydrogen uptakes were
directly increasing with the carbon contents or the corrosion rates could not be concluded.

Tensile tests were conducted for both smooth and notched samples in air and in 3.5%
NaCl while polarised to -1.4 V vs. Ag/AgCl, sat. KCl. The samples had increasing
susceptibility to hydrogen embrittlement with increasing carbon content, but the
notched samples showed a particular increase in hydrogen embrittlement susceptibility
for the lamellar materials. It was seen that the presence of hydrogen lead to more crack
initiation points, when comparing the fracture surfaces of samples tested under cathodic
polarisation to samples tested in air. For the notched samples, the maximum load and
crack-tip opening displacement at maximum load decreased for most of the materials
when exposed to cathodic polarisation compared to testing in air. The material with
lowest carbon content and highest ductility did not have significantly reduced properties
in the hydrogen charged environment.
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1 Introduction

1.1 Background

Flexible pipes are used both as risers and flow lines in oil and gas production. In 2016,
there were more than 3500 dynamic un-bonded flexible risers in operation worldwide
with design service lives of 15-20 years and an average age of 10 years [1]. A flexible
pipe consists of several polymer and metallic layers, as shown in Figure 1.1. The layer
structure is determined according to the specific conditions that are expected to arise
during the pipe’s lifetime. Most flexible pipes consist of the following layers [2, 3].

� Carcass: The innermost layer is made of a corrosion resistant alloy with interlocked
parts. It protects the pipe from external crushing.

� Polymer sheath: This polymer is placed outside the carcass to limit the transport
of chemical components from the bore to the outer layers.

� Pressure armour: This layer is applied to resist internal pressure, but can be
excluded when the tensile armour wires are wound at a 55◦ angle [1].

� Tensile armour: High-strength carbon steel wires wound at a 25-55◦ angle to the
longitudinal direction [4]. The armour consists of two layers wound in opposite
directions. Anti-wear tape is often placed in between layers.

� Outer polymer sheath: The outer layer is a polymer sheath that protects the
pipe from the corrosive seawater outside.

Figure 1.1: Structure of a flexible pipe. Figure from [3].
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1. Introduction

This work focuses on the tensile armour wires. In deep-water applications the tensile
armour must withstand both static and dynamic loading with high alternating stresses
[5], and the yield strength of the tensile armour is typically in the range of 700 to 1400
MPa [1]. The environment in the annulus, where the tensile armour wires are positioned,
is confined and rich in dissolved species. The free volume to steel surface area ratio is
typically between 0.005 and 0.1 ml cm−2 [2, 3, 6]. The annulus can contain gases such
as CO2, CH4, H2S and H2O that have permeated from the bore through the polymer
sheath into the annulus. When the outer sheath is damaged, substantial amounts of
seawater and oxygen may also enter the annulus and affect the environment [7, 8].
The accumulation of gases and water in the annulus is dependent on the permeation
through internal and external polymer sheaths, draining systems at the end fittings,
the structure of the flexible pipe, the polymer sheaths, conditions in the bore (e.g.
pressure, temperature and bore fluid composition) and external conditions (e.g. seawater
temperature and depth) [9]. The H2S content in the bore is often low, with partial
pressures less than 100 mbar, and the diffusion from bore to annulus is slow, resulting
in low flow rates of H2S [6]. The amount may be so small compared to the exposed steel
area that all the gas is consumed in production of FeS. The temperature in the annulus
is typically between 20 and 80◦C, depending on the temperature in the bore and the
thermal properties of the structure [2]. Uniform corrosion rates below 10 µm y−1 have
been reported for typical annulus environments [3]. The low corrosion rates have been
attributed to the precipitation of protective iron carbonate films. The films are formed
by super-saturation of iron ions in the presence of CO2 that leads to increased pH and
accelerated precipitation [3]. When H2S is present, the corrosion films also contain FeS
[10]. However, the protective films may be weakened or prevented from forming in the
event of oxygen or seawater ingress, continuous water condensation or partial inhibition.

Figure 1.2: Damaged flexible pipe. Image from [11].

The integrity of a flexible pipe is determined by the cross-section design, global system
design and fabrication quality [12]. The complexity of the pipe design makes repairs
difficult. The degradation and failure mechanisms must be well understood to make
good pipe designs with adequate margins against failure. Several failures have occurred
due to integrity issues that were not predicted [8]. Investigations of recovered pipes have
sometimes shown severe unexpected degradation, but there have also been occasions
where satisfactory pipe conditions for continued operation were found [12]. Possible
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1. Introduction

failure mechanisms for the tensile armour wires include failure by rupture, compression
failure, torsional failure, fatigue or corrosion from seawater exposure or exposure to
diffused species [13]. Figure 1.2 shows burst damage on a flexible pipe that had been
in operation for 15 years. See also Figure 1.3, which shows corroded tensile armour wires
in the same pipeline. The required performance of flexible pipes is continuously expanded
as the oil and gas production occurs at deeper waters and higher temperatures [14], and
the H2S content in the well-fluid is increasing [6]. This creates a conflict of interest, since
high strength steels generally have a lower resistance to hydrogen embrittlement.

(a) Outer surface of wires (b) Inner surface of wires

Figure 1.3: Damaged flexible pipe armour wires. Image from [11].

1.2 Objectives and scope

Acquiring knowledge about the possible failure mechanisms of flexible pipes will both
improve new pipe designs and increase the knowledge basis for evaluation of lifetime
extension. In this PhD project the environmentally assisted cracking of six types of steel
tensile armour wires was investigated by measuring the hydrogen uptake in the wires
in simulated environments and by tensile tests on smooth and notched samples in air
and during hydrogen exposure from cathodic polarisation. Two types of environments
were used in the experimental work. When the materials were exposed to cathodic
polarisation, the samples were free from corrosion products and the electrolyte was a
3.5 % NaCl solution. For hydrogen uptake measurements in a corrosive environment at
open circuit potential (OCP), artificial seawater containing CO2, and sometimes H2S,
was used while the iron content was kept low by replacing the electrolyte continuously.
This environment is much more aggressive than the environment inside the flexible pipe
annulus and is simulating more actively corroding areas without a protective film. The
aggressive environment was chosen since tensile wires normally do not fail under normal
operating conditions. The scope was limited to testing at room temperature or 25◦C
and ambient pressures. The effects of lubricants, inhibitors and anti-wear tape were not
included in the scope.
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1. Introduction

The main objectives of this work are given below:

� Investigate how the microstructure of steel armour wires for flexible pipes affects
the relative hydrogen uptake during cathodic polarisation.

� Quantify the diffusible hydrogen uptake in steel armour wires for flexible pipes
during exposure to simulated corrosive CO2 environments with and without H2S.

� Investigate the interplay between corrosion, hydrogen uptake and microstructure of
steel armour wires for flexible pipes.

� Investigate the effect of hydrogen on the mechanical properties of steel armour wires
for flexible pipes on a macro scale.

1.3 Thesis overview

This thesis is based on four research papers that resulted from the Ph.D. work. Three of
the papers are journal papers, while the last paper is a peer-reviewed conference paper.
These are given in the appendix. The details of the papers and contributions of each
author are presented below. The chemical composition of the wires, which is included
in all the papers, was estimated by glow-discharge optical emission spectroscopy and
conducted by Sergey Khromov at the Department of Materials Science and Engineering
at The Norwegian University of Science and Technology.

Paper I

Ellen S. Skilbred, Mariano Kappes, Mariano Iannuzzi and Roy Johnsen. Hydrogen
uptake and diffusivity in steel armor wires with different chemical composition, carbide
distribution, grain size, and degree of deformation. Materials and Corrosion (2021).
Doi: 10.1002/maco.202112615. Published online 08.11.2021.

Contributions:

� Ellen Synnøve Skilbred planned and executed the experimental work, analysed the
data and prepared the manuscript.

� Mariano Kappes, Mariano Iannuzzi and Roy Johnsen, contributed with intellectual
discussions, data analysis and editing of the manuscript.

Paper II

Ellen S. Skilbred, Simona Palencsár, Arne Dugstad and Roy Johnsen. Hydrogen uptake
during active CO2-H2S corrosion of carbon steel wires in simulated annulus fluid.
Corrosion Science (2022). Doi: 10.1016/j.corsci.2022.110172.
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1. Introduction

Contributions:

� Ellen Synnøve Skilbred planned and executed parts of the experimental work,
analysed the data and prepared the manuscript.

� Simona Palencsár executed parts of the experimental work, and contributed also
with planning experiments, intellectual discussions, data analysis and writing of the
manuscript.

� Arne Dugstad and Roy Johnsen contributed with planning experiments, intellectual
discussions, data analysis and editing of the manuscript.

Paper III

Ellen S. Skilbred, Aleksander Myhre, Luigi Viespoli, Antonio Alvaro and Roy Johnsen.
Correlation between microstructure and hydrogen embrittlement susceptibility of flexible
pipe steel armor wires measured by slow strain rate testing of notched samples. To be
submitted.

Contributions:

� Ellen Synnøve Skilbred planned and executed the experimental work, analysed the
data, extracted data from the finite element models and prepared the manuscript.

� Aleksander Myhre contributed with preparation of the experimental rig, analysis
of data, intellectual discussions and editing of the manuscript.

� Luigi Viespoli created finite element models and contributed with intellectual
discussions and editing of the manuscript.

� Antonio Alvaro and Roy Johnsen contributed with intellectual discussions and the
planning and execution of experiments including data analysis as well as editing of
the manuscript.

Paper IV

Ellen S. Skilbred, Signe A. Lootz and Roy Johnsen. Hydrogen embrittlement
susceptibility of steel armour wires for flexible pipes. CORROSION 2020, physical event
cancelled but the paper was published, June 2020. Paper no. C2020-14489.

Contributions:

� Ellen Synnøve Skilbred planned and executed some of the experimental work,
analysed the data and prepared the manuscript.
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2 Corrosion in aqueous CO2 and H2S
environment

When the flexible pipe annulus is wet, the liquid inside is highly saturated with corrosion
products due to the low free volume in the annulus compared to the area of the steel
armour wires. The annulus contains species that have diffused from the bore, e.g. CO2,
H2S and H2O, and can also contain seawater and oxygen if the outer sheath is damaged.

This chapter describes the mechanisms of aqueous CO2 and H2S corrosion for carbon
steels, with focus on conditions that are relevant for corrosion in flexible pipe annulus.

2.1 CO2 corrosion in aqueous environments

2.1.1 Corrosion mechanism

CO2 forms carbonic acid, H2CO3, when dissolved in water [15]

CO2 +H2O −→ H2CO3 (2.1)

Carbonic acid is a weak acid which partially dissociates in two steps [16]

H2CO3 ⇔ H+ +HCO−
3 (2.2)

HCO−
3 ⇔ H+ + CO2−

3 (2.3)

The most likely cathodic reactions during pure CO2 corrosion include [15, 17]

2H+ + 2e− −→ H2 (2.4)

H2CO3 + 2e− −→ H2 + 2HCO−
3 (2.5)

H+ is continuously provided by water dissociation as well as the dissociation steps of
H2CO3. The main anodic reaction is the dissolution of iron

Fe −→ Fe2+ + 2e− (2.6)

The presence of CO2 is known to increase the corrosion rate of pipeline steel, but the
mechanism is not completely understood. A recent study [18] showed that the increased
corrosion rates of mild steel in acidic CO2 solutions occurred mainly due to enhanced
iron dissolution rates (Equation (2.6)). The cathodic limiting currents increased with
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2. Corrosion in aqueous CO2 and H2S environment

the CO2 partial pressure, but the charge-transfer was not affected, and the observation
was linked to the buffering ability of dissolved CO2 and H2CO3.

When the concentrations of Fe2+ and CO2−
3 exceed their solubility limits, iron cabonate

can be formed, and the overall reaction for CO2 corrosion is

Fe + CO2 +H2O −→ FeCO3 +H2 (2.7)

The driving force for FeCO3 precipitation is the supersaturation or saturation ratio,
SFeCO3 , defined as

SFeCO3 =
aFe2+aCO2−

3

Ksp,FeCO3

(2.8)

where aFe2+ and aCO2−
3

are the activities of iron and carbonate ions, respectively, and
Ksp,FeCO3

is the solubility product of FeCO3. Precipitation usually occurs close to the
steel surface since the concentration of Fe2+ is highest there. Several models have been
proposed for the relation between Ksp,FeCO3

and temperature. According to a review from
2018 [19], one of the most common models for Ksp,FeCO3

was proposed by Greenberg and
Tomson [20]:

log(Ksp,FeCO3
) = −59.2385− 0.041377(T )− 2.1963

T
+ 24.5724 log(T ) (2.9)

where T is the absolute temperature. A constant in the model was modified by [21] and
the ionic strength, I, was included to enable the use of concentrations of Fe2+ and CO2−

3

rather than activities:

log(Ksp, FeCO3
) = −59.3498− 0.041377(T )− 2.1963

T
+ 24.5724 log(T )

+2.518(I0.5)− 0.657(I) (2.10)

where I is a function of the specie concentrations in the aqueous solution, ci, in mol L−1,
and the specie charge zi

I =
1

2

∑
i

cizi =
1

2
(c1z1 + c2z2 + ...) (2.11)

For ferritic-pearlitic steels, the dissolution of iron from the ferrite phase can leave a
retained Fe3C structure on the surface [22–24]. A network of retained carbides is shown
in Figure 2.1. Fe3C is electrically conductive and a main site for cathodic reactions
during CO2 corrosion. Hence, if the retained Fe3C stays in contact with the steel
surface, the cathodic reactions are enhanced and the dissolution of ferrite accelerated
[22, 25]. This can result in a higher corrosion rate and increased OCP [24]. The retained
Fe3C can form a thick porous layer, which can act as a barrier to diffusion of Fe2+ and
hence increase SFeCO3 and promote the formation of FeCO3 within the network [26–28].
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2. Corrosion in aqueous CO2 and H2S environment

Pearlite regions have been observed to anchor the FeCO3 to the surface and improve
corrosion protection [29], but it has also been proposed that carbide layers can promote
corrosion by internal acidification which prevents FeCO3 precipitation [26, 28, 30].

A well-protecting FeCO3 film acts as a diffusion barrier for the cathodic reactants and
can reduce the corrosion rate to below 10 µm y−1 [31]. The protection of the FeCO3

film increases with the pH [32] and the supersaturation of iron, which can be facilitated
by stagnant conditions [33]. Porous films give less protection, and although the film
accumulation may be higher at lower temperatures, the corrosion protection will not
be effective if the film is porous. The presence of carbonate-forming cations like Mg2+

and Ca2+ can affect the composition and protectiveness of carbonate layers formed
during CO2 corrosion, for example by precipitation of mixed Fe, Mg and Ca scales [34],
non-protective calcium carbonate (CaCO3) [35] or porous, Ca-enriched FeCO3 [36]. The
FeCO3 film can also suffer from localized attacks due to low pH [37], and the presence
of O2 [38, 39].

Figure 2.1: Iron carbonate and retained carbides formed by CO2 corrosion of a
ferritic-pearlitic steel.

2.1.2 Effect of microstructure

Both steel composition, thermomechanical processing and microstructure can influence
the corrosion rate and mechanism observed in CO2 environments.

The presence of elements Cr and Mo in solid solution can improve the corrosion resistance
of steels in CO2 environment [26, 40]. Cr improves the corrosion resistance by formation
of a stable chromium oxide, and amounts from 0.5 to 3 wt% are considered beneficial.
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Mo is considered beneficial in concentrations 0.15-0.25 wt%, typically in combination
with Cr [19]. The beneficial effect of Cr and Mo on corrosion depends on their presence
in solid solution. Both Cr and Mo are carbide forming elements, and heat treatments
can deplete the alloy for these elements and give increased corrosion susceptibility. The
addition of stronger carbide formers, like V, Ti and Nb, is considered beneficial for
keeping a higher fraction of the Cr and Mo in solid solution.

The effects of carbon content, heat treatments and carbide morphology on CO2 corrosion
have been studied in several publications. Yudin et al. [41] investigated the effect of heat
treatment and microstructure in steel 20 (0.17 wt% C) on corrosion rate in 3% NaCl with
CO2 at ambient temperatures and 120 h exposure. The results showed that the samples
with martensite had a higher corrosion rate than the ferritic-pearlitic samples, and that
shape of pearlite, lamellar vs. granular, did not have a noticeable effect on corrosion
rate. Lopez et al. [42] investigated the corrosion properties of a 0.38 wt% carbon steel
heat treated to form two different microstructures: An annealed sample with ferrite and
lamellar pearlite, and a quenched and tempered sample with an even distribution of
globular cementite particles. The test solution was 5 % NaCl saturated with CO2. The
corrosion layer thickness of both samples was up to 25 µm, but the morphology was
different, as the lamellar cementite remained un-corroded on the surface.

Al-Hassan et al. [40] investigated the effect of steel microstructure on corrosion rate in
aqueous CO2 environment at temperatures between 38 and 65◦C. The steels had carbon
contents up to 0.78 wt% and samples with different heat treatments were tested for each
of the materials. For iron and the plain carbon steels, the corrosion rate increased with
increasing carbon content. The lowest corrosion rates were observed for pure iron, which
formed no corrosion scales. Several samples of an X-52 steel were tested after different
heat treatments. At temperatures below 51◦C, no protective FeCO3 was formed on the
X-52 steel samples, and there was a trend of lower corrosion rates for annealed samples,
and higher corrosion rates for the as-received material. For the quenched and tempered
samples, a higher tempering temperature gave a lower weight loss. This was attributed
to the coarsening of carbide particles with tempering temperature, which gives a smaller
ferrite-carbide interfacial area. Similarly, higher corrosion rates observed in normalized
samples compared to annealed samples were attributed to the increased area of contact
between pearlite and ferrite grains in the normalized steel.

Ochoa et al. [43] tested the CO2 corrosion resistance of an API X42 steel with samples of
four different heat-treatments in a 0.5 M NaCl solution bubbled with CO2. The corrosion
resistance increased in the order banded < normalized < quenched and tempered <
annealed. It was especially the cathodic current densities that were affected by the
microstructural changes. The quantity of FeCO3 on the steel surface was higher for
annealed, and quenched and tempered steels than the other samples.
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2.2 H2S corrosion in aqueous environments

H2S is a weak acid which partly dissociates in two steps [44]

H2S ⇔ H+ +HS− (2.12)

HS− ⇔ H+ + S2− (2.13)

The main mechanism behind H2S corrosion is much less understood than the mechanism
of CO2 corrosion [45]. A recent review summarised the following anodic reactions for
H2S corrosion [46]

Fe + H2O+H2S ⇔ FeSH−
ads +H3O

+ (2.14)

FeSH−
ads ⇔ Fe(SH)ads + e− (2.15)

Fe(SH)ads ⇔ +FeSH+ + e− (2.16)

FeSH+ +H3O
+ ⇔ Fe2+ +H2O+H2S (2.17)

2FeSH+ ⇔ FeSads + SH− +H+ + Fe2+ (2.18)

2n FeSads −→ 2n Fe2S2 −→ 2n FeSmackinawite (2.19)

The cathodic reactions are [44]

2H+ + 2e− −→ H2 (2.20)

H2S + 2e− −→ HS− +H2 (2.21)

2HS− + 2e− −→ 2S−2 +H2 (2.22)

The H+ ions originates from water dissociation and from the dissociation of H2S in
reactions (2.12) and (2.13). In the absence of protective corrosion layers, the corrosion
rates in H2S environment have been shown to increase with the partial pressure of
H2S [47]. H2S can affect both cathodic reactions and the anodic reactions [47]. For
example, Cheng et al. [48] investigated the influence of pH and H2S concentration on
corrosion of iron in acid solutions, and found that the anodic dissolution was accelerated
by pH and H2S until the ratio of H2S concentration to H3O

+ concentration exceeded 101.5.

The first FeS precipitate is in the form of mackinawite [49]. Mackinawite is expected
to be formed on the steel surface from adsorbed FeS, see Equation (2.19), which gives
a good adhesion of corrosion products [50]. Mackinawite can precipitate as nano-sized
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platelets which are difficult to detect with classical X-ray diffraction (XRD), since this
technique relies on many repetitions of a periodic lattice, and this has led to wrongful
characterization of mackinawite as amorphous FeS [51]. Mackinawite has also been
reported as non-stochiometric, but this has also been disproved [52]. Accoring to Wen
et al. [46], the FeSads is the amorphous FeS and the most common corrosion product
formed for carbon steels in H2S environment, and according to Rickard et al. [51],
mackinawite is usually the major constituent of precipitated FeS.

In addition to mackinawite, the other solid phases in the Fe-S system are cubic FeS,
troilite, pyrrhotite, smythite, greigite, pyrite and marcasite [51]. Their properties are
listed in Table 2.1. Mackinawite is one of the most common corrosion products for H2S
corrosion at temperatures below 100◦C [46]. Cubic FeS is mainly found for temperatures
below 60◦C, while troilite, pyrrhotite and pyrite typically form at high temperature
and high H2S pressure [46]. The iron sulphides are usually reported as conductive or
semi-conductive, but the reported conductivities are often deviating [53]. The corrosion
product films formed in H2S environment can consist of several of these phases, which
gives a variety of electrochemical behaviours observed [46], for example double layers
which have been reported to act as diffusion barriers for electrochemical species [54, 55]
and which have been reported to retard the charge transfer kinetics of both anodic and
cathodic reactions [56].

Table 2.1: Properties of iron sulphide compounds. From [53] and [51].

Material Composition Lattice Stability
Mackinawite Fe1−xS, x = 0.005-0.025 Tetragonal Metastable
Cubic FeS FeS Cubic Highly unstable phase
Troilite FeS Hexagonal
Pyrrhotite Fe1−xS Hexagonal

Fe7S8 Monoclinic
Smythite Fe9S11, Fe7S8 Hexagonal Metastable
Greigite Fe3S4 Cubic Metastable
Pyrite FeS2 Cubic Stable iron(II)disulphide
Marcasite FeS2 Orthorhombic Metastable iron(II)disulphide

2.3 Corrosion in aqueous environments with both

H2S and CO2

The corrosion of steel in aqueous environments containing both H2S and CO2 can be
affected by all the chemical reactions mentioned in this chapter so far. A low H2S
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concentration in CO2 environment can increase CO2 corrosion by promoting anodic
dissolution through sulphide adsorption and affecting the pH, but the CO2 corrosion
can also be decreased by the formation of a protective sulphide scales [26]. For oil and
gas corrosion in CO2 and H2S environment, Smith and Pacheco [57] listed the following
species as the main corrosion products: Fe2+, FeCO3, mackinawite, cubic FeS, pyrrhotite
and pyrite. Generally, pyrrhotite and pyrite are formed at higher H2S concentrations
than mackinawite and cubic FeS, and cubic FeS is typically found at higher temperatures
than mackinawite.

The corrosion mechanism for steels under combined H2S and CO2 exposure depends
on the H2S/CO2 ratio. In experiments where low carbon steels were exposed to NaCl
solutions with CO2 and <3 mbar H2S, Kvarekv̊al et al. [58] found that CO2/H2S ratios
of 1200-1500 resulted in formation of thin iron sulfide films (1-10 µm) but no iron
carbonates. For CO2/H2S partial pressure ratio of 4500, mixed sulfide/carbonate films
were detected on the steel surface. Thermodynamic solubility data were in favour of
iron sulfide formation under these conditions, and the coexistence of FeS and FeCO3 was
attributed local depletion of sulfide ions within the corrosion product films.

In oil and gas systems, the average corrosion rates are often lower in sour conditions
compared to systems with CO2 and no H2S (sweet corrosion). However, the corrosion
rate can be high in some areas of the surface in the event of localized corrosion. Localized
corrosion attacks can act as stress-concentrators and can decrease the load-bearing
ability of a component when the attack is deep. Localized corrosion can be difficult
to detect since the pits and trenches can be covered beneath un-protective corrosion
products. Pessu et al. [59] observed a higher pitting initiation rate for the combined
presence of CO2 and H2S exposure, compared to the presence of each gas individually.
Esmaeely et al. [60] found a threshold H2 concentration for formation of localized attacks
for a mild steel. For H2 contents below 100 ppm and pH2/pCO2 < 10−4, the mackinawite
layer was unstable and the steel suffered from localized corrosion.

One of the characteristics of the flexible pipe annulus environment is the high
surface-to-volume ratio which gives a high iron saturation and promotes formation of
corrosion products. Dugstad et al. [10] examined how the introduction of H2S affects
protective films and corrosion of flexible pipe steel armour wires. The wires were
exposed to a CO2 solution with high iron concentration, and formed protective FeCO3

films before H2S was added to the environment. The effect of H2S was described as
follows: When the precipitation of FeS consumes Fe2+ at a higher rate than the corrosion
produces new Fe2+, the concentration of Fe2+ decreases. When SFeCO3 = 1, the FeCO3

starts to dissolve. When the majority of the FeCO3 is dissolved, the concentration of
Fe2+ can decrease further. For a test where 1 kPa H2S was added to a NaCl solution
with 0.02 MPa CO2 after 150 h of exposure, only traces of FeCO3 was left on the steel
surface after 285 h of exposure to H2S.

Another characteristic of the flexible pipe annulus environment is that the amount of H2S
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can be small and can be consumed in the corrosion processes. Since the presence of H2S
has been responsible for hydrogen damage failures, the depletion of H2S due to corrosion
can be considered positive from an engineering perspective. Several models have been
made to predict the annulus environment in flexible pipes [9, 61, 62]. A permeability
model calibrated with full scale tests and field cases was developed by Taravel-Condat
et al. in 2002 [9, 62]. The model considered the permeation of CH4, CO2, H2S and H2O
from bore, temperature gradient through the structure and its effect on the permeation
coefficients, the shielding effect of the steel on the internal plastic sheath, thermodynamic
phase equilibrium in the annulus, water condensation and gas release out of the annulus
through gas-release valves. The same model was used later to show that, given a small
H2S amount in bore and a large steel surface to electrolyte volume ratio, the H2S amount
in annulus is lower than the amount estimated at steady state because of significant H2S
consumption [6].
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3 Environmentally assisted cracking

Environmentally assisted cracking (EAC) is a general term for embrittlement mechanisms
caused by a combination of environmental factors and tensile stress [63]. This is often
observed as brittle fracture of materials that are normally failing in a ductile manner.
EAC is dependent on three types of factors: environmental, metallurgical and
mechanical. Temperature, pH and presence of chemical species are examples of
environmental factors. The metallurgical factors include microstructure, alloy and phase
composition. Mechanical factors can be cyclic or static loading, and residual stresses.

The proposed mechanisms for the environmental enhancement in EAC include [45]:

� Enhanced plastic rupture or decohesion caused by hydrogen or liquid metal
adsorption or absorption.

� Crack growth by highly localised corrosion process, which is intensified by local
plastic deformation. This is often called slip-dissolution or slip-oxidation.

� Film-induced substrate fracture, also called film-induced cleavage.

� Creep-like mechanisms, e.g. surface mobility and vacancy injection.

Examples of EAC mechanisms are hydrogen embrittlement (HE), liquid metal
embrittlement (LME), stress corrosion cracking (SCC), sulphide stress cracking (SSC)
and corrosion fatigue (CF) [64]. LME is environmental cracking caused by contact
with a liquid metal [63]. SCC is cracking in a material due to combined corrosion and
sustained tensile stress. SCC fractures can be driven by anodic dissolution and HE, due
to hydrogen ingress from cathodic reactions [65]. In the presence of H2S, the mechanism
is defined as SSC. CF is an EAC mechanism where both a corrosive environment and
cyclic loading are influencing the fracture mechanism.

The EAC mechanisms may be labelled differently depending on small changes in the
three determining factors. For SCC and HE, there is a sensitivity to strain rate where
a too high strain rate gives a fracture mode that is not affected by hydrogen. A very
low strain rate can give a failure mechanism controlled purely by corrosion rather than
SCC. For CF, a very high load or frequency makes the fracture mechanism manifest as a
pure fatigue fracture, while a very low frequency or load in a corrosive environment can
lead to a pure corrosion failure mechanism. Another example is the definitions of SCC
and SSC in ANSI/NACE standard TM0177-96 [66], which considers the combination
of tensile stress and corrosion in aqueous H2S-containing environments as SSC at room
temperature and SCC for higher temperatures.
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HE is defined as embrittlement caused by the presence of hydrogen within a metal
or alloy [63], but the term can also be used more specifically about embrittlement
mechanisms that depend on the presence of atomic hydrogen in the material. HE
susceptibility is typically analysed by destructive mechanical tests, but HE does not
necessarily lead to failure in the field. In the next section, several hydrogen damage
mechanisms are discussed to elaborate the differences between mechanisms relying on
atomic hydrogen vs. hydrogen gas, and damage related to applied stress vs. damage
related to internal stresses.

3.1 Hydrogen damage mechanisms

Hydrogen can degrade the mechanical properties of materials and cause damage by several
mechanisms. Some of these are illustrated in Figure 3.1. The effect of hydrogen on
physical and mechanical properties is usually seen in one or more of the following forms
[67]

� Internal cracks, pores or blisters resulting from a pressure build-up of hydrogen
gas, which can be entrapped from production steps or arise from recombination
of atomic hydrogen. This type of failure is associated with the internal pressure
theory [68].

� Formation of brittle hydrides. This mechanism was first described by Westlake [69]
and only occurs for hydride-forming materials, such as Ti, Zr, Nb and V.

� A change of fracture mechanism due to hydrogen which is not associated with the
formation of hydrides or hydrogen gas. Here, we refer to this as hydrogen-assisted
cracking (HAC).

This classification describes the appearance of the observed hydrogen damages, but
the hydrogen damage mechanisms are also distinguished by the presence or absence of
applied stress. Hydrogen stress cracking (HSC) is defined as cracking under the combined
action of tensile stress and the presence of hydrogen [63], and can be considered a form
of HAC. HSC can be caused by HE, but HE does not necessarily lead to cracking [67].

Failures related to the pressure of H2 gas are not considered EAC mechanisms, as they
do not rely on applied stress. Gaseous hydrogen can cause stepwise cracking (SWC) or
individual smaller cracks, called hydrogen induced cracking (HIC). For stress oriented
hydrogen induced cracking (SOHIC), the formation of cracks is driven by both atomic
and molecular hydrogen [45]. The occurrence of the different types of hydrogen damage
mechanisms depends both on environmental factors and on material properties. For
example, the hydrogen-related cracking of high strength steels is often in the form of HE,
whereas softer steels may suffer from hydrogen pressure induced cracking [45].
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Figure 3.1: Hydrogen damage mechanisms illustrated. Figure from [67].

3.2 Hydrogen embrittlement of steels

Hydrogen has on many occasions been observed to cause brittleness and premature failure
in metals. HE happens as a consequence of metallurgical, environmental and mechanical
factors, similarly to EAC in general. Among the main sources of hydrogen in steels
are welding, acid pickling, degreasing and cleaning, electroplating, phosphating, painting
and corrosion in service [70]. For the steel armour wires in flexible pipes, corrosion and
cathodic polarisation are the most relevant sources of hydrogen and the following sections
focus on hydrogen embrittlement under these conditions.

3.2.1 Hydrogen entry from aqueous solutions

During cathodic polarisation and corrosion of metals in aqueous solutions, hydrogen
ions can adsorbe on the surface and recombine to hydrogen gas, see Equation (2.4)
and (2.20). The adsorption process is called the Volmer reaction [45] and will happen
according to Equation (3.1) in acid solution and Equation (3.2) in neutral and alkaline
solutions:
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H3O
+ + e− −→ Hads +H2O (acidic solution) (3.1)

H2O+ e− −→ Hads +OH− (neutral or alkaline solution) (3.2)

The adsorbed hydrogen can react further by the Tafel reaction in Equation (3.3) and
the Heyrovsky reaction in Equation (3.4) and (3.5) [45].

Hads +Hads −→ H2 (3.3)

Hads +H3O
+ + e− −→ H2 +H2O (acidic solution) (3.4)

Hads +H2O+ e− −→ H2 +OH− (neutral or alkaline solution) (3.5)

Alternatively to forming H2 gas, the adsorbed hydrogen may absorb into the metal [45].

Hads −→ Habs (3.6)

The absorbed hydrogen can then diffuse into the steel and cause embrittlement. There
are chemical species that enhance the hydrogen uptake by promoting reaction (3.6) and
demoting reactions (3.3)-(3.5). These are called hydrogen recombination poisons and
include elements S, P and Pb [71], and H2S [46].

3.2.2 HE mechanisms

Several theories have been proposed to explain how atomic hydrogen causes embrittlement
including hydrogen enhanced localized plasticity (HELP) [72, 73], hydrogen enhanced
decohesion (HEDE) [74], adsorption-induced dislocation emission (AIDE) [75], hydrogen
enhanced strain-induced vacancies (HESIV) [76] and the defactant theory [77].

The HELP mechanism is based on observations of dissolved hydrogen facilitating
dislocation movement [78]. The mechanism is illustrated in Figure 3.2. The enhanced
movement of dislocations and higher hydrogen concentration lead to more micro-void
formation ahead of the crack-tip than in the absence of hydrogen. Fracture surfaces in
the environment will therefore have smaller dimples than the fracture surface of the same
material tested in air. Both transgranular and intergranular fracture are possible. The
HELP mechanism is supported by experimental observations of enhanced dislocation
formation and mobility in the presence of hydrogen [79, 80].
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Figure 3.2: HELP mechanism illustrated. Figure from [81].

The HEDE mechanism involves high concentrations of atomic hydrogen weakening
interatomic bonds to the extent that tensile separation is easier than slip [78]. The
mechanism is illustrated in Figure 3.3. The hydrogen can be adsorbed near the crack-tip
or absorbed in the lattice or at trapping sites ahead of the crack-tip. There may be some
dislocation activity accompanying the decohesion, but not enough to blunt the crack
tip. The HEDE theory is supported mainly by quantum-mechanical calculations which
support the concept of hydrogen weakening of interatomic bonds leading to HEDE [82]
and modelling of fracture energy in metals when hydrogen is present as a mobile impurity
[83].

Figure 3.3: HEDE mechanism illustrated. Figure from [81].

During ductile crack growth, dislocations are nucleated in the plastic zone ahead of
cracks while dislocation emission at the crack tip is limited. The adsorption-induced
dislocation emission (AIDE) theory suggests that hydrogen adsorbed on the crack
tip facilitates dislocation nucleation and movement here [78]. Hydrogen is assumed
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to promote dislocation formation near the crack-tip by weakening the atomic bonds
that must be broken for the dislocation to be formed. Dislocation formation always
involves displacement of atoms, and on a surface this requires breaking and reforming of
interatomic bonds. This process creates a surface step near the crack tip. The dislocation
nucleation is the most critical step of the process, since the dislocation movement is
facilitated by the applied stress. Void formation at sites like particles and slip-band
intersections require lower stress than dislocation nucleation, and voids are therefore also
contributing to the crack propagation in the AIDE theory. The coalescence of cracks
with voids occur at lower strains during AIDE than during exposure to inert conditions,
and the fracture surface is therefore expected to have shallower and smaller dimples than
a fracture surface formed in inert conditions. The AIDE mechanism is supported by
atomistic simulations [82, 84] and by observations of hydrogen accumulation on surface
ridges in iron-alloys corresponding to slip traces for b.c.c lattice [85].

The HESIV and defactant theories were proposed more recently than the HELP, HEDE
and AIDE theories. The HESIV mechanism is based on observations of enhanced
formation and agglomeration of vacancies in the presence of hydrogen, and consequently
decreased ductile crack growth resistance [76]. It is supported by observations of
increased vacancy formation and clustering in the presence of hydrogen [86] and lower
formation enthalpy of vacancies in presence of hydrogen [87]. The defactant theory is
based on atoms segregating to defects in solids to reduce their formation energy, in
a manner analogous to how surfactants reduce surface energies in liquids [77]. The
defactants enhance the formation of defects and leads to higher plasticity.

3.2.3 Hydrogen solubility in lattice

The hydrogen solubility, Co, in body centered cubic (bcc) iron is given by a Sievert-type
equation [88].

Co = 0.00185P 0.5 exp

(
−3440

T

)
(3.7)

Equation (3.7) gives the hydrogen solubility in unit atom H per atom Fe. P is the H2

gas fugacity at the metal/electrolyte interface in atm and T is the absolute temperature
in K. The behaviour of hydrogen is like an ideal gas until at least 200 atm, which means
that pressure can be used instead of fugacity [89].

The hydrogen solubility in lattice increases with triaxial stress due to dilatation of
the lattice [90], and the hydrogen concentration can therefore increase significantly
during elastic straining. The presence of notches, pits and cracks leads to local areas
of high triaxial stress which are often seen as initiation points for cracks. At high
stress concentration factors, a systematic loss in fracture stress with increased stress
concentration factor has been observed, until the fracture stress becomes relatively
constant [91]. This adds complexity to the prediction of hydrogen concentration in
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a material during straining, since the formation of cracks gives areas of higher stress
concentration and the blunting of cracks and notches gives a lower stress concentration.
Ideally, the hydrogen concentration in a strained materials should be estimated with
continuous geometry update along with the transient loading [92].

For a quasi-static straining (i.e. slow enough to neglect time effects), the concentration
of hydrogen in a position x, c(x), in a sample is a direct function of the hydrostatic stress
in the position, σ(x) [93]:

c(x) = c0 exp

(
V ∗σ(x)

RT

)
(3.8)

where V ∗ is the molar partial volume of hydrogen, R the gas constant and T the absolute
temperature.

3.2.4 Trapping of hydrogen

Certain microstructure features have a higher affinity to hydrogen than the lattice sites,
making hydrogen more or less temporarily trapped. Traps are usually defined as either
reversible or irreversible, according to the residence time of hydrogen in the trap [94]
or the binding energy between the hydrogen and the trap [95]. Irreversible traps are
microstructural sites where the residence time for a hydrogen atom is extremely long
compared to the time-scale for permeation testing, or the binding energy with hydrogen
is relatively high. A binding energy of > 60 kJ mol−1 has been suggested as a rule of
thumb [95]. Reversible traps are microstructural sites where the residence time for a
hydrogen atom is longer than the residence time in lattice sites but small in relation to
the time to attain steady-state permeation, or the binding energy is relatively low, e.g.
<60 kJ mol−1. The hydrogen in reversible traps can diffuse to areas of high local stress
and is therefore considered more detrimental than hydrogen in irreversible traps, even
when a higher hydrogen concentration exists at irreversible traps [96]. Irreversible traps
are sometimes considered beneficial due to their ability to attract hydrogen from the
lattice and prevent it from diffusing to areas of high stress. However, the effect is limited
due to the finite number of irreversible traps, and the benefit will be ineffective for cases
where hydrogen is still diffusing into the material after the irreversible traps are filled [97].

The most common trap sites for iron and steels are grain boundaries, phase boundaries,
voids, inclusions and dislocations [70]. The interface between ferrite and precipitates
like MnS [98, 99] TiC [100, 101], NbC and VC, and complexes of Ti, Nb, C, S and N
[102], are all examples of hydrogen traps [103, 104]. Cold working increases trapping
substantially due to the formation of dislocations and vacancies which can trap hydrogen.
Subsequent heat-treatments like ageing can reduce the hydrogen uptake due to the
annihilation of vacancy-clusters and vacancy-carbon pairs [105]. For phase boundaries,
the hydrogen binding energy is both dependent on the type of particle and the coherency
with the matrix [106, 107]. A low coherency between particles and matrix can give high
binding energies for hydrogen trapping, while particles with high coherency with the

21
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matrix have a lower binding energy and are more likely to be classified as reversible traps.

There is a large discrepancy of reported hydrogen trapping energy values for
ferrite-cementite interfaces, e.g. 10.85 kJ mol−1 [108] and 68.4 kJ mol−1 [109].
Kawakami and Matsumiya [110] reported a trap energy of 47 kJ mol−1 at the coherent
interface between strained ferrite and unstrained cementite. Takai and Watanuki [96]
investigated the trapping energy in a cold-drawn eutectoid steel, and found hydrogen
trap activation energy peaks of 23.4 kJ mol−1 and 65.0 kJ mol−1. The peak with
highest energy was associated with hydrogen trapping on strained ferrite-cementite
interfaces, and/or the interface dislocations enclosed between cementite lamellae due
to cold-drawing. The lower energy peak was associated with trapping on unstrained
ferrite-cementite interfaces and other low energy traps, e.g. vacancies, strain field of
dislocations, dislocation cores, grain boundaries.

3.2.5 Hydrogen diffusion

The diffusion of hydrogen is controlled by Fick’s ficks first and second laws

J = −D
∂C

∂x
(3.9)

∂C

∂t
= D

∂2C

∂x2
(3.10)

The hydrogen diffusion coefficient, D, is often determined in a permeation experiment
where a metallic disc-shaped sample is exposed to a source of hydrogen on one side,
and the resulting permeation flux of hydrogen, J , is measured on the other side. At
room temperature, hydrogen occupies mainly tetrahedral sites in bcc steels and the the
activation energy for the movement of hydrogen between tetrahedral sites, Q, has been
estimated to 5.69 kJ mol−1 [111]. The diffusion of hydrogen between lattice sites is a
function of temperature which follows the Arrhenius relation and in the temperature
range from -40◦C to 80◦C, D, is defined by

D = D0 exp

(
−Q

RT

)
(3.11)

where D0 is 7.23× 10−8 m2s−1, R is the gas constant and T is the absolute temperature.

The hydrogen diffusivity in a metallic material is strongly affected by the presence of
hydrogen traps and the occupancy of the traps. When the diffusion coefficient of a
material is measured under non-steady-state conditions, it is described as an effective
diffusion coefficient, Deff. When a hydrogen-free sample is charged with hydrogen, the
diffusion may be initially slowed down by the trapping of hydrogen. As more traps are
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filled, the diffusivity increases until it reaches the lattice diffusivity of the material, DL.
This can lead to a steeper gradient for the normalised permeation flux than Fick’s law
[94, 112]. However, the effect of microstructure on permeation is complex. For example,
deformed microstructures are observed to have less steep increase in permeation flux
from zero hydrogen to steady-state [113, 114], as displayed in Figure 3.4.

Figure 3.4: Permeation transients of Armco iron in specific cold deformed conditions
(0-70%). Figure from [114].

If the trap occupancy is low, the permeation transient can be described by Fick’s law,
even though the diffusivity is reduced by the trapping. Since both the mobility of
hydrogen in lattice and hydrogen release rate from traps is increasing with temperature,
trapping is more dominating for diffusion at lower temperature whereas lattice diffusion
tends to dominate at very high temperature.

For a material under mechanical stress, the transport of hydrogen is also affected by
dislocations. The dislocations create strain fields that can dissolve more hydrogen than
the lattice, and the movement of dislocations can therefore interfere with the hydrogen
permeation flux [115]. This effect comes in addition to the trapping effect of hydrogen
inside the dislocation cores. During straining, the local hydrogen concentration ahead
of a crack tip can be influenced by trapping of hydrogen on newly formed dislocations
and the transport of both hydrogen trapped in the dislocations and ”dragged” with the
dislocations. This can give a more or less temporary drop of permeation current upon
application of plastic stress [116–118]. The dislocation interactions with the hydrogen
permeation flux can lead to an increased sensitivity to the strain rate. For a fast
strain rate, the hydrogen can be transported by dislocations away from the areas of
highest hydrostatic stress at a higher rate than the diffusion of hydrogen from lattice
can compensate for. This can lead to a lower local concentration of hydrogen and
observations of lower HE susceptibilities for tests with higher strain rates [102, 119, 120].
At low strain rates, the hydrogen diffusion will compensate for the removal of hydrogen
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by dislocations and the HE susceptibility stops being dependent on the strain rate.

In a multi-phase material, the hydrogen diffusivity will be a function of the hydrogen
diffusivity in each phase, and the phase fractions, morphologies and orientation with
respect to the diffusion direction. This has been considered in several publications both
from a theoretical and experimental point of view [121–124]. When the diffusion and
solubility of hydrogen inside a phase become negligible compared to the other phase, the
phase with low hydrogen uptake can be considered an obstacle to hydrogen diffusion [125].
For ferritic steels, cementite is considered an obstacle to hydrogen diffusion [124, 126, 127].
To account for the effect of a secondary phase with lower hydrogen diffusivity, a tortuosity
factor can be estimated to compensate for the increase in diffusion path due to the
presence of the secondary phase. Turnbull and Hutchings [121] defined a tortuosity factor,
ω, as the ratio between the effective diffusivity in a two-phase alloy to the diffusivity of
the main phase, and estimated ω from equations for thermal conductivity in composite
media. Forot et al. [124] defined a tortuosity factor, τ as the ratio of the true diffusion
path between two parallel planes to the distance between the two planes, and estimated
the value of τ by analysing micrographs.

3.3 Hydrogen uptake from CO2 and H2S corrosion

Corrosion processes can introduce hydrogen to a metallic material. The absorption
of hydrogen is affected by the rate of hydrogen reduction, presence of hydrogen
recombination poisons, corrosion products on the surface, and any factor that affects
these. The corrosion products can both reduce the hydrogen uptake by making
mass-transfer barriers and reducing the corrosion rate by lack of electrical conductivity,
but can also increase the hydrogen uptake if cathodic reactions are enhanced on the
corrosion products. In addition to supplying hydrogen to the material, the corrosion
process can also create pits and trenches that due to their shape act as stress enhancers.
This can lead to a higher local hydrogen uptake in these areas. For CO2 and H2S
corrosion, the dissociation of carbonic acid and H2S gives an additional source of
hydrogen ions, as described in Section 2.1 and 2.2 respectively.

The correlation between corrosion and hydrogen uptake has been studied in several
publications. Da Silva et al. [24] investigated the electrochemical hydrogen permeation
behaviour of pre-corroded steel samples with FeCO3 or Fe3C rich layers. Hydrogen was
introduced to the sample by the reduction of hydrogen ions at OCP in a CO2-saturated
3.5 % NaCl solution at room temperature. The resulting permeation curves are shown
in Figure 3.5. An FeCO3-rich surface resulted in twice as much hydrogen as a reference
wet-ground sample, while an Fe3C-rich surface gave five times more hydrogen than the
wet-ground surface. Cathodic polarisation scans performed in the same test solution
showed that the sample with Fe3C rich surface exhibited higher cathodic current
densities than the wet-ground sample, which lead to increased corrosion rate and OCP.
The sample with FeCO3 rich surface exhibited lower cathodic current densities than the
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wet-ground surface, but the permeation flux was still higher compared to the wet-ground
surface.

Figure 3.5: Permeation transients for an iron carbonate enriched surface, an iron carbide
enriched surface and a wet-ground surface of the same material. Figure adapted from
[24].

Alanazi and Al-Enezi [128] also found poor correlation between hydrogen permeation
flux and corrosion rate. They studied the hydrogen permeation in a carbon steel
exposed to a test solution containing 5 % NaCl and 0.5 % acidic acid, with various
partial pressures of H2S and CO2. They found no direct correlation between hydrogen
permeation flux and corrosion rate, and concluded that the hydrogen permeation flux
was more controlled by the partial pressure of H2S.

The FeS corrosion products have different effects on permeation. For example, Hao
et al. [129] observed that mackinawite crystals promoted hydrogen permeation, while
pyrrhotite reduced the steady state flux. Huang et al. [130] conducted electrochemical
permeation tests on steel samples that were pre-corroded in an H2S-containing solution.
They found that crystalline FeS formed at low pH and low H2S concentrations, while the
formation of mackinawite was promoted with pH (from 3.5 to 5.5) and/or the increase of
H2S concentration (from 0.2 to 20 mM). Interestingly, the hydrogen permeation blocking
effect of the surface film increased with increasing H2S concentration, but was reduced
with reducing pH value.

Some studies have shown that corrosion can both give initial hydrogen promoting
effects, and contribute to reduced hydrogen permeation with time due to the formation
of corrosion products. Wallaert et al. [55] measured the development of hydrogen
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concentration in two steels exposed to NACE test TM0284 solution A over a period of
four weeks. The diffusible hydrogen concentration peaked within 5 days, then decreased
below half the peak value within 20 days, despite increasing corrosion currents. The
decreasing hydrogen concentration was attributed the formation of an FeS double layer
where S2− and HS− migrate to the steel surface to form the inner layer. Zhou et al. [25]
conducted electrochemical hydrogen permeation tests for an X80 pipeline steel exposed
to pure CO2, pure H2S or a mixture of H2S and CO2. Tests were conducted with different
H2S/CO2 partial pressures. For tests with 1 MPa CO2 and H2S partial pressures between
0.001 and 0.1 MPa, the corrosion rate increased with decreasing H2S partial pressure,
and the corrosion products gradually became less rich in FeS and more rich in FeCO3.
Regardless of FeS or FeCO3, the corrosion products changed from initially promoting
hydrogen permeation to reducing hydrogen permeation as the corrosion progressed.

Yang et al. [131] conducted electrochemical hydrogen permeation experiments in corrosive
electrolytes for API X65 carbon steel samples with and without pre-existing corrosion
scales. Permeation curves for samples with and without FeCO3 scales are shown in Figure
3.6. The scales were formed in a CO2 containing solution, and the permeation curves were
measured in a H2SO4 containing solution under cathodic polarisation to -8 mA cm−2. A
sample with loosely attached FeCO3 scales reached higher hydrogen permeation flux than
a sample without prior corrosion products. For a sample with compact corrosion scales,
the hydrogen permeation flux was lower than the hydrogen permeation flux of the sample
without pre-existing corrosion products for the entire test duration.

Figure 3.6: Permeation transients for an API X65 carbon steel with and without iron
carbonate scales on the surface. The transients were measured in a H2SO4 containing
solution under cathodic charging to -8 mA cm−2. Figure from [131].
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4 Materials and characterization

This chapter describes the methods and results from characterization of the six steel
armour wires investigated in the PhD project. The materials were designated letters
from A to F. They were taken from coil and were supplied in the same condition as
provided for flexible pipes. The production process, chemical composition and mechanical
properties of the six wire types were not provided, and a comprehensive characterization
of the materials was conducted. The suppliers of the pipes were consulted to ensure that
the measured values and properties were within expected range. The following sections
describe the materials’ chemical composition, phase composition and morphology and
mechanical properties, and how the properties and values were determined. In addition,
a metallographic analysis was conducted to evaluate the effect of microstructural features
on hydrogen uptake and diffusivity.

4.1 Phase morphology and grain size

The materials were examined by Scanning Electron Microscopy (SEM). The samples
were hot-mounted in PolyFast, ground to European grit P4000, polished in diamond
suspension to 1 µm particles and etched in 2% Nital solution for 5-6 s. The Nital
solution was prepared by pouring 2 mL of 67-70 wt% HNO3 into 100 mL of ethanol.
SEM images of the materials are given in Figure 4.1. The materials were deformed
ferritic-pearlitic steels with lamellar or spheroidized microstructures. The extent of
deformation and description of phase composition is given in Table 4.1. Information
about the thermomechanical prosessing of the materials was not provided and the
description is therefore based on examination of etched samples in SEM. For the materials
with speroidized microstructures, some of the globular cementite had traces of lamellar
structure. The microstructures are complex and the grain sizes were not even for
cementite-containing grains and ferrite grains. The grain sizes were often hard to
determine and the grain size was therefore described by the largest well-defined grains
observed in each material, and evaluated for ferrite and cementite-containing grains
separately.

Table 4.1: Cementite morphology and extent of deformation in the wire materials.

Material Extent of plastic deformation Cementite morphology
A Some deformation Globular
B Pearlite deformed. Some banding of ferrite. Globular
C Some banding and deformation. Globular
D Highly deformed grains. Lamellar
E Pearlite deformed. Some banding of ferrite. Globular
F Ferrite heavily deformed, pearlite less deformed. Lamellar
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Table 4.2: Grain size of the wire materials.

Material Grain size ferrite [µm] Grain size cementite [µm]
A ≤ 14 ≤ 36
B ≤ 10 ≤ 28
C ≤ 20 ≤ 14
D ≤ 7 ≤ 24
E ≤ 3 ≤ 22
F ≤ 20 ≤ 32

(a) Material A (b) Material B

(c) Material C (d) Material D

(e) Material E (f) Material F

Figure 4.1: SEM images of the wire materials.
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4.2 Chemical composition

The composition of the materials was determined using glow-discharge optical emission
spectroscopy (GD-OES). This technique creates a direct current plasma with the surface
as cathode and removes the atoms from the surface, layer by layer, by sputtering with
argon ions [132]. The removed atoms diffuse into the plasma and are analysed by
spectrometry. The instrument GD-Profiler 2� from Horiba Ltd. was used and the
maximum sputtering depth was 150 µm. The GD-OES technique requires vacuum and
the minimum sample diameter was 12 mm, where the middle 4 mm was analysed. Since
the wires have widths up to 12 mm and bent shape, the samples were embedded and
ground before the measurements.

4.2.1 Sample preparation

Samples were made from wire pieces longer than 1 cm that were embedded in a resin.
Since the wire materials have a natural curvature they were ground flat to ensure
acceptable vacuum conditions for the analysis. The embedded samples were ground
with European grit P1000 SiC until an area of at least 4×4 mm2 was without roughness
except from the grinding paper. Then, the samples were ground carefully with European
grit P2000 and P4000 SiC paper before polishing in 6 µm diamond suspension. During
the grinding steps, the sample was ground until the old grinding lines could not be seen,
then turned and ground until only new grinding lines could be seen. A rough estimate
of the thickness of material removed was made assuming that a thickness of half the
particle size was removed every time new grinding lines were formed. The particle size
for the grinding papers are given in Table 4.3. Since the sample was turned once during
grinding, the impact can be doubled, and each step is assumed to remove as much
material as its particle diameter. This gives a total material thickness reduction of 35 µm.

Table 4.3: Particle size of grinding papers [133].

Step Particle diameter [µm]
P1000 18
P2000 7
P4000 4

After the GD-OES measurements, part of the embedding material was removed to
be able to measure the sample thickness to verify the thickness reduction during the
grinding process. The samples were either embedded in a non-conducting polymer where
the backside was ground to achieve electrical contact for the GD-OES, or embedded
in a conductive polymer which was more challenging to remove without grinding the
backside. The thickness was measured with a caliper positioned at the transition
between un-ground and ground material on the backside of the samples, if possible. The
most accurate measurement was conducted for the sample of Material C, which was
hardly abraded on the backside. The thickness of this sample was 2.96 mm, i.e. 40 µm
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had been removed by grinding, which is in agreement with the estimation made using
the particle size of the grinding papers.

4.2.2 Calibration

The accuracy of GD-OES is dependent on calibration with standards of similar
composition as the sample, but with limited information about the composition of the
wire materials, five steel standards were used for calibration. The standards had carbon
contents 0.143, 0.48, 1, 3.29 and 3.408 wt% and varying content of other elements.

4.2.3 Results

The carbon contents measured by GD-OES are shown in Figure 4.2. The materials have
decarburized layers, which were also observed in SEM, but the first carbon measurements
are high due to contamination. The GD-OES measurements were continued until the
carbon content was relatively stable. The average compositions of the last 1 µm measured
were considered acceptable estimates for the bulk composition, and are given in Table
4.4. In Paper IV, see Chapter 7.2 Appended papers, the composition was estimated by
the average of measurements 99-101 µm from the outer surface.

Table 4.4: Composition of wire materials used in the Ph.D. work based on GD-OES
measurements.

Material
C

[wt%]
Si

[wt%]
S

[wt%]
P

[wt%]
Mn

[wt%]
Ni

[wt%]
Cr

[wt%]
Al

[wt%]
V

[wt%]
A 0.501 0.247 0.002 0.003 0.604 0.001 0.011 0.031 0.036
B 0.282 0.223 0.010 0.006 0.733 0.010 0.003 0.035 0.001
C 0.353 0.194 0.007 0.009 0.678 0.013 0.003 0.042 0.002
D 0.830 0.331 0.005 0.005 0.683 0.005 0.002 0.041 0.050
E 0.618 0.225 0.002 0.007 0.729 0.009 0.032 0.037 0.001
F 0.651 0.240 0.009 0.002 0.630 0.060 0.025 0.003 0.001

Material
Pb

[wt%]
N

[wt%]
Ti

[wt%]
Sn

[wt%]
Cu

[wt%]
Co

[wt%]
Mo

[wt%]
B

[wt%]
A 0.050 0.009 <10−4 N.D. N.D. N.D. 0.001 <10−4

B 0.065 0.020 0.002 N.D. <10−4 <10−4 0.001 <10−4

C 0.065 0.219 0.002 <10−3 0.001 N.D. 0.001 <10−4

D 0.065 0.099 0.004 0.001 <10−4 N.D. 0.002 <10−3

E 0.050 0.014 <10−4 N.D. N.D. N.D. <10−3 <10−4

F 0.040 0.009 N.D. N.D. <10−3 0.001 <10−4 <10−4
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Figure 4.2: Carbon contents in decarburized layers of the six materials A-F.

4.3 Mechanical properties

The mechanical properties were determined by Slow Strain Rate Tests (SSRT) of
smooth samples and Vickers hardness measurements (HV10) in the cross-section. The
ultimate tensile strength (UTS), yield strength (YS) and plastic strain-to-failure (Ep)
were measured with tensile tests at strain rate 10−6 s−1. Ep was determined as defined
in NACE Standard TM0198-2016 [134]. The stress-strain curves were published in the
conference paper found in the Appended papers, Chapter 7.2.

Table 4.5: Mechanical properties of the wire materials.

Material
Hardness YS UTS Ep

HV10 [MPa] [MPa] [-]
A 331 ± 14 871 1009 0.115
B 290 ± 10 805 847 0.157
C 257 ± 4 616 744 0.152
D 453 ± 16 1408 1622 0.094
E 386 ± 8 1097 1260 0.108
F 384 ± 6 1252 1408 0.099

4.4 Metallographic study of phases

For evaluation of diffusivity of hydrogen and the trapping of hydrogen on grain
boundaries, the mean free path between cementite particles, λp, the mean true spacing for
lamellar materials σ0 and specific interfacial area, or ferrite-cementite interfacial area, Sv,
were estimated using the method described by Johnson and Krauss [135]. The calculations
depend on the number of particles intercepted by a test line, Np, or number of cementite
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platelets intersected per unit length, n, and the volume fraction of cementite, f . f was
calculated with the lever rule, assuming all carbon is located in cementite, Fe3C. Carbon
can also exist in solid solution and in other types of carbides than cementite, and this
estimate is therefore considered a maximum value. Since the materials can contain both
globular and lamellar cementite, the number of cementite intercepts N per test line was
used instead of n and Np. For each material, N was determined by examination of four
images of the middle of the width-length plane of the wires and four images in the middle
of cross-sections. Five vertical and five horizontal test lines were measured per image,
i.e., 20 lines were used to find the average number of cementite intercepts per test line in
the thickness and length directions, and 40 lines were used to find the average number
of cementite interceptions in the width direction. The value of N in the three directions
and corresponding standard deviation is shown in Figure 4.3. The SEM images used had
magnifications from 5000 to 50000 X. For the materials with the finest carbide particles,
lamellas, and grain size, the higher magnifications were used in order to see the features
clearly. Lower magnifications were used for the materials with larger grain size since the
number of carbide particles and platelets varies from grain to grain, and the accuracy
of the measurements is improved when more grains are crossed by the test line. All
materials were evaluated at 20000 X and at least one other magnification. The Sv, λp

and σ0 were then calculated from the following equations [135]

Sv = 4N (4.1)

λp =
1− f

N
(4.2)

σ0 =
2

Sv

(4.3)

The tortuosity of the hydrogen diffusion path, τ was determined by the length of the
diffusion path between two planes normal to the thickness direction, L, divided by the
distance between the two planes L0, as defined by Forot et al. [124]

τ =
L

L0

(4.4)

In the electrochemical hydrogen permeation experiments, hydrogen diffused in the
thickness direction of the wires, and the tortuosity was therefore only studied in this
direction. The principle of the measurements is shown in Figure 4.4, where the red line
represents L and L0 is the width of the image. The micrograph examination conducted
to determine τ is described in detail in Paper I. The results of the metallographic study
are given in Table 4.6.
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Figure 4.3: Cementite intercepts per length test line with error bars of one standard
deviation.

Figure 4.4: Example of line drawn to estimate the tortuosity of the hydrogen diffusion
path. The image is cropped and magnified to make the red line more visible.

Table 4.6: Metallographic study of the six wire materials.

Material
τ Sv λp σ0

[-] [µm−1] [µm] [µm]
A 1.122 ± 0.036 8.521 ± 1.901 0.434 ± 0.097 N.A.
B 1.055 ± 0.010 8.022 ± 2.975 0.480 ± 0.178 N.A.
C 1.056 ± 0.022 3.066 ± 2.176 1.239 ± 0.879 N.A.
D 1.669 ± 0.266 30.761 ± 2.421 N.A. 0.065 ± 0.005
E 1.158 ± 0.015 15.237 ± 1.345 0.240 ± 0.021 N.A.
F 2.035 ± 0.344 16.758 ± 3.316 N.A. 0.119 ± 0.024
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5 Experimental methods

This chapter presents the experimental methods used for measuring the hydrogen uptake
of the materials and investigating the effect of hydrogen on the mechanical properties
of the materials. The hydrogen uptake was measured by electrochemical hydrogen
permeation tests. One set of tests was conducted with hydrogen entry from cathodic
polarisation and another set of tests was conducted with hydrogen produced by corrosion
of the sample. The effect of hydrogen on mechanical properties was investigated by slow
strain rate tests for macroscopic samples, where the results of tests conducted under
cathodic polarisation were compared to the results of tests conducted in air.

The principles of the electrochemical hydrogen permeation tests and slow strain rate
tests are described in Section 5.1 and 5.2, respectively. The preparation of samples
for electrochemical hydrogen permeation experiments is described in Section 5.1.1, and
details particularly considerations regarding using embedded samples. Section 5.1.2
describes specifics related to conducting electrochemical hydrogen permeation tests in
the simulated corrosive environment used in Paper II.

5.1 Electrochemical hydrogen permeation test

The hydrogen uptake and diffusion coefficients of the wire materials were measured
using an electrochemical hydrogen permeation cell, similar to the design developed by
Devanathan and Stachurski [136]. Standards ASTM G148 [112] and ISO 17081 [94] were
used as guidelines. The permeation cell consists of two chambers placed on opposite
sides of a disc-shaped sample. On one side, the sample is kept in a passive environment
to create a low anodic current on the sample surface and ensure that any hydrogen
diffusing from the bulk of the sample to this surface is immediately oxidized. This
side of the sample and the corresponding chamber are usually called the anodic side,
(hydrogen) detection side or (hydrogen) exit side. The oxidation of hydrogen increases
the current on the hydrogen exit side and by subtracting the passive current achieved in
the absence of hydrogen permeation, the hydrogen permeation flux through the sample
is found. The other side of the sample is exposed to the test environment and can be
cathodically polarised if desired. This side is usually called the cathodic side, (hydrogen)
charging side or (hydrogen) entry side. When hydrogen is introduced by corrosion, it
can also be called the corrosion side.

A sketch of the permeation cell is shown in Figure 5.1. The electrolyte on the hydrogen
exit side was 0.1 M NaOH purged with N2 gas to remove oxygen from the compartment.
Two potentiostats are used: One for polarising the hydrogen exit side of the sample and
one for either polarising the hydrogen entry side or measuring the OCP and corrosion
rate (through linear polarisation resistance (LPR)) when hydrogen is introduced by
corrosion. For tests with gaseous hydrogen charging, this potentiostat is not needed.
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The potentiostats use separate counter electrodes (CE) and reference electrodes (REF),
but the sample is the working electrode (WE) for both.

Figure 5.1: Sketch of the electrochemical hydrogen permeation test cell. Figure adapted
from [137].

The hydrogen permeation flux is usually recorded in an initially hydrogen-free sample
that is charged with hydrogen on the hydrogen entry side until a steady-state permeation
flux is achieved. This is referred to as a rising transient. Then, the hydrogen charging
can be stopped or altered to create a new transient towards a new steady-state. In the
first rising transient of a hydrogen-free sample, the permeation is affected by the presence
of both irreversible and reversible traps. For tests where hydrogen is introduced by
cathodic polarisation, a rising transient can be followed by anodic polarisation to remove
the diffusible hydrogen from the sample. This is called a decay transient. A rising
transient and a decay transient are shown in Figure 5.2. When the hydrogen has been
removed from the sample, the hydrogen charging can be started to enable the recoding
of a new rising transient, which will only be affected by lattice hydrogen and hydrogen
in reversible traps. The difference between the first and second transient indicates the
presence of irreversible traps. The effective diffusion coefficient and hydrogen uptake
are calculated from the permeation flux using Fick’s first and second law, see Equation
(3.9) and (3.10), with appropriate boundary conditions for the environment chosen. The
calculations for effective diffusion coefficient and hydrogen uptake is described in detail
in Paper I.

During the electrochemical hydrogen permeation test, hydrogen can be introduced to the
sample at OCP or by galvanostatic or potentiostatic polarisation. Using potensiostatic
polarisation on the cathode side gives better control of what reactions are occurring on
the surface. However, potensiostatic control is more dependent on a stable reference
electrode as a fluctuation in reference potential will affect the applied potential of the
working electrode. Galvanostatic charging controls that the same current is supplied to
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the surface, but some fraction of the current may go to other processes than hydrogen
reduction. If the surface on the hydrogen entry side is covered in oxides or contaminants,
the reduction of these may compete with the hydrogen reduction reaction. The rate of
hydrogen reduction may therefore be low in the beginning and increase as the oxide is
removed before it becomes more stable. The build-up of the hydrogen concentration on
the hydrogen entry side will be slow at first, then faster as a higher fraction of the current
goes to hydrogen reduction. The oxides on the hydrogen entry side can be removed
by prolonged hydrogen charging. For cathodic charging in 0.1 M NaOH, Bruzzoni and
Garavaglia [138] found that a steel surface needed 100 h charging at -10 mA cm−2 to
become oxide free, while Zakroczymski and Szklarska-Smialowska [139] found that the
effect of oxide on permeation was removed after 90 h of charging at -9 mA cm−2. The
hydrogen permeation flux recorded while oxide is removed is not suitable for measuring
the hydrogen diffusion coefficient, since the boundary conditions are changing with
time, but a following decay transient can be suitable. The main requirement is that the
boundary conditions of the systems during the decay must be known.

Figure 5.2: Example of rising and decay hydrogen permeation transients. In region I, the
anodic current is stabilised. Region II is a rising transient measured while the hydrogen
entry side is polarised to -12 mA cm−2. Region III is a decay transient measured while
both sides of the sample are anodically polarised.

5.1.1 Embedding samples

The wire materials have complex microstructures and it was desired to conduct the
electrochemical hydrogen permeation experiments on samples that keep most of the
original wire thickness. Only the decarburized layers were desired removed. Standards
ASTM G148 [112] and ISO 17081 [94] recommend minimum 10:1 radius to thickness ratio
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for disc-shaped samples, to guarantee one-dimensional diffusion through the thickness.
This was un-practical to fulfil without removing most of the thickness and the samples
were therefore embedded.

The embedding was required to be well-adhering to the steel surface to avoid any
short-cuts for diffusion in the sample, and the adhesion would have to stay satisfactory
also after the application of a palladium coating on the steel surface. An embedded and
palladium coated sample is shown in Figure 5.3. The palladium coating was applied to
ensure that diffusing hydrogen oxidises instantly as it reaches the surface of the hydrogen
exit side of the sample. When exposed to 0.1 M NaOH, iron forms oxides that impedes
hydrogen diffusion, and the effect is more severe with time as the thickness of oxide
increases. The coating was applied by electrodeposition using a procedure proposed by
Bruzzoni [140] further developed by Husby et al. [141]. After the samples were coated
with palladium, the samples were heated to 120 ◦C in a heating cabinet for at least 16
h to remove any hydrogen absorbed by the steel during the Pd-coating process. This
procedure was conducted after the samples were embedded, since the palladium coating
is fragile and was only desired on the hydrogen exit side. Therefore, the embedding was
required to withstand the 120 ◦C temperature.

Figure 5.3: Pd-coated and embedded permeation test sample.

The sample preparation started with straightening the most bent wires with a roller
straightener before cutting the wires to pieces with about 2.8 cm length. The pieces
were ground flat with SiC paper, washed in acetone and sonicated in ethanol. The
corners of the wire pieces were ground so the wire pieces fitted a mounting cup with
diameter 3 cm. The wire pieces were embedded in the light-curing resin Technovit®LC
2000, mixed with the additive “Inside Cure” to ensure good adhesion between the steel
and the polymer. The curing was conducted in a chamber with blue light until the
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polymer was cured, ca. 30 min. The exposed area of the sample when installed in the
permeation cell was 2.26 cm2 for the samples made of the widest wire materials and
1.72 cm2 for the samples made of the narrowest wire materials. This is not in line with
the minimum 10:1 radius-to-thickness ratio for circular samples, but this criterion is
less stringent for materials with geometrical limitations, e.g. components [112]. After
mounting, the two sides of the sample were ground with European grit P1200 SiC paper
and the sample heated at 120 ◦C in a heating cabinet overnight. Sites where the adhesion
between the steel and polymer was weak were visible after heating and only defect-free
samples were coated with palladium and used for electrochemical permeation tests.
The samples with satisfactory embedding after the first heat-treatment were usually
also in good condition after the palladium coating process and subsequent heat treatment.

The polymer was verified to be completely dense to ions at ambient temperature by
casting a sample of only polymer, inserting it in the Devanathan-Stachurski cell, filling
the compartments with 0.1 M NaOH and measuring the lack of electrical contact
between the counter electrodes. For permeation tests conducted at 60 ◦C with hydrogen
introduced by cathodic polarisation, the current tended to rise faster than predicted by
Fick’s law and in some experiments, the two potentiostats lost the ability to polarise
the sample independently. Post-examination of the samples showed that cavities were
formed in-between the polymer and steel in these tests. Cavities were also sometimes
seen on samples that were tested several times or for long periods. The issues with
embedding integrity lead to the decision that tests would not be conducted longer than
twenty days and the temperature was kept at 25 ◦C. New samples were made for each
experiment, except on one occasion which is detailed in Paper II. This sample displayed
a good integrity after the second test and the results were established to be reproducible
by repeating the experiment using a sample that had not been used before.

5.1.2 Hydrogen uptake in corrosive environment

The corrosive environment used in the permeation tests of Paper II was designed to
avoid extensive corrosion product films on the surface. Flexible pipes are normally
covered with protective corrosion products of iron carbonate and sulphides but the
protective films can be weakened or prevented from forming when the supersaturation
of iron is decreased. This can happen by for example continuous water condensation,
partial inhibition or ingress of seawater. The environment was sensitive to changes
in experimental parameters, and this section describes experimental challenges with
hydrogen measurements in the corrosive environment that were not elaborated in Paper
II. A sketch of the test rig for electrochemical hydrogen permeation experiments with a
corrosive environment on the hydrogen entry side is shown in Figure 5.4.

The electrolyte in the corrosion compartment of the permeation cell consisted of modified
ASTM D1141-90 electrolyte (no NaF, CaCl2 and KBr) bubbled with different ratios
of N2, CO2 and H2S at 25◦C and ambient pressure. The gas flow into the corrosion
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compartment was ca. 600 mL h−1. The electrolyte was continuously pumped in and
out of the compartment at flow rate 25-35 mL h−1, to keep the iron concentration in
the cell low. The corrosion rate (with LPR), OCP, pH and iron content in the solution
were recorded, and the details for these measurements are given in Paper II. In addition
to the tests presented in Paper II, several trial tests were conducted to find a suitable
test program for the wire materials. The trial tests were conducted with other gas
compositions than the program used in Paper II and the corrosion rate, OCP, pH and
iron content were not recorded for the trial tests.

Figure 5.4: Sketch of the electrochemical hydrogen permeation tests used in Paper II.

The first challenge was related to the observation that the current created by the
hydrogen permeation flux in pure CO2 environment was in the same order of magnitude
as the stabilization current. As mentioned, the passive current on the hydrogen exit
side must be stabilized before the hydrogen permeation flux can be introduced so a
correct subtraction of baseline current can be conducted. It is common to start the
hydrogen charging when the stabilisation current has decreased beneath a certain value.
The decided value should be much lower than the expected steady-state current during
hydrogen charging. Hence, if the passive current decreases during the permeation test, it
will not affect the test results significantly. For the tests in Paper I, where hydrogen was
introduced by cathodic polarisation, one day of stabilisation was sufficient to reach an
acceptable stabilisation current. For tests with lower current induced by the hydrogen
permeation flux, a further decrease in stabilisation current during the experiment can
give erroneous results. Figure 5.5 shows two tests conducted for Material B, which
have not been published and are not included in any draft papers. In the first test,
drawn in blue, the current appears to be stable after 15 h and the corrosive environment
is added on the hydrogen entry side after about 18 h. In a second test for the same
material, drawn in red, the stabilisation time was increased to about 72 h. The current
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appeared to be stable after 15 h, but it decreased by more than 0.5 µA cm−2 over the
next 20 h. If the electrolyte was added after 15 h, the baseline current subtraction
would have been too high, and the hydrogen permeation flux underestimated. This may
have happened for the test drawn in blue. To reduce the risk of subtracting a too high
baseline, the stabilization period was increased to 72 h for the permeation tests with
hydrogen introduced by corrosion.

Figure 5.5: Effect of stabilisation time on hydrogen permeation results, illustrated by two
permeation curves with different stabilization times for the same material.

The second challenge was related to small stops in gas inlet. The gas pressures of the
tests presented in Paper II were adjusted without stopping the flow of gas into the
corrosion compartment. In the initial trial tests, the gas was briefly stopped (seconds to
minutes) when the H2S gas composition was altered. For steps with H2S exposure, the
hydrogen permeation current decreased immediately in response to these short stops.
Figure 5.6 shows a trial test for Material E, where the gas supply was briefly stopped,
and the test published in Paper II without stops. For the test with short stops, the time
lag from H2S was added until the permeation current increased was several hours longer
than it was for the test without short stops, and the permeation current was on several
occasions decreasing due to short stops. The test without the short stops exhibited a
smoother permeation curve. The short stops were avoided after the H2S pressure was
set to 0.4 mbar, and the permeation curve reached a higher current after this than the
test exposed without stops in gas supply. Interestingly, the temporary plateau currents
reached when the H2S pressure was reduced are relatively similar for the two tests.
This indicates that the surfaces of the two samples have similar effect on hydrogen
permeation, and that the short stops in gas supply are mainly affecting the hydrogen
profile in the sample, i.e. resulting in longer time to reach a steady state permeation
current, as discussed in [142]. The observation described above is the reason why the
tests were executed without stopping the gas before a change in gas composition. The
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effect of gas changes was also seen in a clogging incident that happened during the test
for Material D. This incident is described in detail in Paper II.

(a) Short stops in gas supply (b) No stops in gas supply

Figure 5.6: Electrochemical hydrogen permeation tests with and without short stops in
the gas supply (Material E).

5.2 Macro-scale slow strain rate tensile test

To evaluate the hydrogen embrittlement susceptibility of the wire materials, SSRT was
conducted with basis in ASTM G129 [143] and NACE TM0198 [134]. In SSRT, the
sample is slowly stretched at a constant strain rate until it fails. This can be executed by
calculating the nominal elongation rate corresponding to the strain rate and pulling one
end of the sample at this elongation rate. The tests are conducted in the environment
of interest, in which hydrogen may enter the sample, and in an environment where
hydrogen may not enter the sample for comparison. The tests are conducted at strain
rates that typically gives failure within a few days, and the method is considered quick
and simple for comparing the EAC susceptibility of materials. In the work conducted
for this thesis, the SSRT method was used to investigate HE susceptibility in particular.
Tests were conducted for samples exposed to a 3.5 % NaCl solution while cathodically
polarised to -1.1 or -1.4 V vs. Ag/AgCl, sat. KCl. Reference tests were conducted in air.

For tests in electrolyte, an environmental chamber can be attached to the sample or be
attached to the loading frame, and hence enclose the sample holder parts. A schematic
and photograph of a sample with an environmental chamber is shown in Figure 5.7. For
samples with a stress-concentrator, e.g. notch or fatigue-induced pre-crack, the fracture
initiation point will be near the stress-concentrator and an environmental chamber can
be placed around the defect. This allows the gripping mechanism to consist of parts that
are not inert to the environment. For a smooth sample, the entire gauge section should
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be exposed to the environment and a chamber attached to the load frame may be more
suitable. This gives a higher exposed area than in a small chamber, and consequently a
higher absolute current required for polarisation.
The SSRT method is sometimes critized due to the destructive and accelerated nature
of the test. Some go as far as claiming that ”If we believe the results of slow strain rate
tests, we would never cathodically protect steel” [45]. It is therefore stressed that the
results are not necessarily representing the service performance of the material, but can
be used for detection of environmental interactions with a material, and for screening
and comparative evaluation of the effects of metallurgical and environmental variables
on sensitivity to environmental cracking [143].

Figure 5.7: Sketch and photograph of a notched sample installed in the tensile rig with
the environmental chamber attached.

The HE susceptibility can be evaluated by comparing parameters measured for tests in
the environment of interest and for tests in inert environment, e.g. air. Parameters that
are commonly compared in the two environments include:

� Strain-to-failure or elongation-to-failure

� Reduction in area, estimated by examination of the fracture surfaces

� Maximum stress

� Area bounded by nominal stress-elongation curve representing the fracture energy

In addition to quantitative parameters, the EAC susceptibility can also be evaluated
qualitatively by comparing the fracture surfaces produced under exposure to the test
environment with fracture surfaces produced in inert environment, and the formation of
secondary cracks.

For notched samples, the notch tensile strength, NTS, plane strain threshold stress
intensity, KI , and threshold stress intensity, K, can also be measured. Measurements of
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KI and K are most suitable when the onset of cracking can be determined. For tests
under cathodic polarisation, the crack initiation point can be difficult to detect due to
the bubble formation on the surface. The crack initiation point can also be challenging to
determine when the cracking starts internally. If the test is imaged at a high frequency,
the displacement of material may be calculated by digital image correlation (DIC). This
requires features on the surface that an algorithm can recognize and track from image
to image. If the displacement data has sufficient quality, it can be used for analysing
the deformation of the material. A simpler and more practical approach to investigating
the displacement is to measure the crack mouth opening displacement (CMOD) by a
gauge clip, and calculate the crack tip opening displacement (CTOD), but this is usually
not possible for tests conducted in an electrolyte. In Paper III, the CMOD and CTOD
were estimated from images of the tensile tests which were analysed by DIC. An image
from a tensile test is shown in Figure 5.8. Some attempts were conducted with painted
dots on the surface, but the paint was usually damaged during testing under cathodic
polarisation. The surfaces were instead scratched up to create a pattern that could be
followed by DIC. However, a challenge was the formation of bubbles on the surface of
the sample and attaching to the glass of the environmental chamber. By imaging at the
highest rate possible with the equipment available (10 images per second) and merging
several images together, the effect of bubble formation and movement could sometimes
be mitigated. For other tests, the bubble formation was too severe and DIC could not
be applied. The image in Figure 5.8 is merged from several images.

Figure 5.8: Image of crack from a tensile test. The crack mouth opening and crack tip
opening are indicated by the arrows.

An interesting difference between the two standards is the calculation of plastic elongation
in ASTM G129 [143] and plastic strain to failure in NACE TM0198 [134]. The difference
is illustrated in two fictional curves in Figure 5.9. In ASTM G129, the plastic elongation
is approximated to be the difference in crosshead displacement from the onset of specimen
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yielding to crosshead displacement at specimen fracture. The plastic strain-to-failure is
measured by extrapolating a line with the same slope as the linear stress-strain region from
the fracture strain to zero stress, and subtract the interception of the linear stress-strain
region to zero stress. For the two curves in Figure 5.9, the plastic elongation ratio
calculated according to ASTM G129 [143] is the same, while the plastic strain-to-failure
calculated according to NACE TM0198 [134] is higher for the curve that fractured at
a lower stress. In Paper IV, the the plastic elongation ratio was used to evaluate
the hydrogen embrittlement susceptibility, but since the elastic region was affected by
different sample holders, the plastic strain-to-failure parameter would have been more
suitable. In Section 4.3 and Paper I-III, the plastic strain-to-failure was used to describe
the ductility of the samples.

Figure 5.9: Reduction of ductility in ASTM G129 [143] and NACE TM0198 [134].
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6 Summary of papers

Four scientific papers have been written about the investigation of hydrogen uptake,
corrosion and EAC for the six armour wires. Paper I-III are journal papers while Paper IV
is a conference paper. Electrochemical hydrogen permeation experiments were discussed
in Paper I and II, while SSRT was discussed in Paper III and IV. Summaries of the papers
are given in the sections below.

6.1 Paper I

Hydrogen uptake and diffusivity in steel armor wires with different chemical composition,
carbide distribution, grain size, and degree of deformation

The main objective of Paper I was to find the diffusion coefficients of the tensile
armour wires and measure the diffusible hydrogen uptake in the wires during cathodic
polarisation by electrochemical hydrogen permeation experiments, and find correlations
between these properties and the microstructure. All the six tensile armour wires were
included in this study.

A metallographic study was conducted where the number of ferrite-cementite interfaces
per length was measured and used to estimate the ferrite-cementite interfacial area,
mean free path between cementite particles and the mean true spacing for lamellar
materials.

Electrochemical permeation tests were conducted with 0.1 M NaOH on both the
hydrogen entry and hydrogen exit side of the samples. Hydrogen charging was conducted
galvanostatically at -12 mA cm−2 and two rising transients and decay transients were
measured. The anodic side was polarised to +340 mV vs. Ag/AgCl, sat. KCl, and the
cathodic side was also polarised to this potenital during the initial stabilization of the
anodic side and during the decay transients. The wire materials were embedded in a
resin to form disc-shaped samples.

The rising hydrogen permeation transients were impeded by oxide formed on the
hydrogen entry side, but the decay transients were relatively reproducible and used
for estimating the hydrogen diffusion coefficients. The hydrogen diffusion coefficients
tended to decrease with the ferrite-cementite interfacial area, but the trend was not
completely consistent. The correlation between ferrite-cementite interfacial area and
diffusivity indicates significant hydrogen trapping on the ferrite-cementite interfaces. The
hydrogen permeation flux tended to be higher for materials with smaller grain size, but
this trend was not reflected in the diffusion coefficients. The most significant trend in the
hydrogen uptakes was that the materials with least deformation had the lowest hydrogen
uptakes, which can be related to hydrogen trapping on dislocations and vacancies formed
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by deformation.

6.2 Paper II

Hydrogen uptake during active CO2-H2S corrosion of carbon steel wires in simulated
annulus fluid

The purpose of Paper II was to estimate the hydrogen uptake of the steel armour wires
in a corrosive CO2/H2S environment where protective film formation was not favourable.
All materials were tested, but only results for Materials A-E were included in the paper.

The hydrogen permeation flux was measured in an electrochemical permeation cell
where the sample was exposed to the corrosive environment on the hydrogen entry
side while the hydrogen detection side was exposed to deaerated 0.1 M NaOH and
polarised to +340 mV vs. Ag/AgCl, sat. KCl. The electrolyte on the hydrogen entry
side was modified artificial seawater (ASTM D1141-90) bubbled with CO2 and H2S
at OCP. The experiments consisted of several steps with different gas compositions,
which gave several hydrogen permeation transients that showed how changes in
surface condition influence the hydrogen uptake. Material F was also tested, but the
tortuous nature of the hydrogen diffusion path in this material prevented steady-state
permeation within the time frame of each step and the results were therefore inconclusive.

In step 1 of the test program, the gas consisted of 0.2 bar CO2 in N2. After ∼ 48 h, the
partial pressure of CO2 was increased to 1 bar and the N2 bubbling stopped. In the third
step, H2S was added, and the rest of the steps had between 0.1 and 0.7 mbar H2S in 1
bar CO2. The electrolyte was continuously refreshed to maintain a low dissolved iron
concentration in the electrolyte (< 10 ppmw). The corrosion products on the sample
surface were characterized by SEM, XRD and energy-dispersive X-ray spectroscopy, and
the weight of corrosion products attached to the surfaces was measured by stripping the
samples. The tests were conducted at ambient pressure and temperature 25◦C.

Reversible hydrogen uptakes below 0.2 ppmw were measured under pure CO2 corrosion
for materials A, C and E, and below 0.6 ppmw for Material B. Ferrite was dissolved
preferentially during pure CO2 corrosion, while carbides were retained. XRD did
not detect FeCO3. For the lamellar materials, D and F, the hydrogen uptake during
pure CO2 corrosion could not be determined. This is most likely due to the high
tortuosity of the hydrogen diffusion path in these materials, which decreases the
permeation flux. The hydrogen concentration on the hydrogen entry side will cause
a smaller permeation flux in a tortuous material than a material without tortuosity.
The absence of a defined increase in permeation flux during exposure to CO2 for
materials D and F is therefore considered to be caused by insufficient accuracy in the
test method, and not the absence of a hydrogen permeation flux. Under exposure to
CO2 and H2S, the hydrogen uptakes ranged from ∼0.2-1.4 ppmw, but the hydrogen
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uptake measured for Material F is slightly uncertain since the hydrogen permeation
flux was still increasing when the partial pressure of H2S was lowered towards the end
of the experiment. This is the main reason why Material F was not included in the paper.

For most of the materials, the hydrogen uptakes decreased as retained carbide
accumulated on the surface, even though the corrosion rates were increasing. Cementite is
mainly a site for cathodic reactions in steels, and the hydrogen diffusivity and solubility in
cementite are low. Based on this, it was proposed that the hydrogen uptakes are reduced
with increasing area of retained carbide because the hydrogen adsorbed on carbides
located far from ferritic grains has limited opportunities for absorption into the steel.
This positive effect of retained carbides on hydrogen uptake was observed during pure
CO2 corrosion, and appeared to still be relevant when small amounts of H2S was added.
Material B was one of the materials with highest hydrogen uptake, and had the lowest and
most stable corrosion rate during CO2 corrosion. Since Material B has the lowest carbon
content and the carbide is in the form of fine round particles, the area of retained carbides
is expected to be smaller for Material B than the other materials. The XRDmeasurements
confirmed that all materials formed retained carbides, but Material B had a much lower
film weight, which suggests that Material B had a lower ability to retain carbide than the
other materials. Apart fromMaterial B, the results indicated higher hydrogen uptake with
higher carbon content, which can be related to hydrogen trapping on ferrite-cementite
interfaces. The hydrogen uptake decreased with time towards the end of each step for
most of the materials, showing that the surfaces became less penetrable for hydrogen
during exposure to the test environment. When the H2S partial pressure was reduced
towards the end of the test, the hydrogen uptakes decreased substantially, indicating that
the hydrogen recombination poison effect of H2S was occurring simultaneously with the
hydrogen barrier effect.

6.3 Paper III

Correlation between microstructure and hydrogen embrittlement susceptibility of flexible
pipe steel armor wires measured by slow strain rate testing of notched samples

In Paper III, the correlation between carbon steel armor wire microstructure and
hydrogen embrittlement was investigated by tensile slow strain rate tests of notched
samples in air and 3.5 % NaCl solution while polarised to -1.4 V vs. Ag/AgCl, sat.
KCl. All the six tensile armour wires were included in this study. In addition to notched
samples, fatigue pre-cracked samples were tested for materials C and D. Finite element
simulations were conducted in ABAQUS standard code using the stress and strain
measured for smooth samples in Paper IV as input to predict the mechanical behaviour
of the notched samples. Potentiodynamic polarisation curves were measured in 3.5 %
NaCl to examine any differences between the cathodic current densities of the materials
during cathodic polarisation to -1.4 V vs. Ag/AgCl, sat. KCl.
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Samples with a 180 µm notch were tested under strain rate 10−6 s−1. The samples were
pre-charged with hydrogen in two steps and in-situ. The first pre-charging step was
conducted in a separate container for three days. After the first pre-charging step, the
samples were stored at -21 ◦C until the second pre-charging step, which was conducted
in the load frame for six hours immediately before straining. The samples were imaged
at rate 1-10 images per second during tests and the images were post-analysed in
MATLAB to find the CMOD and CTOD. The sample surface facing the camera was
scratched to create a pattern that could be analysed by DIC. The fracture surfaces were
inspected by SEM. The susceptibility to hydrogen embrittlement was expressed by the
notch tensile strength ratio, RNTS, i.e. NTS measured in hydrogen environment divided
by the NTS measured in air, and the ratio of CTOD measured at maximum force in
hydrogen environment divided by the CTOD measured at maximum force for tests in air.

The 3D plane strain FE model fitted the CTOD-force relationship of the experiments
relatively well. The samples fractured before the predicted UTS but followed the
trajectory obtained from the 3D models well until maximum force was reached.

Apart from Material B, all materials exhibited a certain degree of susceptibility to
hydrogen embrittlement. Material B has the lowest carbon content and is the most
ductile of the six tensile armour wires investigated. Although the mechanical properties
of Material B was not affected by hydrogen in the tests, the fracture surfaces of the
hydrogen-charged samples featured brittle cracks near the notch that were not observed
for samples tested in air. Generally, the fracture surfaces of samples tested in air
displayed dimples from microvoid coalescence, while the samples tested in hydrogen
environment had crack formation near ferrite-cementite interfaces.

The RNTS increased with the plastic strain-to-failure and decreased with UTS. The
CTOD measured at maximum force was lowered in the presence of hydrogen, and the
strongest and least ductile materials were most affected. However, the trend was not as
consistent as the trends observed for the RNTS. Material D had the highest sensitivity
to hydrogen embrittlement. The CTOD at maximum force and NTS measured for
hydrogen-charged samples of Material D were about a third of the magnitude measured
for samples tested in air.

The difference between pre-cracked and notched samples tested in air was more significant
for Material D, the lamellar material with high strength and carbon content, than it was
for Material C, which has lower strength and carbon content, and globular cementite. For
hydrogen-charged samples, no significant difference in mechanical behaviour was observed
between notched and pre-cracked samples.
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6.4 Paper IV

Hydrogen embrittlement susceptibility of steel armor wires for flexible pipes

Paper IV investigated the hydrogen embrittlement susceptibility of the six wire materials
by SSRT. The hydrogen-charged samples were exposed to a 3.5 % NaCl solution while
cathodically polarised to -1.1 and -1.4 V vs. Ag/AgCl, sat. KCl, at room temperature.
The reference tests were conducted in air. The samples were in-situ charged and
pre-charged both in a separate container (for three days) and in the load frame before
straining (for six hours). The stain rate was 10−6 s−1. The samples were pinned and the
elastic part of the tensile tests were affected by the sample holders and pins used for
that particular test. The plastic part was however unaffected. The fracture surface area,
plastic elongation and fracture surfaces were compared for the two environments.

The fracture surfaces displayed cracks in the longitudinal direction. For samples tested
in air, they were fewer and deeper, while hydrogen-charged samples formed more cracks
which did not extend as far into the materials. For all materials except Material C,
smaller smooth groves (≤ 40 µm) were also observed along the same direction. These
were referred to as micro-delamination cracks. For materials E and F, these were less
numerous and shallower for hydrogen-charged samples compared to air-tested samples.
For material B, the micro-delamination cracks appeared sharper, yet not deeper, for
hydrogen-charged samples compared to the samples tested in air. Some small areas
(≤ 40 µm) on the fracture surfaces of hydrogen-charged samples of materials A and D
displayed cleavage-like fractures.

Both the stress-strain curves and the fracture surfaces showed that hydrogen affects the
mechanical properties and fracture mechanism in the wire materials. The UTS was not
lowered by the presence of hydrogen, but the plastic elongation at fracture was. Based on
the plastic elongation and fracture surface area, the HE susceptibility tended to increase
with the carbon content, hardness and strength. It was also observed that the materials
tended to be more brittle when charged to -1.4 V vs. Ag/AgCl than -1.1 V vs. Ag/AgCl.
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7 Conclusions and further work

7.1 Conclusions

This work investigated the corrosion, hydrogen uptake and HE susceptibility of tensile
armour wires for flexible pipes, and in particular the effect of microstructure. The
experimental work was conducted for six types of steel armour wire which were
characterized to distinguish their different microstructures.

The following conclusions were drawn after investigating the hydrogen uptake of the wires
under cathodic polarisation, and in a corrosive CO2 environment (0.2 or 1 bar) with low
iron concentration (< 10 ppmw) and either small amounts of H2S (≤ 0.7 mbar) or no
H2S:

� The effective hydrogen diffusion coefficients of the wires, measured during cathodic
polarisation to -12 mA cm−2 in 0.1 M NaOH, were decreasing with increasing
ferrite-cementite interfacial area. Hydrogen trapping on these interfaces is
considered to be the reason.

� The reversible hydrogen uptakes measured for the wire materials during cathodic
polarisation were about twice as high for the more deformed microstructures
(materials B, D, E and F) than the less deformed microstructures (materials A
and C).

� Reversible hydrogen uptakes below 0.6 ppmw were measured under pure CO2

corrosion for the materials with globular cementite (materials A, B, C and E). For
the lamellar materials (D and F), the hydrogen uptake could not be determined
within the limited exposure period.

� Under exposure to CO2 and H2S, the hydrogen uptakes ranged from ∼ 0.2 to
1.4 ppmw. The highest hydrogen uptake was measured for Material D, but the
hydrogen uptake measured for Material F was slightly uncertain and may have
been slightly higher than 1.4 ppmw.

� Under exposure to CO2, the materials that created a network of retained carbides
got increasing corrosion rates and decreasing hydrogen uptakes with time. This is
suggested to be related to the noble nature of cementite compared to ferrite, and the
low diffusivity of hydrogen in cementite, which gives an increasing average distance
between hydrogen adsorption site (retained cementite) and ferrite (uncorroded steel
surface).

� The hydrogen uptakes were heavily influenced by the hydrogen recombination
poison effect from H2S when corroding in a solution with low iron content.
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The following conclusions were drawn after investigating the effect of hydrogen on
mechanical properties, measured for both smooth, notched (R = 180 µm) and fatigue
pre-cracked samples:

� Generally, the effect of hydrogen on mechanical properties tended to increase in
severity with the strength of the material, and decrease in severity with the ductility.

� The notch tensile strength and crack tip opening displacement at maximum force
for hydrogen-charged samples were reduced by up to two thirds of the magnitude
measured for samples not charged with hydrogen.

� The notch tensile strength ratio was decreasing with UTS and increasing with
the plastic strain-to-failure. The crack-tip opening displacement measured at
maximum force was also more affected by hydrogen for the strongest and least
ductile materials. However, the trend was not as consistent as the trends observed
for the notch tensile strength ratio.

� For the two lamellar carbon steels, Materials D and F, the material with higher
carbon content, finer lamellas and higher extent of deformation, i.e. Material D,
was more susceptible to hydrogen embrittlement.

� For notched and precracked samples exposed to hydrogen, crack formation occurred
near ferrite-cementite interfaces, which confirms the importance of hydrogen
interactions with the ferrite-cementite interfaces in the wire materials.

� No significant difference in mechanical behaviour for hydrogen-charged notched and
pre-cracked samples was detected, even though the pre-cracked samples displayed
inferior mechanical properties when tested in air compared to the mechanical
properties of notched samples tested in air.

An interesting observation from this work is that the reversible hydrogen uptakes
measured for the wire materials during cathodic polarisation were about twice as high
for the more deformed microstructures (materials B, D, E and F) than the less deformed
microstructures (materials A and C). This shows the importance of deformation as a
source of hydrogen trapping sites in the wire materials. However, the HE susceptibility
observed in tensile tests did not follow the same trend. The dislocation density is
changed during tensile tests by dislocation movement, formation and annihilation. The
trend of higher hydrogen uptake with higher deformation from production may therefore
be more important for hydrogen damage mechanisms during the absence of applied
stress (e.g. HIC) and less important for the HSC of the materials.
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7.2 Further Work

The experiments conducted in this work have addressed a limited set of conditions
relevant for the flexible pipes. The tests were only conducted in room temperature
or at 25◦C, and both hydrogen uptake, diffusion and corrosion processes are highly
dependent on temperature. The iron concentration in the corrosive environment was
kept low (< 10 ppmw), and the effect of varying iron concentration on corrosion
mechanism and hydrogen uptake was not investigated. The work did not address
all the possible failure mechanisms for flexible pipes. Fatigue testing, CF and HIC
are all relevant for the steel wires and were not addressed. A study with complete
information about the microstructural parameters would give further knowledge about
the effect of grain size and heat treatments on trapping and HE susceptibility. The
mechanical testing was conducted at the same strain rate, 10−6 s−1, and since the results
of tensile tests are sensitive to the strain rate, it would be interesting to investigate
the effect of hydrogen at a slower strain rate, especially since the results of notched
tests for Material B did not show any reduction of mechanical properties due to hydrogen.

For a broader investigation of EAC of flexible pipe steel armour wire, the following topics
are of interest:

� Hydrogen uptake during corrosion in solutions with higher iron saturation and
the effect of different corrosion products on hydrogen uptake both at open circuit
potential and during cathodic polarisation.

� The effect of small amounts of hydrogen on embrittlement. An important question
is whether the amount of hydrogen absorbed during CO2 corrosion is enough to
trigger hydrogen embrittlement, and whether the presence of pits alters the amount
of hydrogen necessary to induce HE.

� The effect of residual stresses from production on the hydrogen uptake and diffusion.

� The sensitivity to H2S related failure when the armour wires have been forming
protective corrosion products in CO2 environment for a long time. This topic is
especially relevant for mature oil fields where the flexible pipes have been in use for
years and the H2S content in the well-fluid is increasing.

� The effects of corrosion and hydrogen uptake on the fatigue resistance of the armour
wires.
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José A. Ponciano Gomes. Corrosion of High-Strength Carbon Steels in Siderite
Supersaturated Water at Near Neutral pH. Corrosion, 77(6):632–645, 2021.

[32] D. Burkle, R. De Motte, W. Taleb, A. Kleppe, T. Comyn, S.M. Vargas, A. Neville,
and R. Barker. In situ SR-XRD study of FeCO3 precipitation kinetics onto carbon
steel in CO2 -containing environments: The influence of brine pH. Electrochimica
Acta, 255:127–144, 2017.

[33] Arne Dugstad. Fundamental Aspects of CO2 Metal Loss Corrosion, Part I:
Mechanism. NACE - International Corrosion Conference Series, 2015. Paper no.
5826.

[34] F. Yu, K.W. Gao, Y.J. Su, J.X. Li, L.J. Qiao, W.Y. Chu, and M.X. Lu. The
fracture toughness of CO2 corrosion scale in pipeline steel. Materials Letters,
59(14-15):1709–1713, 2005.

[35] Saba Navabzadeh Esmaeely, Yoon-Seok Choi, David Young, and Srdjan Nešić.
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Roberto Hubler, and Bruno Huet. Effect of calcium carbonate on low carbon
steel corrosion behavior in saline CO2 high pressure environments. Applied Surface
Science, 359:143–152, 2015.

[37] Frederick Pessu, Richard Barker, and Anne Neville. The Influence of pH on
Localized Corrosion Behavior of X65 Carbon steel in CO2-Saturated Brines.
Corrosion, 71(12):1452–1466, 2015.

[38] A. Dugstad, S. Palencsár, T. Berntsen, and L. Børvik. Corrosion of Steel Armour
Wires in Flexible Pipes - History Effects. SPE International Oilfield Corrosion
Conference and Exhibition, June 2018.

[39] Nor Roslina Rosli, Yoon-Seok Choi, and David Young. Impact of Oxygen Ingress
in CO2 Corrosion of Mild Steel. NACE - International Corrosion Conference Series,
March 2014. Paper no. 4299.

[40] S. Al-Hassan, B. Mishra, D.L. Olson, and M.M. Salama. Effect of Microstructure
on Corrosion of Steels in Aqueous Solutions Containing Carbon Dioxide. Corrosion,
54(6), 1998.

[41] P. E. Yudin, T. M. Pugacheva, L. A. Kondratyeva, and M. V. Bogatov. Investigation
of the influence of the steel 20 microstructure on the carbon dioxide corrosion rate.
Metal Science and Heat Treatment, 62:415–419, 2020.
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Abstract

In this study, six flexible pipe steel armor wires used in oil and gas

transportation are characterized, and their hydrogen diffusion coefficients and

hydrogen uptakes are measured using an electrochemical hydrogen permea-

tion technique. The wires have ferritic–pearlitic microstructures with round,

lamellar, or partially lamellar carbides and the shape and orientation of the

grains indicate that the microstructures were plastically deformed to different

degrees. It was assumed that hydrogen was transported through the ferrite, so

the presence of cementite in the steel armor wires leads to longer hydrogen

diffusion paths through the ferrite, which was quantified with a tortuosity

factor. After compensating for tortuosity, the normalized steady‐state flux

shows a tendency to increase as the grain size decreases. The effective

diffusion coefficients increase with a decrease of the ferrite–cementite

interface area, suggesting trapping on the ferrite–cementite interfaces.

The uptake of diffusible hydrogen was lowest for the least plastically deformed

materials and about twice as high for the more plastically deformed materials.

KEYWORD S

carbide distribution, deformation, diffusivity, hydrogen, steel armor wires

1 | INTRODUCTION

Flexible pipes are frequently used for oil and gas
transportation. Each pipe consists of several layers with
specific purposes that combined give the desired
mechanical and chemical resistance required for the
designed operating conditions. Many designs are possi-
ble, but usually, the pipes comprise five main unbonded
layers: a carcass made of a corrosion‐resistant alloy
closest to the bore, a polymer sheath, a pressure armor
layer made of steel, a tensile armor layer made of high

strength steel wires, and an outer polymer sheath.[1,2]

The annulus around the tensile armor wires is dry under
normal operating conditions but can be flooded with
condensed water containing corrosive species like CO2,
H2S, or both, which permeate from the bore, and sea-
water when there are damages in the outer polymer
sheath. The resulting exposure to corrosive media can
lead to corrosion and hydrogen embrittlement (HE) of
the tensile wires.[1–4] In this regard, both corrosion and
cathodic protection (when the outer shielding is da-
maged) may introduce atomic hydrogen to the wires.
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Several incidents of brittle fractures and severe corrosion
attacks of flexible pipe steel armor wires have been re-
ported[5–7] and the failure mechanism can be complex.
Understanding the relationship between hydrogen up-
take and microstructure in the armor wires is a crucial
step towards understanding the complex failure me-
chanisms of flexible pipes and improving flexible pipe
design.

HE is caused by the presence of hydrogen within
an alloy or metal.[8] In carbon and low alloy steels, the
presence of atomic hydrogen can induce premature failures
by interactions with dislocation formation and movement,
decreasing the cohesion between atoms in the lattice, and
interaction with local stress and strain fields.[9] Some mi-
crostructural sites have a higher affinity to hydrogen than
the interstitial lattice sites and serve as hydrogen traps.
Hydrogen traps are often divided into reversible and
irreversible, according to the hydrogen desorption
probability at room temperature.

Given the very low probability of hydrogen desorption
from irreversible traps, they can be saturated even when the
hydrogen concentration in the material is low, whereas
reversible traps can reach dynamic equilibrium with the
hydrogen in the lattice. Grain and phase boundaries,
vacancies, inclusions, and dislocations are all examples of
typical trapping sites in steels.[10] Findley et al.[11] summar-
ized the binding energy of several types of traps from 18
references and reported that the binding energy
of dislocations was 18–59.9 kJ mol‐1, grain boundaries
8.8–58.9 kJ mol‐1, voids 29.1 kJ mol‐1, and ferrite–cementite
interface 8.4–15.7 kJ mol‐1. These are all considered
reversible traps. The hydrogen in lattice and reversible
traps—also referred to as diffusible hydrogen—has a more
severe impact on mechanical properties than the irreversibly
trapped hydrogen since the diffusible hydrogen can
accumulate in regions with high stress and facilitate crack
initiation and propagation.[9,12]

There is a substantial body of research on the effect of
different parameters on the HE susceptibility of steels
where the microstructures were carefully controlled to
investigate the effect of changing one parameter at a
time.[13–21] However, there is limited work on the inter-
play between armor wire steel microstructure and hy-
drogen to date. In this paper, the HE susceptibility of
materials with complex microstructures is investigated,
and the difference in hydrogen diffusivity, permeation
flux, and uptake is discussed based on several differences
in microstructural features. Six types of flexible pipe ar-
mor steel wire were tested using electrochemical hydro-
gen permeation experiments. The work focuses on
estimating the diffusible hydrogen content since this is
the most detrimental in cases where there is a constant

supply of hydrogen, like during a corrosion process or
cathodic protection of a flooded flexible pipe annulus. A
detailed metallographic study was conducted to compare
the microstructures of the wires and to distinguish
between the effect of hydrogen trapping and tortuous
hydrogen diffusion paths on the effective diffusion coef-
ficients. The wires tested were qualified according to the
API 17J Specification for Unbonded Flexible Pipe[22] for
different operating conditions, as discussed below. The
outcome of this investigation will support future con-
siderations regarding the replacement and lifetime
extension of flexible pipes.

2 | EXPERIMENTAL

2.1 | Materials

Six types of flexible pipe wires qualified for different
operating conditions were provided and are identified
by letters A–F. The wire materials complied with API
17J and were delivered in their service thermo-
mechanical condition. Samples were taken from coils,
and some pieces were straightened using a roller
straightener to fit the required dimensions of the
electrochemical permeation cell. The thickness of the
wires was 3 mm, and the widths ranged from 9 to
12 mm. The chemical compositions of the wires are
given in Table 1. Scanning electron microscopy (SEM)
images of the center of the cross‐sections of the six
materials are given in Figure 1. The surfaces in the
images were prepared as described in Section 2.2.
Images at a higher magnification can be consulted in
Figure 2 for Materials D and E. All the wires had
features associated with rolled microstructures, with
grains being narrower through‐thickness than in the
width and length directions. The exact thermo-
mechanical fabrication route of these materials was
not available, but the size and shape of ferrite provided
insight on whether the wires were subjected to long
heat treatments after the rolling process. The wires'
extent of plastic deformation, the estimated grain size,
and the cementite morphology are described in Table 2
with the hardness, yield strength, ultimate tensile
strength, and plastic strain‐to‐failure (Ep). The Ep was
calculated according to NACE Standard TM0198‐
2016.[23] The materials have complex microstructures
with many unclear grain boundaries and the grain size
is therefore described by the largest well‐defined grains
observed instead of average grain size. The ferrite and
cementite grains were of different sizes and are
therefore evaluated separately.
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2.2 | Metallographic preparation
and analysis

The microstructure of the materials was examined using
SEM images. Before SEM imaging, the surfaces were
ground to European grit P4000, polished to 1 µm dia-
mond suspension, and etched in 2 vol% Nital solution for
5–6 s. The Nital solution was prepared by adding 2ml of
67–70 wt% HNO3 into 100ml of ethanol.

The ferrite–cementite interfacial area, Sv, the
mean free path between cementite particles, λp, and
the mean true spacing for lamellar materials, σ0, were
calculated as described by Johnson and Krauss;[13]

Sv = 4N where N is the number of particles or platelets
intercepted per unit of length of a test line,
λp = (1 − f)/N, where f is the volume fraction of ce-
mentite, calculated with the lever rule and assuming
all C is located in cementite, Fe3C, and σ0 = 2/Sv. For
each material, N was determined from four images of
the middle of cross‐sections and four images in the
middle of the wires in the width‐length plane. Five
horizontal and five vertical test lines were measured
for each image, that is, 20 lines were used to find the
average number of cementite interceptions on the test
lines in the thickness and length directions while 40
lines were used to find the average number of ce-
mentite interceptions in the width direction. SEM
images with magnifications varying from ×5000 to

×50 000 were used, depending on the grain size and
size of lamellas or cementite particles. All materials
were evaluated at ×20 000 and at least one other
magnification.

The tortuosity of the hydrogen diffusion path in the
electrochemical hydrogen permeation experiments was
determined by examining cross‐section micrographs. In
the electrochemical hydrogen permeation experiments,
hydrogen diffuses in the direction of the thickness, and the
tortuosity was therefore only studied in through‐thickness.
Image analyses were first conducted by examining micro-
graphs from three positions in the cross‐sections at ×10 000.
One to three images were analyzed for each position. For
each image, a red line was drawn from side to side, in the
direction of diffusion during electrochemical permeation
tests, and the number of red pixels was divided by the
number of pixels between the two sides of the image. An
example is shown in Figure 3. The red line was chosen to
start at a point where it was clear that the shortest path of
diffusion was seen inside the image. Each line was drawn
straight until it reached a particle or lamella, then the ne-
cessary steps were taken to avoid the obstacle and before it
continued in a straight line. The number of pixels in a line
was then equal to the number of pixels from one side of the
image to the other plus the number of extra pixels drawn to
overcome obstacles. For some images, especially the ones
with spheroidized carbides, several lines could be drawn
without the lines going through the same grains. The same

TABLE 1 Cementite fractions (f) and chemical compositions of the wire materials

Material f C (wt%) Si (wt%) S (wt%) P (wt%)
Mn
(wt%)

Ni
(wt%)

Cr
(wt%)

Al
(wt%)

A 0.077 0.501 0.247 0.002 0.003 0.604 0.001 0.011 0.031

B 0.043 0.282 0.223 0.010 0.006 0.733 0.010 0.003 0.035

C 0.054 0.353 0.194 0.007 0.009 0.678 0.013 0.003 0.042

D 0.127 0.830 0.331 0.005 0.005 0.683 0.005 0.002 0.041

E 0.095 0.618 0.225 0.002 0.007 0.729 0.009 0.032 0.037

F 0.100 0.651 0.240 0.009 0.002 0.630 0.060 0.025 0.003

Material V (wt%)
Pb
(wt%) N (wt%) Ti (wt%)

Sn
(wt%)

Cu
(wt%)

Co
(wt%)

Mo
(wt%) B (wt%)

A 0.036 0.050 0.009 <10−4 N.D. N.D. N.D. 0.001 <10−4

B 0.001 0.065 0.020 0.002 N.D. <10−4 <10−4 0.001 <10−4

C 0.002 0.065 0.219 0.002 <10−3 0.001 N.D. 0.001 <10−4

D 0.050 0.065 0.099 0.004 0.001 <10−4 N.D. 0.002 <10−3

E 0.001 0.050 0.014 <10−4 N.D. N.D. N.D. <10−3 <10−4

F 0.001 0.040 0.009 N.D. N.D. <10−3 0.001 <10−4 <10−4

Note: Elements that were not detected for a particular material are labeled with N.D.

Abbreviations: Ep, plastic strain‐to‐failure; UTS, ultimate tensile strength; YS, yield strength.
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image was then sometimes used to find two lines. All the
materials had at least two lines drawn for each of the three
positions. More images were analyzed for the materials
with the highest data variance. This method has been
shown sensitive to the image resolution, and the first
screening was therefore conducted with images in the same
magnification for all the materials. A second screening was
conducted for Materials D and F, where Material D was
evaluated at ×20 000 and Material F at ×5000. The images
were distributed more evenly around the cross‐section in
the second screening.

2.3 | Electrochemical hydrogen
permeation experiments

The hydrogen uptake and diffusion coefficients of
the materials were determined by electrochemical
hydrogen permeation experiments, similar to the
experimental configuration described by Devanathan
and Stachurski.[24] The cell consisted of two com-
partments separated by the steel specimen in the
middle. The principle behind the method is to charge
the sample with hydrogen on one side and detect

FIGURE 1 Scanning electron microscopy images illustrating the microstructure of the wires, as indicated. The orientation of the images
is indicated in the image of Material A
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electrochemically the hydrogen that has diffused
through the specimen on the opposing side, Figure 4.

2.3.1 | Sample preparation

Since the microstructures of the wires were anisotropic, it
was decided to keep the materials in their original thickness,
although somematerial was lost due to grinding. The sample
thicknesses ranged from 2.54 to 2.85mm, ideally leading to a
circular exposed area of 28.5mm radius to fulfill the desired
minimum 10:1 radius‐to‐thickness ratio, as recommended by
ISO 17081[25] and ASTM G148[26] to guarantee one‐ di-
mensional (1D) diffusion through the thickness. Maintaining

the preferred radius was not possible since the width of the
wire was 12mm or smaller. Thus, the wires were embedded
in a light‐curing resin (Technovit® LC 2000) mixed with its
optional additive “Inside Cure” to maximize the exposed
area. An embedded sample is shown in Figure 5. All sample
sides were ground with SiC paper, washed in acetone, and
sonicated in ethanol before mounting. The two sides exposed
in the permeation cell were ground to European grit P1200
SiC paper before the samples were heated to 120°C in a
heating cabinet overnight, to reveal sites with bad adhesion
between the steel and embedding. Any sites with poor ad-
hesion between the polymer and steel were visible after
heating and only defect‐free samples were used in the tests.
Before exposure in the test cell, the samples were coated

FIGURE 2 Scanning electron microscopy images of Materials D and E

TABLE 2 Mechanical and microstructural properties of the wire materials

Material Extent of plastic deformation Cementite morphology

A Some deformation Globular, partly lamellar

B Pearlite deformed. Some banding of ferrite Globular

C Some banding and deformation Globular

D Highly deformed grains Lamellar

E Pearlite deformed. Some banding of ferrite Globular, partly lamellar

F Some deformation of pearlite. Ferrite heavily deformed Lamellar

Material

Estimated grain size

Hardness (HV10) YS (MPa) UTS (MPa) EpFerrite (µm) Cementite (µm)

A ≤14 ≤36 331 ± 14 871 1009 0.115

B ≤10 ≤28 290 ± 10 805 847 0.157

C ≤20 ≤14 257 ± 4 616 744 0.152

D ≤7 ≤24 453 ± 16 1408 1622 0.094

E ≤3 ≤22 386 ± 8 1097 1260 0.108

F ≤20 ≤32 384 ± 6 1252 1408 0.099

Abbreviations: Ep, plastic strain‐to‐failure; UTS, ultimate tensile strength; YS, yield strength.
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with palladium on one side by electrodeposition according to
the procedure proposed by Bruzzoni[27] and described in
detail by Husby et al.[14] After the samples were coated with
Pd, they were heated to 120°C in a heating cabinet for at
least 16 h to remove any hydrogen that may have been ab-
sorbed by the samples during the Pd‐coating process and
diffused to irreversible traps. This procedure was used by
Rivera et al.[28] who exposed the samples to 110°C. In the
absence of a palladium coating on the hydrogen exit side

(i.e., anodic side), the steady‐state permeation current can
decrease with time.[29–31] This drop in steady‐state permea-
tion current may be acceptable for experiments expected to
last a few hours, but for the thick samples used in this study,
a palladium coating on the hydrogen exit side was con-
sidered necessary. The hydrogen entry side was left uncoated
and re‐ground with European grit P1200 SiC paper, rinsed in
distilled water, and dried with hot air just minutes before the
electrochemical hydrogen permeation experiments.

2.3.2 | Measurement of hydrogen
permeation transients

The sample was placed in the sample holder and the screw
was inserted to make electrical contact, as shown in Figure 4.
Gaskets were placed on both sides of the sample before the
glass compartments and the clamping system was mounted
around the sample. Both compartments of the cell were fil-
led with 0.1M NaOH and constantly purged with nitrogen
gas to remove oxygen, as recommended for carbon steels in
ISO 17081.[25] Each compartment had mercury–mercurous
electrode (MME) (Hg/Hg SO /SO2 4 4

2−) in saturated K2SO4

solution as a reference and a platinum wire as a counter
electrode. The potential of the MME electrode is +650mV
versus the normal hydrogen electrode. Hydrogen was in-
troduced by galvanostatic polarization using an applied

FIGURE 3 Example of a line drawn to estimate the tortuosity
of the hydrogen diffusion path in Material F. The image is shown
here is cropped and magnified to improve the visibility [Color
figure can be viewed at wileyonlinelibrary.com]

FIGURE 4 Electrochemical hydrogen permeation cell [Color figure can be viewed at wileyonlinelibrary.com]
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current, iapp =−12mA cm‐2. This compartment will be de-
scribed as the cathodic compartment and the corresponding
side of the sample as the cathodic side. In the other com-
partment, that is, the exit or anodic compartment, the
sample was anodically polarized to −110mV versus MME
(+300mV vs. SCE or +340mV vs. Ag/AgCl sat. KCl). The
experiments started with stabilizing the surfaces in both
compartments to −110mV versus MME until the current on
the anodic side was lower than 0.1 μA cm‐2. Then, galva-
nostatic charging started on the cathodic side. When hy-
drogen reached the anodic side, the current increased until
steady‐state diffusion was reached and the current on the
anodic side stabilized. The galvanostatic charging was then
stopped and hydrogen removed from the test sample by
anodic polarization at −110mV vs. MME on both sides,
which is referred to as discharging or decay transient. When
the anodic side reached a current density below 0.1 μA cm‐2,
the galvanostatic charging was re‐started and the new hy-
drogen charging transient was measured. A second decay
transient was recorded after steady‐state diffusion was
reached. Water at 25± 1°C was circulated through the jacket
of the anodic and cathodic compartments of the cell.

2.3.3 | Analysis of the results

The electrochemical hydrogen permeation experiment
is designed to have 1D hydrogen diffusion, a linear
gradient of lattice hydrogen concentration in the ma-
terial at a steady state, and a diffusible hydrogen con-
centration equal to zero on the anodic side.[25,26] It is
assumed that during steady‐state permeation, the hy-
drogen traps are occupied and in equilibrium with the
lattice concentration so that lattice hydrogen diffusion
dominates. There may be obstacles to hydrogen

diffusion through which hydrogen cannot diffuse.[32]

Cementite is considered to be an example of this kind
of obstacle for hydrogen diffusion, besides contributing
to increased hydrogen uptake by trapping on the
cementite–ferrite interfaces.[13,33] Hydrogen diffusion
inside any cementite phase in ferritic–pearlitic steels
can therefore be neglected. Thus, hydrogen diffusion in
the lattice during steady‐state is expected to be
governed by the theoretical diffusion coefficient of
ferrite, Dl. The permeation flux at steady‐state, JSS,
depends on the length of the hydrogen pathway
through the sample, L, and the subsurface concentra-
tion of hydrogen in lattice sites at the entry side, C0.
Since the lattice hydrogen is expected to be present
mainly in ferrite and the materials contain both ferrite
and cementite, the subsurface concentration of hy-
drogen is denoted C0

av here, to emphasize that the
concentration is based on the assumption of equal
distribution of lattice hydrogen over the hydrogen en-
try surface.[34]

J
D C

L
= .SS

l 0
av

(1)

C0
av must be divided by the volume fraction of ferrite to

find the subsurface concentration of lattice hydrogen in
the ferrite phase, C0

Fe.[34]

C
C

f
=

1‐
0
Fe 0

av

(2)

Similarly, JSS reflects the average flux of hydrogen
while JSS

Fe is introduced to quantify the flux of hydrogen
in the ferrite phase, assuming no hydrogen flux in the
cementite

J
D C

L

J

f
= =

1 −
.SS

Fe l 0
Fe

SS
av

(3)

In the range −40°C to 80°C, Dl for ferrite is given
by[35]



 


D = 7.23 × 10 exp

−Q

RT
m sl

−8 2 ‐1
(4)

where Q= 5.69 kJ mol‐1 and R is the gas constant
8.314 J K‐1 mol‐1. This gives D = 7.28 × 10l

‐5 cm2 s‐1 at
25°C. When only reversible trapping sites are present and
the trap occupancy is low, the concentration of hydrogen
in lattice and reversible trapping sites, C0R, can be esti-
mated by reformulating Equation (1) and using the ef-
fective diffusion coefficient, Deff, which accounts for the
effect of trapping on diffusivity.[25]

FIGURE 5 Electrochemical hydrogen permeation sample. The
translucent part of the sample is the embedding. The dark area of
the sample was coated with Pd and exposed facing the anodic side
of the hydrogen permeation cell [Color figure can be viewed at
wileyonlinelibrary.com]
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C
J L

D

I L

A FD
= = .0R

SS

eff

SS

surface eff
(5)

Here, ISS is the steady‐state permeation current
measured on the anode side, Asurface is the exposed sur-
face area, and F is Faraday's constant equal to 96485
C mol‐1. Deff can be determined in several ways. One way
is to use the breakthrough time, tb, which is determined
by extrapolating the linear portion of the rising per-
meation transient to zero permeation flux. The break-
through method gives the following relationship[36]

D
L

t
=

19.8
.eff

2

b
(6)

The so‐called time‐lag method is another approach
where Deff is obtained based on the time elapsed when
the permeation flux J(t) has reached 0.63 × JSS. This time
is defined as tlag and Deff follows:

D
L

t
=

6
.eff

2

lag
(7)

Another approach involves estimating Deff by
plotting J J t J− ln(( − ( ))/ )SS SS versus t, which should
have a gradient of t1/ 0 where t L D= /(μ )0

2 2
eff .

[24] The
same slope should be obtained for the decay transient
when plotting J t J− ln( ( )/ )0 versus t, where J0 is the
current at the start of the decay transient, that is, the
JSS of the rising transient. Inside the materials,
there may be traps with such high binding energy that
the hydrogen trapped is unlikely to escape during the
permeation test.[12] These traps are considered irre-
versible and the hydrogen trapped will not be part of
the diffusible hydrogen. During the first transient, tb
and tlag can be increased by the presence of irrever-
sible traps and therefore the second transients will be
used in the breakthrough and time‐lag methods.

Zakroczymski[37] derived the following equation for
the permeation flux on the anodic side during decay
transients when both the cathodic and anodic sides of the
permeation cell are under anodic polarization,

∞

∞ 







J t

J

L

D t

n L

D t

( )
= 1 −

2

(μ )
exp −

(2 + 1)

4
.

neff
1/2

=0

2 2

eff
(8)

Deff was obtained as the value that minimized the
sum of the squared error between Equation (8) and the
experimental points. The first 100 terms in the series in
Equation (8) were calculated. Normally, L is assumed
equal to the sample thickness,[25,26] but for materials
where the diffusion path of hydrogen is tortuous, a tor-
tuosity factor can be added which relates the real diffu-
sion distance L to the sample thickness L0. Here, the
tortuosity factor, τ, is defined as in[38]

τ
L

L
= .

0
(9)

An alternative definition of tortuosity is
ω D D= / αeff .[34] The multiple definitions can lead to
confusion since a tortuous diffusion path gives τ > 1

and ω < 1. Using τ is more practical than ω when
finding the tortuosity factor from images and was
therefore chosen for this study.

3 | RESULTS

3.1 | Microstructure

The ferrite–cementite interfacial area, Sv, mean free
path between particles, λp, and mean true spacing
between lamellae, σ0, are given in Table 3. The stan-
dard deviations of Sv, λp, and σ0 depend on the stan-
dard deviation of N which was calculated assuming no

TABLE 3 Tortuosity factors, ferrite–cementite interfacial area, mean free path between cementite particles, and mean true spacing for
lamellar materials, found by image analyses

Material τ Sv (μm−1) λp (μm) σ0 (μm)

A 1.122 ± 0.036 8.521 ± 1.901 0.434 ± 0.097 N.A.

B 1.055 ± 0.010 8.022 ± 2.975 0.480 ± 0.178 N.A.

C 1.056 ± 0.022 3.066 ± 2.176 1.239 ± 0.879 N.A.

D 1.669 ± 0.266 30.761 ± 2.421 N.A. 0.065 ± 0.005

E 1.158 ± 0.015 15.237 ± 1.345 0.240 ± 0.021 N.A.

F 2.035 ± 0.344 16.758 ± 3.316 N.A. 0.119 ± 0.024

Note: Error was estimated as the standard deviation.
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covariance between the number of intercepts in the
length, width, and thickness directions. Materials A
and B had similar Sv and λp values despite having very
different microstructures: The carbon content of A
was almost twice as high as that of Material B, and
Material A had ferrite grains distributed more evenly
around the pearlite grains than Material B. Material C
had the lowest Sv and highest λp while Material D had
the highest Sv. Materials E and F had similar Sv, but
otherwise substantially different microstructures.
Material F had lamellar carbides, and ferrite grains in
lines extending over 20 µm whereas Material E had a
very fine microstructure with mainly small round
carbides and smaller ferrite grains than Material F.

Figure 6 shows the tortuosity factors estimated for
all materials with ×10 000 magnification images. The
materials appeared relatively equiaxed in the width‐
length plane and a hydrogen diffusion obstacle was
therefore considered to be equally difficult to over-
come in the length as the width dimension. Hence,
the 2D diffusion paths found in the images were
considered representative of the 3D diffusion paths in
the wire materials. The tortuosity was highest for the
lamellar materials, D and F, and lowest for the ma-
terials with the lowest carbon contents and roundest

carbides, B and C. The tortuosity measurements were
highly scattered for Materials D and F, while they
were least scattered for the materials with the finest
carbide distribution, Materials B and E. For Material
D, the lamellas were often blurred at ×10 000 and the
evaluation of the diffusion path at this magnification
was difficult. A second screening was therefore

FIGURE 6 First estimation of tortuosity factors from images of ×10 000 in three different areas of the cross‐sections. The areas are
indicated in the lower illustration [Color figure can be viewed at wileyonlinelibrary.com]

FIGURE 7 Second estimation of tortuosity factors for
Materials D and F. Images of ×20 000 were used for Material D
while images of ×5000 were used for Material F [Color figure can
be viewed at wileyonlinelibrary.com]
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conducted for Material D with images taken at a
higher magnification. Due to the large grain size of
Material F, few grains were visible in each image
taken at ×10 000 magnification and the tortuosity
evaluated from these images was more sensitive to
grains of tortuous orientation than the evaluation of
images with a higher number of grains. The tortuosity
of Material F was therefore investigated again at a
lower magnification. The second time the tortuosity
of Materials D and F was investigated, the images
were captured in several positions distributed over the
cross‐section at a ×20 000 magnification for Material
D and ×5000 for Material F. The graph in Figure 7
displays the measured tortuosity factor versus the
approximate distance to the middle of the cross‐
section. Notice that the distance to the middle does
not represent the distance to the outer surface,
since the wires have rectangular shapes with rounded
corners. Material D was wider than Material F and
had therefore some measurements further from the
middle than Material F. At both ×10 000 and ×20 000,
the tortuosity in Material D was the highest in the
middle and decreased as the distance to the middle
increased. For both materials, the tortuosity factor
decreased when the magnifications were optimized
for each of them separately. The tortuosity factors of
the materials are given in Table 3.

3.2 | Electrochemical hydrogen
permeation experiments

Using 0.1M NaOH in the cathodic compartment of the
hydrogen permeation cell was not ideal for the measurement
of hydrogen diffusivity and hydrogen uptake in the wire
materials. Before the first transient and between the first and
second transients, the samples were anodically polarized on
both sides and since the cathodic sides of the samples were
not coated with Pd, an oxide layer can be formed on the

surface, influencing diffusion.[39,40] The rising transients ob-
served when charging carbon steel samples in 0.1M NaOH
are usually shallower than Fick's law, and this environment
is therefore advised against carbon steels. More advice on
charging environments for electrochemical hydrogen per-
meation tests can be consulted in the appendix of ISO
17081[25] and ASTM G148.[26]

The hydrogen permeation transients and decays are
given in Figures 8–13. Irreversible trapping of hydrogen
will give a slower diffusion during the first transient than
the second transient, but the steady‐state permeation
currents are expected to be the same. The current of the
second transients was however smaller than that of the
first transients, probably as a result of oxide formation
during anodic polarization on the cathode side. In this
study, the oxide formation was expected to be more ap-
parent for the second rising transient than the first, as the
stabilization time before the first transient was around
24 h while the decay between the first and second tran-
sient lasted at least 3 days. The steady‐state currents were
estimated from the first transients since these were ex-
pected to be less affected by oxide formation on the
cathodic side. However, since the current did not fully
stabilize for most of the materials, the steady‐state cur-
rents were defined as the current of the first transient
after 93 h of exposure.

Logarithmic plots of normalized rising and decay
transients are shown in Figure 14. For the rising
transients, the normalized hydrogen permeation flux
is A J J t J= ( − ( ))/SS SS. For the decay transients, the
normalized permeation flux of the decay transients is
A J t J= ( )/ 0, where the current at the start of a decay
transient, J0, is equal to the JSS of the preceding
rising transient. According to Devanathan and
Stachurski,[24] Deff can be determined from the slope
of the normalized transient:

A
D

L
tln = ln 2 −

μ
.

2

2 (10)

FIGURE 8 Electrochemical hydrogen permeation curves of Material A [Color figure can be viewed at wileyonlinelibrary.com]
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FIGURE 9 Electrochemical hydrogen permeation curves of Material B [Color figure can be viewed at wileyonlinelibrary.com]

FIGURE 10 Electrochemical hydrogen permeation curves of Material C [Color figure can be viewed at wileyonlinelibrary.com]

FIGURE 11 Electrochemical hydrogen permeation curves of Material D [Color figure can be viewed at wileyonlinelibrary.com]

FIGURE 12 Electrochemical hydrogen permeation curves of Material E [Color figure can be viewed at wileyonlinelibrary.com]
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Notice that the decay rates in Figure 14 departed from
linearity for long exposure times. The deviation from line-
arity could be due to the additional hydrogen diffusion out
from the originally cathodic sides.[15] The diffusion coeffi-
cients were therefore estimated in the linear regions closer to
the start of the decays. For Materials A, B, C, and E the linear
portion of the decay occurred before 10 h, whereas the cor-
responding region for Material D was 10–24 h and 20–60 h
for Material F. For each material, Deff was calculated by
several methods and the results are given in Table 4. The Deff

values calculated by tlag, tb, and slope method from the
second transients differed and the reasons for this will be
further elaborated in Section 4. The Deff values found using
the slope method on the two decay transients were con-
sistent. An acceptable agreement was also found for Deff

values calculated by fitting Equation (8) to decay transients 1
and 2, and unlike the slope method, this model fitted the
entire decay transient, Figure 15. The Deff values calculated
from the decays tended to decrease with increasing Sv as
displayed in Figure 16.

The diffusion coefficients, Deff, estimated using
Equation (8) on both decay transients were used to calculate
the trapped C0R and lattice hydrogen (C0

Fe) concentrations.
Equation (8) was chosen for Deff calculations because the
boundary conditions used in the slope method were valid
only for short times while Equation (8) considers that hy-
drogen is removed from both sides of the sample during the
decay transients and is, thus, valid throughout the duration
of the decay transients, Figure 15. Lattice and reversible
hydrogen concentrations are given in Table 5 along with ISS,
which was estimated from the current after 93 h of char-
ging, and the normalized steady‐state permeation flux JSSL.
The subsurface concentration of lattice hydrogen showed a
small difference between the C0

av and C0
Fe values, because

the volume fractions of cementite were low, Tables 1 and 5.
The choice of C0

av or C0
Fe does not affect the ranking in

lattice hydrogen concentration. JSSL is plotted versus λp, and
σ0 in Figure 17, showing a lack of a clear trend between

permeability and cementite or platelet distance, and hence,
no indication of uncompensated tortuosity effects.

4 | DISCUSSION

4.1 | Tortuosity

The effect of cementite increasing the hydrogen diffusion
path in steels is often neglected in electrochemical hy-
drogen permeation experiments; nonetheless, several
studies, especially for steels with both ferritic and
austenitic phases, have shown the need to evaluate
tortuosity effects of secondary phases.[12,32,34,38,41–44] For
simpler, homogenous materials, the effect of tortuosity
can be modeled using the grain size and shape, and or-
ientation of the secondary phases. For example, Turnbull
and Hutchings[34] estimated the tortuosity of the diffu-
sion path by using equations originally developed in
thermal transport models,[45,46] but found a 16% differ-
ence in the tortuosity factor depending on which model
they used. The complexity of the microstructures in this
study made it difficult to find reasonable assumptions for
tortuosity models. Thus, image analyses were the pre-
ferred method, although they were affected by the choice
of image magnification and the possible over or under
etching of the surfaces.

The tortuosity factors found by image analyses were the
lowest for Materials B and C, which had the lowest carbon
contents. The tortuosity factors were about 10% higher for
Materials A and E, and more than 50% higher for the la-
mellar materials D and F. The tortuosity of pearlitic steels
has been addressed in many studies.[38,43,47] Forot et al.[38]

defined the tortuosity factor as given in Equation (9) and
found a tortuosity factor between 20 and 35 for fully pearlitic
steel by analyzing transmission electron microscopy (TEM)
micrographs. This is much higher than the tortuosity factors
found for Materials D and F in this study (i.e., 1.669 and

FIGURE 13 Electrochemical hydrogen permeation curves of Material F. A noisy signal was observed during the first 8 h of the first
decay—these data have been removed [Color figure can be viewed at wileyonlinelibrary.com]
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2.035, respectively). Several grains in Materials D and F had
discontinuous lamellas and this, in addition to the presence
of ferritic grains, reduced tortuosity significantly. Another
possible reason for low tortuosity factors in our work com-
pared to Forot et al.,[38] is that the TEM images in Forot
et al.[38] were obtained at a higher magnification than in our
work. In this regard, as shown in Figures 6 and 7, the tor-
tuosity factor is affected by the magnification. When the
images were captured at a magnification where few grains
are seen in each image, the perceived possible diffusion
paths will mainly go through the grain interior, whereas

using images of lower magnification allows for seeing dif-
fusion paths along grain boundaries. As we will show in the
discussion of the steady‐state permeation flux, it is likely that
diffusion is occurring on the grain boundaries, supporting
the choice of using the tortuosity measured at lower mag-
nifications as long as the discontinuities of the lamellas are
still visible. The tortuosity factor of the lamellar materials
had the highest standard deviations, which was expected
since tortuosity measurements are strongly affected by the
orientation of any lamellar grains. The lowest standard de-
viations were found for Materials B and E, which are the

FIGURE 14 Logarithmic rise and decay plots for the electrochemical permeation tests. For the rising transient, A J J t J= ( − ( ))/SS SS.
For the decays A J t J= ( )/ 0 [Color figure can be viewed at wileyonlinelibrary.com]
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materials with the finest carbides and the most homogenous
carbide distribution. In the following discussion, the tortu-
osity factor is used for all materials unless otherwise stated.

4.2 | Diffusion coefficient

The Deff values calculated using the decay transients gave
relatively reproducible results. The use of the decay
transients for estimating the diffusion coefficient is less
common than using the second rising transients since
the boundary conditions are harder to define during
the decay.[48] However, the hydrogen concentration
at the previous entry side is fixed to zero by applying an
anodic potential on the previous hydrogen entry side
during decay transients.[25,26,48] The hydrogen entry side
was not coated with Pd, which can lead to less efficient
desorption of hydrogen there compared to the hydrogen
exit side and a gentler slope than Equation (8) predicts. A
gentler slope is observed for the materials with globular
carbides, see Figure 15, and less efficient hydrogen des-
orption on the hydrogen entry side may have caused this.
It is, however, interesting that this has not affected Ma-
terial D which was charged with hydrogen for as long as
Materials A and B. When using the rising transients for
calculating Deff (the breakthrough, time lag, and slope
methods) the results were inconsistent and often one
order of magnitude lower than the diffusion coefficients
calculated by the slope method for the decays. The time
lag method is dependent on the steady‐state current and
the Deff will be erroneous if the steady‐state current is not
achieved. This may have happened to the materials that
did not reach steady state during the rising transients. A
difference in Deff calculated by different methods can
indicate that Deff is dependent on the hydrogen con-
centration, but the difference can also be related to oxide

formation on the cathodic side of the sample when this
side is anodically polarized. Zakroczymski[39] explained
how the oxide formed on the cathode side of a permea-
tion test sample during exposure to 0.1M NaOH impedes
diffusion, leading to erroneous results. The thickness of
the oxide will decrease during charging, and the Deff

calculated by the breakthrough method is, therefore,
likely to be more affected than the Deff calculated by the
time‐lag method.[49] Zakroczymski and Szklarska‐
Smialowska[40] showed that the oxide effect can be re-
duced by charging the sample for 90 h before partial
permeation decay and rising transients to estimate Deff.
In our work, the steel surfaces were charged for a
minimum of 93 h before the decay, but instead of doing a
series of partial decay and rising transients, the decay
was kept until a steady state was reached. The first de-
cays were kept for a minimum of 73 h before a new
transient was measured. During the decay, the surface
changes, and the longer the decay lasts, the longer it will
take for the current to reach a steady state again.[39] This
can explain why Material A, which had the shortest first
decay, was the material where the second transient was
closest to reaching the same current density as the first
transient. The other materials had at least 96 h of decay
between the two transients. The current densities in the
second transients did not reach the same magnitude as
the current densities in the first transients, but this does
not appear to affect the diffusion coefficients calculated
with the decays. The second decays gave Deff values with
less than 14% deviation from those calculated from the
first decays. Materials A, B, and D had the lowest de-
viations, below 3%.

All the equations for Deff used in this paper are based
on the assumption that Fick's second law is applicable.
For the rising transients, it appears that the oxide for-
mation interferes with the hydrogen flux and makes the

TABLE 4 Deff calculated with different methods for the second rising and the decay transients

Material

Using the second transient Using decays

Deff (tb)
(cm2 s‐1)

Deff (tlag)
(cm2 s‐1)

Deff (slope)
(cm2 s‐1)

Deff (slope,
decay 1) (cm2 s‐1)

Deff (slope,
decay 2) (cm2 s‐1)

Deff (Equation 8,
decay 1) (cm2 s‐1)

Deff (Equation 8,
decay 2) (cm2s‐1)

A 4.20 × 10−7 2.11 × 10−7 9.17 × 10−8 9.06 × 10−7 9.11 × 10−7 1.19 × 10−6 1.16 × 10−6

B 2.15 × 10−6 2.23 × 10−7 1.25 × 10−7 4.93 × 10−7 5.22 × 10−7 7.55 × 10−7 7.42 × 10−7

C 3.99 × 10−7 4.46 × 10−7 1.33 × 10−7 1.28 × 10−6 1.22 × 10−6 1.81 × 10−6 1.59 × 10−6

D 6.48 × 10−7 3.02 × 10−7 1.56 × 10−7 5.94 × 10−7 6.17 × 10−7 6.62 × 10−7 6.59 × 10−7

E 1.51 × 10−6 2.01 × 10−7 7.27 × 10−8 6.61 × 10−7 6.92 × 10−7 9.73 × 10−7 1.09 × 10−6

F 3.99 × 10−7 3.10 × 10−7 2.60 × 10−7 2.64 × 10−7 2.75 × 10−7 4.01 × 10−7 4.29 × 10−7

Note: The tortuosity factors in Table 3 were used to estimate the real hydrogen diffusion distance required for Deff calculations.
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Deff calculations invalid. For the decays, the models fitted
using Equation (8) showed a good fit with most of the
decay transients, Figure 15. The fit was best for Materials
D and F, and least good for Materials B and E which had
slightly less steep transients than what Equation (8)
predicts. This indicates that oxides on the hydrogen entry
side were slightly affecting the permeation during the
decay transients for these two materials. The relatively
good fit between decay transients and the fitted models
indicates that Deff is not dependent on the hydrogen

concentration in the material and that Fick's second law
is applicable for the decays. When Deff is dependent on
trap occupancy, it will increase as the trap occupancy
increases and the transients will show a steeper transient
than the fitted models.[12] The trap occupancy decreases
with time during the decay transients, meaning that the
hydrogen trap occupancy is higher for the data used in
the slope method for decays than it is for the datasets
fitted to Equation (8). The Deff values found using the
slope method on the decays were 6%–37% lower than the

FIGURE 15 Hydrogen permeation decay transients and fitted Equation (8). For each material, the decay with the best fit is displayed
[Color figure can be viewed at wileyonlinelibrary.com]
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Deff values found by curve fitting, which shows that Deff

was increasing with decreasing trap occupancy. This is
an indication of unsteady surface conditions,[26] and can
be related to the oxides on the cathodic side, although the
relatively good fit with Equation (8) shows that unsteady
state conditions do not appear to have decreased the fit so
strongly. Despite the uncertainty of the Deff values, it is
considered useful to compare the Deff of different mate-
rials when the Deff values have been calculated in the
same manner.[12] When different methods give different
Deff values, it can be reasonable to choose the highest Deff

since the permeation transients cannot outrun the dif-
fusion.[14,50] Deff found by model fitting to Equation (8) is
therefore considered most reliable to use for COR calcu-
lations and for comparing the diffusivity of the materials.

The Deff values calculated from fitting Equation (8) to
the decay transients were plotted against the estimated
ferrite–cementite interfacial area in Figure 16. The graphs
show that Deff decreased as Sv increased, which is expected
to increase hydrogen trapping on ferrite–cementite inter-
faces.[15] In contrast, Materials B and F had relatively low
Deff values compared to the wire materials with similar Sv.
Bott et al.[51] discussed the influence of coherency between
the ferrite and cementite for the hydrogen trapping in the
ferrite–cementite interfaces by conducting hydrogen per-
meation tests on low‐carbon steel heat‐treated in three
different ways to form a sample consisting of ferrite and
pearlite, a sample with spheroidized cementite, and an aged
sample with very fine carbide particles. The ferritic–
pearlitic steel sample had the highest hydrogen diffusivity,
the spheroidized sample showed an intermediate value,
and the aged microstructure had the lowest hydrogen dif-
fusivity. The low diffusivity of the steel in the aged condi-
tion was attributed to the compressive stress fields
surrounding the dispersed particles, which were about
20 nm in diameter and had high coherency to the ferrite
matrix. The globular cementite exhibited mainly incoherent
carbide–cementite interfaces which gave a lower hydrogen
diffusivity and higher hydrogen uptake than the pearlitic
microstructure. Both small particles of size approximately
20 nm and larger globular particles were seen for Materials
A, B, C, and E studied in this study, but the size distribution
of the carbides has not been characterized. Bott et al.[51]

suggested that the high diffusivity in the ferritic–pearlitic
microstructure indicated that the proeutectoid ferrite on the
grain boundaries is the preferential hydrogen diffusion
path. This hypothesis is consistent with the observed dif-
fusion coefficients for the lamellar materials in our work:
The grain size of Material F was larger than that of Material
D and the Deff of Material F lower than that of Material D.
The estimation of the tortuosity factors conducted herein
considered only what appears to be the shortest diffusion
path and did not take into consideration whether some

FIGURE 16 Deff of the various wire materials calculated by
fitting Equation (8) to the hydrogen permeation decay transients
versus the estimated ferrite–cementite interfacial area. Deff values
from the first decay transients are shown as filled symbols while
Deff values from the second decay transients are shown as unfilled
symbols. The tortuosity factor was used for all materials [Color
figure can be viewed at wileyonlinelibrary.com]

TABLE 5 Results from the electrochemical hydrogen permeation tests

Material
JSSL
(mol cm−1 s−1)

J LSS
Fe

(mol cm−1 s−1)

C0R (using Deff

from Equation 8,
decay 1) (ppmw)

C0R (using Deff

from Equation 8,
decay 2) (ppmw)

Cav
0

(Equation 1)
(ppmw)

CFe
0

(Equation 2)
(ppmw)

A 7.25 × 10−12 7.85 × 10−12 0.69 0.71 0.0127 0.0138

B 9.41 × 10−12 9.83 × 10−12 1.59 1.62 0.0165 0.0171

C 1.03 × 10−11 1.09 × 10−11 0.73 0.83 0.0181 0.0191

D 7.99 × 10−12 9.15 × 10−12 1.54 1.55 0.0140 0.0157

E 1.33 × 10−11 1.47 × 10−11 1.74 1.55 0.0233 0.0255

F 6.59 × 10−12 7.32 × 10−12 2.09 1.96 0.0115 0.0126

Note: The tortuosity factors in Table 3 were used in the calculations to estimate the real hydrogen diffusion distance.
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paths, for example, grain boundaries, might be preferential
for diffusion. The relation between the Deff values and grain
sizes of Materials D and F suggested that the estimated
tortuosity factor did not correlate with the shortest hydro-
gen diffusion path in the lamellar materials, but other
factors might also affect Deff.

Plastic deformation can affect Deff, as the increased
number of dislocations, and hence trapping sites, results
in a lower diffusion coefficient.[16–19,52] All the wire
materials have grain shapes that indicate plastic de-
formation, but Materials A and C appeared to be less
deformed than the rest. This agrees with the higher Deff

values displayed by these materials in comparison with
the other materials.

4.3 | Normalized steady‐state
permeation flux and lattice hydrogen
uptake

The normalized steady‐state permeation fluxes measured
for the materials tended to increase as the grain size
decreased. Materials A and F had the largest grain sizes
and the lowest JSSL values, while the material with the
smallest ferrite grains, that is, Material E, had the highest
JSSL value. This can indicate hydrogen trapping on the
grain boundaries, but this is questionable since the dif-
fusion coefficients did not decrease with the grain size.
Another possibility is that the proeutectoid ferrite is a
preferential diffusion path, leading to a tortuosity effect
that has not been compensated for.

The steady‐state permeation flux is also known to
be affected by cold work. Riecke[53] measured the
steady‐state permeation flux of iron and several steels

in recrystallized and cold‐worked conditions. For
ferrite, the steady‐state permeation flux for re-
crystallized microstructure was the same as 80% cold‐
worked ferrite. This is in line with the models that
consider that trapping should not affect the steady‐
state permeation flux.[25,26] For fine pearlite, the
steady‐state flux was not affected by 15% cold work,
but 37% cold work led to a decrease in the steady‐state
permeation flux.[53] Jeng et al.[20] compared the
electrochemical hydrogen permeation parameters for
pearlitic steels with the same composition and grain
size, but different interlamellar spacing. The steady‐
state flux was the highest for a coarse pearlite mi-
crostructure, intermediate for medium pearlite, and
the lowest for fine pearlite steel. The observations of
both Riecke[53] and Jeng et al.[20] may be related to an
increased tortuosity of the hydrogen diffusion path,
due to an increased number of obstacles or due to
lamellas orienting themselves in the rolling direction.
Such a preferential lamella orientation is seen for
Material D in our work, Figure 2, and is also indirectly
displayed in how the tortuosity of Material D is
highest in the middle of the wire, see Figure 7. This
trend was not evident for Material F, which had a
lower plastic deformation than Material D (i.e.,
compare the grains in Figure 1) and had a coarser
pearlite phase.

There are several studies on how heat treatments affect
the steady‐state permeation flux. The studies by Luu and
Wu[33] on the hydrogen permeation through medium car-
bon steel with different heat treatments showed that nor-
malized, annealed, and spheroidized microstructures had
similar steady‐state permeation rates, while the steady‐state
permeation rate of a quenched martensitic microstructure

FIGURE 17 Steady‐state hydrogen permeation flux versus mean free path between cementite particles for the microstructures with
round carbides and versus true mean spacing for the lamellar materials. The tortuosity factor was used in the calculations [Color figure can
be viewed at wileyonlinelibrary.com]
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was about 50% lower. Similar observations were found by
Johnson and Wu.[15] When comparing microstructures, the
authors found that the steels with spheroidized carbides
had the highest hydrogen permeation flux, while the
quenched and tempered microstructure had the lowest one.
The same authors found that the hydrogen permeation flux
increased with increasing interparticle spacing and de-
creased as the carbide volume fraction increased by
studying annealed steels in more detail. The increase in
hydrogen permeation flux with pearlite spacing can be re-
lated to increased tortuosity, as discussed above.

Johnson and Krauss[13] found that the steady‐state
permeation flux increased linearly with the interparticle
spacing for austenitized, quenched, and spheroidized
AISI 1050 steel samples where only the spheroidizing
time varied from sample to sample. However, when
testing a sample of the same alloy without the
quenching step, the permeation flux was reduced in
half. Both microstructures were described as spher-
oidized carbides and ferrite, and the interparticle spa-
cing, particle radius, and interfacial carbide area were
similar for the two materials. Thus, quenching in itself
appears to reduce the steady‐state hydrogen permeation
flux, but a subsequent spheroidizing step increases the
steady‐state permeation. Possibly, the high permeation
rate of the quenched and spheroidized material ob-
served by Johnson and Krauss[13] is related to a smaller
grain size associated with additional quenching steps in
the production. However, this could not be confirmed
since the authors provided no information about the
grain sizes of the two materials. In this study, the hy-
drogen permeation flux did not increase with increasing
interparticle spacing and interlamellar spacing, as is
shown in Figure 17. In Figure 17, the tortuosity factor
was taken into consideration, but even without this
factor, there was no clear trend between permeation
flux and interparticle or interlamellar spacing. There
was no trend between J LSS

Fe and the interparticle or in-
terlamellar spacing either, Table 5. This shows that the
interparticle and interlamellar spacing had no clear ef-
fect on the normalized hydrogen permeation fluxes of
the carbon steels when several parameters, like ther-
momechanical processing and chemical composition,
were varied.

4.4 | Hydrogen uptake

The hydrogen uptake in lattice and reversible sites, C0R,
was calculated using Equation (5) with Deff from Equation
(8) using both the first and second decay transients. C0R is
therefore directly linked to the steady‐state permeation flux
and diffusion coefficients discussed in the previous sections.

The relationship between Deff and Sv suggested consider-
able hydrogen trapping on ferrite–cementite grain bound-
aries and the JSSL values showed higher hydrogen uptakes
as the grain size decreased; nevertheless, C0R did not follow
either of these trends. C0R was the lowest for Materials A
and C, and about twice as high for Materials B, D, E, and F.
The differences in C0R may be related to plastic deformation
since Materials A and C appeared less deformed than the
others.

The effect of plastic deformation on the HE of iron and
carbon steels has been the subject of several stu-
dies.[16–19,21,28,52,54–56] Deformation is expected to affect
permeation by increasing the density of trapping sites like
microvoids, vacancy clusters, and dislocations.[16–18,52] Ha
et al.[18] performed electrochemical permeation tests of cold‐
worked steels and found that the trap density increased
almost 10‐fold when the material was subject to 10% re-
duction. The results also showed that the trap density in-
creased by rolling while the trap occupancy was not altered.
Nagumo et al.[17] used thermal desorption spectroscopy to
compare the hydrogen uptake of eutectoid steel and found
four times higher hydrogen uptake for material with 25%
drawing reduction compared to the same material with 0%
drawing reduction. The microstructure of the steel consisted
of fine lamellas of cementite and ferrite with a spacing of
60 nm, which is similar to the microstructure of Material D
in this study. After annealing, the amount of hydrogen
substantially decreased. The hydrogen uptake decreased
from 8 to 3 ppmw for samples annealed at 600°C. Even at
annealing temperatures where the hardness of the material
was just slightly affected, the hydrogen uptake decreased by
about 25%. From the microstructure images in Figure 1,
Materials A and C appeared less deformed while Materials
B, D, and E had a more deformed microstructure. This
indicates that the deformation plays a more important role
in the relative hydrogen uptakes of the steel wires than the
grain size and ferrite–cementite interface area.

5 | CONCLUSION

This paper compared the electrochemical hydrogen per-
meation experiments of materials used in industrial com-
ponents as a function of microstructure. The tortuosity of the
hydrogen diffusion path in the materials was estimated by
analyzing SEM micrographs. The calculated tortuosity,
multiplied by the membrane thickness, yielded the real dif-
fusion distance required for subsequent analyses.

The electrochemical permeation tests were conducted
with 0.1M NaOH in the hydrogen charging environment.
This is not recommended for carbon steels, as the rising
transients in this environment are usually affected by the
formation of oxides on the surface. The decay transients
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were less affected by the unstable surface conditions on the
hydrogen entry side and were used for the estimation of
effective diffusion coefficients.

Several factors affecting hydrogen transport proper-
ties were investigated, such as plastic deformation in-
troduced by cold‐work, carbide content and distribution,
and heat treatments. After compensating for the tortu-
osity of the hydrogen diffusion path, the hydrogen per-
meation flux increased with decreasing grain size, but
hydrogen trapping on the grain boundaries could not be
confirmed by the measured diffusion coefficients. An-
other possible explanation for the trend between nor-
malized hydrogen permeation flux and grain size is that
proeutectoid ferrite may be a preferential hydrogen dif-
fusion path, leading to a tortuosity effect that was not
compensated for. The normalized steady‐state flux ran-
ged from 6.6 to 7.3 × 10‐12 mol cm‐1 s‐1 for the materials
with the largest grain sizes to 1.3 × 10‐11 mol cm‐1 s‐1 for
the material with the smallest ferrite grain size.

The effective diffusion coefficients were mainly af-
fected by the hydrogen trapping on the ferrite–cementite
interfaces. It was also evident that the materials with the
lowest amount of plastic deformation had the highest
diffusion coefficients. The effective diffusion coefficients
ranged from 4.0 × 10‐7 to 1.8 × 10‐6 cm2 s‐1.

Overall, the most deformed microstructures displayed
the highest hydrogen uptake. In this regard, the two
materials with less deformed microstructures had hy-
drogen uptakes in the order of 0.7 ppmw, while the more
deformed microstructures had hydrogen uptakes ranging
from 1.5 to 2.1 ppmw.
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A B S T R A C T   

The hydrogen uptake of five carbon steel wires exposed to a corrosive CO2/H2S environment where protective 
film formation was not favorable was measured. The hydrogen uptakes decreased with the accumulation of 
retained carbide for most of the materials. It is assumed that hydrogen adsorbed on carbides at some distance 
from ferrite will not easily diffuse to the steel, hence giving the beneficial effect. This effect was not observed for 
the material with the lowest carbon content. Apart from this material, the hydrogen uptake increased with the 
carbon content, probably due to hydrogen trapping on ferrite-cementite interfaces.   

1. Introduction 

Flexible pipes have been used for oil and gas transportation since the 
1970′s. They consist of several polymeric and metallic layers, such as 
carcass, inner liner, pressure armor wires, tensile armor wires and outer 
sheath. The annular space where the tensile steel armor wires are 
located is normally dry at start up but chemical species like CO2, H2S and 
H2O can diffuse from the bore through the polymer layers into the 
annulus and create a corrosive environment. If the outer sheath is 
damaged, seawater may also enter the annulus. The free volume in the 
annulus is low compared to the area of the steel armor wires which gives 
rapid accumulation of dissolved corrosion products and a higher pH 
level than normally seen for CO2 corrosion of carbon steel pipelines [1]. 
The liquid in the flexible pipe annulus is expected to become highly 
supersaturated with dissolved corrosion products and that will promote 
the formation of protective FeCO3 and FeS films under normal opera
tion. Corrosion rates below 0.01 mm y−1 are usually measured under 
such conditions [1–3]. However, upset conditions like air or seawater 
ingress, continuous high water condensation (backflow from vent tubes) 
and partial inhibition can reduce the supersaturation and prevent or 
weaken the protective films. 

During pure CO2 corrosion, the most likely cathodic reactions are [4, 
5]. 

2H+ + 2 e−→H2 (1)  

2H2CO3 + 2 e−→H2 + 2HCO−
3 (2) 

The H+ can be formed by water dissociation, but the rate of hydrogen 
evolution is enhanced by the presence of CO2 due to the two dissociation 
steps of the carbonic acid [6]. When the concentrations of Fe2+ and 
CO2−

3 ions exceed their solubility limits they can form iron carbonate 
films. The dominant anodic reaction is the dissolution of iron in water 
and the overall reaction for CO2 corrosion in steels is [5,7]. 

Fe + CO2 + H2O→H2 + FeCO3 (3) 

FeCO3 with good adhesion and coverage of the steel surface can 
retard the diffusion of species to and from the steel surface [8]. The 
adhesion of the FeCO3 film is dependent on the presence of iron car
bides, and the carbide size and distribution become important since the 
corrosion products are better adhering to the carbides than to the ferrite 
matrix [9]. 

Small amounts of H2S can also diffuse into the annulus and give a 
mixed CO2 and H2S corrosion mechanism. The general equation for 
precipitation of ferrous sulfide can be written as [7]. 

Fe2+ + H2S→FeS + H2 (4) 

The formation of hydrogen gas requires adsorption of H+ on the 
metal or carbide surface. While adsorbed, H+ is reduced to elemental H 
and may absorb into the metal and cause hydrogen embrittlement (HE). 
Hydrogen embrittlement is a failure mechanism that relies on the 
presence of elemental hydrogen and mechanical stress in a susceptible 
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microstructure. Several theories have been proposed to explain the 
mechanism, including the internal pressure theory [10], hydride for
mation [11], hydrogen enhanced strain-induced vacancies [12], 
hydrogen enhanced localized plasticity [13,14], hydrogen enhanced 
decohesion [15] and the defactant theory [16]. The elemental hydrogen 
in the steel can exist in lattice and in microstructural sites with a higher 
affinity for hydrogen than the lattice. Voids, vacancies, interstitials, 
phase boundaries, grain boundaries, dislocations and some intermetallic 
particles like TiC and MnS are all microstructural features that can act as 
hydrogen traps in steels [17]. The hydrogen uptake in steels at open 
circuit potential (OCP) depends on both the steel microstructure, the 
environment, and the surface condition. The cathodic corrosion re
actions and their reaction rates affect the quantity of hydrogen reacting 
on the surface, but the presence of hydrogen recombination poisons, for 
example the elements S, P and Pb, affect the rate of hydrogen recom
bination vs. hydrogen absorption [18]. The amount of absorbed 
hydrogen is also dependent on where the cathodic reaction is taking 

place. Pure CO2 corrosion of steels can start with the selective dissolu
tion of ferrite phase while the Fe3C structure is retained [19–21]. The 
Fe3C is conductive and is mainly a cathodic site during CO2 corrosion, 
and as the Fe3C surface area increases, the dissolution of ferrite accel
erates [19,22]. The retained Fe3C can form a thick porous layer, and if 
the pH and the concentration of dissolved iron are sufficiently high, iron 
carbonate can precipitate in the Fe3C layer and significantly reduce the 
corrosion rate [19,20]. Silva et al. [21] conducted electrochemical 
hydrogen permeation tests on pre-corroded steel samples with Fe3C or 
FeCO3 rich layers. The sample with the FeCO3 layer had twice as much 
hydrogen as a reference wet-ground sample without any surface layer, 
while the sample with a Fe3C rich surface layer had five times more 
hydrogen than the wet-ground sample. The formation of a retained Fe3C 
layer may also lead to an internal acidification in the layer which pre
vents later formation of FeCO3 in contact with the metal [23]. Plenne
vaux et al. [24] measured the hydrogen uptake in a sour service pipe 
steel exposed to 0.1 mol L−1 potassium perchlorate (KClO4) and various 

Fig. 1. SEM images in width-length plane for the materials included in the test program.  
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partial pressures of N2, CO2 and H2S while cathodically polarized. They 
found that the hydrogen uptake increased with the H2S pressure and was 
higher for H2S in CO2 than H2S in N2. Wallaert et al. [25] measured the 
hydrogen content of two steels exposed to NACE test TM0284 solution A 
over four weeks by hot extraction. The concentration of diffusible 
hydrogen peaked within 5 days of exposure, then decreased to less than 
half of the peak value within 20 days. The corrosion currents increased 
with time and the decrease in hydrogen concentration was attributed to 
the formation of a double layer of FeS corrosion products where S2- and 
HS- were migrating to the steel surface to form the inner layer. Huang 
et al. [26] performed electrochemical permeation tests on pre-corroded 
steel samples in a solution containing H2S. The results showed that 
crystalline FeS formed at low pH and low H2S concentrations, while 
mackinawite formation was promoted with the increase of H2S con
centration (from 0.2 to 20 mM) and/or pH (from 3.5 to 5.5). The 
blocking effect of the surface film on hydrogen permeation increased 
with increasing H2S concentration and reduced pH value. Zhou et al. 
[27] conducted several electrochemical hydrogen permeation tests for 
an X80 pipeline steel exposed to pure H2S, pure CO2 and several 
H2S/CO2 partial pressures to study the permeation behavior and effect 
of corrosion products on hydrogen permeation. They observed different 
hydrogen permeation behaviors and concluded that these were 
controlled by the mutual coupling of the hydrogen promoting effect of 
H2S and CO2, the corrosion products, and the hydrogen evolution during 
the corrosion reaction. 

This work investigates the hydrogen uptake of carbon steels exposed 
under upset conditions not giving the high supersaturation of dissolved 
corrosion products required for protective film formation [28,29]. Five 
carbon steel tensile armor wires for flexible pipes with different micro
structures were exposed to modified artificial seawater (ASTM 
D1141–90) bubbled with CO2 and H2S at OCP. The experiments were 
conducted with an electrochemical permeation cell similar to the design 
by Devanathan and Stachurski [30]. The wires were first exposed to 
0.2 bar CO2 and 1 bar CO2, before H2S was added and the partial pres
sure of H2S was varied in steps. This gave several hydrogen permeation 

transients that showed how the changes in surface condition affect the 
hydrogen uptake. The electrolyte was continuously replaced to maintain 
a low concentration of dissolved iron in the electrolyte. The corrosion 
products on the sample surface were characterized by scanning electron 
microscopy (SEM), x-ray diffraction (XRD) and energy-dispersive spec
troscopy (EDS), and the samples were stripped to measure the weight of 
corrosion products attached to the surfaces. To provide more insight in 
the interplay between steel microstructure, hydrogen uptake, corrosion 
rates and corrosion products, the results are compared with the 
hydrogen uptakes measured during cathodic polarization in previous 
work [31]. In [31], the hydrogen uptake of the same wire materials was 
investigated with hydrogen introduced by cathodic polarization to 
− 12 mA cm−2 in deaerated 0.1 M NaOH at 25 ◦C. 

2. Experimental 

2.1. Materials 

Five different tensile armor wire steels were tested. The wires were 
identified by letters A to E. The wire materials were qualified according 
to API 17 J Specification for Unbonded Flexible pipe [32], but are 
designed for different operating conditions. Not all the wires were 
qualified for exposure to H2S (referred as sour service). The wires were 
3 mm thick with widths from 9 to 12 mm and were taken from coil.  
Fig. 1 shows SEM images of the materials in the width-length plane. The 
microstructures of the materials consist of ferrite and pearlite. The 
cementite volume fraction, f, was estimated with the lever rule, 
assuming all C is located in cementite. The chemical compositions and f 
are given in Table 1. A description of the degree of plastic deformation, 
grain size, cementite morphologies and mechanical properties are given 
in Table 2. The microstructures of the materials are complex, and the 
positions of the grain boundaries are not always easy to find. The grain 
size is therefore described by the largest well-defined grains observed 
rather than the average grain size, and the grains of ferrite and cementite 
were evaluated separately. The yield strength (YS), ultimate tensile 

Table 1 
Cementite volume fractions (f) and chemical compositions of the wire materials. Elements that were not detected for a particular material are labeled with N.D.  

Material f [-] C [wt%] Si [wt%] S [wt%] P [wt%] Mn [wt%] Ni [wt%] Cr [wt%] Al [wt%] 

A 0.077 0.501 0.247 0.002 0.003 0.604 0.001 0.011 0.031 
B 0.043 0.282 0.223 0.010 0.006 0.733 0.010 0.003 0.035 
C 0.054 0.353 0.194 0.007 0.009 0.678 0.013 0.003 0.042 
D 0.127 0.830 0.331 0.005 0.005 0.683 0.005 0.002 0.041 
E 0.095 0.618 0.225 0.002 0.007 0.729 0.009 0.032 0.037 
Material V [wt%] Pb [wt%] N [wt%] Ti [wt%] Sn [wt%] Cu [wt%] Co [wt%] Mo [wt%] B [wt%] 
A 0.036 0.050 0.009 < 10−4 N.D. N.D. N.D. 0.001 < 10−4 

B 0.001 0.065 0.020 0.002 N.D. < 10−4 < 10−4 0.001 < 10−4 

C 0.002 0.065 0.219 0.002 < 10−3 0.001 N.D. 0.001 < 10−4 

D 0.050 0.065 0.099 0.004 0.001 < 10−4 N.D. 0.002 < 10−3 

E 0.001 0.050 0.014 < 10−4 N.D. N.D. N.D. < 10−3 < 10−4  

Table 2 
Mechanical and microstructural properties of the wire materials.  

Material Extent of plastic deformation Cementite morphology 

A Some deformation. Globular, partly lamellar 
B Pearlite deformed. Some banding of ferrite. Globular 
C Some banding and deformation. Globular 
D Highly deformed grains. Lamellar 
E Pearlite deformed. Some banding of ferrite. Globular, partly lamellar 
Material Estimated grain sizea Hardness [HV10] YS [MPa] UTS [MPa] Ep [-] 

Ferrite [µm] Cementite [µm] 
A ≤ 14 ≤ 36 331 ± 14 871 1009 0.115 
B ≤ 10 ≤ 28 290 ± 10 805 847 0.157 
C ≤ 20 ≤ 14 257 ± 4 616 744 0.152 
D ≤ 7 ≤ 24 453 ± 16 1408 1622 0.094 
E ≤ 3 ≤ 22 386 ± 8 1097 1260 0.108  

a Max grain size. 

E.S. Skilbred et al.                                                                                                                                                                                                                              



Corrosion Science 199 (2022) 110172

4

strength (UTS) and plastic strain-to-failure (Ep) were measured with 
tensile Slow Strain Rate Tests (SSRT) using a strain rate of 10−6 s−1. The 
plastic strain-to-failure was determined in agreement with NACE Stan
dard TM0198–2016 [33]. Hardness was measured in the cross-sections 
of the samples with a ZwickRoell ZHV30 Vickers hardness tester using 
condition HV10. 

2.2. Sample preparation 

The wires were coiled, and the most bent wires were straightened 
with a roller straightener before cutting. The wires were cut in ~2.8 cm 
long pieces, which were ground with SiC paper on both sides until flat, 
washed in acetone and sonicated in ethanol. The corners of the wire 
pieces were also ground so the wire pieces could fit a mounting cup with 
3 cm diameter. The pieces were then embedded in a light-curing resin 
(Technovit® LC 2000, mixed with the additive “Inside Cure”) to form a 
disc-shaped sample, see Fig. 2. When installed in the permeation cell, the 
exposed area is 1.72 cm2 for the samples made with the narrowest wire 
materials and 2.26 cm2 for the samples with the widest wire materials. 
Ideally, the permeation test samples should have a circular exposed area 
which fulfills minimum 10:1 radius-to-thickness ratio, to guarantee one- 

dimensional diffusion through the thickness [34,35]. However, other 
sample configurations are accepted if there are limitations in material 
form [34]. After mounting, the two sides were ground with European 
grit P1200 SiC paper and the sample heated in a heating cabinet over
night at 120 ◦C. Sites with weak adhesion between the steel and polymer 
were visible after heating and only the defect-free samples were tested. 
To ensure fast oxidation of hydrogen on the detection side of the sample, 
this side was coated with Pd. The coating was applied by electrodepo
sition with the procedure proposed by Bruzzoni [36] and further 
developed by Husby et al. [37]. After Pd-coating, the samples were 
heated to 120 ◦C in a heating cabinet for minimum 16 h to remove any 
hydrogen absorbed during the Pd-coating process. The sample surface 
without Pd-coating was ground with European grit P1000 SiC paper, 
rinsed in isopropanol and dried in air stream within an hour before the 
start of the electrochemical hydrogen permeation experiments. The final 
sample thicknesses ranged from 2.64 to 2.92 mm. 

2.3. Chemicals and gases 

The permeation cell consists of two compartments: one where the 
corrosive environment is created, and one where the hydrogen that 
permeates through the sample is detected. The corrosion compartment 
was filled with modified ASTM D1141–90 electrolyte. The electrolyte 
was prepared with analysis grade salts and distilled water, but without 
CaCl2, NaF and KBr. The electrolyte in the detection compartment was 
0.1 M NaOH which was made with analysis grade NaOH. CO2 and N2 gas 
with 99.999% purity were used. The H2S gas was mixed in house from 
99.999% purity CO2 and 99.8% purity H2S and the concentration was 
determined by gas chromatography. The gases were mixed to the desired 
composition using mass flow controllers. The gas flow into the corrosion 
compartment was ca. 600 mL h−1. 

2.4. Procedure 

The steel sample was placed in the sample holder and clamped with 
gaskets between two glass cells, as shown in Fig. 3. A screw in the sample 
holder ensured electrical contact between the sample and the poten
tiostats used for corrosion measurements and hydrogen detection. The 
tests were conducted at ambient pressure and the temperature was kept 
at 25 ◦C by circulation of water through the double walls of the 
permeation cell. The tests started with stabilization of the detection side 
of the sample for ~72 h. The detection compartment contained 0.1 M 
NaOH bubbled with N2 and polarized to + 540 mV vs. the normal 
hydrogen electrode (NHE). The corrosion chamber was fed with N2 gas 

Fig. 2. Embedded sample for electrochemical hydrogen permeation 
experiments. 

Fig. 3. Schematic of the test setup.  
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during the stabilization of the detection side of the sample. After ~72 h 
of stabilization, the electrolyte bubbled with 0.2 bar CO2 and 0.8 bar N2 
was added to the corrosion compartment. The solution was continuously 
refreshed by pumping electrolyte from a feeding unit and pumping out 
used solution to a waste container. The flow rate of electrolyte was 
25–35 mL h−1. After ~48 h, the CO2 pressure was increased to 1 bar 
CO2 and kept for ~48 h before 0.1 mbar H2S was added to the gas 
stream. The CO2 pressure during the H2S exposure was 1 bar, and the 
H2S partial pressure was first increased stepwise from 0.1 mbar to 0.7 
mbar, then decreased to 0.1 mbar. The gas composition in the corrosion 
compartment is shown in Table 3. The gas pressures were adjusted 
without stopping the flow of gas into the corrosion compartment. The 
pH was measured in the electrolyte that was pumped out of the corro
sion compartment and the waste electrolyte was collected for measuring 
the concentration of Fe2+ in the solution. A controlled amount of 1 M 
HCl (ca. 13% of the expected waste volume) was added to the waste 
containers before the waste collection started to prevent oxidation and 
precipitation of the dissolved iron. Aliquots of the collected waste were 
added to a developer solution and the dissolved iron content was 
determined by spectrophotometric analysis. Linear polarization resis
tance (LPR) was measured to estimate the corrosion rate. In addition, 
OCP was measured. 

2.5. Electrochemical measurements 

The polarization of the detection side of the sample was conducted in 
a 3-electrode set-up with the sample as working electrode, a platinum 
wire as counter electrode, and a mercury-mercurous electrode (MME), 
Hg/HgSO4/SO4

2- sat. K2SO4, as reference. The MME electrode has a 
potential of + 650 mV vs. NHE. Two Interface 1010E potentiostats 
(Gamry Instruments®) were used for the experiments: One for polari
zation of the detection side and one for running linear polarization 
resistance (LPR) measurements and electrochemical impedance spec
troscopy (EIS) on the corrosion side of the sample. The LPR and EIS 
measurements were performed in a 3-electrode set-up with the sample 
as working electrode, a platinum wire as counter electrode, and Ag/AgCl 
(3 M KCl) as reference electrode. The LPR scans were conducted every 
30 min at 0.1 mV s−1, from − 5 to + 5 mV relative to the open circuit 
potential (OCP). The corrosion current density was calculated with the 
Stern-Geary equation: 

icorr =
B

RpA
(5)  

where A is the sample area exposed in the corrosion compartment, B is 
the Stern-Geary constant which was set to 20 mV (the value was 
empirically chosen based on previous experience and tests conducted in 
a similar environment), and Rp is the polarization resistance, defined by 
the ratio between the variation in potential (E) and current (I): 

Rp =
ΔE
ΔI

(6) 

The polarization measurements were corrected for the solution 

resistance (Rs) which was determined by EIS. The frequency range was 
0.01–10000 Hz, the AC voltage was 10 mV vs. OCP and 6 points per 
decade were recorded. 

2.6. Surface analysis / postmortem analysis of samples 

After the permeation test, the samples were retrieved from the 
permeation cell, cleaned in isopropanol and dried in air stream. The 
samples were examined by SEM and the chemical composition of the 
corrosion products was determined by EDS and XRD. A carbon tape was 
then lightly attached to the surfaces and removed in order to analyze the 
corrosion products that remained on the surface. The samples were 
weighed after the test, after attachment of carbon tape and after strip
ping to estimate the weight of corrosion products attached to the sur
face, i.e. the film weight. The stripping of corrosion products was done 
by exposing only the corroded side of the sample to modified Clarke’s 
solution for ca. 1 min, then quickly rinsing with distilled water, iso
propanol and drying in air stream. 

2.7. Calculation of hydrogen uptake 

During steady-state permeation, it is assumed that the hydrogen 
traps are occupied and that the reversibly trapped hydrogen is in equi
librium with the lattice hydrogen. Cementite is considered to be both an 
obstacle for hydrogen diffusion and a contributor to increased hydrogen 
uptake by trapping on the ferrite-cementite interfaces [38–40]. The 
diffusion of hydrogen inside the cementite phase can therefore be 
neglected, which means the diffusion of hydrogen in lattice during 
steady state is determined mainly by the theoretical diffusion coefficient 
of ferrite, Dl. Considering an even amount of hydrogen over the sub
surface of the hydrogen entry side, the steady-state flux of hydrogen, JSS, 
will be 

JSS =
DlCav

0

L
(7)  

where L is the length of the diffusion path and Cav
0 is the average lattice 

hydrogen concentration on the subsurface of the hydrogen entry side. In 
the temperature range − 40–80 ◦C, Dl is given by [41]. 

Dl = 7.23 × 10−8exp
(

−
Q

RT

)

m2s−1 (8)  

where Q = 5.69 kJ mol−1 and R is the gas constant 8.314 J K−1 mol−1. 
This gives Dl = 7.28 × 10−5 cm2 s−1 at 25 ◦C. When any obstacles to 
hydrogen diffusion have negligible effect on the diffusion path, L is 
equal to the sample thickness. In our previous work [31], a tortuosity 
factor, τ, was estimated for the five materials. This factor was defined as 
the true length of the diffusion path divided by the sample thickness, as 
suggested by Forot et al. [42]. Since the hydrogen is expected to exist in 
traps and ferrite lattice, with a negligible amount of hydrogen inside the 
cementite phase, the subsurface hydrogen concentration can be adjusted 
to take the fraction of cementite, f, into account [43]. 

Cfe
0 =

Cav
0

1 − f
(9) 

To calculate the concentration of diffusible hydrogen, i.e. hydrogen 
in lattice and reversible sites, C0R, Eq. (7) can be reformulated with the 
effective diffusion coefficient of hydrogen, Deff [35]. 

C0R =
JSSL
Deff

(10) 

During corrosion, the boundary conditions on the hydrogen entry 
side are changing over time, making the estimation of Deff challenging. 
The hydrogen uptakes are therefore estimated using the effective 
diffusion coefficients determined in previous work [31] from the decay 
transients measured after 72 h of galvanostatic charging to 

Table 3 
Conditions in the corrosion compartment.  

Step 0 1 2 3 4 5 6 7 8 

Duration 
[h] 

~ 
72 

~ 
48 

~ 
48 

~ 
48 

~ 
48 

~ 
72 

~ 
24a 

~ 
24 

~ 
24b 

Electrolyte – Yes Yes Yes Yes Yes Yes Yes Yes 
pN2 [bar] 1 0.8 – – – – – – – 
pCO2 [bar] – 0.2 1 1 1 1 1 1 1 
pH2S 

[mbar] 
– – – 0.1 0.2 0.4 0.7 0.2 0.1  

a For Material D, step 6 was lengthened by a day to compensate for a period of 
clogged liquid and gas supply in step 5. 

b For Material A, step 8 lasted 2 days due to scheduling issues. 
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− 12 mA cm−2 in 0.1 M NaOH. The effective diffusion coefficients and 
the tortuosity factors are given in Table 4. The estimated tortuosity 
factors were taken into account when calculating the effective diffusion 
coefficients and the difference between Deff and Dl should therefore only 
reflect the reduction of diffusivity due to trapping of hydrogen. 

The changing boundary conditions can also prevent a steady state to 
be reached during the tests. The equations for calculation of hydrogen 
uptake, (7), (9) and (10) are valid at steady state, but sometimes the 
permeation flux is increasing or decreasing with time instead of staying 
steady. In these cases, the steady state permeation flux may be replaced 
with a peak permeation flux [44] or the permeation flux after a certain 
exposure period [37]. 

3. Results 

3.1. Corrosion parameters measured on the hydrogen entry side 

3.1.1. Analysis of corroded surfaces 
The XRD analyses showed peaks for Fe3C for all materials, but iron 

carbonate and sulfides were not detected, see Fig. 4. Retained carbides 
were not easily identified in the first examination of the corroded sur
faces in SEM, but after removal of the loose corrosion products by 
attaching and removing a carbon tape, it was evident that retained 
carbides were present on all the surfaces, see Fig. 5. Fe, C and O were the 
main elements detected by EDS in the corrosion products. Table 5 shows 
the film weight and the EDS analyses on the corroded surfaces after the 
loose corrosion products were removed with a carbon tape. The S con
tent in the corrosion products was lowest for materials A and C, 0.4 at%. 
The highest S content was found for material D, 1.0 at%. The materials’ 
rank of film weight from lowest to highest follows the rank in carbon 
content, B < C < A < E < D. Material B was tested twice, and the two 
tests are denoted B1 and B2. B1 was conducted with a sample that had 
been previously used in a permeation experiment whereas B2 was 
conducted with a fresh sample like in the other tests. For Material B, 

Fig. 5 shows the sample from test B2, but the sample from test B1 dis
played the same characteristics. 

3.2. pH and content of dissolved iron 

The dissolved iron content in the collected waste and the pH 
measured continuously in the electrolyte pumped out of the corrosion 
compartment are shown in Table 6. The iron content was highest during 
step 2, where the sample was exposed to 1 bar CO2. This coincides with 
the time of highest corrosion rate, see Fig. 6. The pH was highest during 
exposure to 0.2 bar CO2 and was relatively stable during the steps with 
1 bar CO2 and varying partial pressure of H2S. 

3.2.1. Corrosion rates and OCP 
The corrosion rates measured by LPR during step 1–8 of the 

permeation tests are given in Fig. 6. A clogging incident of the tubes 
supplying both liquid and gas to the corrosion compartment occurred 
during the test for Material D about 200 h after the electrolyte was 
added to in the corrosion compartment (step 5). The bubbling in the 
compartment stopped completely and this resulted in increased corro
sion rate and decreased hydrogen permeation flux, probably due to a 
reducing concentration of H2S in the cell with time. This issue was fixed 
around 250 h of exposure and the pH reached a similar level as before 
the incident. Step 6 (see Table 3) was extended by ~24 h in this test to 
allow a steady-state permeation flux to be reached. 

In step 1, the 0.2 bar CO2 exposure period, the corrosion rates were 
about 0.7 mm y−1 or lower, and relatively stable. The difference in 
corrosion rate during this step was sometimes larger for the two samples 
of Material B than it was for two samples of different materials. The same 
holds for the OCP measurements during this step, see Fig. 7. During the 
1 bar CO2 exposure, the corrosion rates increased to over 1 mm y−1 

during all the tests except B2. For materials A, C, D and E, the corrosion 
rates increased with time during this step of the permeation test, but for 
Material B the corrosion rate was relatively stable or slightly decreasing. 
The corrosion rates of the lamellar material, D, increased more rapidly 
than the corrosion rates of materials A, C and E. The OCP level was also 
increasing for all the materials during the 1 bar CO2 step of the 
permeation test. 

H2S exposure started ~96 h after the electrolyte was added in the 
corrosion compartment, and the corrosion rates decreased immediately. 
The increased corrosion rate for Material D during the 0.4 mbar H2S step 
of the test was related to the clogging of the tubes for supplying gas and 
electrolyte directly into the corrosion compartment. 

Table 4 
Effective diffusion coefficients and tortuosity factors determined in previous 
work [31]. The tortuosity factors are given with their standard deviations.  

Material Deff [cm2 s−1] τ [-] 

A 1.19 × 10−6 1.122 ± 0.036 
B 7.55 × 10−7 1.055 ± 0.010 
C 1.81 × 10−6 1.056 ± 0.022 
D 6.62 × 10−7 1.669 ± 0.266 
E 9.73 × 10−7 1.158 ± 0.015  

Fig. 4. Relative intensity of XRD signals from the corroded surfaces of the tested samples.  
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Fig. 5. Surface exposed after removal of corrosion products with carbon tape.  

Table 5 
EDS analyses on the corroded surfaces after removal of loose corrosion products with carbon tape and film weight measured by stripping the samples.  

Material C [at%] O [at%] S [at%] Fe [at%] Other [at%] Film weight [mg cm−2] 

A 35.0 ± 9.2 9.6 ± 1.7 0.4 ± 0.1 52.2 ± 10.7  2.8  2.65 
B (test B2) 27.6 ± 5.1 24.9 ± 7.2 0.8 ± 0.1 42.9 ± 7.7  3.7  0.84 
C 35.3 ± 11.1 7.6 ± 3.3 0.4 ± 0.1 54.0 ± 14.2  2.7  2.27 
D 33.7 ± 3.6 19.5 ± 2.5 1.0 ± 0.1 44.5 ± 5.0  1.3  4.18 
E 32.5 ± 3.6 15.3 ± 1.7 0.7 ± 0.1 49.9 ± 4.0  1.6  2.74  
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3.3. Hydrogen permeation and uptake 

The permeation current measured on the detection side of the sample 
while the corrosion side was exposed to the test solution is given for each 
material in Fig. 8. Materials A, C, D and E had a lower permeation 
current the second time the H2S pressure was set to 0.1 mbar and 0.2 
mbar, compared to the first time. In contrast, both tests for Material B 
had a higher hydrogen uptake the second time the corrosion compart
ment was supplied with 0.1 mbar and 0.2 mbar H2S. When the hydrogen 
permeation flux increased in response to a change in CO2 or H2S pres
sure, the current increased until it reached a plateau or a peak. The time 

until a peak or plateau is reached depends on the real diffusion length, 
which is longer for materials with a high tortuosity factor. Material D has 
lamellar carbides and a high tortuosity factor and did not reach a plateau 
or peak for all the steps in the test. The plateaus and peaks were typically 
reached towards the end of the steps for this material if a plateau or peak 
was reached at all. For steps 1–6, the hydrogen uptakes were estimated 
for each step where a plateau or peak permeation current was reached in 
the test, using the permeation flux measured in the last hour of the step. 
For steps 7 and 8, the hydrogen uptakes were estimated from the plateau 
currents for the tests where a plateau was observed for these steps. 

The hydrogen uptakes of the materials are shown in Figs. 9 and 10. 

Table 6 
Dissolved iron content and pH measured in the electrolyte disposed from the corrosion compartment.  

Step 1 2 3 4 5 6 7 8 

pH [-] 5.6–5.9 4.9–5.2 4.9–5.2 4.9–5.2 4.9–5.2a 4.9–5.2 4.9–5.2 4.9–5.2 
Fe2+ [ppm] 1.1–2.4 2.7–9.5 1.8–8.9 1.4–3.4 1.5–3.6 1.5–3.8 1.5–3.1 1.3–3.3  

a Material D had a period of clogged liquid and gas supply in step 5 which interfered with the pH measurements during this step. The pH measurements of Material D 
during step 5 are therefore not included. 

Fig. 6. LPR corrosion rates vs. time after the electrolyte was added in the corrosion compartment. The dashed lines mark the steps with different pCO2 and pH2S, as 
described in Table 3. 
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An extra test for Material E, denoted E2, is included in the evaluation of 
hydrogen uptake during pure CO2 corrosion. This test followed steps 0, 1 
and 2 of the test program in Table 3, but an error occurred in the H2S 
part, and those results are therefore not included. The deviation of 
hydrogen uptake for the two tests of Material B was 18% and 19% for the 
pure CO2 steps and below 4% for the steps in H2S environment. 

During pure CO2 corrosion, the hydrogen uptake could not be 
measured for the lamellar material, D. The high tortuosity of lamellar 
materials leads to both a lower permeation current, and a longer time- 
lag between a change in subsurface hydrogen concentration and corre
sponding change in permeation current on the hydrogen detection side. 
This explains the absence of a clear increase in permeation current 
during the CO2 exposure for Material D. Material B had the highest C0R 
measured during pure CO2 corrosion (step 1 and 2 in Table 3), more than 
twice as high as the hydrogen uptakes of materials A, C and E. The 
hydrogen concentration in ferrite lattice was also higher for Material B 
than the other materials with globular Fe3C. The repetition of hydrogen 
permeation tests for materials B and E show that the method was not 
accurate enough to measure the difference in hydrogen uptakes for 
materials A, C and E during pure CO2 corrosion with confidence. 

The hydrogen uptake in reversible traps during the H2S exposure was 
highest for Material D and lowest for Material C, see Fig. 10. Materials A, 
E and B had the second, third and fourth lowest C0R respectively. For the 
two last steps of the H2S exposure, the materials had the same rank in 
C0

fe and C0R, but the hydrogen uptake was only measured for the ma
terials with globular Fe3C in these steps since a plateau current was not 
reached for the lamellar material, D. 

The hydrogen uptakes measured for the same materials under 
exposure to 0.1 M NaOH and cathodic polarization to − 12 mA cm−2 at 
25 ◦C in previous work [31] are shown in Table 7. The hydrogen uptakes 
in Table 7 were estimated with the diffusion coefficients and tortuosity 
factors in Table 4. All the materials had lower hydrogen uptakes when 
exposed to modified artificial seawater with CO2 and H2S than during 
cathodic polarization in 0.1 M NaOH, but the difference is more sig
nificant for some materials than others. 

4. Discussion 

4.1. Corrosion products 

The XRD results and images of the corroded surfaces in Fig. 5 show 
that all the surfaces have retained carbides which are exposed when iron 
is preferentially dissolved from the ferrite phase. FeCO3 was not 

detected by the XRD, and the oxygen detected by EDS is therefore ex
pected to originate mainly from oxides present on the surface before the 
electrolyte was added or oxygen that has reacted with the surface after 
the test. The selective dissolution of ferrite phase during pure CO2 
corrosion of steels is associated with an increase in corrosion rate and 
OCP with time due to the increasing surface area of retained Fe3C [20, 
21]. This was seen for all the materials at 1 bar CO2 exposure (step 2), 
except for Material B which had a relatively stable or declining corrosion 
rate. The surface of Material B may therefore have entered a more stable 
condition than the other materials at this stage. The carbides in Material 
B have a fine distribution and the carbide fraction is smaller than the 
carbide fraction of the other materials. Possibly, the amount of retained 
Fe3C on the surface of Material B reached an equilibrium where the 
outer parts of the Fe3C network were losing their electrical contact to the 
steel at the same rate as new Fe3C was being exposed on the surface. The 
most rapidly increasing corrosion rates were found for the lamellar 
Material D, which has better foundation for increasing the Fe3C surface 
area due to the continuous nature of the lamellar phase. 

Small amounts of S (0.4–1.0 at%) were detected on all the corroded 
surfaces by EDS, but crystalline species containing S were not detected 
by XRD. In aqueous solutions containing H2S, mackinawite is the major 
constituent of precipitated FeS. Mackinawite can precipitate as nano- 
sized platelets which are difficult to detect with classical XRD, since 
this technique relies on many repetitions of a periodic lattice. This has 
led to wrongful characterization of mackinawite as amorphous FeS [45]. 
The S detected on the corroded surfaces is therefore expected to be in the 
form of mackinawite, despite the lack of mackinawite XRD signal. For 
low H2S concentrations (≤ 340 ppm) in aqueous CO2 environment, 
mackinawite has been observed to reduce the corrosion rate [46], and 
this was also observed in our experiments. The reduced corrosion rates 
in [46] were attributed to mackinawite acting as a charge-transfer 
barrier rather than a mass-transfer barrier. 

4.2. Hydrogen uptake during pure CO2 corrosion 

During pure CO2 corrosion, the C0R of Material B was more than 
twice as high as the C0R of Material A, C and E, and the C0

fe was also 
significantly higher for Material B. The hydrogen uptake in Material D 
during pure CO2 corrosion could not be determined and is therefore not 
discussed. When cathodically polarized in 0.1 M NaOH, the hydrogen 
uptake for materials B and E were twice as high as the hydrogen uptakes 
of materials A and C. The difference in hydrogen uptake under cathodic 
polarization and in CO2 environment indicates that the hydrogen uptake 

Fig. 7. OCP on the corrosion side of the sample vs. time after the electrolyte was added in the corrosion compartment.  
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during CO2 corrosion is strongly influenced by the corrosion mecha
nism. The corrosion rates and measured hydrogen uptakes increased 
when the CO2 partial pressure was increased from 0.2 to 1 bar, but the 
permeation flux decreased after reaching a peak for all the transients 
observed in CO2 environment, except the 1 bar CO2 transient for Ma
terial B test 2 which reached a plateau. This indicates that the corroded 
surfaces created a barrier for hydrogen permeation under these condi
tions. The main change on the surfaces during CO2 corrosion was the 
accumulation of retained carbides, which happened to a greater extent 
for the materials with low hydrogen uptakes, A, C and E, than for the 
material with the highest hydrogen uptake, Material B. Materials B and 
C have the lowest carbon contents, 0.28 and 0.35 wt% respectively, but 
very different hydrogen uptakes. There is a substantial difference in film 
weight between these materials, which cannot be explained by the dif
ference in corrosion rate and carbon content but may be related to the 
carbide distribution in the metal. Material C has a microstructure with 
thin carbides on many of the ferrite grain boundaries, which may give a 
stronger adhesion between the corrosion products and steel, and thus 
more retained carbides and higher film weight. Overall, it appears that 
the presence of retained carbides reduced the hydrogen uptakes of the 

wire materials. The retained carbide is conductive and can therefore not 
limit the hydrogen uptake as a charge-transfer barrier, but possibly as a 
mass-transfer barrier. The increased corrosion rate of ferritic-pearlitic 
steels during selective dissolution of ferrite is explained by a larger 
active cathodic area, which means that the average distance between 
cathodic reaction sites and ferrite increases as well. Since cementite is 
considered an obstacle to hydrogen diffusion [39,40,47], the hydrogen 
that is adsorbed on cementite far from ferrite will have less opportunities 
for absorption and diffusion into the uncorroded steel compared to 
hydrogen adsorbed close to the ferrite. Possibly, it is only hydrogen that 
is reduced on ferrite or on carbides near ferrite that has a chance of being 
absorbed in the steel. If the retained carbide area is increasing faster 
than the corrosion rate, the cathodic current density will decrease, and 
less hydrogen will be reduced near ferrite. This is a possible mechanism 
for the presence of a peak hydrogen permeation flux during pure CO2 
corrosion. The proposed mechanism relies on a lower concentration of 
adsorbed hydrogen on and near the ferrite. The retained carbides are 
increasing the corrosion rate and hence the total amount of hydrogen 
reacting on the surface. If this effect dominates, the hydrogen uptake 
will increase with the amount of retained carbides rather than decrease, 

Fig. 8. Permeation current from the electrochemical hydrogen permeation tests. The dashed lines mark the steps with different pCO2 and pH2S, as described in 
Table 3. The H2S partial pressure was kept at 0.7 mbar H2S about one day longer for Material D since the clogging of the gas supply to the corrosion compartment 
decreased the permeation current. 
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as observed by da Silva et al. [21]. 

4.3. Hydrogen uptake during H2S exposure 

H2S is a hydrogen recombination poison [34,48,49] which can in
crease the hydrogen uptake in steels, while precipitation of FeS can both 
increase the hydrogen uptake by acting as a cathodic site [50] and 
decrease the hydrogen uptake by forming a barrier to hydrogen diffusion 
[25,26]. For all the materials, the hydrogen uptake decreased like a 

decay transient when the H2S partial pressure was decreased in step 7 
(0.2 mbar H2S) and 8 (0.1 mbar H2S), despite relatively stable corrosion 
rates, which indicates that the materials were subjected to a H2S poison 
effect, even after the formation of S-containing corrosion products on 
the surfaces. The hydrogen recombination poison effect can also explain 
why the hydrogen uptakes increased when H2S was added, despite 
decreased corrosion rates. A cathodic site effect may arise from the 
formation of mackinawite, which is expected to happen on the steel 
surface by reaction with the iron in metallic form [51], hence intro
ducing new cathodic sites on the ferrite. This can give a shorter average 
path for hydrogen from adsorption site to ferrite matrix, compared to the 
path from retained carbides to ferrite matrix. However, cathodic re
actions may still be occurring to a great extent on the retained carbides 
even during the H2S exposure steps of the tests, especially if all the 
ferrite is covered with a thin FeS layer and the FeS layer has a high 
charge-transfer resistance. There are several indications of a barrier ef
fect in the experiments: 1) Materials A, C and E had decreasing perme
ation fluxes after reaching a peak permeation flux in some of the H2S 
exposure steps, 2) Materials C and E reached their highest hydrogen 
permeation flux before exposure to the highest H2S partial pressure, and 
3) Materials A, C, D and E had lower hydrogen permeation flux the 
second time the surfaces were exposed to 0.2 and 0.1 mbar H2S 
compared to the first time, see Fig. 8. For Material A, C, D and E, there is 

Fig. 9. Hydrogen uptakes estimated for the pure CO2 period of the permeation tests, step 1 and 2 in Table 3. C0R reflects both the lattice hydrogen and hydrogen in 
reversible traps whereas C0

fe only describes the hydrogen in ferrite lattice. 

Fig. 10. Hydrogen uptakes estimated for the H2S steps of the permeation test, step 3–8 in Table 3. C0R reflects both the lattice hydrogen and hydrogen in reversible 
traps whereas C0

fe only describes the hydrogen in lattice. The steps are placed in chronological order with the first exposure to H2S placed to the left. 

Table 7 
Reversible hydrogen uptakes measured for uncorroded samples under cathodic 
polarization in previous work [31] and during step 6 of the permeation test (0.7 
mbar H2S).  

Material C0R under cathodic polarizationa [wt 
ppm] 

C0R during step 6b [wt 
ppm] 

A  0.69  0.64 
B  1.59  1.27 
C  0.73  0.35 
D  1.54  1.37 
E  1.74  0.76  

a 0.1 M NaOH, − 12 mA cm−2, 25 ◦C. 
b 0.7 mbar H2S and 1 bar CO2, 25 ◦C. 
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a relationship between film weight and C0R during H2S exposure. This 
relationship may be linked to the corrosion rate, where both the 
corrosion rate and film weight increases with the amount of retained 
carbides and the hydrogen uptake increases with the corrosion rate due 
to a higher amount of hydrogen being reduced at or near ferrite grains. It 
is also linked directly to the cementite, where the film weight increases 
with the amount of retained carbides on the surface and the hydrogen 
uptakes increase with the ferrite-cementite interfacial area due to 
trapping. Material B does however not follow this trend. Material B has 
the highest hydrogen uptake among the non-lamellar materials, both 
when considering only lattice hydrogen and hydrogen in reversible 
traps, despite having the lowest carbon content and film weight. If 
cathodic reactions are still occurring on the retained carbides, the same 
mechanism as proposed for CO2 corrosion in Section 4.2 may be appli
cable for combined CO2 and H2S exposure. The behavior of materials A, 
C, D and E is consistent with the observations by Zhou et al. [27]. Under 
the condition of 1 MPa pCO2 and 0.001–0.1 MPa pH2S, they found that 
the corrosion rate increased with the decrease of H2S partial pressure 
and that the corrosion products changed from initially promoting 
hydrogen permeation to hindering the hydrogen permeation as the 
corrosion progressed. It is possible that this change from hydrogen 
promotion to hindrance would also be seen for Material B if the tests 
were conducted for longer times. Material B has a lower carbide fraction 
and corrosion rate than the other materials and might therefore need 
more time to form a well-covering FeS layer on the ferrite. This effect 
may be enhanced by lower adhesion between finely distributed carbides 
and steel surface, which keeps the ferrite fraction on the surface high 
through-out the CO2 corrosion part of the test. Hence, more time may be 
needed for Material B to form the same barrier as the other materials, 
but this is questionable since the S content measured on the surfaces was 
not particularly low for Material B. There appears to be a trade-off be
tween the positive and negative effects of retained carbides, where 
Material C has the best balance. Material B appears to have too little 
carbide, or too poorly connected carbide, to receive the beneficial effect 
of retained carbides. The materials with higher carbide contents than 
Material C also have higher hydrogen uptakes due to hydrogen trapping 
on carbide-cementite interfaces, possibly with contribution from higher 
corrosion rates. 

5. Conclusion 

Five steel armor wires were exposed to artificial seawater bubbled 
with N2, CO2 and H2S in an electrochemical hydrogen permeation cell 
while the hydrogen permeation flux through the steels was measured. 
The electrolyte was continuously replaced to simulate an environment 
where protective iron carbonate film formation is not thermodynami
cally favorable.  

• The hydrogen uptakes decreased with the accumulation of retained 
carbide for most of the materials, despite increasing corrosion rates. 
The carbide is primarily a site for cathodic reactions and the pro
posed mechanism for the reduced hydrogen uptakes with retained 
carbides is that the hydrogen adsorbed on retained carbides located 
far from ferrite grains will have limited opportunities for absorption 
into the steel since the hydrogen solubility and diffusivity in 
cementite is low.  

• The positive effect of retained carbides was observed during pure 
CO2 corrosion and when small amounts of H2S (< 1 mbar H2S) was 
introduced to the environment.  

• The material with the lowest and most stable corrosion rate during 
CO2 corrosion was one of the materials with highest hydrogen up
take. This material has the lowest carbon content and less continuous 
carbides than the other materials, and hence less retained carbides. 

• Apart from this material, the results indicated higher hydrogen up
take with higher carbon content, probably due to the trapping of 
hydrogen on ferrite-cementite interfaces.  

• Despite the reduction of hydrogen uptake with time observed for 
most of the materials, the hydrogen uptakes decreased substantially 
when the H2S partial pressure was reduced towards the end of the 
tests, indicating a strong sensitivity to the H2S poison effect even 
after the formation of hydrogen uptake barrier. 
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