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Abstract 
 

Aluminium alloys have a number of versatile applications, and there are numerous alloys in 
production today, where a variety of solute additions and heat treatments are applied. This 
work focusses on lean, age-hardenable Al-Mg-Si alloys, which are light weight, have 
excellent corrosion resistance and a moderate strength potential. In Al-Mg-Si alloys it is the 
growth of nanosized needles, consisting of Mg, Si and Al itself, which leads to an increase in 
strength during heat treatment of the alloys. The nanosized needles are metastable and grow 
along the three <001> Al crystal directions. During heat treatment, several needle phases may 
form, dependent on parameters such as the extent of the heat treatment, its temperature and 
the alloy composition.  

A major challenge in industry, and the first motivation behind this work, is to make extrusion 
of lean Al-Mg-Si alloys easier and faster, while simultaneously not making any sacrifices in 
strength. The second major motivational point of this thesis is to connect the macroscopic 
material properties like strength and extrudability to the atomic scale characteristics. Only in 
this way tailor-made alloys can be made for specific applications. Transmission electron 
microscopy (TEM) serves as an excellent tool for microstructure characterization of Al. The 
high spatial resolution and possibility of detecting a number of different electron-sample 
interactions are obvious advantages.  

High angle annular dark field scanning TEM (HAADF-STEM) with aberration corrected 
lenses provides exceptionally high spatial resolution, down to the atomic scale. Aberration 
corrected HAADF-STEM is particularly well suited for detecting elements with different 
atomic numbers (Z) because of its Z contrast. However, in some cases the elements might be 
too close in atomic number to separate intensity differences, which is where electron energy 
loss spectroscopy (EELS) comes to aid. With EELS one obtains a ‘fingerprint’ of each 
element based on the energy losses of the electrons, which are dependent on the elements 
they have interacted with while passing through the sample.  

For surface-specific dynamics in the material, information can be attained by photoelectron 
spectroscopy (PES). PES enables us to do in-situ investigations of core levels during heat 
treatment of the material. By making use of this method, the complications of detecting 
elements with overlapping EEL edges, like e.g. Li and Mg, can be solved. 

Two main approaches have been chosen to solve the extrudability vs strength issue here. The 
first approach was based on lowering the amount of added Si and Mg, while adding back a 
smaller or equal amount of Li, Cu, Ge or Ag. In the second approach, ‘disturbed ageing’ was 
applied at various times during heat treatment. This was accomplished by elastic straining or 
introducing small plastic deformations to the material.  

It has been demonstrated how strength loss in an Al-Mg-Si alloy, caused by reduction in 
solute, can be compensated by adding back smaller quantities of Li, Cu, Ag or Ge. These 
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solute additions were added to Al-Mg-Si alloys alone or in different combinations. Ge was 
discovered to be the most effective solute addition, significantly refining the precipitation and 
strengthening the material in spite of lower total solute.  

Cu, Ag and Ge additions have strong influence on the main hardening precipitate, ”. Ge in 
particular changes its structure and promotes disorder, which seems to be favourable for 
increased material strength. Cu and Ag both participate in the precipitation of needles and 
change the precipitation sequence. HAADF-STEM investigations indicated that Li causes 
modest structural changes to the main hardening precipitate ”. 

DFT has been used to support the experimental results and better explain the observed 
features in each alloy. Bonding energies, volume misfits, and formation enthalpies have been 
calculated for solute additions, vacancies and structural variants of the ” phase. DFT and 
HAADF-STEM support intensity variations suggesting Li to occupy Mg sites, and in 
particular the Mg3 sites in ”. 

The potential of atomic resolution EELS has been demonstrated by detailed investigation of 
the elemental distribution in a precipitate cross section in a multicomponent Al alloy. 
Furthermore, a correlative analysis of the EELS data was performed and connected to the 
results. The EELS technique alone was able to resolve both the face centred cubic (fcc) Al 
lattice along the <001> Al zone axes and the hexagonal Si-network in a precipitate cross 
section. Some atomic columns were revealed to contain a mix of elements after combining 
EELS and HAADF-STEM.  

It has been demonstrated how a commercial Al-Mg-Si alloy can get enhanced strength at 
peak hardness conditions when elastic strain is applied at the beginning of natural ageing. 
The strengthening effect is explained by enhanced formation of clusters, causing a higher 
number density of precipitates at peak hardness. Applying 1 % plastic deformation increased 
the material strength as compared to an un-deformed reference alloy; the strengthening effect 
is in this case attributed to the introduction of dislocations to the material during deformation.  

X-ray photoelectron spectroscopy (XPS) and X-ray photoemission electron microscopy 
(XPEEM) were used to study Li, Mg and Si in the surface of an Al-Mg-Si-Li alloy. The 
surface oxide layer was sputtered to a negligible thickness, and the relative abundance of 
alloying agents (Li, Mg and Si) was recorded for different time-stamps during annealing. All 
three elements were recorded to appear with a significant increase in surface concentration. 
The concentration decreased again with further increase in annealing temperature and 
duration of annealing. Si and Li both occur everywhere on the alloy surface, while Mg 
migration is mostly restricted to grain boundaries. Li occurs at much higher temperature than 
the two respective alloying agents. 
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Chapter 1 
 

Motivation  
 

Aluminium is currently competing with fish to be the second most exported product in 
Norway after oil. The worldwide needs for light metals are growing, and aluminium is a very 
good candidate to satisfy these demands. The only metal which is more frequently used in the 
world today is steel. Steel is heavy, which is one of the reasons why medium and high 
strength aluminium alloys are becoming increasingly popular. Light metals do for example 
lead to much lower energy consumption in automotive vehicles, which is why they are 
frequently referred to as environmental friendly. Additionally, aluminium is easy to recycle. 
Only 5 percent of the energy which is needed to produce new aluminium is required for 
recycling it. Intriguingly, approximately 75 % of all aluminium ever made is still in use [1]. 

Age-hardened, medium-strength aluminium alloys are mostly used for architectural and 
automotive purposes. Mg and Si are added to the alloy because these elements enable the 
formation of nanosized needles during heat treatment, and these needles are the secret to 
aluminium’s excellent strength potential. Al-Mg-Si alloys, often referred to as 6xxx alloys, 
are shaped in soft condition, usually by extrusion or rolling, and are then age hardened to 
their final strength.  

It seems like optimizing alloy properties is a never ending quest. This thesis aims to improve 
and understand the extrudability of lean alloys, while not compromising in-service strength 
and other sought-for material properties. It also focusses on atomistic understanding of the 
processes, which in turn should make way for improving simulations. Improved extrudability 
in this viewpoint refers to low energy expenditure and higher extrusion speed. This is a 
challenge since solute additions are needed to grow hardening precipitate phases, while at the 
same time they decrease ductility and increase strain hardening and flow stress [2]. It is 
advantageous for optimal extrusion rates to limit the total amount of solute, and the content of 
some solutes in particular. An increase in extrusion speed achieved by solute reduction 
inevitably causes a loss in material strength. Different approaches to circumvent this effect 
have been explored and are presented in this thesis. The first approach has been to add new, 
“exotic” elements or combinations of such. Li, Cu, Ge and Ag were chosen because of their 
positive effect on precipitation, hardening response and in-service strength. The second 
approach was to subject lean Al-Mg-Si alloys to disturbances during the heat treatment. We 
will here be dealing with elastic strain or small plastic deformations of the material during 
different stages of the heat treatment. It is already well-known that higher levels of plastic 
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deformation lead to an increased hardness of the material because of the introduction of 
dislocations. The initial theory is that disturbances during ageing should lower the energy 
needed to nucleate and grow precipitate needles, consequently increasing the number density 
of hardening precipitates and resulting in an increased hardening response. 

One of the most important characterization techniques for hardening phases in aluminium 
alloys is transmission electron microscopy (TEM). Using this powerful tool allows us to 
quantify the precipitate needle microstructure and morphology. It is possible to determine 
which precipitate phases are present, and with electron lens aberration correction, even the 
location and type of atoms can be identified. As TEM uses the 2D projection of our sample, 
other related techniques have been applied in order to come closer to the complete depiction 
of the material microstructure. High angle annular dark field scanning-TEM (HAADF-
STEM) gives us the possibility to decide the atomic number of the elements present due to its 
atomic number contrast, where the intensity increases with increasing atomic number. 
HAADF-STEM and TEM might not be sufficient. In such cases, electron energy loss 
spectroscopy (EELS) or photoelectron spectroscopy (PES) techniques can give us the 
information we seek. EELS allows us to determine if just one element is present in a 
projected column or if we are actually dealing with a mix of elements. In particular, 
atomically resolved EELS would give unambiguous results, as it can reveal which elements 
are present in each atomic column from the 2D projection. In some cases, the Li and Mg EEL 
edges overlap, this is however not an issue with PES. PES also allows for in-situ 
measurements during annealing of the material. It is exceedingly important to understand the 
connection between theory and experiments, for this reason density functional theory (DFT) 
has been used to corroborate and interpret the experimental work.  

The objective of this thesis has in short been to connect the microscopic features of lean 
alloys with properties like strength and extrudability at the macro-scale. The experimental 
work evolves around TEM, HAADF-STEM, EELS and PES. The features of the material 
have been investigated at several length scales, ranging from micrometres to the atomic scale. 
Finally, the microscopic properties should be explained and connected to the reduction of 
solutes in extruded and rolled Al products.  
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Chapter 2  

Aluminium 

Aluminium is not found naturally in its pure state on Earth, however, oxidized states occur 
frequently, like in for example naturally occurring bauxite rocks. Both the Earth and the 
Moon has a high abundancy of aluminium in their crusts. In the Earth’s crust, aluminium is 
the third most abundant element and the most abundant metal [3]. Norway is a significant 
player in the global Al market, where Al oxide is extracted from bauxite, and subsequently 
reduced by electrolysis to obtain pure, metallic aluminium. Metallic aluminium is silvery-
white in appearance, soft and non-magnetic. 

 

Figure 2.1 Crystal structure of a unit cell in fcc aluminium next to a beverage can made out 
of aluminium. The light blue atoms are situated at the corners of the unit cell, while the dark 
blue atoms are situated at the faces. 

The density of metallic, solid aluminium is 2.7 g/cm3, less than a third of the density of steel 
[4]. This makes aluminium a particularly light metal, similar to titanium and magnesium. 
Pure aluminium in its solid state is crystalline, with a face centred cubic (fcc) unit cell, see 
insert in Fig. 2.1. Because of high strength-to-weight ratio, aluminium alloys are used in a 
vast number of applications and an increasingly important factor in aluminium production is 
the material’s potential to be recycled.  
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In this chapter there will be given an introduction to aluminium alloys, focussing on the 6xxx 
series. Strengthening mechanisms will be explained with emphasis on precipitation 
hardening, which is the main hardening mechanism for Al-Mg-Si alloys. Finally, the solute 
elements that have been used in this thesis will be introduced, focussing on their effects on 
precipitation and strength. 

 2.1 Aluminium Alloys 
 

By adding solute elements to aluminium, the material can be tailored into having specialized 
properties. Properties of particular interest are in-service strength, electrical conductivity, 
corrosion resistance, formability and the ability to be recycled. 

There are two main categories of aluminium alloys, cast alloys and wrought alloys, which are 
directly cast or worked into their final shapes respectively. Wrought alloys are usually cast 
into billets and subsequently formed to their ultimate shapes. It is common to further separate 
wrought alloys in two subcategories: alloys which are heat treatable and those which are not. 
If an aluminium alloy is heat treatable, its mechanical strength increases considerably during 
heat treatment at elevated temperatures. The different alloy series and their heat-treatability 
are presented in Table 2.1. This work will focus on wrought, heat-treatable aluminium alloys 
in the 6xxx series.  

Table 2.1 Al alloy classification of wrought alloys based on their main alloying elements, 
applications and heat treatability [4]. 

Alloy 
series 

Alloying 
elements 

Applications  Heat-treatability 
 

1xxx None Electrical conductors, chemical plants 
and architectural panels 

Non-heat treatable 

2xxx Cu, Mg Aircraft structures Heat treatable 
3xxx  Mn Heat exchangers, packaging, architectural 

applications 
Non-heat treatable 

4xxx Si Architectural applications Mainly non-heat 
treatable 

5xxx Mg Car and marine applications Non-heat treatable 
6xxx Mg, Si Extruded and rolled products, vast 

number of applications 
Heat treatable 

7xxx Mg, Zn Aircraft structures and hydraulic 
equipment 

Heat treatable 
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2.2 The Heat Treatment 

An example of a generic heat treatment for age-hardenable aluminium alloys in the 6xxx 
series is shown in Fig. 2.2. The alloys are cast at temperatures above the melting point of 
aluminium and cooled to room temperature (RT). Dispersoids form during a homogenisation 
step which is performed below the eutectic temperature. The purpose of the solution heat 
treatment (SHT) is to dissolve any structures containing solute additions which may be 
present. The solute atoms will then be dispersed in solid solution, and are available for 
precipitation of nanosized needles during artificial ageing (AA). Usually a relatively high 
number of quenched-in vacancies will be present after SHT. In Al alloys, vacancy diffusion is 
a key mechanism in the precipitation process. 

 
Figure 2.2 Example heat treatment for age-hardenable aluminium 6xxx alloys. The alloy is 
first subjected to solution heat treatment (SHT) to disperse solute atoms in the solid solution. 
The alloy is then quenched to room temperature (RT) and kept at this temperature for natural 
ageing (NA). Finally it is brought to its artificial ageing (AA) temperature, which is usually 
around 180 °C [2]. 

A pre-ageing stage (not to be confused with pre-heating in Fig. 2.2) is sometimes included 
after SHT and prior to AA, in order to optimize the precipitate distribution. Pre-ageing is 
typically conducted at temperatures ranging from 70 °C – 100 °C. During natural ageing 
(NA) clustering of solute additions starts in the supersaturated solid solution (SSSS). This 
stage, which in industry is simply the storage time between SHT and AA, can be beneficial 
for creating a high number of nucleation sites for precipitate growth. AA is the final step 
where the alloy is brought to its final strength, which is often peak strength of the material. 
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This is the stage where, in heat-treatable alloys, the precipitates are allowed to grow until an 
optimal precipitate distribution with regard to strength or other properties has been reached.  

 

2.3 Strengthening Mechanisms 
 

There are several mechanisms involved in the strengthening processes of aluminium alloys. 
The four major mechanisms contributing to strength are: work, microstructure, solid solution 
and precipitation hardening. These four mechanisms will be described briefly in this section.  

Work or strain hardening occurs when solid material is exposed to plastic deformation. When 
the material is subjected to plastic deformation, it can no longer return to its original state as 
the atoms are permanently displaced from their equilibrium positions. Deforming material 
usually introduces more dislocations, and dislocation-dislocation interactions lead to a 
strengthening effect [5]. In aluminium, <111> Al plane dislocations are most common, while 
their most energetically favourable directions of movement are along <110> Al. It is the 
propagation of dislocations over time which causes the material to fracture. This can happen 
along the 12 slip systems in aluminium, along <111> lattice planes, which are also referred to 
as the slip planes in Al [6]. 

Microstructure hardening refers to dislocation impediments like grain boundaries or 
constituent particles. Because of this, it is desirable to design alloys with grain sizes resulting 
in the best material properties. A distribution of smaller grains can lead to increased hardness, 
but in turn this may lower the hardening effect from precipitation. It is therefore crucial to 
find an optimal grain-size distribution. 

Solute additions may also lead to a strengthening effect of the material, see A in Fig. 2.3. 
When foreign atoms are dissolved in a lattice, they can act as additional obstacles to 
dislocation movement. Solute atoms substitute the atoms in the lattice or place themselves 
interstitially. The strength contribution (yield strength contribution), , from elements in 
solid solution can be expressed as follows [7]. 

 =   
(2.1) 

 

Here, Cj is the concentration of a solute element in solid solution and kj is its corresponding 
scaling factor. 

Precipitation hardening occurs when precipitates form during heat treatment of age-
hardenable alloys. The precipitates typically grow along specific hkl lattice planes (or habit 
planes), and act as dislocation impediments when the material is strained or deformed. 
Hardening effects from precipitation will be further discussed in section 2.4. 
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It is common to simplify the total (yield) strength, , of the material as a linear summation 
of the different contributions.  = + + +   (2.2) 

Where  is the intrinsic strength of pure aluminium, is the contribution from dislocations 
(work hardening),  is the solid solution hardening and  is the hardening contribution 
from precipitation.  

 

Figure 2.3 Crystallographic defects in a generic lattice. A: substitutional solute atom, B: end 
dislocation, C: solute atom cluster, D: vacancy and E: precipitate phase. Adapted from 
Wenner [8]. 

2.4 Precipitation Hardening 

Precipitates are the main strength contributors in Al 6xxx alloys, and tend to grow into cubes, 
plates, needles or other characteristic shapes, see Fig. 2.4. Usually, the first phases to form 
are coherent with the Al matrix and lose coherency as they grow. Before the equilibrium 
phases form, there is a sequence of other metastable phases forming during AA. The theory 
in this section is based on [6], which gives a complete explanation of the different 
mechanisms at hand.  

When precipitates interact with dislocations, they make slip more difficult and consequently 
the strength of the material increases. The basic mechanisms of precipitate-dislocation 
interactions are Orowan bowing (looping) and particle cutting. The Orowan bowing 
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mechanism describes dislocations looping particles in solid solution. The two mechanisms 
are illustrated in Fig. 2.5. 

 

Figure 2.4 TEM images from the centre of a grain in a common Al 6xxx alloy at different 
magnifications. (a) overview bright field TEM image. The green square indicates the size of 
image (b). (b) TEM bright field image clearly showing precipitate needles. The green square 
indicates the magnification of image (c). (c) HAADF-STEM image of a precipitate cross 
section growing into the plane. The cross section is ” type. ‘Smart Align’ [9] has been 
applied in (c). 

Dislocations bypassing precipitates bow out when they encounter each other. When a 
dislocation bows out as it moves through the Al lattice, it may encounter itself at the opposite 
side of the particle. When the dislocation “encounters itself” at the other side of the particle it 
is of opposite nature and annihilates, causing the looping dislocation to separate from the 
“parent-dislocation”, see Fig. 2.5. As an effect of this mechanism, reducing the spacing 
between precipitates causes an increase in material strength. Simultaneously, small spacing 
between precipitates is often associated with the precipitates becoming smaller, which in turn 
lowers the energy required for particle looping.  

When the precipitates are not able to impede dislocation movement by looping, the 
dislocation can instead glide through them, essentially “cutting” its way through. The simple 
explanation would be that small particles are sheared while larger particles are looped. The 
strain field of the dislocation interacts with that of the precipitate particle and results in a 
repulsive force between the two strain fields. The dislocation requires additional energy for 
cutting through the precipitate particle, after overcoming the two repulsive strain fields, 
which is why the strength contribution from this mechanism is dependent on the precipitate 
size distribution. 

The looping and cutting contributions from precipitates to strength can be described assuming 
the precipitates are spherical and of identical sizes. This approximation is surprisingly similar 
to the contribution from needle shaped precipitates, which is why a spherical precipitate 
approximation can be used [7]. Based on the previously mentioned simplifications, the 
contribution to strength from precipitation can be expressed as  
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=  
 

(2.3) 

 

Figure 2.5 Illustration of the two most important interaction mechanisms between 
dislocations and precipitates in aluminium alloys: particle looping and particle cutting. The 
dislocation moves from right to left in both cases and encounters a particle illustrated in 
green. 

M is the Taylor factor,  is the mean interaction force between dislocations and precipitates, l 
is the mean effective particle spacing and b is the Burgers vector. If l is further expressed by 
the mean particle size, ̅, and the volume fraction of precipitates, f, we get Eq. 2.4 [7]. 

= ̅ (2 ) 32  
 

(2.4) 

 is a constant close to 0.5 and G is the shear modulus of the aluminium matrix. Normally we 
are dealing with a mixture of shearing and bypassing of precipitates for aluminium alloys, 
which is why the mean interaction force  is referred to as a sum of the different 
contributions, see Eq. 2.5.

=  ∑∑  

 

(2.5) 
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Here,  is the number of particles per unit volume within the size class ri and  is the mean 
interaction force between dislocations and precipitates within size class ri. In the case of 
shearing, when ri is smaller than the critical radius, , of the precipitates where shearing can 
occur, the mean obstacle strength is given as in Eq. 2.6. 

 

 = 2  

 

(2.6) 

 

For dislocations bypassing the particles, the mean obstacle strength can be assumed to be 
constant and independent of the particle size. 

 

 = 2  
 

(2.7) 

 

2.5 Precipitate Phases 
 

There are several aspects contributing to the formation of precipitates in aluminium alloys, 
e.g. ageing temperature and its duration, alloy composition, deformation, impurities and 
vacancy concentration. Overall, the processes of alloy design is quite complex and not all 
aspects can be discussed here. 

The solid-to-solid phase transformation mainly enables a new phase, different from the parent 
phase, to form. For aluminium precipitates, the composition and volume of the new phases 
differ from the parental phase. Precipitates often nucleate heterogeneously, which means they 
nucleate at discontinuities in the parent matrix because of a lower energy barrier. New 
precipitate phases can also form uniformly throughout the matrix, i.e. by homogeneous 
nucleation. The volume of the newly formed precipitate usually deviates from that of the 
original phase. Consequently, contraction or expansion of the matrix will require additional 
energy for the phase to form.  

At the beginning of the heat treatment solute atoms are distributed in a SSSS. Atomic 
clustering then starts, typically during RT storage or NA. When AA is performed, fully 
coherent Guinier Preston (GP)-zones start to develop. When the material reaches peak 
hardness, the microstructure is usually found to consist of a high number density of 
metastable, finely dispersed GP-zones and ” type precipitates. If the ageing is allowed to 
continue, ’, U1, U2 and B’ replace ”. These precipitates have the potential to grow to 
larger sizes, but provide a lower strength than ”. The precipitation sequence changes when 
other elements are added or when strain is introduced to the material [10] [11]. Finally, the 
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stable equilibrium phases  and Si will be the only phases left if AA has sufficient duration. 
The precipitation sequence in ternary, unstrained Al-Mg-Si alloys is generally given as [12]. 

SSSS → atomic clusters → Guinier-Preston zones (pre- ”) [13] [14] [15] → ” [16] [17] → 
’ [18], U1 [19], U2 [20], B’ [21] → , Si (stable) 

The remainder of this section will focus on vacancies, dislocations and relevant solute 
additions and their effects on precipitate types, microstructure and the resulting macroscopic 
properties of the alloys. 

The crystal structure of the most common precipitate phases in Al-Mg-Si alloys are listed in 
Table 2.2 with corresponding compositions, space groups and lattice parameters. 

Table 2.2 Overview of precipitate phases in the Al-Mg-Si system.  

Phase Composition Space 
group 

Lattice parameters [Å] 

GP-
zones 

Mg2+xAl7-x-

ySi2+y 
C2/m a = 14.8, b = 4.05, c = 6.48, β = 105.3° 

β’’ Mg8Si8Al6 C2/m a = 15.16, b = 4.05, c = 6.74, β = 105.3° 

β’ Mg1.8Si P63 a = b = 7.15, c = 4.05, β = 120° 

U1 MgAl2Si2 P3m1 a = b = 4.05, c = 6.74, β = 120° 

U2 MgAlSi Pnma a = 6.75, b = 4.05, c = 7.94 

B’ Probably 
Mg9Al3Si7 

 

Hexagonal a = b = 10.4, c = 4.05, β = 120° 

β Mg2Si Fm3m a = 6.35 

 

 

2.5.1 Vacancies 
 

Vacancy clusters and dislocations have significant influence on the nucleation of precipitate 
needles. Vacancies attract solute atoms, are needed for substitutional diffusion and may be 
their own source for clustering. Solute atoms and vacancies can attract each other and act as a 
diffusion-pair. This is often referred to as the ‘vacancy pump mechanism’ where vacancies 
bring solute atoms to regions of higher solute concentration, before disconnecting and 
performing the same routine again and again [22]. Recently, calculations based on DFT have 
showed how the vacancy binding energy for alloying elements in aluminium increases with 
atomic sizes [23], with some exceptions. Solute-vacancy binding energy relates to the 
probability of a vacancy surrounding the solute atom for a period of time. Higher binding 



14 
 

energy means there is a higher probability of the vacancy to stay in the vicinity of the solute 
atom. Several simulations have been done for interaction energies in this work [24], some of 
which are shown in Fig. 2.6. 

 
Figure 2.6 Interaction energies between the alloying elements and/or vacancies (X) in fcc 
aluminium as a function of separation distance, from 1st to 8th nearest neighbours. Extended 
from results presented in [24]. The simulations have been completed by Jesper Friis.  
 
When there is an excess of quenched-in vacancies available in an alloy, they are found to 
form clusters and voids. In particular, ‘prismatic clusters’ consisting of vacancies are found to 
appear (Frank loops) [25] [26]. This observation is additionally supported by calculations 
which show that a few vacancies can form a prismatic dislocation loop when clustering on a 
{111} Al plane [27] [28]. However, dislocations may also aid the process of vacancy 
annihilation. Adding elements with high vacancy bonding energies should reduce the ability 
of the material to form loops and consequently the dislocation density drops [29]. 
Dislocations usually cause the precipitation to be more inhomogeneous, because it is 
energetically favourable for solute atoms to cluster and for precipitates to continue growing 
on dislocation lines. 
 
 

2.5.2 Effect of Solute Additions on Precipitation in 6xxx Alloys 
 

Solute additions can have many different effects on the precipitation kinetics and accordingly 
the material properties. There are several things to consider before mixing random elements 
into aluminum and hoping for the best. How will the solute atom interact with other solutes 
and vacancies? Will the atoms contract or expand the aluminium lattice? How will the charge 
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distributions between atoms look like? These are the atomistic issues which help explain the 
reasons behind precipitate formation.  

Silicon and Magnesium 

Si-rich alloys with an approximate Si to Mg ratio of 6/5 stabilises the well-known β” phase 
[30]. Mg-rich alloys on the other hand, seems to create a coarser precipitate distribution 
consisting of a mixture between β” and precipitate phases associated with over-ageing of the 
material, even at peak-aged conditions. The total Si and Mg additions affect the types of 
clusters which are able to form during NA of the material. There are two types of clusters 
forming, popularly featured as “good” or “bad” clusters. The “good” clusters seem to have an 
approximate Si/Mg ratio of 1. It has been reported that if Si + Mg < 1 wt %, RT storage 
enhances precipitation kinetics as opposed to artificially ageing the alloy directly [31]. If Si + 
Mg > 1 wt %, RT storage causes a lower strength than if the alloys had been subjected to AA 
directly after quenching. This lowered strength is a consequence of “bad” clusters retarding 
the precipitation sequence during AA [31].   

At first glance it might seem like there are few connections between the different phases in 
Al-Mg-Si alloys. However, all metastable precipitates in this system are connected through a 
projected hexagonal network of Si atomic columns [32], the only exception being the main 
hardening phase, β” itself. By using this network of Si columns as a basis, the building-block 
approach by Ehlers et al. [33] explains all observed precipitate phases. Since the network is 
an integral part of all precipitates it is reasonable to think these elements are already in the 
clusters in the early stages of precipitation. The prevalence of the network means it must be 
initiated early, which means Si has an important role from the very start. β” has a distorted 
network of Si columns, where the columns arrange themselves so that a triangular Si-network 
exists across parts of the phase. It has been speculated that the reason Mg and Si combine in 
clusters, is to cancel the differences in the vacancy binding energy [34].  

Lithium 

The solid solubility of Li in aluminium is high, and because of its low density, adding it to Al 
will lower the density of the aluminium alloy [2]. It has been discovered that Li willingly 
diffuses to the surface of the alloy and a Li depletion can occur deep into the material surface 
when heat treating in air [35]. Li atoms are thought to diffuse to the surface faster than Al 
atoms can replace them in the crystal lattice. Because of this rapid Li diffusion from bulk to 
surface, an increased amount of vacancies which often agglomerate is expected close to the 
alloy surfaces [35].  

It has been shown in previous studies that small additions of Li to Al-Mg-Si alloys increase 
the age-hardening response [36]. Li enters the precipitate needle structure, but it does not 
change the precipitation sequence. Consequently the β” phase is still the main hardening 
precipitate at peak hardness conditions for these alloys. Adding Li to these alloys systems 
seem to cause a denser precipitate distribution consisting of smaller needles. An example 
atomic overlay of a precipitate in a Al-Mg-Si-Li alloy (RXL0) is given in Fig. 2.7. The 
symbolic representation of elements and heights are given in Table 2.3. 
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Figure 2.7 HAADF-STEM raw images of a precipitate cross section in an Al-Mg-Si-Li alloy 
(RXL0). (b) Atomic overlay of the precipitate cross section from (a). A β” unit cell is 
indicated with solid yellow lines. Examples of the β2” stacking variations (see Table 2.5) are 
indicated with dashed yellow lines. The white solid lines indicate the location of “vacated 
atomic columns”. Symbolic representation of elements is given in Table 2.3.  

Table 2.3 Symbolic representation of elements used for the atomic overlay presented in Fig. 
2.7. 
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Copper 

It is common to find traces of Cu from recycling in Al-Mg-Si alloys, but it is also commonly 
added on purpose by industry because it improves the material strength. Although the 
strength increases, Cu additions down to 0.1 wt % can cause inter-granular corrosion [37] 
[38] [39]. Consequently, the Cu addition has been kept at 0.05 wt % in this study. When it 
comes to precipitate phases, Cu has been found to substitute Al and Si sites within the 
precipitate but it also occupies sites at the precipitate interfaces. By adding Cu to Al 6xxx 
systems, the formation of the β” phase is suppressed and other phases start to form, an 
overview is given in Table 2.4. The precipitation sequence in Cu-added 6xxx alloys is 
generally given as [40] [41] [42] [43] [44]: 

SSSS → atomic clusters → Guinier-Preston-zones (pre-β”) [13] [14] → β’’ [18], L, S, C, QP, 
QC → β’, Q’ → Q 

 

Table 2.4 Overview of precipitate phases in quaternary Al-Mg-Si-Cu alloys. 

Phase Composition Space group Lattice parameters [Å] 

QP Unknown Hexagonal a = b = 3.93, c = 4.05 

QC Unknown Hexagonal a = b = 6.70, c = 4.05 

C ≈Mg4AlSi3.3Cu0.7 P21/m a = 10.32, b = 8.1, c = 4.05, β = 101° 

L Variable Disordered Variable 

Q’ Probably 
Al3Cu2Mg9Si7 

 

Probably P6 a = b = 10.32, c = 4.05, β = 120° 

Q Probably 
Al3Cu2Mg9Si7 

P6 a = b = 10.39, c = 4.02, β = 120° 

 

The problem with intergranular corrosion in Al-Mg-Si-Cu alloys is related to precipitate 
phases that are disposed to corrosion, especially the Q-phase [44], which nucleates on grain 
boundaries [38]. It has also recently been found that Cu forms film-like enrichments along 
the grain boundaries, also promoting inter-granular corrosion [38].  

Cu can substitute both Al and Si in the precipitate structures and at the precipitate/matrix 
interfaces [45] [33]. For example, Q' and Q are isostructural with B' [44], where Cu has 
substituted some partly occupied Al-positions [21]. Unlike the binary Al-Si system (or Al-
Ge), where only pure Si (Ge) precipitates form, in 2xxx alloys Cu combines with Al in the 
Al-Cu system. For example, the Al-Cu system is prone to form the hardening precipitates ’ - 
Al2Cu [46]. For this reason alone Cu might be expected to have a strong effect on nucleation 
when added to other Al-based systems. In 6xxx alloys Cu suppresses the formation of pure 
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” by promoting disorder in the precipitate structures as well as inducing other precipitate 
types [40] [41] [42]. This is not necessarily a disadvantage as the new precipitates promotes 
hardening, and precipitate number densities and volume fractions do not decrease relative to 
total solute amount [40] [47]. 

Silver  

A reason for adding Ag to 6xxx aluminium alloys is that small additions in several age-
hardenable Al based alloys containing Mg have been found to stimulate GP-zone formation 
and precipitation. In general, Ag tends to accelerate the kinetics of the age-hardening 
response and increases the material’s peak hardness [29] [2]. For example, binary Al-Mg 
alloys with Mg below ~10 wt % are practically non-heat-treatable. By adding 0.5 wt % of Ag 
a significant hardening response has been observed [29].  

In pure form Ag, Al and Cu all form fcc structures. They have significant differences in 
bonding, which is quite obvious just by considering the composition of their normal oxides: 
Ag2O, Al2O3 and CuO. Since Al and Ag are similar in size, precipitation may be compared in 
binary Al-Cu and Al-Ag alloys. Although the first precipitates to form in both systems are 
plates, in Al-Cu they form on (100) Al planes [32], while in Al-Ag they grow on (111) Al 
planes [48]. This shows that, even if Ag is more similar to Al than Cu regarding size and 
oxidation properties, Ag should not be considered a sole replacement for Al. In fact, TEM has 
shown that in precipitates of the 6xxx system Ag occupies Al positions by enriching the 
matrix outside precipitates, as well as replacing Si-positions within the precipitate structures 
[49]. Moreover, in Al-Cu-Ag, Cu and Ag are not found to mix well [50]. Here, Ag only goes 
to precipitate interfaces or segregates in the matrix. According to Kim et al. Ag or Ag and Cu 
additions to dense Al-Mg-Si alloys (with a total of about 0.10 at %) clearly affect the age-
hardening behaviour and increases peak hardness when the material is aged at 443 K        
(170 °C) [51]. During over-ageing, Ag causes β'Ag to form, which has structure and 
composition differing from the normal β' phase in Al-Mg-Si alloys [49]. If similar size and 
identical (fcc) structure to Al are the only criteria, more Ag in solid solution in a 6xxx alloy is 
unlikely to require extra energy during extrusion. Recently, it has been found that elongation 
improves with Ag additions [52], a result which could indicate improved extrudability.  

 

Germanium 

Ge is chemically similar to Si, but is a larger and heavier atom. The replacement of Si with 
Ge in Al-Mg-Si alloys has been investigated in former studies [53] [54]. One of the effects is 
a general refinement of the precipitation, with a following increase in hardness. When 
observed in the precipitate structures Ge has been found to occupy the same positions as Si. 
Just as Si, Ge forms a projected hexagonal network of columns along <100> Al, which is 
well integrated in the matrix and common for the Ge-Mg-(Al) containing precipitates. It 
seems Si and Ge substitute each other in the network columns. Increasing the Ge amount 
creates more disordered precipitates on an otherwise ordered network. Full replacement of Si 
by Ge prevents the formation of the β” phase altogether. Instead, the material gains strength 



19 
 

by precipitates isostructural to those of the ternary Al-Mg-Si system which are not normally 
associated with hardening; U1-like and β’-like precipitates are found alongside a high 
fraction of disordered precipitates [54].  

By replacing only a fraction of Si with Ge, the eye-like features in β” seems to be the main 
building blocks, with segments of a hexagonal Si/Ge network incorporated in the structure. 
The stacking of β” eyes seem to be interchangeable, and several stacking variations have 
been reported [24]. Three of the most commonly occurring stacking variations are presented 
in Table 2.5 with corresponding compositions, space groups and lattice parameters. 

 

Table 2.5 Overview of β’’ precipitation variants in the Al-Mg-Si-Ge system. D denotes a mix 
of Ge and Si. Vacated columns are here denoted X and should not be confused with a single 
vacancy. 

Phase Composition Space group Lattice parameters [Å] 

β’’ Mg8D8Al6 C2/m a = 15.16, b = 4.05, c = 6.74, β = 105.3° 

β2’’ Mg8D8Al6X2 C2/m a = 12.15, b = 4.05, c = 8.1, β = 90° 

β3’’ Mg8D8Al10 C2/m a = 15.16, b = 4.05, c = 10.33, β = 135° 

 

The L phase discovered in Al-Mg-Si-Cu alloys [47] also seems to dominate at peak hardness 
in Al-Mg-Si-Cu-Ge alloys [55]. As a direct cause of this phase, in a high-strength Al-Mg-Si-
Cu alloy, when adding Ge in low concentrations (0.13 wt %), both thermal stability and peak 
hardness improved [47]. Additionally, if only 10 % of the Si amount is replaced by Ge, 
precipitate number density increases quite significantly, and precipitates become finer.  
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Chapter 3  
 

Experimental Techniques 
 

A large part of the results presented in this thesis is based on experimental work. As the main 
features to be investigated are nanometre sized precipitate needles, advanced electron 
microscopy and spectroscopy methods have been applied. In particular, TEM, HAADF-
STEM and EELS will be presented here as they have been the most important tools used for 
characterization. PES will also be presented, focussing on x-ray photoelectron spectroscopy 
(XPS) and x-ray photoemission electron microscopy (XPEEM), which were the techniques 
applied in paper 7. 

 

3.1 Transmission Electron Microscopy (TEM) 
 

TEM is in many ways comparable to optical, light microscopy. The most obvious differences 
are the use of electrons instead of light and electromagnetic lenses instead of glass-lenses. 
The electromagnetic lenses are stationary in TEM, and we rely on the possibility of adjusting 
their strength instead of moving them up and down like in optical microscopes. Not 
surprisingly, the spatial resolution of electron microscopes is much better than that of light 
microscopes because of the short wavelengths of high energy electrons. Mostly solid state 
samples are studied by TEM, but new advances allow also biological samples, gases and 
liquids to benefit from TEM techniques. The requirement of ultra-thin samples for TEM is an 
obvious limitation of this tool. In this context, ultra-thin may be understood as ‘electron 
transparent’, which is typically 100 nm or less for aluminium alloys. 
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3.1.1 Conventional TEM 
 

The ray-diagram in Fig. 3.1 illustrates how a basic TEM works. The electrons are emitted 
from a source, which can be a thermionic or a field-emission source. A thermionic source is 
usually made from Tungsten or a LaB6 crystal, which produces electrons upon heating. Field-
emission sources (FEGs) emit electrons when an electrical potential is applied between itself 
and an anode, and gives more monochromatic electrons than thermionic sources. The 
electrons are accelerated to energies typically in the range from 60-300 keV by an electric 
field [56]. The entire microscope column is under vacuum and electromagnetic lenses control 
the electron trajectories. 

The condenser aperture allows us to select the most coherent electrons, which are usually the 
ones closest to the optical axis in the microscope. More lenses then focus the beam in order to 
create a diffraction pattern or an image of the sample-plane. Finally, the magnified image can 
be observed on a viewing screen or CCD camera, or the transmitted electrons may be 
detected by e.g. bright field, dark field or spectroscopy detectors.  

The resolution of a conventional TEM is often described by the Rayleigh criterion, which 
expresses the smallest spatial distance which can be resolved,  [56]. 

 

 = 0.61 sin  

 

(3.1) 

 

Where  is the wavelength of the electrons,  is the refractive index and  is the collection 
angle of the magnifying lens. 

In a TEM the interaction between electrons and sample is typically strong; for thick 
specimens one has to assume the electrons experience more than one scattering event. There 
are many possible interactions which can occur when an electron travels through the sample. 
The most important ones are illustrated in Fig. 3.2 and can be divided into elastic and 
inelastic interactions. It is common to refer to electrons in an electron microscope as ionizing 
radiation because of their ionizing nature when interacting with the sample. Most of the 
electron-sample interactions can be detected and used for characterizing the sample.  
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Figure 3.1 Schematic of a conventional TEM setup. In this illustration the electrons travel 
from top to bottom. Adapted from [56]. 
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Figure 3.2 Electron-specimen interactions where the specimen is very thin. The figure has 
been adapted from [56]. 

3.1.2 Diffraction 

When investigating materials incorporating multiple phases and small particles, a TEM is 
often the preferred tool. Since TEMs can switch between real and reciprocal space, it is a 
suitable tool for phase determination and orientation relationships. In this work diffraction 
has mainly been used to determine the [100] Al zone axis, exemplified in Fig. 3.3, as this is 
the most convenient crystal orientation for viewing precipitates in 6xxx alloys. 

By starting to consider a single elastic scattering event by a single atom, the energy state of 
the atom will not change. In TEM the electrons emitted from the source have high kinetic 
energy and will be scattered by the atomic potential when interacting with the sample. The 
resulting scattering intensity ( ) is then given by Eq. 3.2. 

 ( ) = | ( )|  
 

(3.2) 

  
Where ( ) is atomic scattering amplitude as a function of distance from the scattering atom. ( ) is a quantifiable and a very important quantity in TEM. 

In a perfect periodic crystal, scattered waves from several atoms interfere, resulting in 
diffraction maxima and minima. In TEM this means that electrons scattered from parallel 
crystal planes will be focused to points in the back-focal plane of a lens below the sample.  
Diffraction maxima can be expressed by Bragg’s law, see Eq. (3.3). 
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 2 =  
 

(3.3) 

 

Where d is the spacing between adjacent parallel planes, θ is the angle between the incident 
beam and the crystal plane, n is an integer and λ is the wavelength. The distance between hkl 
planes in real space, where a is the lattice constant of a cubic crystal, can also be expressed as 
follows. 

 

 = √ℎ + +  

 

(3.4) 

 

The intensity of a Bragg reflection is dependent on the structure factor Fhkl. The structure 
factor can be expressed as 

 = ( ) =  
 

(3.5) 

 

Summed over all atoms present in the basis of the lattice. The vectors rj and gj are the 
position of the j’th atom in the unit cell and the j’th reciprocal lattice vector respectively. fj is 
the scattering factor. In the case of aluminium, if the indices are partly even and partly odd, 
the structure factor becomes 0 and consequently the reflection will be extinct. However, if all 
indices are even or if all indices are odd, the structure factor equals 4f and the reflections 
appear. 
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Figure 3.3 Diffraction pattern of the [100] Al zone axis. Some of the reflections, 
corresponding to parallel planes in Al, are indexed in the pattern. 

 

3.1.3 High Resolution TEM 
 

The high resolution (HR) imaging mode in TEM relies on the interference between the direct 
and diffracted beams, also known as phase contrast imaging. Contrast reversal complicates 
the imaging process, and can be expressed by ‘the object transfer function for the process of 
image formation’, ( ⃗), see Eq. 3.6 [56]. Contrast transfer mathematically describes how the 
image of the specimen is modified by aberrations that are present in HR-TEM. 

 

 ( ⃗) = ( ⃗) ( ⃗)2sin ( ( ⃗)) 
 

(3.6) 

 

Here, ⃗ is the spatial frequency for a diffracted direction (a reciprocal lattice vector), A( ⃗) is 
the aperture function and E( ⃗) is the envelope function which includes the chromatic effects 
occurring from the  objective lens in addition to the spatial coherence of the electron gun. In 
practise, both the aperture function and the envelope function cut off high spatial frequencies. 
The phase of the electrons that form the image can be distorted; this effect can be expressed 
by the ‘phase distortion function’ ( ⃗), as in Eq. 3.7. 

 

 ( ⃗) = Δ ⃗ + 12 ⃗ = 2 ( 4⃗ + Δ 2⃗ ) 
 

(3.7) 
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Where Δ  is the amount of defocus used for image formation,  is the spherical aberration 
and λ is the electron wavelength.  

When T( ⃗) is negative, the phase contrast will be positive, causing the atoms to appear dark 
with a bright background. An example of contrast reversal in TEM is given in Fig. 3.4. To 
illustrate phase contrast imaging further, a state-of-the-art HR-TEM image of a precipitate 
cross section is given in Fig. 3.5.  

 

Figure 3.4 Contrast reversals in TEM. (a) The features appear bright on a darker background, 
suggesting ( ⃗) is positive. The precipitate cross section most likely consists of β”eye-like 
features. (b) The features appear dark on brighter background, suggesting ( ⃗) is negative. 
Both images are taken in a Philips CM30 operated at 150 kV, the precipitates are from the 
same micrograph ~ 20 nm apart. 

 

Figure 3.5 HR TEM image of a precipitate cross section in a lean Al-Mg-Si alloy. The 
aluminium lattice can be observed in two <001>Al directions in this image.  
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3.2 Scanning Transmission Electron Microscopy (STEM) 
 

In STEM, the incident electrons are focussed to a probe which is scanned across the sample, 
and the transmitted electrons can be detected at different scattering angles. A simplified 
illustration of STEM is given in Fig. 3.6, also illustrating the different detectors that are 
typically used. There are several unique signals one can take advantage of in HR-STEM. 
Bright field (BF) STEM has similar contrast to BF-TEM while annular dark field (ADF) and 
HAADF-STEM offers Z dependent contrast. The BF and HAADF detectors integrate the 
signal over small and large scattering angles respectively, in the back-focal plane [56]. The 
intensity of each pixel position in the HAADF detector directly corresponds to the scattering 
strength of the same location in the sample. The intensity approximately follows Z2, meaning 
heavy elements are more probable to scatter to higher angles [57]. 

In STEM the main resolution limiting factor is the size of the focussed beam, which is 
dependent on the coherency of the electron beam. The coherency of the electron beam is 
determined by the coherency of the electron source itself and the quality of the lenses in the 
microscope. An infinitely sharp feature in the sample will be blurred in non-perfect imaging 
systems; this “point-spread” can be expressed by the point spread function (PSF), as in Eq. 
3.8 [58].  

 

 ( ) = ( ) ∗ ( ) =  ( ) ∗ ( ) = ( ) 
 

(3.8) 

 

Where ( ) is the image function, ( )the object function and ( ) is a Dirac delta function 
for the impulse response.  

The contrast transfer function (CTF) describes the transferred beam in the post-sample optics 
in a TEM. The PSF on the other hand describes what is happening in the pre-sample optics, 
and is basically the Fourier transform of the CTF.  



29 
 

 

Figure 3.6 Schematic of a STEM setup with a bright field (BF), annular dark field (ADF) and 
high angle annular dark field (HAADF) detector.  

 

3.2.1 Aberrations 
 

As the electrons spiral about the optical axis in the TEM column, they may be subjected to 
astigmatic effects. Astigmatism and other aberrations occur if the electromagnetic lenses 
form non-uniform magnetic fields, or they might be consequences of the apertures and how 
they are introduced to the lenses. Consequently, the way the lenses affect resolution is 
determined by the aberrations arising as the beam travels through them. 

The on-axis aberrations can be separated into different components, all incorporating distinct 
symmetries. The shapes of lower order components up to third order of axial aberrations are 
given in Fig. 3.7 for illustration. 
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Figure 3.7 On-axis aberration components in 3D up to third order. Adapted from Fauske 
[59].

The geometrical aberration components from Fig. 3.7 can briefly be described as follows, 
with respect to image plane coordinates [59]. 

 C1 mainly describes the effect of defocus and its shape is symmetrically quadratic. In 
practice, this component makes a parallel beam parabolic. 

 A1, A2, A3 are astigmatic with 2-fold, 3-fold and 4 fold azimuthal symmetry 
respectively. 

 B2, also called axial coma1. Coma is an effect that makes a point in the specimen 
appear to have a “tail” when imaged. This effect is due to incorrect focus of beams 
that enter aperture planes at an angle. This aberration is parasitic as it arises from 
imperfect lenses or misalignments.  

 C3 is commonly known as spherical aberration. Spherical aberrations basically focus 
beams entering the lenses at different angles to different points. C3 is symmetric to 
the fourth power. 

 S3, also called the ‘star aberration’, is dependent on the coordinates in the image 
plane to the fourth power, with a 2-fold symmetry.  

It is possible to compensate for astigmatic effects, and state of the art TEMs often has 
additional lenses that introduce compensating fields. The aberration correctors can be 
quadrupole, hexapole or octupole lenses which are located in the condenser lens system and 
the objective lens. It is important to remember however, that after compensating for spherical 
aberrations, chromatic aberrations become the next most persistent aberrations. 

In ideal lenses, all rays emerging from a point in the sample should be focused to a conjugate 
point in the image plane. For a real lenses there are two aberrations dominating in 
uncorrected microscopes, both in TEM and STEM mode: spherical and chromatic 
aberrations. Spherical aberration causes rays entering the lens at high angles to be brought to 
a premature focus, see Fig. 3.8 (a). Because of this decrease in focal distance of the lens, as a 
function of the distance to the optic axis, we obtain a ‘disk of least confusion’. The disk of 
least confusion, , can be expressed by Eq. 3.9.  is dependent on the spherical aberration 

         
1 The term ‘coma’ is used because tilted waves will resemble a comet-like feature with a tail when focussed in 
the image plane.  
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coefficient, , which is a constant length for a particular lens. β is here the maximum 
collection angle of the objective aperture.  

= 14  
 

(3.9) 

Chromatic aberrations on the other hand, cause electrons of different energies to have 
dissimilar focus points along the optic axis. This gives us the disk of least confusion 
dependent on the chromatic aberrations,  [56]. 

= ∆
 (3.10) 

  
Where Cc is the chromatic aberration coefficient of the particular lens,  is the initial beam 
energy and ∆  is the energy loss of the electrons.  

 

Figure 3.8 (a) Spherical aberrations (b) Chromatic aberrations. Adapted from [56]. The 
Gaussian image plane is indicated by the horizontal black solid line. The optic axis is 
indicated by blue dashed arrows.  
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3.2.2 Challenges in HR-STEM of Aluminium Alloys 

There are several challenges when it comes to experimental work in HR-STEM and its 
related techniques. Some of the most tenacious challenges when working with lean 
aluminium alloys are sample contamination, sample drift, beam damage, scan noise and 
etching of precipitates during sample preparation. Some examples of problems encountered 
during experiments are given in Figs. 3.9 and 3.10. 

 

Figure 3.9 (a) Exceptional carbon contamination caused by the electron beam in STEM-
mode at 200 kV. The image was taken after attempting x-ray energy dispersive spectroscopy 
of an aluminium alloy, (b) beam damage after using a too intense probe for lean aluminium 
alloys at 200 kV. 

Contamination can be reduced by plasma cleaning the samples directly before inserting them 
into the microscope. A clean sample preparation procedure is vital, it is particularly important 
to use freshly made samples, as these have less hydrocarbons attached to the sample surface 
than old samples. Illuminating the sample at low magnification, with an intense probe also 
proved to be an efficient temporary solution, as the hydrocarbons get temporarily stationary 
on the sample surface.  

Beam damage can occur if the probe is too intense, basically “burning” a hole into the 
material as in Fig. 3.9 (b). The sample and microscope should both be allowed to stabilize, 
preferably for some hours. If left alone for some time, the sample will cease to drift. Also, the 
probe correctors needs some time for stabilising after switching to STEM mode. Sample drift 
and scan noise is visualized in Fig. 3.10 (a) and (c) respectively. More detailed information 
on radiation damage and hydrocarbon contamination in TEM can be found elsewhere [60]. 
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Figure 3.10 (a) A β” precipitate drifting towards the right. The higher intensity towards the 
end of the scan suggests contamination of hydrocarbons building up, (b) Al-matrix 
overlapping a precipitate and (c) almost perfect image, but scan-noise is present, making the 
Al-lattice appear “wavy” and giving the atomic columns abnormal shapes.
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3.3 Electron Energy Loss Spectroscopy 
 

Electron energy loss spectroscopy (EELS) is an important analytical tool in the TEM 
community, and it has proven to be relevant also when it comes to characterisation of 
aluminium alloys [61]. An illustration of the EELS setup is given in Fig. 3.11. Inelastically 
scattered electrons are directed into an energy loss spectrometer to measure the amount of 
energy lost after interacting with the sample. Spectroscopic data can be acquired point-by-
point and often require significant post-acquisition processing. In this context, some specific 
EELS edges have been of interest, these are illustrated qualitatively in Fig. 3.12 with 
corresponding energy losses.  

 

 

Figure 3.11 STEM - EELS schematic from Gatan [62]. 

The EEL spectrometer itself uses a magnetic field to deflect the electrons onto a detector. The 
electrons are subjected to a force, ⃗, according to Eq. 3.11. 

 

 ⃗ = ( ⃗ + ⃗ × ⃗) 
 

(3.11) 

 

Where e is the elemental charge, ⃗ is the electric field, ⃗ the velocity of the electrons and ⃗ is 
the magnetic field. Since low energy electrons are more deflected than high energy electrons, 
energy loss can be measured as differences in spatial positions on the detector.  
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It is mainly the coherency of the beam that affects the resolution of an EEL spectrum, 
although other temporal aberrations also contribute to a lower resolution. An energy loss 
spectrum is commonly divided into the low-loss and high-loss regime [63].  

 Zero loss peak: is mostly due to un-scattered and elastically scattered electrons, but 
electrons losing only a small amount of energy also contributes to this peak. This peak 
will appear as the dominant peak in the spectrum for thin samples or materials with 
large mean free paths.  

 The low-loss region in EELS is usually referred to as energy losses up to 50 eV. The 
dominant source of energy loss in this region is due to plasmons. Since plasmons are 
oscillations occurring for weakly bound electrons, these peaks will dominate the low 
loss region for light metals with free-electron structures. For aluminium the lowest 
energy-loss plasmon peak is at about 15 eV, and higher energy-loss peaks arise if the 
electrons excite multiple plasmons.  

 High-loss is roughly said to start at energy losses above 50 eV. In this regime, the 
atoms become ionized as inner shell electrons are excited by the electron beam. The 
core-loss peaks are referred to as edges, and are element specific. The onset energy 
and appearance of an edge is dependent on the chemical environment in the vicinity 
of an atom, and is referred to as fine structure.  

 The background is difficult to recognize if multiple scattering events occur, and other 
sources of noise or the detector itself might complicate things further. Usually, the 
background is modelled by assuming it follows an exponential or power-law decay.  

EELS can be used to determine the thickness of a TEM sample. The model in this context 
assumes constant probability of electrons undergoing inelastic scattering events, as a function 
of distance covered through the sample material.  The thickness, t, will according to this 
model be expressed as [64]. 

 

 =   
 

(3.12) 

 

Where Itot is the total lost intensity, I0 is the zero-loss intensity and λ is the inelastic mean free 
path. The mean free path in Al alloys for an acceleration voltage of 150 keV can be 
approximated to 111 nm [64]. 
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Figure 3.12 Relevant EELS edges in lean Al-Mg-Si alloys with increasing electron energy 
loss along the x-axis [65]. The edges are given the same shapes for simplicity.  

If EELS is used in combination with STEM it is possible to acquire one EEL spectrum per 
pixel, enabling us to do atomically resolved EELS. This is done by data analysis of each EEL 
spectra, revealing the presence of one – or more elements at each projected scan position.  

 

3.4 Techniques Employing the Photoelectric Effect 
 

This section aims to explain the basics of the experimental techniques used for paper 7, which 
makes use of the photoelectric effect. Photoelectron spectroscopy (PES) is mainly used to 
distinguish the chemical composition and electronic structure of material surfaces. 
Electromagnetic radiation in the form of soft x-rays or UV light interacts with the electrons 
within the sample. If the electrons in the material become excited and gain energy above their 
binding energy and sample work function, they can be emitted into the vacuum. Once in the 
vacuum, the electrons are possible to analyse. The x-rays penetrate a long way into the 
sample, so when we talk about surface sensitivity in this context, this is due to how far into 
the material the electrons are able to escape from. Typically, the distance into the material 
where electrons can escape into the vacuum is about 3-4 λ, where λ is the inelastic mean free 
path of the electrons. 

The interaction process can be simplified by a three-stage process [66]:  

1. The electron is excited to a higher state after absorption of the incident photon energy. 
2. The electron travels through the crystal to the surface-vacuum interface. 
3. The electron is ejected into vacuum. 

These are the three underlying stages of the photoemission process. The electrons, which are 
ejected into vacuum, can be detected by various methods. Usually hemispherical electron 
analysers are used, which depend on ultra-high vacuum (UHV) and disperses the kinetic 
energy of the emitted photoelectrons across a detector. An illustration of the photoemission 
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process and the energy alignment between sample and electron analyser is given in Fig. 3.13 
[66]. 

Laboratory scale X-ray sources usually allow us to detect all elements with an atomic number 
of 3 and above. Because of the limitation in TEM related techniques to investigate Li-
containing alloys, X-ray photoelectron spectroscopy (XPS) is a particularly well-suited 
alternative. 

TEM related techniques like EELS does indeed detect Li, but the Li EEL edge unfortunately 
overlaps with that of Mg. PES related techniques has a great advantage to TEM when it 
comes to investigating the chemical composition of the material and doing in-situ work 
during heating.  

 

Figure 3.13 Illustrates the photoemission process and energy alignment between sample and 
electron analyser [66]. 
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3.4.1 X-ray Photoelectron Spectroscopy (XPS) 
 

XPS spectra can be obtained by irradiating materials with an X-ray beam while measuring the 
kinetic energy of electrons which have escaped the materials’ surface. The electron binding 
energy, EB, of each emitted electron can be determined from 

 

 = ℎ − ( + ) 
 

(3.13) 

 

Where ℎ  is the photon energy, EK is the kinetic energy of the electron, as measured by a 
detector, and  is the work function of the detector. 

The electronic structure of each element is unique, which allow us to directly identify which 
elements are present at the surface of the material. The binding energies produce specific sets 
of peaks, corresponding to the electron orbitals within the atoms, e.g. 1s, 2s, 2p, 3s, and so 
on.  

 

3.4.2 SPELEEM 
 

Spectroscopic photoemission and low energy electron microscope (SPELEEM) can be used 
alternately for XPEEM, low energy electron microscopy (LEEM), low energy electron 
diffraction (LEED), mirror electron microscopy (MEM) and other imaging modes [67]. A 
schematic of the SPELEEM set-up is given in Fig. 3.14.  

XPEEM is a spectroscopic technique using X-rays as the primary illumination source. This 
method allows or the chemical state of the elements present on a material surface to be 
imaged with a lateral resolution approximately 20 nm. The emitted photoelectrons are 
possible to image by combining advanced electrostatic  
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Fig. 3.14 Schematic of the spectroscopic photoemission and low energy electron microscope 
(SPELEEM): (1) electron gun, (2) image column, (3) magnetic beam separator, (4) specimen 
chamber, (5) magnetic objective lens, (6) sample manipulator, (7) preparation chamber, (8) 
air lock, (9) transfer rod, (10) illumination, selected area (SA) and contrast aperture, as well 
as energy slits, (11) analyzer, (15) soft X-ray refocussing mirror. Figure and figure text from 
Schmidt et al. [67]. 

This technique can give us information about surface properties like elemental composition, 
chemical bonding, electronic band structure, work function and crystallinity. An example of 
core level mapping is given in Fig. 3.15, showing how Mg goes to grain boundaries during 
heating. Core level spectra showing peaks which can be used for mapping is given in Fig. 
3.16. 

 
Figure 3.15 XPEEM images of  an Al-Mg-Si-Cu alloy surface, showing the Mg 2p core level 
with increasing temperature. The areas in (a)-(e) are directly comparable to the image given 
in Fig. 3.16 (d). (c) The triple junction easily seen in Fig. 3.16 (d) is indicated by a green 
circle. (d) The red circle indicates a feature on the sample surface with increasing Mg content 
as a function of time and heating temperature.  
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Fig. 3.16 Emitted photoelectron intensity core level maps of (a) Al 2p core level, (b) Mg 2p 
core level and (c) Si 2p core level. (d) A MEM image of the mapped region, the triple-
junction where three grains meet is clearly visible in the middle of the image. The 
measurements were done on an Al-Mg-Si-Cu alloy after SHT at elevated temperature. 
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Chapter 4 
 

Other Experimental Techniques 
 

When it comes to aluminium alloys, one of their most important properties is mechanical 
strength. The most common and robust methods for determining strength are ‘hardness 
indentation’ and tensile testing. A brief explanation of TEM sample preparation will also be 
given in this chapter. Subsequently, the procedure of microstructure quantification by TEM 
and EELS will be explained, and finally an introduction to DFT and how it has been applied 
in this work will be given. 

 

4.1 Hardness Measurements 
 

Vickers hardness (HV) is a hardness indentation method where the indenter has the shape of 
a diamond shaped, square-based pyramid. Usually, the angle α between the opposite faces at 
the vertex of the pyramidal indenter is 136°. Vickers hardness can then be expressed as in Eq. 
4.1 [68]. 

 

 = = 2 2 
 

(4.1) 

 

F denotes the applied force on the indenter (usually 1 kg for aluminium alloys and 5 kg for 
steels), A is the surface area of the indentation and d is the average diagonal of the 
indentation. An illustration of the indentation method and the pyramidal indenter is given in 
Fig. 4.1. 
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Figure 4.1 Vickers hardness indentation method. The average diagonal from d1 and d2 is used 
for hardness calculations. If the material is homogeneous, the two diagonal lengths will be 
equal. 

To improve contrast of the indentations, prior to every set of HV measurements, samples 
were polished with SiC paper up to a fineness of 2500 #/cm2. The hardness for each condition 
is given as an average of 10 indentations, the set consisting of five indentations from each 
side of the sample.  

4.2 Tensile Strength 

Tensile testing is often used to investigate the strength and ductility of metals and alloys. 
Tensile tests are usually presented as stress-strain diagrams, which can be divided into 
different regions depending on the mechanisms occurring in the material [6]. In the elastic 
region, where low stress is applied, the material will recover to its undeformed state. When 
the yield point is reached, plastic deformation becomes the dominating process, meaning that 
the deformation is not recoverable upon the release of the applied stress. The yield point, 
marked by 1 in Fig. 4.2, and elastic limit are difficult to separate, and are usually referred to 
as approximately equal.  

For low stress, the stress-strain relationship is approximately linear and can be assumed to 
follow Hookes’ law [6] (p. 55). However, the plastic deformation behaviour can be further 
divided into three parts succeeding the yield point: yielding, strain hardening and necking.  

When the material is strained further after reaching the yield point, one might observe a 
plateau, often referred to as the ‘yield point elongation’. This plateau occurs due to a 
diffusion related phenomenon, where dislocations break away from their interstitial pinning 
atoms and become re-pinned with a negligible increase in stress. 

Moving further along increasing strain in the stress-strain diagram, the yield strength 
increases. By deforming the material, the density of dislocations in the material increases. 
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When the dislocation density increases, the stress needed to make dislocations move also 
increases, resulting in higher yield strength.  

 

Figure 4.2 Typical stress-strain curve of an Al-Mg-Si alloy. 1: example yield point, 2: the 
offset yield point when a yield point is not easy to define [6], 3: ultimate strength and 4: 
fracture. The region between 2 and 3 is denoted the elongation region, while the region 
between 3 and 4 is the necking region. The green line terminating in 2 indicates the slope 
following Hooke’s law when starting at 0.02 strain.  

The ultimate strength, marked by 3 in Fig. 4.2, refers to the maximum strength required to 
fracture the material in two bits, this is indicated by the number 3 in Fig. 4.2. The final part of 
typical stress-strain curves is the ‘necking region’, where the tensile samples simply start to 
‘neck’ and finally ruptures. The rupture is marked by 4 in Fig. 4.2. 

4.3 TEM Sample Preparation 

To study the nanosized precipitate needles with TEM it is necessary to prepare ultrathin 
samples where at least one spatial direction is thinner than ≈100 nm. TEM samples can in 
principle be taken from anywhere within the bulk material and from any time during the heat 
treatment. For extruded rods it is however common to avoid areas close to the surfaces
because of surface effects.  

Slices with surface normals parallel to the extrusion direction are cut and polished to a foil 
with thickness of about 100 μm. Small disks of about 3 mm diameter are then stamped out 
from the foil and electropolished. Polishing the samples with electrolyte ensures that only the 
centres of the disks are thinned and eventually creates holes. If the area around the hole 
through the sample is electron transparent, it can be studied by TEM.  
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All TEM specimens in this work have been electropolished to obtain electron transparent 
areas. A twin-jet Tenu-Pol 5 from Struers was used, with an electrolyte consisting of  nitric 

acid and  methanol. The electrolyte had to be cooled to about -25 °C with liquid nitrogen 
throughout the process. The optimal voltage used for aluminium alloys is usually 20 V, but 
can vary.  

Before inserting the samples in the TEM, they were decontaminated in a Fischione plasma 
cleaner, model 1020, for 3-7 minutes in O2/Ar plasma. 

 

4.4 Instruments 
 

A Philips CM30 TEM operated at 150 kV was used for precipitate statistics in combination 
with a parallel electron energy loss spectrometer (PEELS) for thickness measurements. The 
PEELS was a model 601 from Gatan. The most important results from these measurements 
are presented in Paper 1, 2, 5 and 6. 

The HAADF-STEM images and the STEM-EEL spectra in this work were acquired in a 
spherical aberration corrected (both probe and image) JEOL ARM200F, equipped with a cold 
FEG. The operation voltage was 200 kV, the probe size 0.08 nm and the inner collector angle 
50 mrad. All precipitates were imaged along one of the <100>Al directions along the 
needle/lath extension, normal to the cross-section. The microscope was operated at 80 kV for 
strain mapping and 200 kV for atomic resolution imaging and EELS.  

 

4.5 Quantification of Microstructure from TEM and EELS 
 

The nanosized precipitate needles in aluminium alloys are the main contributors to the age 
hardening effect. Consequently, they should be studied both as single precipitates and as 
precipitate distributions.  

In this study high purity alloys have been investigated, all with an Al base metal with a purity 
level of 99.9 wt %. For precipitation kinetics it is useful to know how much of the solute is 
available for precipitation. Si is easily consumed by iron-rich phases that are present in 6xxx 
alloys. The effective solute of Si is thus assumed to be one quarter of the wt % of iron [69].  

For quantification of the precipitate microstructure, bright field TEM images were acquired 
in a Philips CM30 operating at 150 kV. Since knock-on damage occurs at about 170 kV, the 
operation voltage should be either well below or above this value. Since the needles grow 
along the three <001> Al directions the least complicated visualisation is along one of these. 
It is beneficial to slightly tilt the sample away from the <001> Al axis, this makes the needles 
appear darker than the matrix due to diffraction contrast.  
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The corresponding thicknesses of each imaged area were obtained from EELS measurements. 
The imaged areas for statistics were not taken in the vicinity of grain boundaries, large 
particles or other features that may cause irregularities in the precipitate distribution.  

Three parameters are of particular interest when it comes to quantifying the precipitate 
microstructure: cross section, length, number density and, based on these three, the volume 
fraction. Experience has shown that precipitate number densities vary little between grains in 
alloys with identical composition and heat treatment history. To obtain sufficient data for 
precipitate statistics from each condition, a minimum of 1000 needles were counted to 
estimate number density, 500 needle lengths were measured and 50 cross sections were 
calculated. Several grains were inspected from each condition to make sure the statistics were 
based on representative areas.  

The precipitate number density, , for an imaged area can be expressed by the number of 
counted precipitates, N, the imaged area , A, and its thickness, t.  

  = 3
 

 

(4.2) 

 

It is assumed that the number density of precipitates is the same in all three <001> Al 
directions. Only precipitates growing along the viewing direction are counted, resulting in the 
factor 3 in Eq. 4.3. Since the needle length is significant as compared to the thickness of the 
imaged area, a correction of the lengths needs to be applied. Several measured needle lengths 
“belong to a thicker area” as they have been cut during sample preparation, the effective 
thickness should therefore be extended to ( + ), where   is the average needle length. 

 

 = 3( + ) 

 

(4.3) 

 

The average needle length can be found from the expression 

 

 = 1 − cos  tan  

 

(4.4) 

 

Where  is the measured needle length, θ is the angle between the precipitate needles lying 
perpendicular to the incident electron beam and the specimen surface. θ is difficult to 
measure accurately, which is why an estimate of 45° is used. The tilt angle in the microscope 
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is denoted  here. The full methodology has been developed elsewhere, and can be read in 
detail in [30]. This work is tedious, and a semi-automated MATLAB script has been used for 
statistical analysis. The precipitates still have to be marked by hand by using this script, but 
saves time as compared to a completely manual approach.  

 

4.6 Density Functional Theory (DFT) 
 

DFT is based on the standard theory behind quantum mechanical systems and is particularly 
helpful for simulating electronic properties of atoms, molecules and condensed phases. In this 
context, DFT has been applied to simulate the solute bonding energies and volume misfits in 
aluminium. 

DFT is mainly used in order to determine three-dimensional electron wave functions in a 
many-body system, and we have here assumed the two theorems of Hohenberg-Kohn. These 
theorems state that, firstly, for a system in its ground state the electron density can be used to 
determine the external potentials acting on the electrons [70] [71]. Secondly, a function of the 
electron density can be determined for any external potential. Based on the Hohenberg-Kohn 
theorems, it should be possible to calculate the electronic properties [70]: 

 

 − ℏ2m ∇ + v (r⃗) ϕ = ϵ ϕ (r⃗) 

 

(4.5) 

 

Where ℏ is the Planck constant divided by 2π, the effective potential at position (r⃗) is v , the orbital energy is ϵ  and the Kohn-Sham orbital is ϕ (r⃗). Further on, the electron 
density, ρ(r⃗), of an N-body system can be expressed as: 

 

 ( ⃗) = | ( ⃗)|  

 

(4.6) 

 

And v (r⃗) is a function of the electron density, the external potential due to the nuclei, v (r⃗) and the exchange-correlation potential v (r⃗). 

 

 ( ⃗) = ( ⃗) + ( ⃗′)− ′ ′⃗ + ( ⃗) 
(4.7) 
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Finally, the total energy of the system,  [ ], can be expressed as a function of the electron 
density: 

 

 [ ] = [ ] + ( ⃗) ( ⃗) ⃗ + + [ ] 
 

(4.8) 

 

Where Ts is the kinetic energy, VH is the Coulomb potential and  is the exchange-
correlation energy. 

 

4.6.1 Interaction Energies 
 

DFT was applied to find bonding energies between different solute elements and/or 
vacancies. The lattice parameter used for the calculations is based on the relaxation of an 
aluminium supercell consisting of 5x5x5 aluminium unit cells. The unit cell relaxed to 
20.20474 Å, i.e. a = 4.04095Å. The interaction energies are estimated from the difference 
between total energies. All calculations have the same cell size and parameter settings so that 
any systematic errors should cancel out. The bonding energies between two elements are 
calculated from the 1st to 8th nearest neighbour positions. The uncertainty is quite high in the 
binding energy calculations, between 5 – 10 %, since the total energies of the systems that are 
subtracted is about -1865 eV. It should be noted that the computed energy differences are 
quite small and the diffusivity consists of several components. 

The Vienna ab initio simulation package (VASP) [72] [73] was used to execute the DFT 
calculations in this work [70] [71], using the projector augmented wave method (PAW) 
within the PBE (Perdew-Burke-Ernzerhof) generalized gradient approximation. For accurate 
energies, a separate calculation was performed using the tetrahedron method with Blöchl 
correction for the smearing.   

Bonding/interaction energies were calculated based on Eqs. 4.9 and 4.10.  

 

 =  − 499500  (4.9) 

   
 

 =  _ − 498500 −  −   
 

(4.10) 
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The calculations were based on a cell consisting of 500 Al atoms, Y and Z represents an atom 
or a vacancy replacing one of the Al atoms in the cell. EY and EZ are the solid solution 
energies of atom Y and Z respectively. The interaction energy between the two elements Y 
and Z in the Al cell is calculated by subtracting the solid solution energies of each element 
from the total electronic energy of the cell. A more detailed explanation of how to calculate 
formation energies of structures and solid solution energies of atoms are explained in [74]. 

 

4.6.2 Misfit Volumes 
 

In order to obtain consistent results for misfit volumes, ∆vm, it is not enough to calculate them 
directly from a DFT volume relaxation of single solute atoms incorporated in perfect 
aluminium crystals. Here, the more complex method is used, with 27- and 64-atom supercells 
[75]. The pressure depending on concentration of solute is calculated from 1-3 solute atoms 
present in the supercells. It has been found that the dependence of pressure on solute 
concentration is approximately linear [76], from this, misfit volumes can be calculated using 
the slope of the curve and a DFT-computed bulk modulus, B of pure aluminium. 

 

  ∆ = ∆ = (1 )  
 

(4.11) 

 

Where  is the concentration of one solute in the aluminium supercell. The misfit volumes 
are taken as an average from the separate values based on each supercell. Some example plots 
of pressure as a function of concentration is given in Fig. 4.3, with corresponding misfit 
volumes based on the above equations. 
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Figure 4.3 Misfit volumes of the alloying elements and vacancies (X) in fcc aluminium. For 
single elements in Al: the open symbols indicate calculations based on 3x3x3 primitive cells 
(27 atoms) and the filled symbols indicate calculations based on 4x4x4 primitive cells (64 
atoms). For pairs of elements in Al (insert): open symbols indicate calculations based on 1 
pair in 3x3x3, 4x4x4, 5x5x5 and 6x6x6 primitive cells and filled symbols indicate 2 pairs in 
4x4x4 and 6x6x6 primitive cells. Dashed lines show linear fits to the data for each element or 
pair. See [24] for more information. 
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a b s  t  r a c t

The elemental distribution  of  a precipitate  cross  section, situated  in a lean Al-Mg-Si-Cu-Ag-Ge alloy,

has  been investigated in  detail  by electron  energy  loss spectroscopy (EELS)  and aberration corrected  high

angle  annular dark  field scanning  transmission  electron  microscopy  (HAADF-STEM).  A  correlative  analysis

of  the  EELS data  is connected  to the  results  and discussed in  detail.  The energy loss  maps for all relevant

elements  were recorded simultaneously.  The  good  spatial resolution  allows elemental distribution to  be

evaluated,  such as  by correlation  functions, in  addition to  being compared with  the HAADF  image.

The  fcc-Al  lattice  and the hexagonal  Si-network  within the  precipitates  were resolved  by  EELS. The  com-

bination  of  EELS and HAADF-STEM  demonstrated  that  some  atomic columns consist of  mixed elements,

a  result that  would be  very uncertain based  on one of  the techniques  alone.  EELS elemental  mapping

combined  with a correlative analysis have great  potential  for  identification and quantification of small

amounts  of  elements at the  atomic  scale.
© 2016  Elsevier  Ltd.  All rights reserved.

1. Introduction

The 6xxx series of aluminium alloys are known to  gain strength

from precipitate phases which are partially coherent with the fccAl

matrix and also based primarily on the main solute elements Mg

and Si. The phases grow as needles during heat treatment of  the

alloy. Their partial coherency means strain-fields are set up in the

matrix which will  hinder dislocation movement. There are a num-

ber of different precipitate phases which can contribute to strength

in the 6xxx series, the precipitation sequence in ternary Al-Mg-Si

alloy is generally given as (Marioara et al., 2006).

SSSS → atomicclusters → GP-zones(pre-ˇ′′) (Edwardset al.,  1998), (Marioaraet al., 2001) → ˇ′′ (Andersenet al.,  1998), (Hastinget al.,  2009) → ˇ’(Visserset al., 2007),

U1(Andersenet  al.,  2007), U2(Andersenet al., 2005),ˇ’  → ˇ, Si(stable)

In the precipitation sequence above, supersaturated solid

solution is abbreviated ‘SSSS’ and Guinier-Preston-zones are abbre-

viated ‘GP-zones’. The crystal structures of the meta-stable phases

∗ Corresponding author.

E-mail address: eva.mortsell@ntnu.no (E.A.  Mørtsell).

have mostly been solved by  quantitative transmission electron

microscopy (TEM) and first principles calculations.

Products of aluminium 6xxx alloys are processed into their final

shapes by  extrusion or rolling. In the case of  extrusion, an impor-

tant issue  is how to keep energy consumption to a minimum. The

extrusion process should be  efficient while at the same time avoid

compromising the final material properties. Pure aluminium is soft

with excellent ductility. Any imperfections, like added solutes, will

make glides more difficult, thus reducing ductility. While it is clear

that extrusion speed can be increased by reducing the amount of

solute, strain hardening rate and flow stress will decrease (Marioara

et al., 2006), consequently causing a loss in strength in the final

product.

In a  previous study (Mørtsell et al., 2015) the overall amount of

solute was reduced in a commercial 6060 Al alloy and small quan-

tities of one or a combination of the three elements Cu, Ge  and

Ag were back-added as an attempt to  find the optimal solution to

the “strength vs extrudability issue”. In this respect, composition,

shape and structure of the precipitates are important parameters

which can describe how mechanical properties of  the  material

http://dx.doi.org/10.1016/j.micron.2016.03.006

0968-4328/© 2016 Elsevier Ltd. All rights reserved.
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Fig. 1. HAADF-STEM image before the EELS scan of a precipitate cross section. The

yellow square indicates the boundary of the area scanned for  EELS mapping, the  area

is equivalent to the mapped regions presented in Figs. 2  and 5. (For interpretation

of  the  references to  colour in this figure legend, the reader is referred to the web

version of this article).

change. When the alloy contains a higher number of different

elements which enter the precipitates, they obviously become

increasingly difficult to characterize at the atomic scale and they

often become disordered. Disordered precipitates cannot be char-

acterised using one distinct unit cell, since a  systematic stacking

cannot be detected. In  the Al-Mg-Si system, because all precipitates

have a similar Si-arrangement, ‘disorder’ pertains to a  precipitate

composed of small regions of  different precipitate structures, from

a subpart of a unit cell up to several cells. The  atomic contrast in

HAADF-STEM images is due  to  different proportions of electrons

scattered to high  angles by different elements. The intensity of

atomic columns increases with atomic number (Z) of the elements

in the scanned area (Rossel et al., 2012). HAADF-STEM images are

much less affected by objective lens defocus and specimens thick-

ness than high resolution TEM images. Since the alloy in this work

has a large range of (Z, HAADF-STEM is particularly useful to study

the precipitates.

Since elements like Mg,  Al and  Si are very close neighbours in the

periodic table, and the observed atomic columns might be expected

to consist of more than one element, HAADF-STEM images of the

precipitates may  be difficult to interpret correctly. EELS spectrum

imaging can help to overcome this problem since each element

adds a  unique fingerprint to a spectrum through its core loss edge

at a specific energy.

Previously,  atomic scale EELS mapping of  Cu and Ag in precip-

itates in 6xxx Al alloys has been executed successfully (Wenner

et al., 2014), however, as far as we can see,  there have been no

reported studies where Mg,  Si or Ge  have been mapped in such

precipitates. In  this work we  demonstrate how this technique rep-

resents a  significant advance regarding analysis of precipitates in

an  Al-Mg-Si-Cu-Ag-Ge alloy.

2. Experimental

The composition of the  investigated alloy is presented in Table 1,

as measured by inductively coupled plasma optical emission spec-

troscopy. Symbolic representation of elements in Figs. 5 and 6 is

given in (Table 2).

Table 1
Quantified alloy composition and  effective solute (Seff).

Sia Ge Mg  Cu Ag Fe Mn Seff
b

wt%  0.35 0.03 0.30 0.03 0.03 0.20 0.03 0.69

at% 0.34 0.011 0.33 0.013 0.008 0.10 0.015 0.65

a Effective Si amount available for precipitation (Si*) is 0.05 wt%  less than tabu-

lated  value (Tundal et al., 2012).
b Total effective solute Seff = Mg +  Si* +  Ge +  Cu +  Ag.

Table 2
Symbolic representation of elements in Figs. 5  and  6.(For interpretation of  the  ref-

erences to  colour in this figure legend, the  reader is referred to  the web  version of

this article).

Elements/Height Al Si Mg Cu Ag

z =  0.000 nm

z =  0.203 nm

The alloys were cast as  cylindrical billets of  4 kg.  The billets were

homogenized at 575 ◦C for 3 h and cooled to room temperature (RT)

in air. The billets were extruded as round profiles with a diameter

of 2 cm,  and water quenched to room temperature within 5 s.

Samples (1 cm thick disks of  diameter 2 cm) were cut from the

extruded profiles perpendicular to the extrusion direction. The

samples were solution heat treated (SHT) in an air circulating

furnace for 5 min  after reaching 535 ◦C, and immediately water

quenched to RT. The samples were held at room temperature for

4 h and then subjected to artificial ageing (AA) in an air circulating

furnace keeping a final temperature of 195 ◦C for 4 h.

TEM  specimens were prepared using a TenuPol-5 electropolish-

ing unit from Struers. The electrolyte consisted of one part HNO3
and two parts methanol, and was kept at temperatures between

−25 ◦C and −30 ◦C by adding liquid nitrogen. The specimens were

finally cold-stage ion polished in a Gatan PIPS at voltages below

3 keV. The thickness of the specimen is expected to be  around 30 nm

in the investigated area.

A  complete description of the heat treatment can be found in

previously published work (Mørtsell et al., 2015), where also hard-

ness curves and TEM precipitate statistics from the current material

can be  found. To minimize contamination on  the specimen surfaces,

plasma cleaning was  performed for 7 min  in O2/Ar plasma using a

Fischione plasma cleaner model 1020.

The high angle annular dark field scanning TEM (HAADF-STEM)

and EELS results were obtained in a double spherical aberration

(Cs) corrected JEOL ARM200F with a cold field  emission gun (FEG).

The microscope was equipped with a Quantum Gatan image filter

(GIF). The  operation voltage was 200 kV and the probe size was

about 0.08 nm.  The dispersion was  1.0 eV/channel. A Gatan annular

dark field detector was  used, where the inner and outer detector

angles read 67- and 155 mrad, respectively. With a  dispersion of

1 eV, the GIF gives a 2000 eV  field of view.

EEL  spectra were acquired in the  energy loss range 280–1900 eV.

This energy loss range includes the edges Ag-M4,5 at 367 eV, Cu-L2,3
at 931 eV, Ge-L1, 2 and 3 at 1217, Mg-K at 1305 eV, Al-K at 1560 eV

and Si-K at 1839 eV. The elemental maps were created using Gatan’s

software package Digital Micrograph. The manual integration of

EELS edges were performed after power-law background subtrac-

tion.

Auto correlation was  applied to each  of the EELS maps to deter-

mine their self-similarities. This was  done in Digital Micrograph

by first performing a Fourier transform of  the map. The result-

ing image was  multiplied by its complex conjugate, and finally

an inverse Fourier transform was calculated based on  the  preced-

ing image (Inc., 1999). Also, cross correlations were performed in

order to  check the similarities between two EELS maps. Here, a

Fourier transform was performed on each of the two maps. The
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Fig. 2. EELS elemental maps,  the red squares indicate areas chosen for  auto correlations in Fig. 3 and  cross correlations in Fig. 4  (a) Si-K edge, the blue square: auto correlation

area  of ˇ′′ —like features observed in the HAADF-STEM image in Fig. 1,  (b) Mg-K edge, (c) Al-K edge, yellow square: auto-correlation of Al,  (d)  Ag-M edge, (e) Ge-L edge and

(f)  Cu-L edge. (For interpretation of the  references to colour in this figure legend, the reader is  referred to  the  web version of  this article).

Fourier transform of the first map  was then multiplied by the  com-

plex conjugate of  the Fourier transform of the  second map. Finally,

the inverse Fourier transform of the resulting image was calculated

(Inc., 1999). The maximum area from which it  was  possible to per-

form auto- and cross correlations was used in all cases, except for

the Si auto correlation of  the ˇ′′-like  area in Fig. 3(b).

3.  Results

Fig.  1 shows the raw HAADF-STEM image of  the investigated

precipitate cross section before the EELS scan. The area scanned by

EELS is  indicated in the image.

The elemental EELS maps are presented in Fig. 2, showing that

Si, Mg,  Al and  Ag were detected within the precipitate cross section.

Several intensity peaks in Fig. 2(a)–(d) correspond well with single

atomic column positions in Fig. 1. However, regarding the Ge and  Cu

maps, the signal to noise ratio was  too low to  get any information.
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Fig. 3. Auto-correlation functions based on the  EELS maps  of the respective elements: (a) the Si-K edge  from the area marked by a red square in Fig. 2, (b) the  Si-K edge

from  the area marked by a  blue square in Fig. 2. A square pattern appearing in addition the hexagonal pattern in (a) is highlighted with blue  lines. The  pattern appears larger

because  of the smaller selected area (c) the Mg-K edge from the  area marked by a  red square in Fig. 2 (b), (d)  the Al-K edge from the area marked by the yellow square in

Fig.  2 (c) and  (e) the Ag-M edge from the area marked by the red square in Fig.  2  (d). The filled circles attached with solid lines indicate the pattern of intensity peaks in each

image.  The arrows  illustrate vectors between intensity peaks in the  auto correlation, describing areas of self-similarity in each image. (For interpretation of the  references to

colour  in this figure legend, the reader is referred to  the  web version of this article).

The weak signal was a  consequence of  reducing the dose of  the

electron beam in order to  preserve the sample from beam damage,

also, the concentration of Ge  and Cu in this particular precipitate

seems to have been low. The Ge and Cu maps are still presented

for comparison in Fig. 2(e) and (f), respectively. To find information

on the periodicities in each EELS map, auto correlation maps were

constructed for the  four elements Si,  Mg,  Al and Ag. These are given

in Fig. 3. The  auto correlation map  of  Al is based on  the Al matrix, the

area is marked by a yellow square in Fig. 2(c). The residual maps

are based on equivalent areas from the precipitate cross section,

see Fig. 2. The comparison of similarity between the EELS maps of

different elements are given by  cross correlations in Fig. 4. Cross

correlation is based on the  same areas from the precipitate cross

section when comparing two elements.

4. Discussion

The HAADF-STEM image in Fig. 1 resolves the fcc Al lattice and

the atomic column arrangement of  the precipitate needle cross sec-

tion to be discussed. From this image it is clear that one or more

element with a relatively high Z is present, particularly in the lower

left region of the needle cross section, which exhibits a  triangu-

lar arrangement of  atomic columns. The lower right part of Fig. 1

seems to contain fragments resembling the eye-like features of  the

ˇ′′ phase, in which Si columns arrange in squares (Andersen et al.,

1998). The ˇ′′ area is less distinct compared to the rest, suggesting

that the needle does not extend all the way through the sample;

consequently it should be  partly covered by the Al matrix here. The

remainder of the  precipitate cross section seems partly disordered

with fragmented triangular symmetry.

The  EELS maps reveal more information about the atomic col-

umn arrangement in  this complex precipitate cross section. Close

investigation of the Si map  in Fig. 2(a) reveals a set of  distinct inten-

sity peaks forming a hexagonal pattern across a majority of  the

precipitate cross section. Such hexagonal Si-networks have been

discussed in several previous publications (Andersen et al., 2004),

but it has not yet, to the best  of our knowledge, been detected by

elemental specific, atomic resolution, characterization techniques.

The arrangement of Si-columns should however be  square in the

ˇ"-region. There are square features in this region from Fig. 2(a), but

they are not evident by eye, this is to be discussed further below.

The  auto correlation of  the Si map in Fig. 3(a) demonstrates the

self-similarity of the Si arrangement. The pattern of intensity peaks

is indicated with solid circles and solid lines. The arrows in Fig. 3

show, in simple words, how far the Si signal needs to be moved in

order to coincide with itself. A hexagonal pattern clearly stands out,

telling us  that Si must be ordered in  columns which form a hexag-

onal pattern in the  precipitate cross section. The  distance between

the Si columns is approximately 4 Å when comparing the EELS map

and the HAADF-STEM image. It  can be concluded from this that we

are in fact dealing with the  above mentioned Si-network (Andersen

et al., 2004). The square pattern corresponds exactly to the order-

ing and  direction of  Si columns in the �-̈eyes. It should be noted

that the intensity peaks in Figs. 3 and 4 are more prominent along

the x-direction than in the y-direction. This is  because the fast

scan direction is along the x-direction, causing the y-direction to

be noisier.

While an overall arrangement of  Mg columns from the EELS map

in Fig. 2(b) is  not obvious, quite a  few intensity peaks stand out. The

immediate impression from the Mg map  is that Mg  is not as bound

to particular sites as Si, consequently the intensity is more diffuse
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Fig. 4. Cross correlation functions based on the EELS maps:  (a) Si-K  edge and Mg-K edge. The red circles filled with white indicate the intensity peaks. The two  hexagons

illustrate  the hexagonal patterns from the auto correlation of Si  and Mg given in Fig.  3,  (b)  enlarged view of the hexagonal pattern in (a) where black arrows, marked ucorr

and  vcorr , illustrate the displacement of the  Si intensity peaks needed to coincide with the Mg intensity peaks  and  vice versa. The vectors uSi/Mg and  vSi/Mg in red from the

auto-correlation of Si and Mg in Fig. 3  are given for comparison, (c) Al-K edge and  Ag-M edge and (d) Si-K edge and Ag-M edge. Arrows indicate the displacement needed for

the  two  signals to  coincide. (For interpretation of the references to  colour in this figure legend, the reader is  referred to  the web  version of this article).

across the map. It is however clear that Mg  is residing within the

precipitate cross section, and  there is no significant signal from the

Mg-K edge in the Al matrix. The  auto correlation of Mg given in

Fig. 3(c) gives us  some interesting additional information. It seems

that sites occupied by Mg exhibit an overall hexagonal ordering

within the  precipitate cross section. Although more diffuse than

for Si, the hexagonal pattern based on Mg  in Fig. 3(c) cannot be

mistaken.

When the EELS map  from the Al-K edge was extracted, the Al-

lattice surrounding the precipitate stands out, see Fig. 2(c). Because

of the much lower density and non-continuous periodicity of Al

columns inside the precipitate the signal is harder to  make out

here. The lower right part of  the precipitate cross section, seem-

ingly being partly overlapped by Al from Fig. 1,  does indeed show

an increased signal in  the Al EELS  map. There is also a diffuse Al

signal, with some atomic columns standing out, from within the

cross section. The  auto correlation of  Al in Fig. 3(d) shows a square

pattern analogous to that of the Al lattice. It can be  concluded that

atomically resolved EELS picks up the  periodicity of  the Al lattice.

In  Fig. 2(d) it  becomes evident that the high intensity columns

located at the lower left of the precipitate cross section must be

occupied by silver. Some signal from the Ag-M edge is also emanat-

ing from other parts of  the precipitate, including a  diffuse intensity

surrounding the obvious Ag columns.

The  hexagonal Si-network is known to be  replaced by a similar

Ge-network when Ge  is added to  the alloy (Bjørge et al., 2010). The

Ge-L edge could not be detected by EELS for this particular precip-

itate, see Fig. 2(e). One might speculate that the  Si columns from

the EELS map  have a  very small Ge occupancy based on findings in

previous publications (Bjørge et al., 2010), however that the  signal

to noise ratio was too low to detect Ge in this case. The most prob-

able conclusion is however that this particular precipitate does not

accommodate any Ge.

From  Fig. 2(f) it  might be  argued that a very faint Cu signal is

present, although the signal is the same everywhere in the map.

In Fig. 1 some known configurations usually containing Cu can be

singled out. It  is possible that the central atomic columns in the

triangular configuration typically consisting of Cu  can be  replaced

by other elements, since the signal is very low here (Saito et al.,

2015).

Although the auto correlations of Si and Mg (Fig. 3(a)  and (c))

may appear similar, cross correlating the  two, see Fig. 4(a), reveals

that the two  are not located at the same sites in the  precipitate

cross section. In  fact, from the  cross correlated area of  the  precipi-

tate cross section it  can be  seen that Si and Mg are never co-located

at any point. This is also illustrated in Fig. 4(b) with vectors show-

ing how  the two  signals must move relative to each other in order

to overlap. This suggests a  triangular arrangement of  Mg  columns

surrounding each Si-network column, a model already discussed
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Fig. 5. EELS elemental maps  of (a) The  Si-K edge, (b) the Mg-K edge, (c) the  Al-K edge and  (d)  the  Ag-M edge with overlays of specific details in the atomic columns. See text

for  detailed explanations.(For interpretation of the  references to colour in this figure legend, the reader is referred to the web  version of this article.)

thoroughly by (Ehlers et al., 2014). The model suggests that a  small

set of  local geometries can fully explain all precipitate needle cross

section structures from the 6xxx alloy series. From these results, it

should be possible to decompose the precipitate cross section from

Fig. 1  into geometrical units based on the location of Si-network

columns found in Fig. 2(a).

The cross correlation of Al and Ag in Fig. 4(c) indicates that the

two elements occupy some of  the same atomic columns, where

the “co-occupation” forms a hexagonal pattern. Since Ag is found

inside the  cross section, we  expect to see a tendency of hexagonal

Ag ordering, as it often occupies Si column positions (Marioara et al.,

2012). Since Ag exhibits a much stronger signal than Al, and it is

reasonable to believe we  have more Ag inside the needle precipitate

than in the  matrix, the cross correlation between Al and Ag from

within the particle should be hexagonal.

The cross correlation between Si and Ag in Fig. 4(d) shows a very

good fit between Si and Ag in the precipitate cross section. From

these results it is evident that Si and  Ag must occupy a  significant

amount of  the same sites, also in areas where the signal from Ag is

too low to be  detected by eye.

Based on known local symmetries, the Z-contrast information of

individual atomic columns and  knowledge of  precipitate structures

in Al-Mg-Si alloys with other solute additions, we can compare the

EELS maps and  HAADF-STEM image and reveal the  most probable

atomic overlay of  the columns in this precipitate cross section. As

we have identified Ag to be the  most likely “high Z element” present

in  the precipitate in Fig. 2, we will assume Si to  be  the element

exhibiting the second highest intensity in Fig. 1. The visualization

of the hexagonal Si  network is shown in Fig. 5(a). Earlier work shows

that the triangular symmetry marked by  green triangles connecting

triplets of Si  atoms Fig. 5(a) most likely are Cu sites (Saito et al.,

2015). The very low Cu intensity suggests that this configuration

perhaps exchanges Cu with Ag. The centres of  these triangles have

high intensity peaks in the HAADF-STEM image, but are not shown

explicitly in Fig. 5. The square configuration of the Si columns in

the ˇ"  region of  the precipitate are marked with green squares in

Fig. 5(a).

The intensity peaks from the Mg  EELS map correspond to a  sig-

nificant amount of columns in the  HAADF-STEM image. The  atomic

columns from EELS which fit well with the local geometry approach

described in  (Ehlers et al., 2014), are indicated with green sym-

bols in Fig. 5(b). The Mg  EELS map is,  as  mentioned earlier, more

diffuse than the Si and Ag  maps, hence low intensity areas not cor-

responding well with local geometries are not marked in this figure.

However, some additional known Mg  configurations can be identi-

fied. These particular configurations are pointed out by triangles in

Fig. 5(b) correlating with those in Fig. 5(a), indicating Mg together

with Si  forming the triangular symmetry associated with the Cu

configuration. Also, the larger triangles of  black double lines indi-

cate the  column distribution of Mg which is found to  exist in the

ˇ′
Ag phase (Marioara et al., 2012). Finally, the  square arrangement

of Mg columns in  the  equivalent positions in the ˇ′′ phase is recog-
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Fig. 6. Suggested atomic overlay based on the HAADF-STEM image from Fig. 1,  EELS

maps  in Fig. 2,  local geometries and  the results in Figs. 3  and 4. For atomic column

designation  and heights, see legend in Table 2. The yellow square delimits the area of

the EELS mapping, which is also equivalent to the regions presented in Figs. 2 and  5.

The  overlay is also based on knowledge of various precipitate structures and their

internal units and symmetries (such as the square units of �” (Andersen et al., 1998)

or  the  arrangement around Ag columns in �’ (Vissers et al., 2007) together with

the  identification of the Si-network (Andersen et al., 2004) The known  heights of

the  surrounding Al matrix and the necessary connections between the different

structural  units enable a  bootstrapping of the heights over the whole cross-section.

(For  interpretation of the references to  colour in this figure legend, the  reader is

referred  to the  web  version of this article).

nised. These Mg  columns are marked by squares (both complete

and incomplete) in Fig. 5(b).

From Figs. 1 and 2(d) it is possible to deduce that all the obvious

Ag atomic columns in the precipitate are placed in a  local ˇ′
Ag con-

figuration (Marioara et al., 2012), see also the final model in Fig. 6.

In this structure the three nearest atomic columns to  the central

Ag column are Al, as identified by  EELS, see the connected black

lined triangles in  Fig. 5(c). These columns do  however exhibit high

Z-contrast in the HAADF-STEM image, which may  indicate they are

mixed Ag/Al-columns or that some of the intensity from the central

Ag columns spills into nearby columns. It can be  speculated that the

hexagonal pattern in Fig. 4(c) is partly a  consequence of  Ag diffus-

ing from its preferred sites and  into nearby Al columns (Wenner

et al., 2014).

Based on Z-contrast and local symmetry in  the  HAADF-STEM

image, the sites marked by a red X  in Fig. 5(a) should be  occupied

by Ag as  in the  ˇ′
Ag phase, and  signal from the Ag-M edge is,  as

expected, found to originate from these sites, as pointed out with

stars in Fig. 5(d). However, the  Si map  in Fig. 5(a) also shows a

significant intensity at the same sites, meaning that these columns

must be mixed Ag/Si.

One  column has been marked with a  red ‘ + ’  in Fig. 5(a). This

column has a very high Z-contrast in the HAADF-STEM image and

cannot only consist of  Si. Consequently, the column should be

mixed with one or more of  the three heavier elements Ag, Cu or Ge.

Taking into account the low EELS signal from  Cu and  Ge  and that the

nearby columns have a relatively high intensity in the HAADF-STEM

image, it  is likely that the columns are Ag enriched or subjected to

intensity spread. It  has been observed by Wenner et al. that Ag-rich

areas do not overlap with Cu atomic columns (Wenner et al., 2014).

Moreover, during the scan, silver might have diffused into nearby

columns, or the  intensity spread could be due to delocalization of

the M-edges of silver, which can result in an apparent intensity

spread to surrounding columns (Rossel et al., 2012).

An interesting site from the Mg  map is marked by a yellow X  in

Fig. 5(b) and (c),  here a weak Mg  signal was detected, making it pos-

sible to consider this as a  mixed Al/Mg column. According to both

the C-plate and  the Q-phase models (Torsæter et al.,2012), this site

should be  only Al,  however, from quantitative nano-beam diffrac-

tion data of the  Q’ phase (Torsæter et al., 2008) this site should

indeed be  mixed Al  and Mg.

The  X1 site in  Fig. 5(c) marks a column which according to  the

atomic overlay is expected to  be a Si column. The EELS map  of Si

does certainly indicate some Si at this site, however, the Al signal

from the  Al map is even stronger. Since the Z-contrast of  this column

is relatively low, it  is likely that we are dealing with a mixed Al/Si

column. Determining this column to be mixed Al and Si would be

impossible based on the HAADF-STEM image alone.

Based  on the initial HAADF-STEM image in  Fig. 1, the EELS maps

in Fig. 2, correlation analysis, local geometry considerations and

knowledge of  previously well-known precipitate phases, we pro-

pose the  model in Fig. 6 as the most probable distribution of  atomic

columns within the precipitate cross section. A few  additional com-

ments should be  given based on the  insight obtained from this

analysis. By comparing Fig. 6 to Fig. 5(c) we see that the yellow

ovals show pairs of Al columns which correlate to  the Mg  and Si

pattern in Fig. 5(a) and (b),  showing they are the  Si3/Al sites of two

neighbour molecules in ˇ′′. The yellow ovals in Fig. 5(c) indicate

columns which are expected to  be  Al according to local geome-

try. Even though an Al signal is detected by EELS, the  HAADF-STEM

image shows high Z-contrast at the very same sites. Based on these

findings, the yellow ovals are interpreted as  columns of Al mixed

with Ag.

Elemental mapping by EELS  has a  great potential for precipitate

characterization on the atomic scale. By applying auto correlation

and cross correlation techniques it is  possible to extract global

information from the elemental maps not apparent by eye. Sev-

eral results from the HAADF-STEM and EELS studies could not have

been attained without combining these techniques. In particular,

columns in the precipitate cross section containing more than one

element would be impossible to determine unequivocally.

5.  Conclusions

A  cross section belonging to a  precipitate needle in  a Al-Mg-

Si-Cu-Ag-Ge 6xxx Al alloy has been  investigated by HAADF-STEM,

EELS and a correlative analysis of the EELS results. It has been shown

that EELS elemental mapping is possible at the atomic scale for

these types of precipitates and  that the  technique can be used to

identify elements present in  the  precipitates. In  particular, EELS

could resolve the fcc lattice in the Al matrix and  verify the exis-

tence of  the hexagonal Si-network in 6xxx alloy precipitates. The

correlative analysis based on the EELS results shows a global hexag-

onal arrangement of  Si, Mg  and Ag inside the  precipitate, where

Mg and Si  do  not coincide at any point. Specific sites where atomic

columns consist of a mix  of elements have been determined when

combining EELS and HAADF-STEM images. Determination of mixed

columns would be impossible in many cases when relying on  only

one of  the techniques.
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Abstract 
Bonding energies and volume misfits for alloying elements and vacancies in multi-
component Al-Mg-Si alloys have been calculated using density functional theory and the 
results have been compared with numbers obtained by atomic scale precipitate structure 
analysis, using high angle annular dark-field scanning transmission electron microscopy. The 
techniques in combination provide new insight into precipitation in these alloys. In the Ge 
containing alloy were found two new stacking configurations of the well-known 
strengthening phase β”. In the alloy with Ag a new Q’/C - like local configuration containing 
Ag was discovered, and a model has been proposed. The experimental results are justified by 
simulations.  

Keywords: aluminium alloys, HAADF-STEM, density-functional theory, Si/Ge, nanosized 
precipitates, crystal structure 

1 Introduction 
The current focus on environmental-friendly materials underlines the increasingly important 
role light metals will have to play. Aluminium alloys are light but at the same time strong, 
and when the products have served their purpose they can be recycled using just a fraction of 
the initial energy costs. They can be tailored-made with desirable combinations of material 
properties such as corrosion resistance, formability and ductility, which lead to reduced 
material usage, lower costs and longer life.  

Aluminium 6xxx alloys are shaped by extrusion or rolling into products. A final ageing heat 
treatment hardens the products, creating nanosized semi-coherent, needle-shaped precipitates 
to form from the alloying elements. The precipitate needles obstruct dislocations, 
consequently increasing the material strength. The needles in 6xxx alloys mainly consist of 
Mg and Si in addition to Al itself [1] [2] [3], but other added elements may enter the 
precipitates as well. Elements like Li, Cu, Zn, Ag and Ge have proven to be beneficial for the 
nucleation and growth of precipitates, and they have consequently been added in multiple 
combinations and amounts [4] [5] [6] [7] [8]. It is beneficial for the extrusion and rolling 
processes to keep the alloys as lean as possible. Thus, we need to know how small (also 
combined) additions of solutes, together with heat treatment, make changes to the precipitate 
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microstructure (i.e. modify types of precipitates, their (dis)order, numbers, sizes and 
distribution). In this context, detailed knowledge about properties and behaviour of the single 
solute atoms in supersaturated solid solution can also be important. This concerns their 
interaction with the Al matrix, that is, with each other and with quenched-in vacancies. Our 
observations have indicated that precipitation has relation to size of the solute atom as well as 
to its ability to attract vacancies. We have therefore decided to look more closely into adding 
Ag and Ge to a lean, industrially relevant Al 6xxx alloy, relating calculated parameters like 
solute misfit volumes and vacancy bonding energies to experimental observations.  

It has recently been found that, if a small amount of Ag is added to an Al-Mg-Si alloy GP-
zone formation is enhanced, which correlates with an increased peak hardness of the material 
[4]. HAADF images showed that Ag occupies Al sites in the matrix as well as in the 
precipitate, but preferably in the immediate vicinity of the interface [9]. Despite the similar 
volumes and elemental (fcc) structure of Ag and Al, within the precipitate Ag does copy the 
behaviour of aluminium, occupying columns between Si (network) columns.  In fact, Ag also 
occupies the otherwise autonomous Si sites. Further on, as the material overages, the β'Ag 
phase forms [9]. 

Ge has been added to aluminium alloys in several preceding studies [5][10] [11]. It is clear 
that Ge not only passively substitutes Si, but even in very small quantities has a strong 
refining effect as observed upon heat treatment, yielding a distribution with smaller 
precipitate needles of higher number density than with only Si. The refinement corresponds 
with a significant increase in material strength. Although somewhat bigger, Ge clearly 
occupies Si sites, for example in regions based on the hexagonal column arrangement (Si-
network). That Si and Ge occupy the same atomic sites/columns in a precipitate structure is 
understandable from their chemical similarity; both are diamond elements. However, in 
contrast of the apparent seamless substitution in the hexagonal Ge-network, Ge still manages 
to wreak havoc in most precipitate particles, causing structural disorder even to the point that 
no repeating unit-cell is detectable in the cross-section plane, or reducing them to assemblies 
of disordered fractions of known phases. The periodicity along the needles, however, is still 
intact. By full replacement on the expense of Si, isomorphs of the Mg-Si containing 
precipitates show up and more order reappears, but the β” phase completely fails to form 
[10].  

In age hardenable aluminium alloys, the quenched-in vacancy concentration achieved after 
the cooling from homogenization or solution temperatures is a very important factor for the 
subsequent nucleation stage of hardening precipitates, partly taking place at room 
temperature [12] [13]. Vacancies can assemble in clusters and form dislocation loops [13], 
which can later initiate inhomogeneous and coarse precipitates. The effect gets smaller with 
more solute and with higher vacancy affinity of the solute elements. It has been demonstrated 
that vacancy binding energies generally increase with atom size, however not without 
exception [14]. The elements used in Wolverton’s work [14] have vacancy binding energies 
increasing as Mg, Si, Ag and Ge. A higher solute-vacancy binding corresponds with a higher 
probability of one or more nearby vacancies. 
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In this study, we wish to elucidate interesting features recently discovered in the precipitate 
microstructures from two selected alloys containing Ag or Ge [11]. Structural details 
observed in the precipitates are discussed in connection with bonding energies and volume 
misfits acquired through density function theory (DFT) calculations. In this respect, both Ge 
and Ag are convenient solute elements to investigate because of their high Z-contrast in high 
angle annular dark-field scanning TEM (HAADF-STEM) experiments. A major part of the 
results presented in this work is based on the possibilities of direct determination of atomic 
columns when using the HAADF-STEM technique, which is affected little by objective lens 
defocus and specimens thickness compared to high resolution TEM [15] [16]. 

2 Experimental 

2.1. Materials and microscope 

Table 1 shows the compositions of the investigated alloys, as measured by inductively 
coupled plasma optical emission spectroscopy. For a complete description of the heat 
treatment and TEM specimen preparation, see [11]. 

Table 1 Alloy composition, effective solute (Seff). 

  Sia  Ge  Mg  Ag Fe  Mn  Seff b 
Ag added alloy wt% 

at% 
0.35 
0.34  

–  
–  

0.30  
0.33 

0.10 
0.025 

0.20  
0.10 

0.03  
0.015 

0.70  
0.65  

Ge added alloy wt% 
at% 

0.35  
0.34  

0.10  
0.04  

0.30  
0.33 

–  
–  

0.20  
0.10  

0.03  
0.015 

0.70  
0.66  

a Effective Si available for precipitation (Si*) is tabulated with an amount 0.05 wt % less [17]. 
b Effective solute Seff = Mg+Si*+Ge+Ag.  

The HAADF-STEM images in this work were acquired in a spherical aberration corrected 
(both probe and image) JEOL ARM200F, equipped with a cold FEG. The operation voltage 
was 200 kV, the probe size 0.08 nm and the inner collector angle 50 mrad. All precipitates 
were imaged in a <100>Al direction (here called [001]Al) along the needle/lath extension, 
which is normal to the cross-section. 

Before insertion, the TEM specimens were decontaminated in a Fischione plasma cleaner, 
model 1020, for 5-7 minutes in O2/Ar plasma. 

2.2. Details for DFT calculations 

DFT was applied to find bonding energies between different solute elements and/or 
vacancies. The lattice parameter used for the calculations is based on the relaxation of an 
aluminium supercell consisting of 5x5x5 aluminium unit cells. The unit cell relaxed to 
20.20474 Å, i.e. a = 4.04095Å. The interaction energies are estimated from the difference 
between total energies. All calculations have the same cell size and parameter settings so that 
any systematic errors should be cancelled out. The bonding energies between two elements 
are calculated from 1st to 8th nearest neighbour positions. The uncertainty is quite high in the 
binding energy calculations, between 5 – 10 %, since the total energies of the systems which 
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are subtracted is about -1865 eV. It should be noted that the computed energy differences are 
quite small and the diffusivity consists of several components. 

The Vienna ab initio simulation package (VASP) [18] [19] was used to execute the DFT 
calculations [20] [21], using the projector augmented wave method (PAW) within the PBE 
(Perdew-Burke-Ernzerhof) generalized gradient approximation. The plane wave energy cut-
off was 400 eV. For all calculations gamma-centred k-points were used, with maximal k-
point distances of 0.25 Å-1 in each direction. The electronic accuracy for self-consistent loops 
was set at 10-6 eV. The atomic positions were relaxed to a maximum force of 0.001 eV/Å 
between atoms, using 1st order Methfessel-Paxton for smearing of partial occupation and a 
smearing factor of 0.2. For accurate energies, a separate calculation was performed using the 
tetrahedron method with Blöchl correction for the smearing.   

Interaction energies are calculated based on equations (1) and (2) below.  

 =  − 499500  (1) 

 

 =  _ − 498500 −  −   
 

(2) 

The calculations are based on a cell consisting of 500 Al atoms, Y and Z represents an atom 
or a vacancy replacing one of the Al atoms in the cell. EY and EZ are the solid solution 
energies of atom Y and Z respectively. The interaction energy between the two elements Y 
and Z in the Al cell is calculated by subtracting the solid solution energies of each element 
from the total electronic energy of the cell. A more detailed explanation of calculating 
formation energies of structures and solid solution energies of atoms are explained by Ninive 
et al. in [22]. 

3 Results 

3.1 Interaction energies and volume misfits 

Fig. 1 illustrates the interaction energies, as calculated by DFT, between a number of 
elements including Mg, Ge and Ag in all combinations and the interaction of all three with a 
vacancy (designated X) in aluminium, as a function of interatomic fcc distances up to two 
unit distances (8.1 Å). The two first represent the nearest neighbour distance (2.86 Å), and 
the extent of the unit cell (4.05 Å). The calculations clearly suggest that Ge binds more 
strongly to vacancies than any of the other alloying elements in this work, while the least 
favourable arrangement is two vacancies as nearest neighbours.  

The calculation of volume misfits of all the relevant elements and vacancies (X) are presented 
in Fig. 2. The volume of Si is according to Leyson et al. about 13.95 Å3 [23]. Our 
calculations returned a volume for Si about 13.77Å and that of Ge of about 18.43 Å3. It 
should be noted that a misfit volume here represents the net expansion or contraction of the 
entire supercell relative to the substitution of one Al atom by a solute atom or vacancy at 0 K. 
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As the real situation is more complex, a solute atom can be near other solute atoms and 
vacancies at times. The time spent in the vicinity of each other will depend on the interaction 
energy at the particular site. A solute-solute or solute-vacancy pair will have more 
possibilities to deform the surroundings in order to reduce the energy and misfit than a single 
solute atom. Also, lattice vibrations at ambient temperature further complicate the picture. 
This means that the theoretical misfit volumes in Fig. 2 cannot be taken as absolutes. They 
may be considered as ideal maximum values of isolated solute elements in Al, comparable in 
a relative sense. The solute-solute or solute-vacancy binding energies give clues about which 
pairs are likely to reduce the misfit. For example, of the elements in Fig. 1 the bonding 
between Ge and a vacancy (Ge-X) when on nearest neighbour positions is very low. This 
means there is a high likelihood of finding a vacancy as nearest neighbour to a Ge atom, 
something that should tend to relax the surrounding matrix of the pair. The situation is more 
complex as two or more solutes also attract vacancies and more solute, and as binding energy 
varies with distance (Fig. 1). An analysis of the information given in Figs. 1 and 2 will be 
connected to experimental results and presented in the “Discussion” section. 

 

 

Fig. 1 Interaction energies between the alloying elements and/or vacancies (X) in fcc 
aluminium as a function of separation distance, from 1st to 8th nearest neighbours. 
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Fig. 2 Misfit volumes of the alloying elements and vacancies (X) in fcc aluminium. For 
single elements in Al: the open symbols indicate calculations based on 3x3x3 primitive cells 
(27 atoms) and the filled symbols indicate calculations based on 4x4x4 primitive cells (64 
atoms). For pairs of elements in Al (insert): open symbols indicate calculations based on 1 
pair in 3x3x3, 4x4x4, 5x5x5 and 6x6x6 primitive cells and filled symbols indicate 2 pairs in 
4x4x4 and 6x6x6 primitive cells. Dashed lines show linear fits to the data for each element or 
pair. The misfit volumes are calculated from the slopes as described in [23].  

3.2 Detailed overview of precipitate microstructure  

Both the Ag - and the Ge - added alloy contained a high number density of the hardening 
phases, with discernible contents of all added elements. For a complete overview of statistics 
and comparisons see [11].  

Since the hardening phases are all needle/lath shaped along <001> Al, the images show 
cross-sections with Al and precipitate columns in parallel with this zone axis. In Fig. 3 one 
representative precipitate (cross section) is given from each alloy. Figs. 4, 5 and 6 have full 
atomic overlay, based on the Z-contrast from HAADF-STEM, inter-atomic distances and 
local similarities with well-known structures in the Al-Mg-Si/Ge system (see also [6], [9] and 
[24]). 
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Fig. 3 HAADF STEM raw images of typical precipitate cross-sections from the two alloys 
illustrating that both Ag and Ge enter and strongly affect atomic structure. a) Large lath-
shaped precipitate in Ag added alloy. The high contrast just outside the interface suggests a 
considerable amount of Ag fully or partly occupying the Al columns. b) A smaller precipitate 
in the Ge added alloy. The red, double lined hexagon indicates the Ge-network which is 
extending over the entire precipitate cross section. Very high intensity at these sites verifies 
the presence of Ge. 

3.2.1 Ag added alloy 

The silver added alloy contained relatively large precipitates, coarsely distributed in the 
matrix; see Figs. 3 (a) and 4. The precipitate cross sections had several features in common; 
in particular, Ag segregation in the matrix near the precipitate interface. Also, fragments of 
the β’Ag phase appeared frequently together with disordered regions [11]. Interestingly, a new 
precipitate configuration containing Ag was observed. Similar configurations are normally 
reported to exist in Cu containing 6xxx alloys and are referred to as Q’ or C-plate [6] [25]. In 
the present study, the “Cu-sites” in the Q’/C - like phase were occupied by Ag. An example 
of this stacking is given in Fig. 4, where the Q’/C - like local atomic configuration is 
indicated with yellow, double-lined triangles, hosting an Ag column in its centre. There also 
seems to be a dislocation progressing along the <010> Al direction through the precipitate, an 
approximate starting point is indicated by the yellow arrow in Fig. 4. 
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Fig. 4 Precipitate cross section in the Ag added alloy with atomic overlay, see Fig. 3 (a) for 
the original image. The segregation of Ag at the precipitate-matrix interface is evident. The 
hexagonal Si-network is indicated with dashed, white lines. The Q’/C - like local 
configurations, where Cu sites are replaced by Ag, are indicated with yellow triangles. For 
explanation of the symbolic representation of elements, see legend in Table 2. 

3.2.1 β” stacking variations in the Ge added alloy 

Version β2” 

Several of the precipitates in the Ge-added alloy demonstrated a second ordering of the “eye-
like” β” molecules, this version of the β” phase will hereafter be referred to as β2”. An 
example of a precipitate cross section incorporating both regular β”, indicated by yellow 
lines, and the new β2”, indicated by white dashed lines, is given in Fig. 5 below. The smallest 
white squares inside the parallelograms show the location of the “vacated columns”, also 
marked by X in Fig. 5 (b). 

The β2” cell consists of 22 atoms in the projected plane, corresponding to a supercell in the 
fcc Al lattice of 24 atoms. It should be noted that the common β” cell consists of 22 atoms, 
with an Al supercell of 22 atoms. Both β2” and normal β” fulfil the requirements of space 
group C2/m, however the c-axis of β2” lies along <100> Al instead of the usual Al <130> in 
β”. The ideal composition of β2” is similar to that of β”, except for two additional “vacated 
atomic columns”. The composition is given as Al6Mg8D8X2, where D is a mix of Ge and Si, 
and X here represents a vacant column (see also Fig. 5 (b)). The Si columns in both phases 
can all be described as “contained by rhombuses” that are pairs of isosceles triangles 
assembled in different ways. The triangles are the Si network cells of β”. In the supercells on 
the Al matrix, the triangles are bound by <100> Al and <120> Al directions.  In the normal 



9 

β” phase, the two triangles are joined on a <120> plane (common leg), as pointed out by red 
arrows in Fig. 5 (b). In the second β2” variant the bases of the triangles meet on a (100) plane, 
pointed out by yellow arrows in Fig. 5 (b). 

 

Fig. 5 Atomic overlay on the cross section of a precipitate in the Ge-added alloy. 
Determination of a particular column is based on knowledge of the structures / molecules, 
intensities in from HAADF-STEM and interatomic distances. See legend in Table 2. In (a) a 
= <320> aAl = 14.6 Å and c = ½ <130> aAl = 6.40Å. Yellow parallelograms indicate β” 
regions and white, green parallelograms indicate β2” regions. A β2” unit cell is indicated by 
white dashed lines.  

Table 2 Symbolic representation of overlay of elements in Figs. 4, 5, 6 and 7. 

 

Version β3” 

A third version of the β” phase was discovered in the Ge containing alloy, this phase will 
hereafter be referred to as β3”. This stacking variant was not observed as frequently as β2”, 
but it occurred occasionally as a fragment in cross sections, combined with β”. A cross 
section incorporating both the β” and the β3” configuration is shown in Fig. 6. The β3” region 
is marked by white dashed lines. The phase fulfils the requirements of space group C2/m with 
an ideal composition Al10Mg8D8. This phase has a cell consisting of 26 atoms; 
simultaneously its supercell in the Al matrix also covers 26 atoms. The deviation in 
composition between β3” and ‘β”and β2”’ is the additional Al columns in the cell. 
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Fig 6. Precipitate exhibiting the β3” (white dashed lines) stacking variation of molecules of 
β”. The regular β” regions are indicated with yellow solid lines. For explanation of the 
symbolic representation of elements in (b), see Table 2. 

The c-axis of β3” lies along <-5-10> Al instead of <130> Al in β”, while the a-axis lies along 
<230> Al for both variants. The difference between the two could be described as shifting the 
bottom row of β”-eyes with ≈ a/2 in parallel to the a-axis, consequently the angle between a 
and c is 135° for β3”. This shift is present in a Ge-rich area of the cross section; see Fig. 6 (b).  

4 Discussion 

4.1 Interaction energies and volume misfits

In Fig. 1 Mg-Si nearest neighbour (NN) interaction energy clearly shows that Mg and Si like 
to be at NN places, that is, it is favourable for these two elements to aggregate pairwise in Al. 
This result is backed up by the volume misfits in Fig. 2, where a Si atom will contract the Al 
lattice surrounding it, and Mg will expand it. Combined, Mg and Si seem to lower their misfit 
in the Al lattice, shown in the insert in Fig. 2. From Fig. 1 and 2 the most favourable Si-Si 
and Mg-Mg distance in fcc Al is 4.05Å. This would confirm the most common observation 
for the precipitates: Firstly, that Mg and Si can stay in columns along <001> Al (as they do in 
parallel with the precipitate extension), and secondly that such columns could alternate along 
the other <100> Al directions, with atoms as first NNs and columns separated by 2.025Å. 

As shown in Fig. 1, Mg very weakly attracts vacancies in NN position and then seems to 
repulse them as 2nd NN. Successively Mg starts to attract vacancies at 3rd and 4th NN 
positions. The result showing that Mg does not seem to repel vacancies when in 1st NN 
position corresponds well with the results presented by Wolverton [14]. This indicates that 
both vacancies and Mg attract the valence electrons less than what Al itself does. From Fig. 2 
it is clear that Mg will expand the Al lattice and intuitively this should attract a vacancy. 
When calculating the volume misfit of Mg and X together, as shown in Fig. 2, we see that the 
misfit becomes lower than that of Mg or X alone.  
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Ag should pull strongly on vacancies according to Fig. 1. The precipitate distribution in the 
Ag-added alloy is however very coarse in comparison, meaning that it does not seem to 
initiate a high number of nucleation sites, as Ge does. The volume misfit of Ag in Al is 
however very small. Pure Ag is fcc, as Al itself, and has a relatively high solubility in Al 
[26]. In the vicinity of a precipitate there would be regions with expansive and contractive 
strain, meaning slightly more and less space for the solute. We believe this could explain the 
tendency of Ag accumulating in the Al lattice close to the particle. This also means that for 
Ag, the most important factor in precipitation should be its volume and its ability to attract 
vacancies comes in second. 

Based on the calculations given in Fig. 1, Ge should pull more strongly on Mg as a NN than 
Si does. Also, as Ge has a stronger pull on vacancies than Si does, it should be more effective 
at nucleating clusters. It seems likely that the attraction on both Mg and a vacancy is 
significant for the ability of Ge to procure favourable nucleation sites for precipitate needles. 
This result also explains why Ge is mostly localised at the centre of the precipitates, which 
indicates it is active in the nucleation and growth of the needles from the very beginning. Ge 
is significantly larger than Si and expands the Al lattice, as opposed to contracting it as Si 
does, see Fig. 2. It is curious that the Mg-Ge interaction seems favourable at 1st NN places, 
see Fig. 1, meaning that in the beginning it cannot be the search for minimizing the lattice 
strain which sets off this aggregation. It is apparent that the charge distribution overcomes the 
disadvantage of volume misfit as Ge is added to the alloy. 

Since the calculations are based on one atom in a (repeated) supercell for all solute elements, 
this means there is no surface to go to for the solute. Neither the atom nor the vacancy may 
cross the cell boundary and form a cluster. It should be noted that it is therefore difficult to 
draw conclusions regarding diffusion based on vacancy binding alone. 

4.2 Ag added alloy 

The small volume misfit of Ag in Al shown in Fig. 2 is supported by the features seen in Fig. 
6, as Ag enriches the Al columns at the interface between the precipitate and the Al matrix. 
The hexagonal Si-network is present in a major part of this precipitate and is indicated with 
white triangles. The Si columns are separated by approximately 0.4 nm and the networks 
height distribution is unique for the precipitate structure [27]. Silver is undoubtedly present 
inside the precipitate cross section, but it is difficult to establish the occupancy of Ag in the 
atomic columns, as it is likely they also contain Al [28].  

An interesting feature in the precipitate cross section presented in Figs. 3 (a) and 4 is the 
presence of Q’/C -, or ’ -like fragments. These fragments are indicated by yellow triangles 
and were found both at the interface and within the precipitate. Q’ and C-plate are 
documented in Cu-containing alloys and atomistic models have been proposed [6] [25]. In 
this case, no Cu has been added to the alloy, and the impurity level of Cu is too low for this 
phase to form. Because of the high Z-contrast in the HAADF-STEM images, the Q’/C sites 
which usually contain Cu must consequently be occupied by Ag in these precipitates. A 
model of the new Q’/C - like phase, based on the experimental results and [6] [25] is given in 
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Fig. 7. This shows how it is not only the volume misfits of the solute atoms, Fig. 2, which 
contribute to the phase formation. Although disposed to occupying Al sites because of similar 
size, Ag occupies additional sites within the precipitate because of its high interaction 
energies to other solute elements in Al. From Fig. 1 we see that the interaction energy 
between Ag and Mg is about – 0.7 eV, which is relatively strong compared to many of the 
other solute combinations. Based on this result we should expect to also find Ag incorporated 
in the precipitate structure, interacting with, among other elements, Mg. This is indeed found 
for both the Q’/C - like phase in Fig. 3, and at Ag sites in Fig. 4. DFT calculations confirmed 
that it is energetically favourable for the Q’ phase to form in Al, and it does not cost much 
energy as the change in cell parameter is small. 

 

Fig. 7 Model of the Q’/C - like local configuration, where Ag occupies the site at the centre 
of the double-lined triangles. Symbols as in Table 2. The model is adapted from the model of 
the Cu-containing phase in [6].

4.3 β” stacking variations in the Ge added alloy 

Models of the three β” variants are shown in Fig. 8, with the corresponding lattice parameters 
and other characteristics in Table 3. Other compositions are suggested for regular β” [1] with 
respect to the amount of Al or Mg in each unit cell. For simplicity, we here assume Al 
occupies the centre of each “eye” although this position can contain both Al and Mg [1]. The 
same applies for the sites often referred to as Si-3 sites since previous works have shown they 
are flexible, but usually containing Al in the interface [1]; see Fig. 8. 

 

Fig. 8 The three stacking variations of β”, all containing two β” - eyes per unit cell: (a) 
Normal β” (b) β2” and (c) β3”. The symbolic representation is as follows: black = Al, blue = 
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Mg and red = Si. The shaded squares and Al atomic columns indicate z = 0.203 nm, while the 
“non-shaded squares and Al atomic columns” indicate z = 0 nm. 

Table 3 Overview of β’’ precipitation variants in the Al-Mg-Si-Ge system. D denotes a mix 
of Ge and Si. Vacated columns are here denoted X and should not be confused with a single 
vacancy. 

Phase Composition Space group Lattice parameters [Å] 

β’’ Mg8D8Al6 C2/m a = 15.16, b = 4.05, c = 6.74,   
β = 105.3° 

β2’’ Mg8D8Al6X2 C2/m a = 12.15, b = 4.05, c = 8.1,     
β = 90° 

β3’’ Mg8D8Al10 C2/m a = 15.16, b = 4.05, c = 10.33, 
β = 135° 

 

4.3.1 Version β2” 

From Fig. 8 we see that the normal β” structure has “eyes”, each claiming two Al columns 
(in (a), one Al column on both horizontal sides of the molecule), which account for all Al-
columns within the cell. β2” contains the same number of eyes and Al columns per molecule, 
but the alternative ordering means that the unit cell sheds one atomic column relative to the 
Al super-cell compared to regular β”, see Figs. 5 (a) and (b). The two missing columns in the 
β2” structure means that vacancies must have been absorbed in the process of forming from 
solutes on fcc positions in the matrix. That β2” lacks two columns compared to β” means that 
the same amount of atomic columns (same number of molecules) occupy a larger volume in 
the Al matrix. Using the extracted unit distances and if we assume the expansion only to 
occur in the precipitate normal plane, the cross-section area increases by 4 %. For a cylinder, 
this gives 2 % radial expansion. Consequently the tension needed to create an interface 
dislocation is lowered when the β2” stacking occurs. This precipitate type would therefore aid 
the struggle of keeping added solute to a minimum in lean 6xxx alloys, while at the same 
time maintaining the material strength.  

The β2” stacking has been observed in similar Al-Mg-Si alloys, but only as one rhombic unit 
consisting of four “eyes”, hence, it seems Ge is the reason why it becomes energetically 
favourable for β2” to grow more. DFT simulations of precipitates containing both Si and Ge 
showed that removing the atomic column marked by X in Fig. 5 (b) is indeed energetically 
favourable for an infinitely long precipitate, and more so for precipitates containing Ge. 
Moreover, the energy required to form a unit cell of β2” is less than that required to form a 
unit cell of normal β”. DFT revealed it to be advantageous to replace Si with Ge in β2”, 
which is exactly what we observe. Another interesting feature of β2” is its c-axis lying along 
<100> Al instead of <130> Al. It has been reported by Bjørge et al. how completely 
replacing Si by Ge in 6xxx alloys leads to precipitate phases with c-axis lying along <100> 
Al [10], and no β” phases form anymore. Normally, the Si-network aligns along <130> Al, 
however, as Si is replaced by Ge, the hexagonal Ge/Si-network aligns along the <100> Al 
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direction. The β2” phase could indeed be an intermediate phase variation in this retrospect, 
where also here Ge additions cause the c-axis to shift towards the <100> Al direction.  

From the NN perspective in Fig. 1 it seems very probable that Mg and Ge would interact 
closely in the precipitation process, especially since the interaction energy is about five times 
larger than that between Si and Mg. However, from the misfit volumes in Fig. 2, Mg and Ge 
has a higher volume misfit as a pair than Mg and Si. When considering the volume of the 
three stacking variations in Fig. 8, it is clear that β2” has a higher volume per “eye” than β”. 
It seems that the bonding energy between Ge and Mg is high enough to override the relatively 
large volume misfit of the “eye-like” β” structure caused by this combination of elements, 
and we obtain eyes with Ge occupying Si-sites. Ultimately, it appears that these Ge-
containing eyes are more likely to form other stacking variations because of higher volume 
misfit with the Al matrix.  

4.3.2 Version β3” 

The β3” phase has a cell consisting of the same number of atomic columns as its 
corresponding supercell in Al (26 to 26).  β3” does not contain any vacated columns, but 
more Al columns than both β” and β2”. As seen in Fig. 8 (c), there are two extra Al-columns 
per “eye”, that is, 8 per two ‘β” eyes’ instead of 4. More Al inside the precipitate is often 
associated with a more loosely bound structure, yielding it less efficient as a dislocation 
impediment. It is possible that we are dealing with a phase normally occurring early in the 
precipitation sequence, and that upon further heat treatment it would transform into β”or β2”. 
As shown in Fig. 6 the c-axis lies along <-5 -1 0> Al. This stacking variation leads to the 
largest unit cell of the three variants presented in Fig. 8 because of the additional Al columns. 
The supercell in Al has the same number of atomic columns as the unit cell of β3”. It could be 
argued that this phase has a lower Ge content than β3”, making the volume misfit with the Al 
lattice less crucial. 

5 Conclusions 

Two lean, industrially relevant Al-Mg-Si alloys with Ag or Ge additions were investigated. 
Precipitate microstructure was examined in detail by HAADF-STEM and the results were 
corroborated by DFT simulations.  

In the Ag added alloy, a version of the Q’/C – local configuration, containing Ag at the Cu - 
sites was discovered. The low misfit volume of Ag in Al explains why silver often occupies 
Al columns at the interface of the precipitate surfaces. High binding energies to vacancies 
and Mg at the same time explain why silver also enters the precipitate structure and 
sometimes behaves like Cu.  

Two new stacking variations of the β” phase, referred to as β2” and β3”, were discovered in 
the Ge-added alloy. Germanium's high affinity to vacancies suggests that the element creates 
more nucleation sites for precipitate needles, thus refining the precipitate microstructure. β2” 
only appears frequently in the Ge-added alloy. This phase sheds two atomic columns relative 
to the Al matrix. DFT simulations showed this to be energetically favourable. A high 
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occupancy of Ge together with Mg inside the precipitate structure requires a change in the 
stacking of β”-eyes because of higher volume misfit in Al. The third variant of the β”-phase, 
β3”, might be associated with an intermediate phase early in the precipitation sequence 
because of its higher Al content. 
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Abstract 

We show how replacing a fraction of Mg with Li in a lean Al-Mg-Si alloy gives comparable 
strength and enhanced temperature stability. Replacing solute with smaller amounts of Cu 
and Li also improves thermal stability and nearly compensates the strength loss for longer 
ageing times. High angle annular dark field scanning transmission electron microscopy 
(HAADF-STEM) documented Li and Cu causing modest structural changes to the main 
hardening precipitate, β”. However, density functional theory calculations verified the 
observation from HAADF-STEM that Li preferentially occupies Mg3 sites in the β” 
structure.  
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Introduction 
The major alloying elements in the age hardenable aluminium 6xxx series are Mg and Si, in 
typical amounts of 1 - 2 at %. Alloys of this series are rolled or extruded into final shapes. 
Hardening occurs during a subsequent 'artificial' ageing (AA) step – a heat treatment 
performed at a temperature around 180 ºC. The precipitation sequence in ternary Al-Mg-Si 
alloys is as follows [1]. 

Supersaturated solid solution → atomic clusters → Guinier-Preston-zones (pre-β”) [2] [3] → 
β” [4] [5] → β’ [6], U1 [7], U2 [8], B’ [9] → β, Si (stable) 

The major hardening agent is the monoclinic β” phase. Full coherency, small size and high 
number density are probably the most essential parameters behind its strengthening 
capabilities. In ternary alloys with Mg/Si ratios near unity, high-resolution transmission 
electron microscopy (HRTEM) images taken along 〈001〉  orientation reveal short needles 
along the two normal 〈100〉  directions in the plane. The cross-sections of these '' needles 
along the viewing direction appear monoclinic, with edges defined by cell parameters β'' ∥ 〈320〉  and β'' ∥ 〈130〉  and the monoclinic angle 105.3º. Close-ups of the cross-
section show that β” is essentially a stack of identical units (column groups) with eye-like 
appearance. One 'eye' consists of nine columns with roughly 4-fold ordering (a Si4Mg4 ring 
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around a central Mg1-xAlx column, 0<x<1) plus two less conspicuous satellite columns on 
each side (ideally Aluminium), see also Fig. 5 (c, d). The satellite sites were originally 
assumed to be Si (Si3 positions), but later work has shown they are flexible sites, especially 
at the interface, where elements like Cu may be adopted to reduce strain [10]. One unit cell 
has two such Si4Mg4-xAl2+x units at the (00z) and (½, 0, z+½) special positions in the unit 
cell. They may be regarded as molecular units of β” and were recently shown to come in 
three different stacking variations [11], sometimes mixed. The stacking variations occur 
particularly frequently with small additions of Ge, where Ge (partially) occupies some Si 
columns.  

Increasing the amount of solute to improve strength creates a dilemma: extrudability becomes 
worse. Less solute can also lead to sacrifices regarding surface quality. It has been shown in 
previous work, that maintaining strength is possible when parts of the Mg-Si content is 
replaced by a lower amount of Ge [12]. The solid solubility of Li in aluminium is high. With 
nearly a quarter the weight of aluminium, Li also reduces alloy density somewhat [13]. 
Koshino et al. have shown how small additions of Li to Al-Mg-Si alloys increase the age-
hardening response [14]. From the previous investigations it appears that Li can be 
incorporated in the precipitates, and it has been argued that it does not alter the precipitation 
sequence. If so, the β” phase should still be the main hardening precipitate for these alloys, 
although the precipitate size, numbers and strength potential may be expected to change. 
Earlier studies also report how Li diffuses quickly towards the surface of the alloy and 
significant amounts can be depleted into air. Depletion of Li from the material surface also 
occurs for Al-Li alloys if the surface oxide layer has been removed [15]. It has been 
suggested that Li atoms diffuse to the surface faster than being replaced by Al atoms (which 
must imply they leave vacancies in their wake), and that the created surplus leads to vacancy 
agglomeration [16]. 

Cu is a common trace element in Al-Mg-Si alloys, for example from recycling, but it is also 
added on purpose by industry because it improves the material strength. In amounts as low as 
0.1 wt % Cu can cause inter-granular corrosion [17]. Consequently, in this study the level has 
been kept at 0.05 wt %. When it comes to precipitate phases, Cu can substitute Al and Si sites 
within the structures but will also occupy sites at the precipitate interfaces [26-27]. Above 
some threshold Cu will suppress formation of β”, promoting other phases to form. The 
precipitation sequence in Cu added 6xxx alloys can be given as follows [18] [19] [20] [21] 
[22]. 

Supersaturated solid solution → atomic clusters → Guinier-Preston-zones (pre-β”) [2] [3] → 
β” [6], L, S, C, QP, QC → β’, Q’ → Q 

In this work, for a 6060 alloy we remove a fraction of the solute, Mg and Si, and replace it 
either fully (Mg atom for Li atom) or with a lower fraction of Cu or Li, alone or combined. 
We investigate the hardening response of the alloys as function of artificial ageing and 
compare with the reference alloys (the 6060 alloy and its leaner version). From TEM images 
and EELS thickness measurements, we obtain size and density statistics about the hardening 
precipitates in <001>Al orientations when the alloys are at, or just prior to peak hardness 
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conditions. Also, cross-sections from precipitates aligned in the viewing direction of the same 
conditions are investigated in more detail using high angle annular dark-field scanning TEM 
(HAADF-STEM), which is less affected by objective lens defocus and specimen thickness as 
compared to conventional HRTEM, hence consistently producing images of bright atomic 
columns against a dark background [23] [24]. Finally, density functional theory (DFT) is 
applied to investigate how the formation enthalpy changes when Li incorporates into '', in 
the purpose of understanding important structural observations.  

Experimental 
Composition measurements (see Table 1) of the alloys were performed by inductively 
coupled plasma atomic emission spectroscopy.  

The alloys were in the shape of cylindrical cast billets weighing 4 kg. They were 
homogenized for 3hours within 1-2 hours prior to extrusion, performed at a temperature of 
575 °C followed by air-cooling to room temperature (RT). The billets were heated to about 
540 °C before extrusion into solid cylinders of 2cm diameter.   

Cylindrical samples in lengths of 1 cm, cut perpendicular to the extrusion direction were heat 
treated according to the illustration in Fig. 1. Each sample was solution heat treated (SHT) at 
535 °C in an air circulating furnace for 5 minutes, where after it was quenched in water to RT 
immediately after removal from the furnace. Furthermore, the samples were naturally aged 
for 4 hours at RT before being artificially aged (AA) at 195 °C.  

Table 1 Alloy composition, effective solute (Seff) and solute reduction ∆S relative to RX0 

Alloy Sia  Mg  Cu  Li Fe  Mn  Seff b ∆Sc  
(- %) 

RX0 wt% 0.45  0.37  –  –  0.20  0.03  0.77  –  

RX0 at% 0.43 0.41 – – 0.10 0.015 0.80 – 

RX1 wt% 0.37  0.32  –  –  0.20  0.03  0.64  16.8 
RX1 at%  0.36  0.36  – – 0.10 0.015 0.66  16.7 
RXL0 wt% 0.440 0.290 –  0.026 0.20 0.030 0.71 9.1 
RXL0 at%  0.423  0.322 – 0.101 0.097 0.015 0.80 0.0 
RXLC1 wt %  0.370 0.320 0.050 0.006 0.200 0.030 0.70 9.1 
RXLC1 at %  0.356 0.356 0.021 0.023 0.097 0.015 0.71 11.3 
RXL1 wt % 0.420 0.270 – 0.013 0.200 0.030 0.65 15.6 
RXL1 at %  0.404 0.300 – 0.051 0.097 0.015 0.71 11.3 
a Effective Si available for precipitation (Si*) is 0.05 wt % less the tabulated amount [25]. b 

Effective solute Seff = Mg+Si*+Cu+Li. c Removed solute fraction as percentage of content in 
RX0 (AA6060 reference alloy). RX1 is the leaner reference. 'L’ and ‘C’ signify Li and Cu, 
respectively. 

Details of heat treatments and TEM sample preparation are described in [12], TEM 
specimens were made from samples subjected to AA for 4 hours (close to peak hardness). 
Thin slices cut perpendicular to the extrusion direction were mechanically polished using SiC 



4 

paper, to a thickness of approximately 100 μm. Disks of 3 mm diameter were stamped out 
from the foils and electrochemically thinned by a twin-jet Tenu-Pol 5 from Struers. The 
electrolyte consisted of 1 part nitric acid and two parts methanol, which was kept at 
approximately -25 °C by adding liquid nitrogen. 

Behind the statistics of the precipitate microstructure presented in Table 2 are particle counts 
together with length and cross-section measurements extracted from TEM images, for this 
purpose acquired in a Philips CM30 instrument operated at 150 kV. The average thickness 
for each imaged area was estimated using parallel electron energy loss spectroscopy 
(PEELS). For a more complete description of the procedure leading to the statistics in Table 
2, see [26]. In Table 2, the number densities and needle lengths are based on at least 1000 
needles distributed over 8 – 10 imaged areas. The needle cross sections are averages from a 
minimum of 100 cross sections. The volume fractions are within 95 % confidence intervals. 
Although statistics generally originates from (the centre of) one grain from each alloy only, 
we inspected multiple grains to ensure that the microstructure was representative. For alloy 
RXL0, the images indicated strong local variations with a significant spread in needle sizes 
and number densities. Therefore, results in Table 2 from RXL0 are averages obtained from 
three different grains from three separate TEM specimens. 

The HAADF-STEM images were acquired in a double corrected JEOL ARM200F, with 0.08 
nm probe size and an inner HAADF collection angle of 50 mrad. Single images were 
acquired at 200 kV. Movies consisting of approximately 40 images were taken at 80 kV to 
correct drift and distortions by use of the Smart Align software [27]. Since ‘Smart Align’ uses 
a stack of images to do simple image translation, affine corrections and non-linear distortion 
corrections, these resulting images are much closer to the “real” imaged lattice with respect to 
atomic positions than corresponding single scans, and have a much higher signal-to-noise 
ratio. A stack of about 40 scans was used to create each ‘Smart Align’ image. A collection 
angle of 35 mrad was used for the ‘Smart Align’ images. 

 

Fig. 1 Heat treatment overview. After quenching from solution temperature (535 °C), 
samples were held at RT for four hours before heated to the 195 °C artificial ageing 
temperature (at a rate 26 °C/hour). Vertical dotted lines indicate ageing times where water-
quenching to RT completed the ageing.    
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For DFT calculations we used the Vienna ab initio simulation package (VASP) [28] [29]. The 
projector augmented wave method (PAW) within the PBE generalized gradient 
approximation was applied, with a plane wave energy cut-off of 400 eV. Gamma-centred k-
points with maximal k-point distances of 0.25 Å-1 in each direction were used for all the 
calculations. Methfessel-Paxton of 1st order was applied to relax the atomic positions to a 
maximum force of 0.001 eV/Å. For accurate energies, a separate calculation was performed 
based on the tetrahedron method with Blöchl correction for smearing, which is explained in 
detail by Ninive et al. in [30]. 

3 Results 
3.1 Vickers hardness, TEM and precipitate statistics 

Fig. 2 gives the age-hardening response of all alloys including the two references, where 
Vickers hardness (HV) is presented as a function of ageing time. The HV curves of RX0 
(dense reference; originally used in industry) and RX1 (lean reference; reduced solute, but no 
additions) originate from an earlier study [12], but are presented here for comparison. The 
lean reference (RX1) ranges worst, the curve is well below all other alloys. RXL0 is a 
variation of RX0 with a quarter of Mg atoms substituted by Li, therefore containing the same 
amount of solute in atomic concentration. Table 2 shows the solute weighs 9.1 % less. The 
lithium addition in RXL0 compensates for the strength loss of the lean reference, reaching 
nearly identical peak hardness as the dense reference RX0, and even surpassing it for longer 
ageing times. The two other lithium added alloys, RXL1 and RXLC1, with slightly more 
solute than the lean reference, lay well above its curve. They show intermediate hardness 
values during the entire artificial ageing heat treatment. For longer ageing times RXLC1 is 
the more stable of the two alloys. 

The four TEM micrographs given in Fig. 3 show typical morphology and distribution of the 
precipitates in the alloys. For RXL0, while the precipitate distribution generally is similar in 
all observable grains in the same specimens, in one specimen [Fig. 3 (a)] the precipitates 
were much coarser [compare with Fig. 3(b)]. As exemplified by the horizontal needle above 
the scale annotation in Fig. 3(a), a high amount of the coarser precipitates in RXL0 had wavy 
contrast lines in this specimen.  



6 

 

Fig. 2 Vickers hardness plotted as a function of artificial ageing time at 195 °C. Note that the 
x-axis has a logarithmic scale. RX0 (top) and RX1 (bottom) signify the dense and lean 
reference alloys, respectively. Letters 'L' and 'C' indicate lithium and/or copper in an alloy 
(see Table 1). 

 

Fig. 3 TEM bright field images from each of the three Li-containing alloys at near peak 
hardness condition (4h AA at 195 °C). (a) RXL0, TEM specimen 1, (b) RXL0, TEM 
specimen 2 (c) RXL1 and (d) RXLC1.All images are taken along the <001>Al zone axis. The 
double contrast lines in the micrographs are needles along the two [100]Al directions in the 
viewing plane. The crystal directions are indicated by arrows in (c).  
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Intriguingly, Table 2 shows that the high hardness for alloy RXL0 corresponds to lowest 
precipitate number density and volume fraction. The precipitates in this alloy are largest, 
being on average longest and with highest cross-section area. 

Table 2 Precipitate statistics obtained after 4h AA at 195 ºC. Average precipitate cross 
sections, needle lengths, number densities and volume fractions with corresponding errors 
estimated from TEM micrographs. RX0 and RX1 are included for comparison [12].  

Alloy 

Cross 
Section       
[nm2] 

Needle 
Length    
[nm]

Number     
Density      
[#/μm3] 

Volume 
Fraction        
[%] HV 

RX0 24,0 ± 2,0 95 ± 5 3200 ± 400 {0.64, 0.80} 77
RXL0 17,5 ± 1,0 78 ± 3 3400 ± 400 {0.36, 0.43} 75 
RXLC1 16,9 ± 1,6 61 ± 5 6100 ± 700 {0.54, 0,71} 65 
RXL1 13,1 ± 0,7 56 ± 3 8000 ± 950 {0.53, 0.64} 65 
RX1 42 ± 4 243 ± 73 170 ± 50 {0.12, 0.19} 50 

3.2 HAADF-STEM and DFT 

Fig. 4 shows HAADF-STEM images recorded in <100>Al orientations showing cross-
sections of precipitates representative of the various alloys near the hardness maximum. The 
observed cross-sections showed nearly just β” structure, which means β” is the foremost 
hardening phase in all alloys.  

 

Fig. 4 Unprocessed HAADF-STEM images from (a) RXL0, the arrow points out a stacking 
fault along " ∥ 〈230〉  . The dashed lines indicate β”and β2” unit cells, (b) RXLC1, where 
bright Cu columns can be observed. Two Cu columns are pointed out by arrows. (c) RXL1, 
the dashed lines indicate a U2 region. The crystal directions, as indicated by arrows in (b), are 
the same in all three images. 

Among features frequently observed in precipitate cross-sections of RXL0, was a stacking 
fault running across the width, along the direction " ∥ 〈230〉 . Fig. 4 (a) shows one 
example. This stacking fault generates units of β2” across the cross section. In general, a high 
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occurrence of β2” has been found in the Li-containing alloys. Based on the results presented 
in this section, models of the β”-eyes are given in Fig. 5, with symbolic representation of 
elements given in Table 2. A significant amount of the Mg3 sites had a comparatively lower 
intensity than Mg1 and Mg2 sites in the HAADF-STEM images. Except for the Cu-
containing alloy RXLC1, Fig. 4(b), not many precipitates were disordered, and other phases 
than β” were practically non-present, although interfaces of β” often could contain small 
regions of the U2 structure, see left side of the precipitate in Fig. 4 (c). 

In RXLC1, a common triangular column group symmetry associated with Cu columns 
existed in several precipitate cross sections, exhibiting a high intensity in the HAADF-STEM 
images. Most cross sections contained a combination of fragments from both β” and Cu-
containing phases like Q’, C-plate and β’Cu [17]. Several precipitate cross sections contained 
only a few Cu columns, with the remainder being β”. Among the observed cross sections, 
those significantly smaller than the average presented in Table 2 incorporated no Cu columns 
at all. 

Three representative examples from the ‘Smart Align’ images are presented in Figs. 5 and 6, 
with atomic overlays. The original β” eye is shown in Fig. 5 (c) while the new model for Li-
containing alloys is given in Fig. 5 (d). The symbolic representation of elements in Figs. 5 
and 6 can be found in Table 3. 

Table 3 Symbolic representation of elements in Figs. 5 and 6. 
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Fig. 5 (a) ‘Smart Aligned’ image of a β” precipitate cross section in RXL0. (b) Partial atomic 
overlay  on the precipitate in (a), where a unit cell of β” is indicated by a white, solid lin 
parallelogram and a single β” – eye is indicated inside the white, dashed square. (c) The β”-
eye as described in previous studies [30], (d) β” – eye containing Li at Mg3 sites, directly 
comparable to the eyes of same heights in the β” – unit cell. The elemental composition of 
the eye is based on intensity variations in HAADF-STEM ‘Smart Aligned’ images and DFT 
simulations. See Table 2 for symbolic representation of elements and heights. 
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Fig. 6 ‘Smart Align’ HAADF-STEM images of two β” precipitate cross section in RXL0, 
showing a different orientation of the unit cells, as compared to Fig. 5 (a), marked by solid 
white lines. Single β” – eyes are also indicated inside the white dashed lines. Both 
orientations show less intensity at Mg3 sites, suggesting more Li occupancy. In (b) a stacking 
fault along " ∥ 〈230〉  is also present. See Table 2 for the symbolic representation of 
elements. 

Based on the findings presented above, DFT calculations of the β” (bulk) structure for 
various Li substitutions of the Mg sites was performed. The results are shown in Fig. 7. The 
curves show that a relatively high Li-occupancy at the Mg sites is energetically favourable. 
Substitution of Mg up to 60 % Li, i.e. to a formula Mg2Li3Si4Al2 seems to be the most 
favourable from Fig. 5, if the initial structure is Mg5Si4Al2.  
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Fig. 7 DFT calculations showing the formation enthalpy per atom (eV) as a function of Li 
substituting Mg at different sites in the β” eye. (a) Curves based on substitutions having 
Mg5Si4Al2 as the initial structure (β” with Al at Si3 sites). The blue pyramids correspond to 
the calculations presented in (b). (b) Curves based on substitutions having Mg4Si4Al3 as the 
initial structure (β” with Al at Mg1 and Si3 sites). The blue pyramids correspond to the 
calculations presented in (a). The formation enthalpy per atom is lowest for Mg at Mg1 sites 
up to about 60 % Mg substituted by Li. 

 

 

a) 

b) 
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4 Discussion 
 

4.1 Hardness, TEM and statistics 

RXL0 has the largest and most coarsely distributed precipitates of the three Li-added alloys, 
but also the highest hardness (see Table 2). According to previous investigations [12], the 
precipitate size correlating with maximum strength should fall between that of RXL0 and the 
two other alloys, RXL1 and RXLC1. One possible reason for this discrepancy is that RXL0 
showed a large variation in the precipitate sizes and densities from one TEM specimen to 
another, indicating the acquired statistics is not sufficiently accurate for interpreting 
macroscopic properties. Such variation could arise if TEM specimens are taken from varying 
distances to the surface of the extruded rods. However, here it was taken care to avoid 
preparing TEM specimens close to the surface. A better explanation lies with the high 
diffusivity of Li: Li is a fast diffuser towards the surface of the material during heat 
treatments in air, which means depletion may reach far into the material [16] [31]. This 
would in turn lead to lower concentration of Li in some TEM specimens, causing an excess 
of Si for precipitation and more Si rich phases. 

Another reason for the precipitate size and strength results could be a change in hardening 
mechanisms. Precipitates contribute to strength, since dislocations must pass them either by 
looping or cutting [32]. If the size distribution of the precipitate needles in RXL0 has reached 
a critical size, strength decreases both with larger and smaller precipitate needle sizes. A 
critical size will exist above which the strengthening mode changes to looping. Assuming 
similar interface energies for the precipitates in all three Li-added alloys (which is reasonable 
since the hardening phase is the same), we expect RXL0 to have a precipitate microstructure 
slightly larger than the critical size. Thus, such size should have a cross-section of about 15 
nm2 and a length of 70 nm, according to Table 2. However, according to previous studies the 
critical size of the related β’ phase should be much larger [33], which suggests we need to 
investigate the above mentioned mechanisms further. 

RXLC1 has better thermal stability than the similar, Cu-free, RXL1. Adding Cu to the alloy 
creates more disorder in the precipitate microstructure, which is evident for a majority of the 
observed precipitate cross sections in HAADF-STEM. The smaller precipitate cross sections, 
with respect to the size distribution, incorporate no Cu. The larger cross sections do however 
contain Cu columns. This could be due to precipitates containing Cu being more coherent, 
and has a higher probability of growing to larger sizes. Another possibility is that Cu diffuses 
more slowly than Si and Mg and does not take part in the precipitation and growth until after 
small needles of Si and Mg has already managed to form. For long ageing times, the 
reference alloy over-ages and becomes softer, while RXLC1 is comparatively more stable. As 
a consequence, the difference in strength between RXLC1 and the (stronger) dense reference 
RX0 becomes practically insignificant with time. 

Earlier results have shown that alloys containing a combination of Ge and Cu in small 
amounts can have strong refining effects on precipitates [12]. The precipitate number 
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densities in such alloys reach much higher values than alloy RX0, and have higher 
accompanying hardness, as less coherent needles act as more effective dislocation 
impediments. If both strengthening modes are active, the precipitate distribution, size and 
type have a well-tuned balance for optimising material hardness. We plan further 
investigations to pinpoint the reason behind the local variations in the precipitate sizes and 
numbers, and the correlation between coarser precipitates and high hardness, for the Li 
substitution of Mg. 

4.2 HAADF-STEM and DFT investigations 

Close inspection of Mg columns in Figs. 5 and 6 shows that nearly all Mg3 sites not close to 
an interface have significantly lower intensity than Mg1 and Mg2 sites in the same eye. In 
Al-Mg-Si alloys with no other solute additions, intensity in HAADF-STEM changes much 
less between different sites [30]. Consequently, the differences here are likely to stem from Li 
occupation, predominantly in Mg3 columns.  

From Fig. 7 we note that the lowest formation enthalpy configuration assuming an initial 
Mg5Si4Al2 composition has 60 % Li substitution of the Mg sites, causing the Mg1 and Mg3 
sites to fill up, while no substitution occurs at the Mg2 sites. Considering the low at % of Li 
added to the alloys, the Li occupancy is more likely to be below 20 % in Fig. 7. Filling Mg1 
sites first and then Mg3 and vice versa does not seem to matter. Both sequences result in the 
same low formation enthalpy per atom. Mg1 sites have the largest “energetic gain” per atom 
and the Mg2 sites have the lowest gain per atom. However, Mg3 columns have twice as many 
atoms as Mg1 for each unit cell, which is one of the reasons why the Mg3 site gains more 
than Mg1 in Fig. 7. 

From the experimental work, see Figs. 5 and 6, the low intensity at Mg3 sites appears 
systematic across the entire precipitate cross sections. However, less Li appear in Mg3 
columns when the ‘eyes’ are adjacent to the Al-lattice or the commonly occurring stacking 
faults along〈230〉 . The same effects are observed for a majority of the β” precipitate cross 
sections, suggesting that Li filling of Mg3 sites happens consistently for Li-added Al-Mg-Si 
alloys. One of the differences between Mg2 and Mg3 sites when considering the β” structure 
is that the Mg2 sites have slightly more symmetric surroundings. Mg3 sites have less space in 
their near vicinity than Mg2 sites, which suggests it is more favourable to fill these sites with 
Li, as Li has a smaller atomic radius than Mg [34]. That is, the need to create a column taking 
up less volume might be higher at Mg3 sites.  

The formation enthalpy per atom is significantly lowered when Mg1 sites are filled with Mg 
and not Al. It is possible that Li favours the “symmetric surroundings” at Mg1, because of the 
near-cubic symmetry with 12 nearest neighbours. The main conclusion is that it is most 
beneficial for Li to go to Mg3 and Mg1 sites first, while Mg2 sites are the last sites per eye to 
be replaced with Li. It is interesting that Mg1 sites are not exhibiting a darker contrast in 
HAADF-STEM considering the DFT results. We are planning quantitative STEM 
investigations to determine the Li occupation at different Mg sites in β”.   
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5 Conclusions 
The general objective in this work has been to investigate if strength in a 6060 alloy upon 
removal of a fraction of the solute Si and Mg can be maintained, either by less heavy 
elements or by adding back lower amounts of other solute. Replacing about a quarter of the 
Mg solute with Li (0.1 at %) showed Li entered the main strengthening phase β” without 
causing loss of strength. In fact, a slightly more temperature resistant alloy resulted. 
Replacement of a quarter of both Mg and Si with smaller and equal amounts of Li and Cu, 
whereby the weight fraction of solute was reduced by 9 % compared to its original value, 
resulted in a slight loss in strength. However, because of higher thermal stability, the loss 
approach zero after longer ageing times. Precipitate statistics acquired by conventional TEM 
enabled quantitative comparisons between the precipitate microstructures at peak hardness 
conditions. HAADF-STEM enabled comparison of the atomic structures. The alloy with 0.1 
at % Li-replacement showed a microstructure comparable with the reference 6060 alloy. 
However, unexpected variations between TEM specimens were found, which are suspected 
to be linked to rapid Li depletion during heat treatment in air. HAADF-STEM showed that 
practically all the precipitate needles were of β” type, with Li occupying a significant amount 
of the Mg3 sites of the structure. This result was fully supported by density functional theory 
calculations.  
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Abstract 
 
Effects of elastic strain on a 6060 Al-Mg-Si alloy during natural and artificial ageing or 1 % 
plastic deformation during natural ageing have been investigated. The elastic strain was kept 
at 50 % of the material yield strength. When applied at the beginning of natural ageing, 
elastic strain leads to an increase in tensile strength after artificial ageing, as compared to the 
unstrained material. By quantitative investigation of precipitate microstructure by 
transmission electron microscopy it was found an increased number density of finer 
precipitates in this condition. However, elastic strain does not seem to affect the precipitation 
when applied at other stages of the heat treatment. By comparison, for all heat treatment 
combinations, 1 % plastic deformation leads to increased hardness and tensile strength after 
artificial ageing due to introduction of dislocations. The highest tensile strength was 
measured for materials subjected to both elastic strain and plastic deformation combined.  

1 Introduction 

The development of aluminium alloys, and in particular that of 6xxx Al-Mg-Si alloys used 
for extrusion has become increasingly specialised. Such specialisation has resulted in 
materials which are competitive within the different standards of Europe, Asia and the US. It 
is possible to tailor material properties and extrudability based on improved understanding 
and control of alloy composition, thermo-mechanical processing and precipitate formation.   

 
The main characteristic of Al-Mg-Si (-Cu) alloys is their ability to age harden. This 
characteristic is defined by a large increase in strength due to the formation of metastable, 
semi-coherent, nano-sized precipitates in the Al matrix as a consequence of artificial aging 
(AA) at temperatures usually between 150 °C to 200 °C [1, 2]. For a given alloy composition, 
combination of aging temperatures and holding times, different precipitate microstructures 
occur. The microstructures can be characterised by precipitate number density, size 
distribution, volume fraction and precipitate type. Each precipitate type has a specific crystal 
structure, composition, and characteristic interface with the Al matrix and may be optimised 
for certain alloy compositions and thermo-mechanical treatments. Precipitates influence the 
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overall ability of the Al matrix to obstruct dislocation movement, which is of great 
importance to macroscopic properties, like strength and ductility.   
 
The final steps of a conventional heat treatment involve a solution heat treatment (SHT) at a 
high temperature above the solvus line of the system, a rapid cooling to room temperature 
(RT) and storage at RT (i.e. natural ageing, NA), followed by AA. The purpose of SHT is to 
dissolve the (Mg, Si) particles of the alloy so that the Mg and Si atoms from these particles 
are substituting positions in the Al lattice. In the extrusion process of lean Al-Mg-Si alloys, it 
is the extrusion process itself that serves as SHT, since the temperature of the material is 
brought well above the solvus temperature of Mg and Si. If the material is cooled rapidly, Mg 
and Si become supersaturated in solute, and unstable. With the help of simultaneously 
quenched-in supersaturation of vacancies, the solute atoms obtain sufficient mobility already 
at RT in order to form atomic clusters [3]. Increased AA temperature causes the 
microstructure to evolve and precipitate types change from coherent matrix-like to 
semicoherent and finally to incoherent, equilibrium phases. The transition of precipitate types 
is generally described by a precipitation sequence, which for the Al-Mg-Si system can be 
written as: 

SSSS → atomic clusters [1, 3, 4] → GP-zones (pre - ") [5] → " [6, 7] → ' [8], U1 [9], U2 
[10], B' [11] → , Si (equilibrium) 

where SSSS is super saturated solid solution and GP-zones is Guinier-Preston zones.  
 
The precipitate types regarded as most beneficial for material strength are GP-zones and β" 
[1, 2]. The post-β" phases β', U1, U2 and B' form upon over-aging. They give coarse 
microstructures characterised by low number densities of large precipitates, associated with a 
loss in strength [2, 12]. U1, U2, and B' are also known as types A, B and C respectively [13]. 
Previous work has found evidence of two types of atomic clusters, with ability to either 
prevent or promote precipitate nucleation during subsequent aging [3]. It has been shown that 
a storage at RT is detrimental for the formation of hardening precipitates in the case of dense 
alloys (with Mg + Si solute levels above 1 at %), while it is beneficial in the case of lean 
alloys [1, 14, 15]. It has been found that the promoting clusters form in denser alloys by 
performing a prebake at low temperatures (70 - 120 °C) prior to AA [16, 17]. 
 
All the metastable precipitates in the Al-Mg-Si (-Cu) system have one main coherency 
direction, parallel to the <100> Al directions. As a consequence, the precipitates assume the 
shape of needles, rods or laths elongated in one of the three directions. Therefore, all 
transmission electron microscopy (TEM) images used in this work were taken with the grains 
oriented along <100> Al directions, where approximately 1/3 of the needles can be observed 
in cross-section and 2/3 perpendicular to their lengths. 
 
A dramatic change in precipitation has been observed to take place during AA in alloys 
which have been deformed during NA, or if AA and deformation are performed 
simultaneously [18, 19], relative to non-deformed alloys. Instead of homogeneous nucleation, 
in these cases precipitation occurs preferentially at the introduced dislocations leading to very 
inhomogeneous microstructures. Since dislocations are known to provide fast diffusion paths 
for the solute atoms, precipitation and growth are enhanced and peak hardness will be 
reached sooner. Accelerated kinetics shifts the precipitation sequence to the left, causing a 
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post-β" type microstructure to nucleate sooner, that is, microstructure associated with 
overaging of the material. Overall, the strength during AA of the deformed material can be 
higher even if the net contribution from the precipitates is lower, because of strength induced 
by the dislocations themselves.  
 
Changes in precipitate microstructure and mechanical properties in [18, 19] were well 
documented for a relatively high deformation level of 10 %. However, studying lower 
deformation levels is of utmost relevance. In the extrusion plant, the extruded profiles are 
straightened by stretching to plastic deformation in the range 0.5 – 1 % prior to age 
hardening. Industrial experience shows that such deformation has a measurable effect on the 
precipitation kinetics during AA. 

In recent years, the knowledge of nucleation of precipitates in Al-Mg-Si alloy has been 
greatly enhanced, and it is clear that minute changes in alloy composition and process 
conditions may influence cluster formation and formation of the various precipitate types. 
Thus, it is of interest to investigate whether elastic strain, which will slightly alter the spacing 
between atoms in the lattice of the Al matrix, may have any detectable effect on the 
precipitation when applied either at the clustering stage (during NA) or at the early stage of 
AA. 

In this work a lean 6060 alloy subjected to different combinations of elastic strain and 1 % 
plastic deformation during NA or AA at 160 °C has been investigated and compared to a non-
deformed reference alloy. The hardness and yield strength were measured and discussed in 
connection to the precipitate microstructure investigated by TEM. Accordingly, the paper 
contains four parts: the investigation of the effect of plastic deformation combined with 
elastic strain, the effects of elastic strain alone, the precipitate microstructure investigated by 
TEM, and finally a discussion part. 

 
2    Experimental and results  

The alloy in this study was provided by Hydro Aluminium, Norway, in the shape of extruded 
profiles with a rectangular cross section with dimensions 5 x 40 mm2.  The profiles were 
extruded from  95 mm extrusion billets at an 800 ton laboratory press at SINTEF, 
Trondheim. The billets were heated to 540 °C in order to dissolve all (Mg, Si) - particles, 
then rapidly cooled to 500 °C just prior to extrusion. The extruded profiles were quenched 
into water just after the die exit in order to eliminate formation of new (Mg, Si) - particles. By 
this procedure, the required solution heat treatment is limited to 5 min at 500 °C and the 
possibility of grain growth during SHT of the extruded profiles is minimised. The chemical 
composition of the alloy used in all experiments is given in Table 1. The extruded profiles 
have a recrystallized grain structure, with an average grain size of approximately 100 μm. 

Table 1: Chemical composition of the alloy in wt %. 

Mg Si Fe Mn Al 
0.37 0.41 0.04 0.05 Bal. 
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Tensile test samples were machined from the extruded profiles into two different geometries 
referred to in Fig. 1 as “large” (a) and “standard” (b), both with a thickness of 3 mm. To 
avoid influence on hardness measurements from possible surface layers of different grain 
structures, the samples were ground from 5 mm to 3 mm. Because TEM specimens had to be 
made with their normal parallel to the extrusion direction, the larger sample thickness was 
more convenient for TEM specimen preparation. Additional standard tensile test samples for 
TEM specimens were therefore made with the same geometry as in Fig. 1 (b), but with full 
thickness of 5 mm. A detailed explanation of the thermomechanical treatment and sample 
preparation is given in sections 2.1 and 2.2. 

 

 

 

 

 

 

 

Fig. 1: Sketch of tensile test sample geometries used in the experiments: (a) large tensile test samples, (b) 
standard tensile test samples. All numbers are given in mm. The sketches are not to scale.  

 
2.1 Influence of plastic deformation and elastic strain on subsequent age hardening 

Fig. 2 shows the different thermo-mechanical processes used to investigate the influence of 
plastic deformation and elastic strain applied at different stages during heat treatment. In all 
cases, the SHT was 5 minutes at 500 °C in a salt bath, followed by water quench (W in Fig. 
2) to RT. The samples were naturally aged for 24 h and artificially aged for 26 h at 160 °C in 
an oil bath. The heat treatment described in Fig. 2 (a) will be referred to as the reference 
sample, with no elastic strain or plastic deformation introduced. The reference samples were 
cut in lengths of 20 mm, perpendicular to the extrusion direction. In Fig. 2 (b) samples were 
subjected to elastic strain for 1 h immediately after quenching from SHT, while in Fig. 2 (c) 
samples were subjected to 1 % plastic deformation after quenching from SHT. As previously 
mentioned, plastic deformation to the equivalent of 0.5 – 1 % engineering strain is commonly 
used to straighten extruded profiles before AA. Combinations of plastic deformation and 
elastic strain are represented in Fig. 2 (d) and (e), where 1 % plastic deformation was 
introduced immediately after quenching from SHT, followed either directly by elastic strain 
and 24 h NA or by 24 h NA prior to elastic strain. The nominal strain rate of the plastically 
deformed samples was 10-2 s-1, using a 25 mm extensometer.  
 
The yield strength prior to elastic straining was determined first, as elastic strain was carried 
out at 50 % of the yield strength for the heat treatments given in Fig. 2 (b, d, e). Standard 
tensile specimens were used, and 50 % of the yield strength was determined as 18 MPa, 19 
MPa, and 28 MPa for the conditions shown in Fig. 2 (b), (d), and (e), respectively. Two 
tensile specimens were used for each of the three tests in an MTS810 hydraulic test machine, 
and the nominal strain rate was 10-3 s-1. An enlarged view of the elastic regions of the stress-

a)

b)
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strain curves corresponding to the tensile tests prior to elastic straining as described in 
paragraphs 2.1 and 2.2 is presented in Fig. 3. 
   
Standard tensile specimens were used for each of the different procedures shown in Fig. 2 (b-
e), three parallel tensile tests were performed for each condition. Full stress-strain curves of 
the final conditions in Fig. 2, corresponding to AA for 26 h, were determined using a 
standard tensile testing set-up in an MTS810 hydraulic test machine operated at an initial 
nominal strain rate of 10-2 s-1, equipped with a 25 mm extensometer. Full stress strain curves 
of the final conditions are plotted in Fig. 4.  
 

 
Fig. 2: Description of heat treatments where plastic deformation/strain (PS) was applied in combination with 
elastic strain (ES). A holding time of 1 h was chosen for elastic strain. The artificial aging was 26 h at 160 °C 
for all conditions. The heat treatment in (a) provides the reference. The red brackets with arrows indicate when 
the stress-strain tests in Fig. 3 were performed.  
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Fig. 3: Enlarged view of the elastic regions of the stress-strain curves corresponding to the tensile tests 
performed prior to ES as described in paragraphs a) 2.1 and b) 2.2. The corresponding points in the heat 
treatment are indicated in Fig. 2 with red brackets and arrows. 

Fig. 4: Stress-strain curves corresponding to the heat treatments shown in Fig. 2. Three independent runs were 
performed for each condition. The insert shows σmax, the ultimate tensile strength, and σ0.2, the yield strength at 
0.2 strain. Referring to Fig. 2 (a-e), heat treatments give three categories of strength: low (a), medium (b, c) and 
high (d, e). 
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The following can be concluded from the stress-strain curves in Fig. 4: 
 
- The curves fall into three classes of strength: low (a), medium (b, c) and high (d, e). 
 
- The yield strength of the reference sample (a) is lowest. Therefore, in comparison elastic 
strain (b), plastic deformation (c), or the combination of the two (d, e), increase the material 
strength after AA. Since a similar effect is absent in Fig. 5, where elastic strain was applied at 
the end of NA, it seems probable that elastic strain only enhances nucleation when performed 
directly after quick cooling (water quench), at the beginning of NA. At this point the matrix is 
in its most unstable state, being supersaturated in solute and vacancies and is more likely to 
be affected. When elastic strain is performed at the end of NA, clusters have already formed 
and the effect becomes negligible. 
 
- The yield strength in curves (b) and (c) are similar, as are the ones in (d) and (e) with the 
highest values. This observation, together with the one above, show that strength increases 
with the amount of straining/ deformation applied to the material, i.e. reference → elastic 
strain → 1 % plastic deformation → elastic strain + 1 % plastic deformation.  

2.2    Influence by elastic strain on subsequent age hardness  

The influence of elastic strain on hardness evolution during aging has been investigated, 
where elastic strain was applied during NA or at the beginning of AA. The unstrained 
reference samples, each of dimension 15 x 15 x 5 mm3, were cut from the extruded profiles. 
One piece was produced for each of the conditions as described below. The samples were 
ground from both sides to limit influence from extrusion marks/ effects and contamination 
etc. The pieces were given a SHT at 500 °C for 5 minutes in a salt bath, followed by water-
quench (constituting condition 'W' in Fig. 5) and NA for 24 hours, before AA in an oil bath at 
160 °C for 3 h, 7 h, 26 h and 11 days. Vickers hardness (HV) was measured within minutes 
for the 'W' condition in order to quantify the effect of atomic clusters forming during NA. HV 
was also measured after 24 h NA and after each AA time. In all cases, a DuraScan 70 
machine from Struers was used with 1 kg load. Each HV data point is the average of six 
indentations with corresponding standard error [21]. In all cases, the hardness was measured 
on the surface of the extruded profiles, perpendicular to the extrusion direction. Fig. 5 gives a 
graphical representation of the thermomechanical treatment for all conditions and 
corresponding HV as a function of AA time. 
 
The elastic strain was carried out at stress levels corresponding to 50 % of the yield strength, 
which had to be determined before the actual heat treatments could be carried out. For this 
purpose, two standard tensile specimens with dimensions given in Fig. 1 (b) were given a 
similar SHT as above, followed by water-quench and 24 h NA, after which they were tested 
at RT using an Instron tensile test machine, model no 1125. The tensile tests were performed 
according to [22]. Two other tensile specimens were subjected to the same heat treatment, 
with the difference that they had been tested in an air circulation oven at 160 °C immediately 
after 24 h NA. The tests at elevated temperature were performed according to [23]. A low 
nominal strain rate of 10-3 s-1 was used for both tensile tests. A yield strength of about 50 
MPa was measured for both parallels in all tensile specimens. Following these measurements, 
the effect of elastic strain on hardness during subsequent AA was measured in the following 
way: 
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Three of the large tensile specimens (see Fig. 1 (a)) were given a SHT of 5 minutes at 500 °C 
in a salt bath, followed by water quench and 24 h NA, after which they were elastically 
strained to 25 MPa using a strain rate of 27 N/s. During NA, three specimens were held for 
10 minutes, 1 h and 5 h respectively, after which hardness was measured, see the red arrows 
in Fig. 5 (a, c). Four small samples with dimensions 5 x 13 x 3 mm3 were then cut from the 
gauge area of each of the elastically strained specimens and further artificially aged in an oil 
bath at 160 °C for 3 h, 7 h, 26 h and 11 days. In Fig. 5 (a) the AA times (red font) indicate the 
conditions chosen for TEM investigations, corresponding to 24 h NA + 1 hour elastic strain, 
followed by 26 h and 11 days of AA. In addition, TEM analysis was performed for the same 
AA times in the case of the unstrained reference sample. The hardness evolution for all 
conditions is shown in Fig. 5 (c). 
 
 

Fig. 5: Description of heat treatments with elastic strain (ES) applied during NA at RT (a) and at the beginning 
of AA (b). Holding times during ES and AA are indicated. Hardness evolution during AA are shown in (c) and 
(d) for the heat treatments in (a) and (b) respectively. Conditions chosen for TEM analysis are written in red text 
in (a, b) and their respective hardness indicated by large squares in (c) and (d). Red arrows indicate conditions 
and hardness just after ES. 'W' represents the condition and hardness of the reference sample after water-
quenching from SHT. Green arrows in (a) and (b) indicate where the tensile tests presented in Fig. 3 were 
performed. 

Another three large tensile specimens were given a SHT of 5 minutes at 500 °C in a salt bath, 
followed by water-quench and 24 h NA, after which they were brought to 160 °C in an air 
circulation oven and elastically strained to 25 MPa using a strain rate of 27 N/s. The three 
specimens were kept at 50 % of the yield strength at 160 °C for 10 minutes, 1 h or 5 h 
respectively, after which they were quenched in water to RT. Pieces of dimension 5 x 13 x 3 
mm3 each were cut from their gauge areas and HV was measured (see red arrows in Fig. 5 (b, 
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d)). Subsequently, the samples were placed in an oil bath at 160 °C for AA. The total holding 
time at the AA temperature (including the time needed for elastic straining) was 3 h, 7 h, 26 h 
and 11 days. A graphical representation of this heat treatment is shown in Fig. 5 (b) and the 
hardness evolution for all conditions is shown in Fig. 5 (d). The times in red font in Fig. 5 (b) 
indicate the conditions chosen for TEM investigations. The two conditions correspond to 
elastic strain for 1 h at 160 °C followed by (i) AA for 25 hours at 160 °C until a total 26 h at 
160 °C, and (ii) followed by AA for 263 h at 160 °C, that is, a total of 11 days at 160 °C. The 
hardness corresponding to specimens selected for TEM investigations is shown in Fig. 5 (d). 
The red arrows in Fig. 5 (b, d) indicate the conditions at the end of the elastic straining time 
with corresponding hardness.  
 
Based on the information in Fig. 5 the following observations can be made regarding the 
hardness evolution of the investigated conditions: 
 
- The difference in hardness between condition 'W' and after 24 h NA in the case of the 
reference sample indicates an effect of atomic clustering during NA, see 'W' and red arrows 
in Fig. 5 (a, c). Some samples subjected to elastic strain show a slightly higher hardness after 
NA as compared to the reference sample, see Fig. 5 (c). This may be attributed to the effect 
of longer NA time because of the additional elastic strain, or internal variations in the 
material. 
 
- The hardness during AA of all conditions subjected to elastic strain shows no clear 
differences from the reference. The elastically strained and reference conditions have a 
hardness peak after 26 h AA, after which hardness decreases, indicating the start of over-
aging. Samples where elastic strain was performed during NA and samples where it was 
performed during AA both show similar evolution in hardness, although the peak hardness is 
slightly higher in the latter case. This difference is not larger than what could be attributed to 
statistical variations in the sample material. The holding time during elastic straining also 
does not affect the hardness evolution much during AA, although the spread in hardness as 
function of holding time of elastic strain is slightly higher in the case of elastic strain being 
performed during NA. 
 

2.3    TEM investigations 

In order to investigate the effects of 1 % plastic deformation, elastic strain or the combination 
of the two on precipitation, TEM specimens were prepared from the conditions listed below:  
 
- The unstrained reference condition corresponding to AA for 26 h and 11 days, see Fig. 2 
(a). These conditions will be referred to as Ref. 26 h and Ref. 11 d. 
 
- Conditions corresponding to 24 h NA + elastic strain for 1 h during NA, followed by AA at 
160 °C for 26 h and 11 days, see Fig. 5 (a, c). These conditions will be referred to as RT_ 1 h 
+ 26 h and RT_1 h + 11 d. 
 
- Conditions corresponding to NA for 24 h + elastic strain for 1 h at 160 °C followed by AA 
at 160 °C for 25 h and 263 h, see Fig. 5 (b, d). These conditions will be referred to as 160 °C 
_ 1 h + 25 h and 160 °C _ 1 h + 263 h. 
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- Conditions with a final AA for 26 h at 160 °C corresponding to the heat treatments 
described in Fig. 2 (b - e). These conditions will be referred to with the respective figure 
numbers. 
 
Standard tensile specimens with the same geometry as shown in Fig. 1 (b) were used for this 
purpose, but with 5 mm thickness instead of 3 mm. The profile thickness of 5 mm was 
chosen to make disks with 3 mm diameter for the TEM specimens; these were punched out 
along the extrusion direction, from transversally cut slices. The disks were ground down to a 
thickness of 70-150 μm, after which they were electropolished using a Struers Tenu-Pol 5 
electropolisher. The electrolyte consisted of one part HNO3 and two parts methanol. The 
solution was kept at temperatures ranging from -25 °C to -30 °C by adding liquid nitrogen. 
The transmission electron microscope (TEM) used in this work was a Philips CM30, operated 
at 150 kV. TEM film negatives were used to obtain measurements of average precipitate 
needle lengths, cross sections, number densities and volume fractions. A Gatan parallel 
electron energy loss spectrometer (PEELS) was used to determine the thickness of the 
imaged areas. The method used for acquiring the quantitative results can be found in full 
detail elsewhere [2, 20].  
 

 
Fig. 6: TEM micrographs taken along a <100> zone axis, in areas with similar thicknesses. (a) Ref. 26 h; (b) 
160 °C_ 1 h + 25 h (c) 160 °C_ 1 h + 263 h. 
 
The quantitative results for average needle lengths are based on measurements of at least 
1000 needles for each condition, while the average cross sections are calculated based on 
about 150 cross sections. All TEM micrographs were acquired along a <001>Al zone axis 
because of the preferential orientation of the metastable precipitates. Example TEM 
micrographs are shown in Fig. 6. It can be seen that the precipitation is reasonably 
homogeneous, in spite of some long precipitate needles. The quantified precipitate 
parameters are given in Table 2. 
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Table 2: Precipitate parameters for the conditions investigated by TEM. The volume fraction of precipitates has 
a 95 % probability of being within the intervals shown. 
Condition # Density  

[#/μm-3] 
Length 
[nm] 

Cross Section  
[nm2] 

Volume Fraction  
[%] 

Ref. 26 h 19600 ± 1600 34.1 ± 1.6 9.0 ± 0.3 (0.56, 0.67) 

RT_1 h + 26 h 15300 ± 1700 34.3 ± 0.3 9.4 ±0.4 (0.47, 0.54) 

160 ºC _1 h + 25 h 15700 ± 1600 28.7 ± 0.5 9.5 ± 0.3 (0.41, 0.47) 

Fig. 2b 24500 ± 2700 29.9 ± 2.6 8.2 ± 8.2 (0.54, 0.66) 

Fig.2c 17900 ± 1900  31.0 ± 1.2 8.4 ± 0.3 (0.44, 0.52) 

Fig. 2d 16662 ± 1700 35.3 ± 0.3 9.2 ± 0.3 (0.52, 0.60) 

Fig. 2e 16599 ± 1900 39.3 ± 2.8 8.6 ± 0.3 (0.51, 0.62) 

Ref. 11 d 11900 ± 1400 48.8 ± 4.1 14.9 ± 0.6 (0.79, 0.96) 

RT_1 h + 11 d 12900 ± 1600 48.0 ± 4.1 14.9 ± 0.8 (0.83, 1.02) 

160 ºC _1 h + 263 h 11300 ± 600 55.4 ± 2.3 13.8 ± 0.6 (0.77, 0.91) 

 
To investigate whether the hardening effect could be explained solely by precipitation 
hardening, dislocation densities were also examined. Six TEM micrographs were taken for 
three different heat treatment conditions at low magnification. The three conditions chosen 
were the reference sample as given in Fig. 2 (a), the elastic strain during NA sample as given 
in Fig. 5 (a) and finally the sample which was subjected to both plastic deformation and 
elastic strain during NA, Fig. 2 (e). These samples were chosen in order to compare 
dislocation densities and possible recovery processes as a consequence of the heat treatments 
they were given.  
 
The samples were tilted slightly away from the same zone (<100> Al) where images of the 
needles were taken, as this turned out to give the best contrast between dislocations and the 
matrix. The micrographs were taken at the same TEM sample thickness of approximately 220 
nm, and are shown in Fig. 7. The thickness was verified by using (P)EELS for each new area. 
 
Fig. 7 gives the impression that the dislocation density is lowest for the reference sample in 
(a). No cell or subgrain formation is visible from the six micrographs taken at this condition. 
The six micrographs in Figs. 7 (b) and 7 (c), show some cell formation in certain areas, with 
the most obvious cell formation in Fig. 7 (c).  
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Fig. 7: TEM micrographs of dislocation densities for approximately 220 nm thick areas of the samples: (a) Heat 
treated according to Fig. 2 (a). (b) Heat treatment according to Fig. 5 (a). (c) Heat treatment according to Fig. 2 
(e). 

In some areas annihilation of dislocations within cell walls seems to have started. Fig. 8 is a 
higher magnification from one of many small areas relatively free from, but surrounded by 
dislocations, illustrating what could be the start of a cell forming in (a) and an example of a 
B’ precipitate cross section in (b) which has nucleated on one of the dislocation lines. 

    

Fig. 8: TEM micrographs of (a) apparent cell formation in the material and (b) Precipitate forming on a 
dislocation line which is part of the cell wall in (a). The red lines indicate a periodicity of 10 Å, typical for the 
B’ phase. The heat treatment was performed according to Fig. 2 (d). 

a) b) 
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3    Discussion 

When comparing the values of 50 % yield strength measured just before elastic strain in the 
case of Fig. 2 (b, d, e) and Fig. 5 (a, b), several observations can be made: 
 
- The yield strength after NA for 24 h (Fig. 5 (a)) was 25 MPa, while the lower value 18 MPa 
was measured just after SHT and water-quench, see Fig. 2(b). We believe this difference 
reflects how atomic clustering during NA increases the yield strength of the material. This 
effect can also explain the yield strength difference between conditions 'W + 1 % plastic 
deformation' (19 MPa) and ‘W + 1 % plastic deformation + 24 h NA’ (28 MPa), see Fig. 2 (d, 
e). 
 
- A yield strength of 28 MPa was measured for the condition in Fig. 2 (e), after 1 % plastic 
deformation followed by 24 h NA. When comparing with the 25 MPa (Fig. 5 (a)), we assume 
this difference to be caused by dislocations introduced during plastic deformation in the latter 
case. 
 
- 18 MPa was measured for the case of Fig. 2 (b), and 19 MPa for the case of Fig. 2 (d). As 
the only significant difference is 1 % plastic deformation introduced in the latter case, the 1 
MPa deviation in strength may again be caused by introduced dislocations. Since this 
deviation is less compared to the yield strength measured after 24 h NA (~ 3 MPa), it may 
imply that introduced dislocations are greater assets for material strength when in an 
environment where atomic clusters have formed, compared to being in a random solid 
solution. It could be reasoned that, since dislocations provide preferable nucleation sites 
during AA [18, 19], they also may aid atomic cluster formation during NA. 
 
The following observations can be drawn by comparing the precipitate parameters in Table 2 
with the hardness and yield strength evolutions shown in Figs. 3, 4 and 5: 
 
A decrease in precipitate number density coupled with an increase in average needle length, 
cross-section and volume fraction is observed when comparing 26 h and 11 days of AA (see 
Fig. 5), which is a common trend relating to microstructure coarsening due to overaging [2, 
12].  
 
When observing the yield strength of the conditions in Fig. 4 it can be seen that all strained 
conditions give higher strength than that of the un-strained reference. This indicates that the 
finest microstructure, corresponding to Fig. 2 (b), could be the result of enhanced 
precipitation due to the formation of favourable atomic clusters during NA. This could mean 
that formation of such clusters is enhanced or that the clusters are stabilized during elastic 
straining of the material. It can be observed that this effect becomes weaker when 
dislocations are introduced during 1 % plastic deformation, see Fig. 2 (b - e) and 
corresponding yield strength in Fig. 4. 
 
Fig. 7 shows the dislocation distribution in a reference sample, a sample with elastic strain 
introduced during NA and a sample subjected to both plastic deformation and elastic strain 
during NA. It is evident that the energy stored in the reference sample material is insufficient 
for any significant recovery processes to start, as can be seen in Fig. 7 (a). This is consistent 
with the sample not being subjected to any strain during ageing. Knowing that recovery can 
also be caused by the energy stored after quenching from the high SHT temperature, in this 
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case it does not seem to have provided a high enough driving force for the process to start. It 
can be argued that the elastically strained sample shown in Fig. 7 (b) has a slightly higher 
dislocation density than that of 7 (a) and in some areas the driving force of recovery seems to 
have been high enough for the formation of tangled cell walls to form, which is the pre-stage 
of formation of low angle subgrain boundaries [24]. In Fig. 7 (c) a higher density of cells is 
present, forming a typical subgrain structure. Since this sample was plastically strained 
during NA it is to be expected that the driving force for recovery is higher than for the  
previously discussed samples in Fig. 7 (a) and 7 (b). 
 
The observations discussed above lead to the conclusion that the main contributor to 
increased strength when 1 % plastic deformation is applied, when comparing to the reference 
sample, is not precipitation hardening, but the introduced dislocations. It is interesting to note 
that the highest yield strength was achieved for a combination of elastic strain and plastic 
deformation which, according to Table 2, cannot be attributed to precipitation hardening. 
Therefore, increased energy storage in samples where plastic deformation is combined with 
elastic strain appears to be the reason behind the increased hardness, which is associated with 
dislocation density and recovery.  
 
4    Conclusions 

The effects of 1 % plastic deformation, elastic strain, or a combination of the two on 
hardness, yield strength and precipitate formation have been investigated for an AA6060 
alloy.  

It was found that by applying elastic strain at the beginning of NA finer, denser precipitate 
microstructures formed during AA, which relates to increased yield strength in these 
conditions. The increased strength indicates that elastic strain in this case must promote the 
formation of favourable atomic clusters during NA. This strengthening effect was not found 
when 1 % plastic deformation was applied at the beginning of NA, or when elastic strain was 
applied at the end of NA or during the AA. Also, no increase in precipitate number density 
was found when elastic strain and 1 % plastic deformation were combined. Therefore, in all 
cases when plastic deformation was applied the strength increase must have been caused by 
the effect of introduced dislocations. Corroborating these results, an enhanced dislocation 
density was observed by TEM in the conditions where plastic deformation was applied. An 
increased density of dislocations related to a slightly lower precipitate number density after 
AA, as compared to an unstrained reference. It is suggested that a higher fraction of 
precipitates nucleated on the introduced dislocation lines, leading to faster overaging. The 
strength increase was highest when plastic deformation was combined with elastic strain, 
which could be associated to increased energy stored in the system leading to accelerated 
recovery and formation of dislocation cells.        
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Abstract

The in situ thermal migration of alloying agents in an Al-Mg-Si-Li alloy is studied using surface

sensitive photo-electron and electron diffraction/imaging techniques. Starting with the prepara-

tion of an almost oxide free surface (oxide thickness = 0.1 nm), the relative abundance of alloying

agents (Mg, Li and Si) at the surface are recorded at various stages of thermal annealing, from room

temperature to melting (which is observed at 550◦C). Prior to annealing, the surface abundances

are below the detection limit � 1%, in agreement with their bulk concentrations of 0.423% Si,

0.322% Mg and 0.101% Li (atomic %). At elevated temperatures, all three alloying agents appear

at drastically increased concentrations (13.3% Si, 19.7% Mg and 45.3% Li), but decrease again

with further elevation of the annealing temperature or after melting. The temperature at which

the migration occurs is species dependent, with Li migration occurring at significantly higher tem-

peratures than Si and Mg. The mechanism of migration also appears to be species dependent with

Li migration occurring all over the surface but Mg migration being restricted to grain boundaries.
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Aluminium is one of the lightest and most abundant solid elements on earth, and has

therefore attracted much attention for weight-conscious applications. In its pure elemental

form, aluminium is a soft and malleable metal which is poorly suited to applications where

strength is required. However, for more than a century, the inclusion of small quantities of

alloying agents (in particular, magnesium and copper) has been shown to favorably modify

aluminium’s strength and hardness1,2. Whilst the initial development of aluminium alloys

was driven by the need for light but strong airframes for lighter-than-air flight3, aluminium

alloys soon attracted attention for a wide range of weight-restrictive applications, including

heavier-than-air flight, high performance motor vehicles, bicycles, and space vehicles. Very

early on, aluminium alloys such as duralumin were also employed in medicine, notably as

surgical splints and implants1,4, where not only their weight and strength were important,

but additionally, their low atomic number did not hinder diagnosis using the emergent X-ray

radiographic techniques of the time5. Whilst radiology has developed dramatically over the

last century, aluminium alloys are still of central importance; not only is their weight-to-

strength ratio important, additionally their non-magnetic nature makes them well suited to

high-field environments such as magnetic resonance imaging6.

Whilst the alloying of aluminium began over a century ago, the parameter space is enor-

mous and time consuming to explore. The wide choice in alloying agents (i.e. Cu, Mg, Mn,

Si, Sn, Zn, Fe, Cr, V, Ti, Bi, Ga, Ge, Pb, Zr, Sc, and countless combinations thereof),

mechanical processing treatments (i.e. deformation and work hardening) and thermome-

chanical treatments (i.e. heating time and rate, quenching and thermal cycling) all play an

important role in the complex mechanisms responsible for the physical properties of the

alloy. For example, in wrought alloys which have small amounts of Mg and Si as the main

alloying agents (also known as 6000-series, or 6xxx, alloys) the strength has been shown to

increase as a result of the aggregation of nano-sized metastable precipitate needles during

age hardening, where the strength of the material usually peaks when the majority of the

needles are of the so-called β′′ type.7

Recently lithium has also attracted attention as a solute addition, as it is exceptionally

lightweight and has been shown to improve the age-hardening response and thermal sta-

bility of Al alloys8. However it is believed that during the hardening process a significant

proportion of Li migrates to the surface, leaving less Li available for the precipitation of

hardening phases.9 On the other hand, migration to surfaces and grain boundaries may be
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advantageous for electrochemical applications and for corrosion resistance10. An extreme

example of surface migration causing corrosion resistance is the formation of graphene from

bulk impurities on a range of reactive metal surfaces11,12, giving rise to a single-atom-thick

inert and corrosion resistant coating with a broad range of potential applications13,14. It is

therefore interesting to understand which bulk species agents migrate towards the surface

and/or grain boundaries of the material and the thermal dependency of these mechanisms.

In this study we utilise experimental techniques based on photo-electron emission to

study the migration of alloying agents during in situ thermal annealing. Specifically, we use

X-ray photo-emission spectroscopy (XPS) and photo-emission electron microscopy (PEEM),

supplemented by low energy electron microscopy (LEEM). These techniques are very surface

sensitive15,16 and are well suited to the study of light elements17 and the spatial distribution

of minority species18, thus they are ideal for revealing the dynamics of surface migration in

aluminium alloys.

A 4 kg cylindrical billet of an Al-Mg-Si-Li mix was cast and homogenized for three hours at

575◦C before being air cooled to room temperature. The billet was preheated to about 540◦C

before extruding it as a round profile with a 20 mm diameter (for further details of the heat

treatment, see Ref. 19). The abundance (atomic %) of the alloying agents in the Al-Mg-Si-Li

alloy was measured by inductively coupled plasma optical emission spectroscopy and found

to be 0.423% Si, 0.322% Mg, 0.101% Li, 0.097% Fe and 0.015% Mn. A 1 mm thick disk was

cut perpendicular to the extrusion direction and further machined to a square of 10×10 mm2.

The sample surface was polished with grade 4000 SiC paper prior to electro-polishing (using

an electrolyte consisting of 70% ethanol, 10% 2-butoxyethanol, 8% perchloric acid and 12%

distilled water). Samples were then introduced into an Ultra High Vacuum (UHV) chamber

where XPS or PEEM/LEEM measurements were performed. Prior to measuring, samples

were further cleaned in situ in UHV by sufficient cycles of Ar+ bombardment to remove the

surface oxide. Additional in situ annealing was also performed, and is detailed below. XPS

measurements were performed both using a home Mg-kα/Al-kα XPS instrument, and at the

Soft X-ray endstation at the Australian Synchrotron20. PEEM/LEEM measurements were

performed at the SMART instrument at the synchrotron light source “BESSY” in Berlin.21

Following the in-vacuum preparation and annealing to 200◦C (for 5 min.), an XPS survey

of the sample was conducted. Fig. 1a) shows an overview measurement which is dominated

by the Al 2p and 2s core levels peaks and their rich plasmon loss structures. Small O 1s,
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FIG. 1. (Color online) Synchrotron XPS measurements of an Ag-Mg-Si-Li alloy which has been

prepared by in situ argon ion sputtering and annealing to 200◦C. a) Photoemission survey spectra

using photon energy hν=1254 eV. b-f) Detailed core level spectra for Al 1s, O 1s, Si 1s, Mg 1s

and Li 1s respectively. The measured intensities (green markers) are shown following Shirley

background subtraction, and fitted with Voigt functions (magenta lines), from which the peak area

is extracted. The peaks are scaled by cross section and normalized to the intensity of the Al 1s

photoelectron peak, thereby revealing the relative surface abundances; Al:Si:Mg:Li = 1 : 0.02 :

0.05 : 0.00. The oxygen peak is due to incomplete removal of the surface oxide; ≈0.1 nm remains.

The kinetic energy of all photoelectron peaks is maintained at ≈140 eV to ensure similar escape

depth of the emitted electrons.

Ar 2s and Ar 2p core levels peaks are also indicated in the spectra and are present as a result

of Ar+ sputtering and incomplete oxide removal. Using the assumption that the oxide is

surface localised, this peak intensity corresponds to an oxide thickness of 0.1 nm. Detailed

1s core levels of Al, O, Si, Mg and Li were also collected using a range of photon energies

(Fig. 1b-f). The photon energy was selected such that the kinetic energy of the escaping
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photo-electron was ≈140 eV for each acquisition, thus maximising the surface sensitivity.

1s (singlet) core levels, lacking plasmon loss structures, were acquired to facilitate improved

modeling; for each dataset, the core level peak has been modeled as Voigt contributions atop

a Shirley background. As can be seen in the figure, the agreement between the model and

measurement is excellent.

The measurements and peak analysis presented in Fig. 1 allow a quantitative understand-

ing of the species present near the sample surface (i.e. within ≈1 nm). This is exemplified

by the Li 1s core level, which is below the detection limit, thus indicating that a negligible

amount of Li is localised at the surface. Unlike Li, the alloying agents Mg and Si are both

present with detectable and significant abundances (≈ 2% and 5%, respectively). In other

words, the quantity of Si and Mg located near the surface is approximately an order of mag-

nitude larger than the bulk abundances of Al:Si:Mg:Li = 1 : 0.004 : 0.003 : 0.001, indicating

that at 200◦C significant surface segregation of Si and Mg has already occurred and that

surface segregation of Li has not.

In order to observe the thermal dependence of the segregation, we have performed similar

measurements and analysis following annealing for 5 min. to a wide range of temperatures

(from 25◦C to 500◦C). Fig. 2 shows the abundance of surface Mg, Li and Si (plotted relative

to Al) as the annealing temperature is increased. For low temperatures (i.e. upto 120◦C),

the surface abundance of all three alloying agents is below the detection limit (consistent

with the bulk concentrations). In the range 150◦C to 450◦C, Mg and Si migrate to the

surface, with a maximum surface abundance of Mg 19.7% and Si 13.3% observed at 300◦C.

At higher temperatures, Mg completely redissolves into the bulk, with Mg → 0% at 450◦C

and Si partially redissolves with Si → 6.0% at 500◦C.

The thermal migration of Li is somewhat different; below the relatively high temperature

of 300◦C, no surface Li is detected. Above this temperature, Li migrates to the surface

extremely readily, resulting in a surface abundance of 45.3% (relative to Al) – an astounding

amount considering that the initial bulk concentration was only 0.1%. Above 400◦C, the

surface abundance of Li is somewhat reduced, but still remains very high.

In order to understand the spatial distribution of the alloying agents at the surface, LEEM

and PEEM were used. Bright-field LEEM images were collected using SV=5.5 eV, where SV

is the ‘start voltage’, or potential of the sample relative to the incident electrons. This allows

the polycrystalline nature of the material to be clearly observed; in Fig. 3a) we show such
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FIG. 2. (Color online) Thermal evolution of surface species. a) The Li 1s and Mg 2p core levels

at two selected temperature. b) The surface concentrations of Mg, Li and Si (indicated by circles,

stars and squares, respectively), extracted from XPS measurements, during annealing from room

temperature to 500◦C. The green and red bands indicate the temperatures at which the traces in

panel a) are recorded.

an image in which a grain boundary triple-point is visible. Micro-diffraction patterns were

collected from the three grains, and reveal that they are all close to {100} orientation, but

individually tilted with respect to the sample surface; i.e. forming a pyramid-like geometry.

As with the XPS measurements presented above, the LEEM/PEEM allows in situ control

of sample temperature. Measurements were made following a range of thermal annealing

steps – as described for the XPS experiment. Fig. 3b shows an image formed using photo-

emitted electrons; both the photon energy hν and kinetic energy EK of the emitted electron

can be selected such that a particular binding energy EB is probed (EB = hν − EK).

Since EB is element specific, this allows chemical-sensitive mapping and spectroscopy to be

performed. In Fig. 3 we focus on the 400◦C annealing step; according to the XPS study, this

corresponds to a temperature at which Li, Mg and Si are abundant at the surface (Fig. 2). A

large series of PEEM images were formed using constant photon energy (hν=150 eV) whilst

SV is incrementally increased (equivalent to sweeping EK), thus each image is sensitive

to an incrementally different EB (in the range EB =40 to 65 eV). From such a dataset,

it is straightforward to extract either a spatial image of a particular EB (i.e. Fig. 3b,

upper panel), or to extract spectral information (i.e. intensity of emitted electrons vs. EB)
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FIG. 3. (Color online) LEEM, LEED and PEEM study of a grain boundary following an in situ

anneal of the sample to 400◦C. a) Bright field LEEM image of the grain boundary (SV=5.5 eV).

Contrast in each grain boundary is visible due to the different projections of the 0,0 diffraction spot

in the micro-LEED patterns (shown as inserts for each grain). b) Images and spectra extracted

from a series of PEEM images (ΔSV=0.5 eV ) covering the kinetic energy range of the Li 1s and

Mg 2p core levels. Upper panel; images formed using the peak intensity from the Li 1s and Mg 2p

peak signals (left and right, respectively. Lower panel; Spectra extracted from within the grain

boundary (yellow) and the grain surface (cyan).

for a specific position within the image (i.e. Fig. 3b lower panel). The two images we

present in Fig. 3b correspond to the Li and Mg core-levels. Whereas the the image formed

using the Li 1s peak has high intensity relatively uniformly distributed across the surface,

indicating that Li is ubiquitous, the image formed using the Mg 2p peak shows very high

intensity specifically at the grain boundaries. This observation is additionally supported

by the spectroscopic measurements: the lower panel shows that large Li and Mg peaks are

observed at the grain boundary intersection (yellow trace and yellow circle), whereas away

from the boundaries, a similar quantity of Li is present but Mg is much reduced (cyan

trace and cyan circle). We therefore infer that, whilst these alloying agents both migrate

to the surface during annealing, the mechanism is somewhat different; Mg is predominantly

observed at the grain boundaries, whereas Li is ubiquitous.
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FIG. 4. (Color online) XPS measurements of the clean Al-Mg-Si-Li sample prior to annealing

(black traces) and after annealing to the melting point (T = 550◦C, red traces). a) The Al 2p

region showing that the surface oxide (component at EB ≈ 77 eV) has increased during the melting.

b) The Si 2p region and c) the Li 1s and Mg 2p region showing that these species are below the

detection limit.

In order to observe the redissolving of alloying agents from the surface, we have also

conducted XPS measurements at the melting temperature. In Fig. 4, XPS measurements

are shown after melting (which was observed at 550◦C), and are compared with measure-

ments from the initial (not annealed) surface. Not surprisingly, the Mg is essentially absent.

Already prior to melting, the Mg surface concentration was observed to return to its initial

value of ≈0 (see Fig. 2b), indicating that the Mg was fully redissolved at high tempera-

tures prior to melting. In addition to this, the surface abundance of both Li and Si also

reduce after melting. In Fig. 2b, significant concentrations of both Li and Si were observed

at T=500◦C (i.e. just below the melting point) – however on melting, the concentrations

return to their initial values of ≈0. In fact, after melting, the only core level observed in

Fig. 4 is Al 2p. One can also observe that, whilst the total area of the Al 2p core level is

not significantly changed, the high binding energy shoulder (EB ≈ 77 eV) has grown into

a more distinct peak. This component corresponds to oxidised aluminium; this oxidation

has occurred during the melting experiment and is simply due to a worsening of the base

vacuum when melting the sample. Although the oxide component is large compared to the

initial surface, it is worth restating that these measurements are especially surface sensitive.

In fact, this oxide component corresponds to a surface oxide layer only 0.37 nm thick (c.f.

0.10 nm initially).
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In conclusion, we have demonstrated that the combination of XPS and LEEM/PEEM

is a powerful approach for studying the surface migration of alloying agents during in situ

annealing at a wide range of temperatures from room temperature to melting at 550◦C. Sur-

face sensitive XPS, LEEM and PEEM measurements reveal both spectroscopic and spatial

information of the migration processes in an Al-Mg-Si-Li alloy. Dramatic migration of Mg,

Si and Li to the surface is observed – with the surface contributions increasing by more than

2 orders of magnitude above their initial (bulk) concentrations. For the case of Li, the initial

concentration is ≈0.1%, but rises to 45.3% at the surface following annealing to 400◦C. The

surface migration is somewhat reversible; at higher temperatures, Mg is completely redis-

solved into the bulk whereas the surface concentrations of Si and Li reduce, but remain high

compared to the initial values. On melting (at T = 550◦C), the surface abundance of Si and

Li also return to their initial values, either due to redissolving into the bulk, although loss

of Li via evaporation is also a possibility. PEEM/LEEM measurement further reveal that

the surface migration is not the same for all species; Mg migration is dominated by grain

boundaries whereas Li is observed across the entire surface. Since the abundance of each

species at the surface/grain-boundary follows its own temperature dependence, we speculate

that it will be possible to control the surface termination of these alloys by careful control

of the annealing temperature. More specifically, susceptibility to inter-granular corrosion

is reduced when the grain boundaries are enriched by Mg22. Thus it should be possible to

find the maximum corrosion resistance for Mg-based alloys by optimising the Mg concentra-

tion at grain boundaries using the annealing temperature. Determining when the alloying

agents have diffused to the surface during annealing can alter the physical properties of the

material to a large extent. The Si:Mg ratio within the grains will be influenced by surface

migrations, and is very important for the formation of the nanosized precipitate phases

during hardening. Low Si:Mg ratios typically suppress the formation of the phases promot-

ing strength, and the alloy becomes softer than in regions with higher Si:Mg ratios23. Li

depletion also leaves less solute available for the precipitation of hardening phases, rendering

the material softer than in regions with more Li8. By documenting at which temperature Li

depletion occurs, this effect can readily be avoided. We conclude that in situ annealing and

surface sensitive photo-emission methods are able to provide a wealth of information on the

migration of alloying agents in solid light metal alloys such as Al-Mg-Si-Li, which will be

important for thermomechanical treatments intended for optimising the physical properties
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of the alloys, and will give essential information for tailoring new alloys.
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APPENDIX: High kinetic energy 1s cross-sections for the solid light elements

It is common practice in quantitative photo-emission studies to use the calculations by

Yeh and Lindolf24 to estimate the photo-ionisation cross-sections. As well as the original

paper, these calculations form the backbone of several more recent analysis tools, and are

available in a widely used, convenient online resource25. However, in both the original paper,

and the website, the calculations are only evaluated in the energy range hν < 1500 eV. As

high energy XPS becomes more available, there is an increasing need for providing cross-

section data for higher photon energies. For example, in this work, we have acquired core

level data at photon energies up to 1980 eV.

More specifically, for this work, an estimate of the photo-ionisation cross-section is needed

for Al 1s and Si 1s at hν =1700 and hν =1980 eV, respectively. The binding energies of these

core levels are outside of the energy range considered by Yeh and Lindolf24. To overcome

this problem, we first investigate the functional form of the 1s cross-sections for solid light

elements in general.

Although the functional form of the cross-section may be more complex at low photon

energy, the high energy tail can be well approximated as an exponential decay. This is

evident in Fig. 5, where the 1s cross-sections are plotted for elements z =3 to 14 (Li to Si).

For z =3 to 12 (Li to Mg), the cross-sections from Refs. 24 and 25 are plotted (dashed lines)

for the energy range hν < 1500 eV. These plots are overlaid by simple exponential decays

for the energy range hν =1000 to 2500 eV, by thick solid traces of matching colour. In the

range hν =1000 to 1500 eV, both the calculated cross-section and the exponential decay

co-exist. As can be seen in the Fig. 5, the match is extremely close and the thick trace of

each exponential decay sit directly on top of the underlying dashed line.

In Fig. 5, we have chosen to plot the exponential decay in the form:

χz = y0,z + Az exp

{−(hν − 1000)

τz

}
(1)

where z is the atomic number, χz is the cross-section and y0,z, Az and τz are element specific

constants found by fitting the exponential function to the literature cross-sections (in the

energy range hν =1000 to 1500). The extracted values of y0,z and Az and are tabulated in

table I. In all cases, τz was found to be 330.63. The cross-section can only be estimated in

this way for elements up to Mg (z=12), because Ref. 24 does not contain calculations for the
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FIG. 5. (Color online) Calculated and extrapolated photo-ionisation cross-sections of the 1s orbitals

of elements z =3 to 14. Dashed lines show the values calculated by Yeh and Lindau24 (available

only for hν < 1500 eV). Thick solid lines overlap with the calculated values in the range 1000 <

hν < 1500, and are extrapolated to higher energy.

1s orbital of heavier elements. Instead we observe that y0,z and Az both follow a power-law

dependence with z, i.e. y0,z ∝ zn and Az ∝ zm. This makes it straightforward to extrapolate

the coefficients in table I for z =13 and 14, and so to estimate the 1s high-photon-energy

photo-ionisation cross-section for elements z ≥ 13, which are not included in Ref. 24. This

extrapolation method is consistent with the related study by Verner and Yakovlev26.
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TABLE I. Values of y0,z and Az for z = 3 to 14. In all cases, τz = 330.63. For z = 3 to 12, these

values are found by fitting an exponential decay to the calculations of Yeh and Lindau24 in the

energy range 1000 < hν < 1500. For z = 13 and 14, these (italicised) values are extrapolated from

the corresponding constants for the lighter elements.

element z Y0,z Az

Li 3 0.0002267 0.0023805

Be 4 0.00085627 0.0077799

B 5 0.0023396 0.018637

C 6 0.0052806 0.036592

N 7 0.01019 0.063029

O 8 0.017888 0.097847

F 9 0.029097 0.14007

Ne 10 0.04407 0.18863

Na 11 0.058946 0.25565

Mg 12 0.067623 0.36963

Al 13 0.090078 0.46876

Si 14 0.11301 0.60572
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Chapter 5 
 

Conclusions and Outlook 
 

This thesis has resulted in seven journal papers, which present the main findings of this work. 
The focus has been on understanding extrudability and strength of Al 6xxx alloys with 
emphasis on understanding precipitate phases down to the atomic scale. The early stages of 
precipitation and growth have been given particular attention in many of the papers. In this 
chapter a summary and the final conclusions based on the most important results will be 
given. Further work and “what comes next” will be given in the ‘Outlook’ section of this 
chapter.  

 

5.1 Conclusions 
 

6xxx alloys with alloying agents Li, Cu, Ge and Ag, alone or combined, have been 
investigated. The total solute contents were reduced or unchanged by removing a fraction of 
Mg and Si while adding back a smaller or equal quantity of solute. All elements have a 
significant effect on the main hardening precipitate phase ”. The most effective solute 
addition “per at %” proved to be Ge, leading to a refined precipitate microstructure. Ge 
promotes disordered precipitate phases and new stacking variation of the ”-eyes. Cu and Ag 
both enter the precipitate needle structures, and change the precipitation sequence of Al-Mg-
Si alloys. Li additions did not alter the precipitation sequence noticeably, but seemed to enter 
the ” phase structure.  

HAADF-STEM investigations revealed how Ge occupies Si sites in the ”-eyes while Li 
occupy Mg sites, particularly the Mg3 sites. These findings were further supported by DFT 
calculations of volume misfits, bonding energies and simulations of different stacking 
variations of the ”-eyes. Both DFT calculations and HAADF-STEM intensities suggest it is 
most favourable for Mg to occupy the Mg1 sites in the ”-eyes, while Al goes to Si3 sites 
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[74] [77]. From DFT, it appears that Ge has the highest affinity to vacancies out of the 
different solute additions in this work. This strongly suggests that Ge creates more nucleation 
sites for precipitation, causing the number density of precipitate needles to increase and 
refining the microstructure [24] [34].  

A version of the Q’/C-plate local configurations were discovered, containing Ag at the 
previously discovered Cu sites [78]. DFT simulations of this phase with Ag at Cu positions 
suggested it to be energetically favourable. Ag typically enriches the Al matrix at the 
precipitate/matrix interface. Ag has a low volume misfit in the Al matrix and a relatively high 
affinity to vacancies in Al. These mechanisms cause Ag to behave similar to both Al and Cu 
in this case [24].  

Atomic resolution EELS has been performed on a precipitate cross section in a 
multicomponent, Al-Mg-Si-Cu-Ge-Ag alloy. The challenging aspects of determining 
elemental distribution inside such precipitates have been demonstrated. Combining EELS, 
HAADF-STEM and correlative analysis gave a reasonable model of the elemental 
distribution inside the cross section [61]. With EELS alone, it was possible to resolve the fcc 
Al lattice along the [100] al zone axis. The hexagonal Si-network was unmistakable across 
large areas of the cross section [32]. By combining these techniques, it was possible to 
determine a mix of elements residing in specific atomic columns. 

It has been shown how elastic strain and small plastic deformations can enhance peak 
hardness and tensile strength of a common Al-Mg-Si alloy [79]. The strengthening effect of 
elastic strain only occurs if elastic strain is applied during the nucleation stage of the 
precipitation, directly after SHT and at the beginning of NA. 1 % plastic deformation also 
enhances the material strength compared to an undeformed reference alloy, because of the 
introduction of dislocations to the material [11].  

The combination of XPS and XPEEM has grand potential for in-situ investigations on the 
migration of solute additions to alloy surfaces [67]. An Al-Mg-Si-Li alloy was studied by 
these methods, revealing dramatic migration of Li, Mg and Si to the alloy surface during 
annealing of the alloy. While Li and Si can be found all over the surface at elevated 
temperature, Mg mainly migrates to grain boundaries [80]. Intriguingly, the starting 
concentration of Li at the material surface was below the detection limit (< 0.1 at %) while 
during the following annealing to 400 °C, the surface concentration of Li had risen to more 
than 40 at % [81] [82]. 

 

5.2 Outlook 
 

One of the major points when it comes to further work related to this thesis is the extrusion of 
all alloys at an industrially relevant scale. Improving the ease at which aluminium alloys can 
be extruded is after all the industrial motivation. The extrudability of the most promising 
alloy types needs to be checked. Interestingly, some of the tensile properties do not 
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correspond directly with the HV measurements, these mechanisms need to be better 
explained.  

There are many possibilities to extend the work presented in this thesis further. In appendix A 
full sets of tensile curves are presented, which were performed at three AA temperatures for 
four of the most promising alloys. For full understanding of the nine alloys, tensile testing of 
all should be performed and compared to each other.  

The results from the Ge and Li added alloys are intriguing, especially with respect to the 
location of Ge and Li columns inside the ” phase [77]. Considering how Ge occupies Si 
sites in the ”-eyes, while Li occupies the Mg sites, it would be interesting to make an alloy 
with both Ge and Li additions. Predictions based on previous alloy types suggest that such an 
alloy has great strength potential, and we might expect the ” phase as the main hardening 
phase. Further, it would also be interesting to do DFT calculations of ” unit cells consisting 
of Ge and Li, to check the formation enthalpy. Part of this work is already in progress. 

Some of the atomic scale results clearly show that atomic columns in the precipitate cross 
sections can consist of a mix of elements in many cases. Atom probe would be a great option 
to obtain a 3D view of the microstructure. By using this technique it would be possible to 
expand the knowledge of elemental occupancy in atomic columns. Additional quantitative 
STEM would reveal the connection between intensity variations and elemental occupation in 
atomic columns. This work has been initiated and there are already interesting results that are 
intended for publication.  

After revealing that elastic strain only has an effect on precipitation if applied at the 
beginning of NA, it would be interesting to do a more complete investigation of different heat 
treatments employing this knowledge [79]. Full HV curves and tensile tests for this condition 
would be helpful to see if the effect is unchanged with time and different heat treatments. 

A great challenge is to understand in detail what are happening during the nucleation and 
early growth stages of precipitate needles in Al alloys. In-situ experiments using a heating 
holder combined with a probe corrected TEM would possibly enable us to see the complete 
process. In-situ experiments with a heating holder have already been conducted successfully 
at the NORTEM facilities for nanowires [83], and it should be feasible to similar 
investigations while annealing Al alloy samples.  
It would be interesting to further extend the XPS and XPEEM experiments to determine how 
other alloying elements than Li, Mg and Si migrate towards the material surface during 
annealing. Further investigations could also extend into finding the diffusion constant of 
alloying agents in Al alloys with specific solute concentrations.  
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Unpublished Results 

In connection to the results published in paper 1 [84] there have been performed tensile tests 
using a laser extensometer for four of the most promising alloys at three different AA 
temperatures. The tensile tests have been performed according to the ISO standard for tensile 
testing at RT [85]. The alloys RXG2, RXGC1 and RXGC2 were chosen in addition to the 
dense reference alloy RX0, because of their interesting hardening responses and thermal 
stabilities. The heat treatment of the material used for tensile specimens was identical to that 
presented in [86]. It should be noted that the duration of AA was 2 hours for tensile 
specimens, as opposed to the 4 h ageing time of TEM samples. The heat treatment is shown 
for convenience in Fig. 5.1 below. 

Figure 5.1 Heat treatment of the material used for tensile testing. The heat treatment was 
done for AA temperatures of 195 °C, 220 °C or 240 °C.  

A selection of the most important quantitative results from the tensile tests is given in Table 
5.2 at the end of this section. Results corresponding to 0 hours AA are also given in Table 5.2 
for comparison. 
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A.1 Tensile Tests for AA at 195 °C 

Full tensile curves after AA of the four alloys at 195 °C for 2 hours are given in Fig. 5.2. Two 
parallel tensile tests have been done for each alloy. The yield strength region is shown in Fig. 
5.3. RXG2, RXGC1 and RXGC2 had relatively high peak hardness even though the solute 
additions were reduced in at % as compared to the dense reference RX0.  

The most interesting values from Figs. 5.2 and 5.3 are highlighted in Table 5.1. Interestingly, 
the yield strength and UTS does not follow the same behaviour as the HV curves. Even 
though RXG2 has the peak hardness closest to RX0, it is clear that it does not have the same 
strain hardening potential at lower strain values. The reference alloy has the highest yield 
strength of the four. However, RX0 is surpassed by the other alloys at UTS. The reference 
RX0 does indeed seem to be the least ductile out of the four alloys presented here. The lower 
ductility is not surprising; given it is the alloy with the highest solute content. As RXG2 and 
RXGC2 have the same total at % of solute, more Ge gives higher yield strength but lower 
ductility. There is a higher number density of precipitate needles present in RXG2, impeding 
dislocation movement, which is probably on of the major reasons why this alloys is less 
ductile.  

 

Figure 5.2 Stress-strain curves for the four alloys RX0, RXG2, RXGC1 and RXGC2. Two 
parallels have been measured for each condition, indicated by the numbers 1 and 2 in the 
curve-labels. The tensile tests were performed after 2 hours AA at 195 °C. 
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Table 5.1 The four alloys subjected to tensile testing with their corresponding yield strength, 
ultimate tensile strength (UTS) and hardness values. Tensile testing was performed after AA 
at 195 °C for 2 hours. See Table 5.2 for more details. 

Alloy Yield Strength 
[Mpa] 

UTS 
[MPa] 

HV 

RX0 192,0 265,5 76,4 

RXG2 170,5 266,5 76,7 

RXGC1 176,5 272,5 71,9 

RXGC2 156,5 272,0 65,5 

 

 

 

Figure 5.3 Enlarged overview of the yield strength region of the tensile tests in Fig. 5.2. Two 
parallel tests have been performed for each condition. 
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A.2 Tensile Tests for AA at 220 °C 

Full tensile curves were acquired for the four alloys after AA at 220 °C for 2 hours, the 
results are shown in Fig. 5.4. Also in this case, it is the reference alloy RX0 which has the 
highest yield strength, see enlarged view in Fig. 5.5. RXGC1 has the second highest yield 
strength, but the highest UTS. RXG2 has lower yield strength and UTS and is also less 
ductile than the other alloys in this case. See Table 5.2 for more details about the tensile test 
results.  

 

Figure 5.4 Stress-strain curves for the four alloys RX0, RXG2, RXGC1 and RXGC2. Two 
parallels have been measured for each condition. The tensile tests were performed after 2 
hours AA at 220 °C. 
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Figure 5.5 Enlarged view of the tensile curves from Fig. 5.4. Two parallel tests have been 
performed for each condition.  
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A.3 Tensile Tests for AA at 240 °C 
 

Full tensile curves for the four alloys after AA at 240 °C for 2 hours are given in Fig. 5.6. 
Here, RXG2 has the lowest yield strength of the four alloys, while the reference RX0 has the 
highest. See Fig. 7 for an enlarged view of the yield strength region. RXGC1 is again the 
most promising alloy with regard to UTS and potential elongation. More details about the 
tensile tests are given in Table 5.2.  

 

 

Figure 5.6 Stress-strain curves for the four alloys RX0, RXG2, RXGC1 and RXGC2. Two 
parallels have been measured for each condition. The tensile tests were performed after 2 
hours AA at 240 °C. 
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           Figure 5.7 Enlarged view of the tensile curves from Fig. 5.6. Two parallels have been 
performed for each condition.  
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